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FOREWORD

This is the fifth in a series of semiannual technical progress reports on fusion reactor materials.
This report combines research and development activities which were previously reported separately in the
following technical progress reports:

+ Alloy Development for Irradiation Performance
» Damage Analysis and Fundamental Studies
e Special Purpose Materials

These activities are concerned principally with the effects of the neutronic and chemical environment on
the properties and performance of reactor materials; together they form one element of the overall materials
program being conducted in support of the Magnetic Fusion Energy Program of the U.S. Department of Energy.
The other major element of the program is concerned with the interactions between reactor materials and the
plasma and i s reported separately.

The Fusion Reactor Materials Program is a national effort involving several national laboratories,
universities, and industries. The purpose of this series of reports is to provide a working technical record
for the use of the program participants, and to provide a means of communicating the efforts of materials
scientists to the rest of the fusion community, both nationally and worldwide.

This report has been compiled and edited under the guidance of A. F. Rowcliffe, Oak Ridge National
Laboratory, and D. G. Doran, Battelle-Pacific Northwest Laboratory. Their efforts, the work of the publica-
tions staff in the Metals and Ceramics Division at ORNL, and the many persons who made technical contribu-
tions are gratefully acknowledged. T. C. Reuther, Reactor Technologies Branch, has responsibility within DOE
for the programs reported on in this document.

R. Price, Chief
Reactor Technologies Branch
Office of Fusion Energy
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(Oak Ridge National Laboratory and Midwest Technical, Inc.) . . .+ .« « .« .« . 2

Design and fabrication of four HFIR-MFE R3* capsules (60, 2z¢¢, 330, and 400°C)
to accommodate MFE specimens preirradiated in spectrally tailored experiments in the
ORR gre proceeding satisfactorily. These capsule designs incorporate provisions for
remoyal, examination, and reencapsulation of the MFE specimens at intermediate exposure
levels en route to a target exposure level of 30 displacements per atom ¢dpa). Kith
the exception of the 64°¢ capsule, where the test specimens will be in direct contact
with the reactor coeling water, the specimen temperatures (monitored by z; thermocouples)
will be controlled by varying the thermal conductance of a small gap region between
tbe specimen holder and the containment tube. Hafnium sleeves will be used to tailor
the neutron spectrum to closely ratch the helium production-to-atom displacement

ratio (14 appmldpa) expected in a fusion reactor first wall.
Assembly of the 60 and 33¢° capsules is complete and irradiation of both will begin

when the HFIR returns to full power operation. Preparation of fabrication drawings
for the 200 and 400°¢ capsules is scheduled to be completed by the end of 1988,
Fabrication of parts and assembly of the 200 and 400°c capsules are scheduled for com-
pletion by 2:id-7F 1990; operation of these two capsules will follow the first two (60
and 330°C).

Status of Y.§./Japan Collaborative Program Phase II HFIR Target Capsules
(Oak Ridge National Laboratory) . « « v v v & v 4 0 v v v & 0w 0 s v u s

The experiment matrix for the Phase 7J HFIR target capsules ¢/2-9 through -6}
was refined by adding insulating spacers and adjusting the positions of certain specimens.
Additional thermal analysis was required to account for these changes and to correct some
discrepancies discovered in the earlier analyses. Selected parts required revision or
repaking and are currently on order.

All specimen subassemblies were assembled during this period, although the
SS-3 and Tensile 7sr specimens were disassembled to incorporate the redesigned holders.
These will be reassembled for installation into the various capsules as the parts
become available.

As noted in previous reports, all sight capsules will be assesbled and installed in the
HFIR &eginning with the first full power operating cycle.

DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION CALCULATIONS . . . . v v v v v v o i e e e e e s 15

2.1

2.2

2.3

Helium Generation in Fusion Reactor Materials (Rockwell International) . . . . . . . . . . . 16

Helium analyses and neutron fluence characterization have been initiated for two
Rotating Target Neutron Source-I7 ¢RTHS-IT) irradiations, with the objective of
determining several new total helium production cross sections. A constant temperature
furnace 4&s been rebuilt and tested for the measurement of helium concentrations
in materials irradiated at significantly lower neutron fluences, and used for the
meagsurewsnt of kelfum concentrations in aluminum by lI0-MeV neutrons.

Neutron Fluence Measurements for Helium Production Experiments at RTNS II
(Argonne National Laboratory) . . « & @ @ v o i v v v b i e e e e e e e e e e e e e s .. 18

Results ars reported for #wo experiments at RTNS 77 designed to measure helium
production cross sections near 14 MeV. The first experiment in January, 1987, received
fluences from 7 to sxi¢'% a/ca® at an angie of 75° with an average neutron szergy of
14.3 MeV. The second add-on zxperisent from February to May 1987 was irradiated at an
angle of IO with a mean neutron energy of 13.8 MV and neutron fluences of
1.5 to 2.0%x10'° a/ca*. Helium measurements are now in progress at Rockwell International.

Production of ®*2*Mo and *?™Nb From Mo at 14.7 MeV (Argonne National Laboratory) ., . . . . 22
lon-exchange chemical reactions have teen performed to separate M and Nb in natural

polybdznua sawples irradiated with 14.7 M neutrons at RTINS 77. X-ray counting has been
performed to determine preliminary activation cross sections of about 580 =5 for



' Mo(n,20)**Mo(3500 y) and 0.73 mb for Mo(n,x)* ™Nb(16.1 ). Separations are now in

rogress for *"Moo-enrichedsamples. These data are needed to calculate the production of
ong-lived isotopes in fusion reactor materials.

2.4 Radioactive Waste Disposal for Fission and Fusion Reactors (Pacific Northwest Laboratory)

The calculated radioactive waste inventories of the Turkey Point pressurized water
fission reactor ¢»¥R) and the Starfire conceptuel fusion tokamnk are compared as a function
of time from initial start-up to {0,000 years after dscommissioaing. Only material out
of reactor at least one year is considered. Tke total activity in ¢4/¥(th) of the Starfire
tokamak is slightly greater than that of the P¥® during the active lifetimes of the &we
reactors and beyond 1000 years. d&ewsvsr, using reduced activation materials in Starfire
can result in about /2000 as much long-lived radiosctivity as in the fission reactor.

It is stressed that comparison of wastes on this basis is not straightforward, since the
radioisotopes and eethods required for their disposal are different for fusion and fission
reactors.

3. MATERIALS ENGINEERING AND DESIGN REQUIREMENTS . . . & & v & v 4 v v v v e e v v n e n a e x n s
3.1 Materials Handbook for Fusion Energy Systems (McDonnell Douglas Astronautics Company)
The effort during this reporting period has focused on three areas:

Automation of the Handbook =~ Work is proceeding ahead of schedule in the development of
an electronic materials Aandbook, with a prototype system now operational on the XFE
computer network.

International Materials Handbook -~ In June agreement was reached on the creation of
an International Fusion Materials &eadbook, which would be under the auspices of the
IEA and have a format similar to the ¢.S. Naterials Zendbook.

Suppart of ITER Materials Data Base - An International =maceri2ls workshop was held

in August at the ITER design site to review the status of the meterials data base.
Recommendations were made to create a design data book specifically tailored for use
on ITER, that would not have the saws level of authority as the ¥.8. and International
Materiels Fandbook.

4. FUNDAMENTAL MECHANICAL BEHAVIOR . + + v v v v v s i i v v v v v h n a s s s s a a a s s

4.1 Tensile Properties of Neutron Irradiated A212B Pressure Vessel Steel
(Pacific Northwest Laboratory) . . & & v v v v v v v o e h h e e e e e e e e e e e s

42128 steel is the primary constituent of the pressure vessel of the #igh Flux
Isotope Reactor ¢(#FfR}. Most of the existing data on mechanical properties of this
and related steels are for higher temperatures and damage rates than those to which
the BFIR pressure vessel is subjected. Data at Iowsr temperatures and damage rates
are, therefore, necessary to estimate ths performance of 42128 steel at the conditions
of service, provided that correlations can he developed which are applicable to data
obtained at different temperatures, damage rates and neutron spectra.

To add to the data base for 42123 steel at lower temperatures and over a range of
damage rates, miniature tensile specirens of AZi2F were irradiated at $2°¢ in the Omega
West Reactor ¢(0¥&), receiving doses of from 9 x /2?? to 9 x 0% total n ¥™' (0.002 to
0.02 dps2) at a damage rate of 5 x 10-' dpa s~'. Rooe tespsraturs tensile tests showed
more than a 50% increase in yield strength at the highest exposure. Whendpa is
used as the exposure parameter, the observed changes inyield strength of 42127 are the
same as those produced in 43023 pressure vessel steel irradiated botk in OWR and with
14 MeV neutrons in RT¥S-I7. At 90°¢, 43025 shows little sensitivity to either neutron
spectrum differences or to damage rates ranging from 3 » 107'! to 5 x 107" dpa 57",
Based on the similar behavior of 42128 and 43028 in OK¥R, it appears that one can
assume that 42128 is similarly insensitive to displacesent rete at Jow temperatures for
levels above sbout 3 x 107'! dps 57",

5. RADIATION EFFECTS: MECHANISTIC STUDIES, THEORY, AND MODELING

5.1 On Precipitate Dissolution Using the Cascade Slowing-down Theory
(University of California, Los Angeles) . & & v v o o v v v v v v o e e e e e e e e e e

Thks dissolution parameter for precipitates under irradiation is evaluated using the

cascade s/owing=down theory. By using a diffusion length calculated for average recoils
in a collision cascade and by including electronic stopping in the theory, the results
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from the cascade slowing-down 2y e in reasonable agl:eement with_the results ¥
Muroga, Kitajima, and Ishino. SO, the results are con3istent with the experimental

observation by Sekimura et a..

5.2 Effects of Preinjected Helium in Heavy-ion Irradiated Nickel and Nickel-copper Alloys
(University of Wisconsin and Oak Ridge National Laboratory) . . . . . . « .« v ¢« & « v & o 45

Pure nickel and two nickel-copper alloys (¥#{-1¢ at.¥ Cu and ¥i-50 at% Cu} both
containing 50 s#ppe preinjfected helium have been irradiated with 14 MeV nickel ions at a
constant homologous temperature of 0.45 T,. The radiation-induced crystal defects have
been zn2lyeed by TE¥ with samples prepared in cross-section. In the helium preinjected
region of the pure nickel specimen. a substantial density of voids with an average
diameter of 35 nm was observed. The nickel-copper alloys were found to contain a high
density of small helium bubbles (under 5 nm in diameter) and dislocation loops. The
density of both dislocation loops and helium bubbles :rnzrz2ss2s with the increasing copper
content, and the size decreases with increasing copper content. The observed
resistance of the nickel-copper alloys to void formetion regardless of the presence of
helium bubbles, is considered to be the result of Iecal clustering of like atoms.

5.3 Radiation Damage and Copger Distribution in 14 MeV Copper lon Implanted Nickel ~
TEM and AEM Analyses in Cross Section (University of Wisconsin-Madison) . . . . . . . . . . . 55

14 MeV ¢y ions have been implanted into a pure Ni specimen at 30¢°¢ to a dose of
6 x 10%° jons/x*. TEM and 4&¥% analyses were performed in cross section to investigate the
effect of implanted ¢z on the formation of defect clusters. The TEM result has been com-
pared with that obtained in another Ni specimen which was irradiated with 14 MeV ¥ ions
to the same damage level st the same temperature. ¥:ile voids formed throughout ¢4e
entire damage range in the Ni ion irradiated sample, they zainly sppssrsd at the near sur-
face region and et the peak damage depth in t&= Cu ion implanted specimen. A high density
of dislocation loops formed in the region where implanted Cu ions were detected by 45#.
The 4=% result of the implanted cu concentration profile has been compared with a
Monte Carlo calculation.

5.4 Microindentation Hardness Changes in lon-irradiated Ni-Cu Alloys
(University of Wisconsin—=Madison) . . . & ¢ v v v 4 v vt b e x e e e e e e e e e e e e e 6l

The effect of radiation-induced dislocation loops on hardness in ion-irradiated Ni-Cu
alloys has been studied using a Mechanical Properties Microprobe (#24). A well annealed #:-
10 aty cu alloy and an alloy of ¥7-30 s¢% Cu were irradiated with 14 MeV Ni ions to doses of 20 to
100 dpa peak damage (5 to 25 dpa at | we) at 0.45 T, (485°C and 425°C respectively). Ultra-low
load microindentation hardness zsssursments and TEM znalyses were dons using cross-section
techniques. This method allows for direct hardness measurements of only the small irradiation
zone ¢< 3 uz deep) which have been compared to the unirradiated materials. Irradiation
induced a high density of dislocation loops with the size and density of the loops
dependent on composition and independent of irradiation conditions. This high dis-
location loop density caused a large increase in hardness. A reasonable correlation
was found between measured hardness changes and calculated changes based on dislocation
loop sizes and densities.

5.5 High Temperature Phase Separation in Fe-Ni and Fe-Ni-Cr Invar-type Alloys
(Massachusetts Institute of Technology and Pacific Northwest Laboratory) . . . . . . . . . . o4

We summarize and discuss critically the evidence concerning & high-temperature
siscibiifry gap in Fe-Ni and Fe-Cr-¥: Invar-typs alloys. Independent data regarding phase
separation are obtained from studies on three different classes of material: =msgznstlic,
lew=2xpansion Invar-type alloys; Fe-Ni meteorites; and model austenitic Fe-Ni and
Fe-Cr-Ni alloys studied for potential nuclear applications. These alleys show anomalies in
ragnet feat fon, thermal expansion coefficient, lattice parameter, single crys¢af elastic
constants, electrical resistivity, thsrzcslectric potential, solution thermodynamics, and
interdiffusion coefficient. Txe response of these alloys to long-term zzing In meteorites
and to a variety of irradiation treatments is found to be inconsistent with most accepted
or proposed phase diagrams. All results support the suggestion that Fe-Ni and Fe-Ni-Cr
Invar alloys are very metastable and exhibit a narrow coherent wiscibility gap with & peak
at about 3s5¢ Ni and 1I00%.

The existence of the high temperature miscibility gap has not been generally recognized
for several reasons. Firstly, the narrowness of the #{sc{bility gap at high temperatures
virtually precludes incoherent or coherent nucleation of a new phase and limits spgfnedal
decomposition to very small amplitude fluctuations which are hard to observe. Furthermore,
the essentially equal scattering power of Fe and ¥: for x-rays, zs well as for electrons
end neutrons makes the usual diffraction techniques inapplicable, and the fins scale of

vii



6.

5.6

thermally-induced spinodal decomposition is not ckservable by optical or electron microscopy.
Only under the extremely slow aging conditions found in meteorites or in the erhenced diffusion

conditions fmherent in irradiation studies does phase decomposition beccwe sufficiently
advanced to ebserve using conventional microscopic observation techniques. A very recent
SANS study of Fe-34Ni isotopically enriched in ¥ has confirmed the tendency for this alloy
to decompose during thermal annealing and to develop large wavelength fluctuations in
composition during proton irradiation.

Computer Simulation of High Energy Displacement Cascades (Pacific Northwest Laboratory)

A methodology developed for #odeling many aspects of high energy displacement
cascades with molecular level computer simulations is reviewed. The initial damage
state is modeled in the binary collision approximation (using the MARLOWE computer

code),

and the subsequent disposition of the defects within a cascade is modeled with

a Monte Carlo annealing simulation (the ALSOME code). There are few adjustable param-

eters,

and none are set to physically unreasonable values. The sasic configurations

of the simulated high energy cascades in copper, f.e., the number, size and shape

of damage regions, compare well with observations, as do the measured numbers of
residual defects and the fractions of freely migrating defects. The success of these
simulations is somewhat remarkable, given the relatively simple models of defects

and their interactions that are employed. The reason for tbis success is that the
behavior of the defects is very strongly influenced hy their initial spatial distri-
bution, which the binary collision approximation adequately models. The MARLOWE/ALSOME
system, with input from molecular dynamics and experiments, provides a framework

for investigating tbe influence of high energy cascades on microstructure evolution.

DEVELOPMENT OF STRUCTURAL ALLOYS . v v v v v s i s v o e v v v e n e s s s s s s s a a o a s

6.1

Ferritic Stainless Steels v v v v v v v v v 4 4 4 0 s e e e e e e e e e e e e e e e e e

6.1.1

6.1.2

6.1.3

Irradiation Creep Behavior of the Fusion Heats of HT9 and Modified 9Cr—1Mo
(Westinghouse Hanford Company and Pacific Northwest Laboratory) ..

In-reactor creep data on the fusion heats of UT9 and a modified 2cr-IMo steel
have been obtained from irradiation of pressurized tube specimens in the FFTF reactor
These irradiations were conducted on specimens which reached -50 dpa at 400-546°C
and which utilized koop stresses ranging from O to Z0O Mpa. The creep behavior of
these two alloys was found to be similar and to be consistent with creep data on
related alloys irradiated in either EBR-11 or FFTF. A correlation describing the
irradation-induced creep component of deformation has been developed and compared
to the available data.

These ferritic steels were also shown to exhibit a superior resfstance to creep
and swelling at temperatures <520°C when compared to that of the AISI 316 and PCA
austenitic alloys also irradiated in the fusion materials program.

The Effect of Tempering and Aging on a Low Activation Martensitic Steel
(University of Wisconsin and Pacific Northwest Laboratory)

An aging and teapering study was done on a low activation martensftic steel.
The steel was tempered at 400 C, 500 ¢, 600 ¢, 700 £, ROO C, and 900 C for two
hours, and at 500 C and 700 C for twenty-four hours. Also, samples which had been
tempered at 700 C for 2 hours were subsequently aged for 1000 and 5000 hours at
365 €, 420 ¢, 520 ¢, and 600 ¢. Optical metallography, microhardness tests, and
transmission electron microscopy were used to characterize the samples. The results
indicated that the Ac, for this steel Ilies between 700 and 800 C. Precipitate
Identification showed that M,,C; was the primary precipitate which formed. A
manganese rich chi phase was also seen in the samples aged at 420 and 520 C.

Contributions from Research on Irradiated Ferritic/Martensitic Steels to Materials
Science and Engineering (Pacific Northwest Laboratory) e e e e e

A historical description of the development of ferritic/martensitic steels
for use in irradiation environments is presented with the intention of showing
how this development has benefitted materials science and engineering. Fast
breeder reactor and fusion reactor alloy development program contributions are
emphasized and it is demonstrated that ¥7-¢ is now the leading candidate material
for high radiation damage environments. The scientific basis for that selection
is described by showing the underlying cause of the improved swelling resistance
in martensitic steels. Examples are given demonstrating improvements #m basic
understanding, small specimen test procedure development and alloy development.
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6.1.4

Fluence and Helium Effects on the Tensile Properties of Ferritic Steels at Low
Temperatures (Oak Ridge National Laboratory) . . .« « « ¢« v o v o v v v v v v 0 v .

Tensile specimens of 90z-14eV¥b and 120r-1Mob¥ steels with up to 2 Ni and
24ce-1¥o steel were tested at room temperature after irradiation at ~30°C to
displacement-damage levels of 25 dpa in zhs RFIR. Nickel was added to the
ferritic steels to produce helium hy a two-step (n,a) resction with thermal neutrons
during irradiation in the mixed neutron spectrum of KFIR. Up to 327 appm He was
produced in the steels with 22 Ni. Irradiation caused an incrssss in the strength
of all the steels. With an increase iIn fluence, there was a decrease in the rate
of sersnges Increase, but the strength was still increasing after 29 to 25 dpea.
Strength increases were accompanied hy & loss of ductility, although the
ductility appeared to go through & minimum and »ss greater at the highest fluences
than at intermediate fluences. The results were interpreted to mean that the
transmutation helium that was generated during irradiation caused pert of the
strength increase.

6.2 Austenitfc Stainless Steels . . . . . . i i i it e e e e e e e e e e e e e e e e e e

6.2.1

6.2.2

6.2.3

Influence of Thermomechanical Treatment and Environmental History on Creep,
Swelling and Embrittlement of AISI 316 at 400°C and 130 dpa
(Argonne National Laboratory and Pacific Northwest Laboratory)

A comprehensive creep experiment on AISI 316 stainless steel involving irradiation
at ~400°¢ to 130 dpa has been completed. The influence of material and environmental
variables on creep and swelling of this steel at —-400°C is shown to have many
similarities with the hehavior «x4:5:te< In an earlier experiment conducted at
~5350°¢, hut significant differences are 2lsc apparent. These arise bscsuse the
400°¢ experiment was clearly conductad N a regime dominated by the kinetics of
eoine defect recomhination whereas the 550°C experiment was conducted in the
sink-dominated regime. At 400°C i+ is also shown that a severe zzbrittlzment
arises concurrent with -10% swelling, requiring careful handling of test specimens
and structural sssszbi725 at room temperature.

Neutron-Induced Swelling of Commercial Alloys at Very High Exposures
(Pacific Northwest Laboratory) . . « v v v v v v v v v v e e e e e e e e e e

Density change measurements have been completed on a wide variety of

commercially available structural alloys irradiated to neutron fiuence levels as

large ss 2.8 = 10*? njfcm® (&>0.1 MeV) or -140 dpa in EBR-I1 &t eight temperatures

Setween 399 and 650°C. While there was essentially no swelling in some ferritic

alloys and some austenitic superalloys, other zustenitic alloys exhibited a wide

range OF swelling depending on composition, heat treatment and irradiation temperature.
The swelling hehavior of the austenitic alloy system is shown to reflect

primarily the influence of the overall composition and tte irradiation temperature

on the duration of the transient regime of void swelling, and secondarily to

reflect the influence of precipitation and cold work.

The Phase Stability of the Austenitic Commerical low Actlvat|on Alloy AMCR
Irradiated in FFTF-MOTA (Pacific Northwest Laboratory) .

AMCR is one of #ive comercial Fs-Cr-Hn alloys with various thermal-mechanical
treatments irradiated in the Fast Flux Test Facility Materials Open Test Assembly
(FFTF-M0TA) to a dose of 75 dpa at 420°c and 520°C and to 60 dpa at §20°C (sss
Tables 1 and 2}. AUCR, when compared to the other commercial alloys with higher
chroms content, namely 13/18 Plus and Nitronic Alloy 32, shows no homogeneous
precipitation of M:3Cq, less heterogeneous ¥,5Cs and small grzins of a ferrite
in a largely austenite satrix.(1) jowsyer, the chrome level in the matrix is
depleted considerably in the aged thermal-mechanical conditions. There were
some tranformations to «’ and ¢ martensite prior to and during irradiation.
However, the amount of material transformed was much less than that which was
transformed in the irradiated simple ternary Fe-Cr-Mn alloys of similar
composition.(Z) AUCR achieves many of :4¢ goals set for tte performance of a
low activation_alloy for low temperaturs fusion rs2ctor service; that is, it
remains primarily austenite with a small vc/urs fraction subject to phase
transformations to « ferrite, a martensite, e martensite and M.:C¢ carbide.
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6.2.4 Precipitation Sensitivity to Alloy Composition in Fe-Cr-Hn Austenitic Steels

Developed for Reduced Activation for Fusion Application
(Oak Ridge National Laboratory) . v v v v v v v v 0 it it e e e e e e e s 203

Special austenitic steels are being designed in which alloying elements like
Mo, Nb, and Ni are replaced with Mr, ¥, V, Ti, andlor Ta to reduce the long-term
radioactivity induced by fusion reactor irradiation. However. the new steels still
need to have properties otherwise similar to commercial steels like type 316.
Precipitation strongly affects strength and radiation-resistance in austenitic steels
during irradiation at 400 to 660°¢, and precipitation is also usually quite
sensitive to alloy composition. The initial stage of development was to define #
base Fe-Cr-Mn-C composition that formed stable austenite after annealing and cold-
working, and resisted recovery or excessive formation of coarse carbide and
intermetallic phases during elevated temperature annealing. These studies produced
a Fe-12Cr-20Mn-0.25¢C base alloy. The next stage was to add tke minor alloying
elements ¥, Ti, V, £, and B for mere strength and radiation-resistance. One of
the goals was to produce fins MC precipitation behavior similar to the Ti-modified
Fe-Cr-Ni prime candidate alloy ¢PcA). Additions of Ti#V+F+B produced fine MC
precipitation along network dislocations and recoverylrecrystallization resistance
in 20h cold worked material aged at 8¢¢°c for 166 h, whereas ¥, Ti, W¢Ti, or
Ti+P+B additions did not. Addition of ¥+Ti+V+P+8 also produced fine MC, but
caused some a phase formation and more recrystallization as well. These new alloys.
therefore, achieved several of the initial design goals. Their fine MC precipitation
and recoverylrecrystallization behavior during aging is similar to that of the
PcA. Calculations show that the new steels have over 18° times less long-term
radioactivity than type 316.

6.2.5 Helium-Induced Degradation in the Weldability of an Austenitic Stainless Stee

Eéuburn University, Oak Ridge National Laboratory and Sandia National
aboratories, LIiVErmore) . . & v v v v v i e e e e e e e e e e e e e e e e e e e e s 222

Autogenous gas tungsten arc welding was performed on helium-doped type 316
stainless steel. Helium was uniformly implanted in the material using the "“tritium
trick' to levels of 27 and 105 appm. Severe intergranular cracking occurred in
both fusion and heat-affected zones. Microstructural observations of the fusion
zone indicated that the pore size, degree of porosity, and tendency to form cracks
increased with increasing helium concentration. Scanning electron micrescopy showed
that cracking in heliun-doped materials was due to the precipitation of helium
bubbles on grain boundaries and dendrite interfaces. Results of the present study
demonstrate that the use of conventional welding techniques to repair materials
degraded by exposure to radiation may be difficult if the irradiation results in
tha generation of even small amounts of helium.

6.2.6 Investigation of Low-Temperature Irradiation Creep of Austenitic Stainless Steels
in an ORR Spectral Tailoring Experiment (Oak Ridge National Laboratory and
Japan Atomic Energy Research Institute) . . . & & @ v v v v i i d o e e e e . 231

Irradiation creep was investigated in the alloys PC4, JPCA, and AISI 316
stainless steel. Tubes pressurized to stress levels of 50 to 400 MPs were irradiated
In the Oak Ridge Research Reactor (ORR} with the neutron spectrum tailored to
achieve the fusion reactor He:dpa value of 12 appmldpa in AISI 316 stainless steel.
Irradiation temperatures of 60, 330, and 402°C were investigated, and the irra-
diation produced B dpa and a maxiwum of about 100 appm He.

Irradiation creep rates of 2.2 to 14 x 10~* MPa™' dpa~' were observed at 66°C.
At 330 and 400°C irradiation creep rates of 1.3 to 3.5 x 10~* were observed, similar
to those found previously in similar experiments in the ORR. The low temperature
irradiation creep was interpreted in terms of a new model for irradiation creep
based on transient clinh-enabled glide.

The results are inportant in the design of experimental fusion reactors where
temperatures below 100°C are being considered for the operation of high flux
conponents.

1

6.3 Vanadium AllOYS v v v v v v e e e e e e e e e e e e e e e e e e e e e e e e e e e e 241

6.3.1 Temperature Dependence of the Fracture Behavior and the OBTT for Dehydrogenated
and Hydrogenated Vanadium-Base Alloys (Argonne National Laboratory) . . . . . . . . . 242

The temperature dependence of the fracture behavior and the DBIT were determined
for the v-3Ti-0.55i, V-9Cr-3Fe-1Z2r, V=-10Cr-5T1, V-20Ti, V-15Cr-5T{, V-10Cr-10Ti, and
v-15T1i-7.5¢cr alloys from Charpy impact tests. The DBIT for these alloys was less than



6.4 Copper
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30°C if the alloy was in the fully recrystallized, dehydrogenated condition. The
presence of 4¢¢-1000 appm, hydrogen in the V=-9Cr-3Fe-1Zr, ¥Y-10Cr-5T{, V-20Ti,
V-15Cr-5T1, V-10Cr-10Tf, nnd V=-15T1-7.5Cr alloys caused a significant increase
(46—225°C) of the DATT for these alloys. The DBIT for the ¥-37:-0.53f alloy decreased
with nn increase of the hydrogen concentration up to &t least 1002 eppm. The 2577
for these vanadium-hase alloys wes dependent on the combined concentration of

alloying elements. The v~3Ti-0.581, V-9Cr-3Fe-12r, V-207Ti, and V-1571-7.5Cr alloys
have an intrinsic resistnnce to crack propagarion whereas the ¥V-I15Cr-5T1,

V-10Cr-10T{, and V-10Cr-5T¢ alloys have a relatively low resistance to crack
propagation.

The Swelling Behavior of Vanadium Alloys at Damage Levels up to 124 dpa
(Oak Ridge National Laboratory) . . « v v v v v v o o o e e e e e e e e e e e e e e

After irradiation at 420°C to 124 dpa, V-15¢r-5T1 and VANSTAR-7 exhibited
negligible swelling, while ¥-377-151 and ¥-20TZ had swelling values of 0.64 and
1.12%, respectively. Helium, preimplanted to & level of 480 spp» vie the tritium
trick, increased the swelling in ¥-374-15; to about 2.5%. V~3Ti-151 disks
irradiated at 520 and 600°C to 26 and 43 dpa, respectively. also exhibited rela-
tively low swelling. Warm-working the alloy before irradiation reduced welling
at 520°c, but s!ighely increased swelling a& 00°¢ where recovery occurred.

1 T 2

Mechanical Property Changes in an lon Irradiated High Strength Copper Alloy
(University of Wisconsin—-Madison) . . « v v v v v v v v v v v n e e e e e e e e e

Mechenical property chnnges in a high-strength copper alloy as a result
of 14 MV Cu ion iIrradiation have been investigated using a recently developed
Mechanical Properties Microprobe (MPH). A Cu-1.5% ¥1-0.3F He alloy was
irradiated in both the cold worked and aged, and the solution snnssled and aged
condition, to a peak damsga dose of 40 dpa (i¢ dpa at | wuz} over the temperature
range of 100°c to 500°C. Ultra-low Joad microindentation hardness changes were
measured parallel to the ion bean and perpendicular to the ez direction, the
latter being zade possible by cross-section techniques. Both thermally-induced
and radiation-enhanced softening was observed in the cold-worked and aged
material and the amount of softaning increased as temperature increased. Irradiation
had wery little effect on the solution-annealed and aged material and only at
500°C was any thermally induced softening observed.

ITER Materials Data Base for Irradiation Effects on the Design Properties of
Cu-Ni-Be and Cu-A1,0, Alloys (University of Illinois and
Pacific Northwest Laboratory) . & & v v v v v v v i i i e e e e e e e

This report provides an ITER materials data »ase on irradiation effects in
copper alloys with regard to dirertor structural material applications. The data
base places emphasis on two copper alloys of particular promise: Cu-Ni-Be, a
beryllium solid solution hardened alloy, and cu-472¢, an oxide dispersion
strengthened alloy.

Environmental Effects on Structural AIIOyS . v v v v v v v v v v v i e e e e e e e e s

6.5.1

6.5.2

Influence of Carbon and Nitrogen Impurities on the Corrosion of Ferrous Alloys in a
Flowing-Lithium Environment (Argonne National Laboratory)

The dissolution of major alloy elenents, as well as chexical interactions
between N and Zr or Mo, control the corrosion behavior of ferrous alloys. Carbon
transfer does not appear to affect the dissolution behavior of ferrous alloys.

Influence of Hydrogen, Nitrogen, and Carbon Impurities on the Corrosion of Vanadium
Alloys In a Flowing-Lithium Environment (Argonne Nattonal Laboratory)

Vanadium afleys pick up N and C from and releass # to Li. Alloys with Ti or
Cr develop a N-rich surface layer. Chemical interactions involving C play an
important role in the dissolution behevior of V alloys. Results cbtsined in this
study indicate that # embrittlement as & result of a higher concentration of #
in Li is unlikely and tritium pickup by V alloys in the resctor structure will
not be significant .
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6.5.3 Molten Eutectic Pb-17Li Environment: Effect on Corrosion and Tensile
Properties of Ferritic Steels and Weldments (Argonne National Laboratory) 289

The dissolution rates of the weldment specirens are comparable to those of
the bese metal. The P5-17L1 enviroment has no deleterious effect on the tensile
properties of postweld heat-treated #T-% weldments.

6.5.4 Corrosion in Liquid Metal Environments: Effect of Cold Work on Attack
of Stainless Steel by Lithium and Mass Transfer of Standard and Reduced
Activation Steels in Pb-17 at. % Li (Oak Ridge National Laboratory) . . . . . . . .. 292

A microstructural influence on the ettack of PCA exposed to molten lithium
was ohserved when comparing annealed and cold rolled specimens. Weight loss
results for reduced activation austenitic and ferritic steels in Pb-17 at. &

L1 were similar to those measured for their standard counterparts. Further
examination of mass transfer deposits in long-term austenitic and ferritic steel
thermal convection Joops showed thet deposit composition was e function of
temperature only in the type 316 stainless steel system aad that, in contrast

to the type 316 stainless steel results, solubility-driven reactions appeared to
he the most important deposition process in the Fe-12Cr-iMoVW steel system.

7. SOLID BREEDING MATERIALS '+ & v v v v ot e e v v e e v e n e e e e e e e e e e e e 297

7.1 Adsorption, Dissolution, and Desorption Characteristics of the L1A10,-H.0 System
(Argonne National Laboratory) . . & v v v v v 0 v v v e e e e e e e e e e e e e e e e e e e s 298

Measurements of adsorption and solubility isotherms for the Lid10.-H,0(g) system
are continuing by techniques described in previous reports. In this report, the focus
of experimental results is on the adsorption process up to the breakthrough point and
on the immediate post-breakthrough rete of uptake as a means of determining corrections
for a second uptake process that is concurrent with the main adsorption process. Isotherms
are presented for adsorption of #,0(g) on LiA10, at 573 and 623 K. Fros these data,
together with earlier data on 673, 773, and 883 k,! isobars and isosteres were derived.
An overall analysis suggests thet two adsorption processes are involved: physisorption
at 573 K and below, and chemisorption at 873 & and ahove. Both processes function in
the intervening temperature range. Corrections were applied to the raw adsorption
data fros the breakthrough technique for postbreakthrough uptake of #,0(g). Adsorption
on non-BET surfaces is believed to he involved in these corrections for the lower
temperature isotherms.

7.2 Modeling of Tritium Transport in Ceramic Breeder Materials
(Argonne National Laboratory) . . . « « & & v v v & v 4 4 . 303

Tritium releese experiments performed on Lf,0 in the NRU reactor at Chalk River
(the CRITIC experiment) showed some uanusual results: when the temperature of the sample
was increased tritium release initially decreased then rose to a maximum and decayed
to steady state. Previous tritium release models cannot explain this type of hehavior.
A tritium release model hased on diffusion and desorption &s the rate controlling
mechanisms and having a desorption activation energy which is dependent on surface
coverage was developed. Calculstions of tritium release fro= this model are in good
agreenent with the ohserved tritium release from the CRITIC experiment.

8. CERAMICS . & v v v vt h et et h e n e e e e e e e e e e e e e e e e e e e e e 311
8.1 Detuning of Resonant RF Windows by Neutron Irradiation (Los Alamos National Laboratory) . . . 312

¥e present details here on calculations based on a model known for some tine but not
applied until very recently to radiation damege in the form of window detuning. It
incorporates the fact thet the transmissivity of a resonant r£ window depends, as any
resonant passive electromagnetic sIab, on the dielectric constant as well as on the slab
thickness == botkh of which can he changed by irradiation. A major consequence of
applying this zodel in the context of an alumina (a-A1,0;) or beryllis 'rf' window subject
(during Ecr# use) to swelling and dielectric changes induced hy fast neutrons
involves unwanted and potentially demaging reflection of millimeter wave (MMW) power
back toward the scurge (e.g., gyrotron).



8.2 Preparation and Characterization of Alumina Containing Enriched Oxygen Isotopes
(Oak Ridge National Laboratory) . . « v v v v v v v 0 4 0 4 4 0 4w omw s e N 1)

Alueina specimens enriched in "= Ohave been successfully fabricated from aluminum
Isopropoxids and water contaimimg the '70 isotope. The enrichment levels of specimens
subjected to different preparation schedules were measured using a nuclear reaction
analysis technique. Replacement of the "" Oisotope in the ceramic by atmospheric oxygen
was observed to occur readily. Successful fabricetion of suitably enriched alumina
specimens required all processing steps to be performed in vacuum or inert environments.
The optimized fabrication procedure produced enriched Al,0, specimens of >89.5%
theoretical density, -10 ws grain size, and a flexursl strength of 280 #Fa.

8.3 lon Irradiation Studies of Oxide Ceramics (Oak Ridge National Laboratory) . . . . . .. .. . 322

Specimens of Al,0,, g0, and Mgdl,04 have been ion irradiated at 25 End 650°C to
peak damage levels between 0.5 and 35 dpa. Initisl microstructural observations have
found tbat dislocation Jcops ars formed in all three ceramics #¢ moderate doses, with
more complex extended defects observed at high da=zage levels. The microstructure for a
given ceramic was qualitatively similar for both irradiation tezperstures. The lecops
observed in tkhe simple oxides ¥gd@ and 41,0, were smaller and of much higher density
than the leeps in spinel.
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DESIGN AND FABRICATION GF HFIR-MFE RB* SPECTRALLY TAILORED IRRADIATION CAPSULES - A. W. Longest (Oak
Ridge National Laboratory), J. E. Corum (Midwest Technical, Inc.}, and 0. W. Heatherly (Oak Ridge
National Laboratory)

OBJECTIVE

The objective of this work is to design and fabricate irradiation capsules for testing magnetic
fusion energy (MFE) first-wall materials in the High Flux Isotope Reactor (HFIR) removable heryllium (RB*)
positions. Japanese and US. ME specimens are being transferred to RB* positions following irradiation
to 8 dpa at temperatures of 60, 200, 330, and 400°C in Ok Ridge Research Reactor (ORR) experiments
ORR-MFE-6J and -7J.

SUMMARY

Design and fabrication of four HFIR-MFE RB* capsules (60, 200, 330, and 400°C) to accomnodate ME
specimens preirradiated in spectrally tailored experiments in the ORR are proceeding satisfactorily.
These capsule designs incorporate provisions for removal. examination. and reencapsulation of the ME
specimens at intermediate exposure levels en route to a target exposure level of 30 displacements per
atom (dpa). With the exception of the 60°C capsule, where the test specimens will be in direct contact
with the reactor cooling water, the specimen temperatures (monitored by 21 thermocouples) will be
controlled by varying the thermal conductance of a small gap region between the specimen holder and the
containment tube. Hafnium sleeves will be used to tailor the neutron spectrum to closely match the
helium production-to-atom displacement ratio (14 appm/dpa) expected in a fusion reactor first wall.

Assembly of the 60 and 330°C capsules is complete and irradiation of both will begin when the HFIR
returns to full power operation. Preparation of fabrication drawings for the 200 and 400°C capsules is
scheduled to be completed by the end of 1988. Fabrication of parts and assembly of the 200 and 400°C
capsules are scheduled for completion by mid-FY 1990: operation of these two capsules will follow the
first two (60 and 330°C).

PROGRESS AND STATUS
Introduction

A series of spectrally tailored irradiation capsules are being designed and fabricated as part of
the U.S./Japan collaborative program for testing ME first-wall materials in mixed-spectrum fission reac-
tors. The test specimens will be irradiated in the new RB* facility! of the HFIR.

The first four HFIR-MFE RB* capsules are designed to accommodate Japanese and US. ME specimens
preirradiated to 8 dpa at temperatures of 60. 200, 330, and 400°C in the ORR spectrally tailored experi-
ments ORR-MFE-6J and ORR-MFE-7J. Details of these ORR experiments, including descriptions of the test
matrix, mezchanical property specimens, and techniques of spectral tailoring, have been reported
elsewhere.*

Spectral tailoring of the neutron flux to simulate in austenitic stainless steels the expected
helium production-to-atom displacement ratio of 14 appmldpa in the fusion reactor first wall is
accomplished by varying the amount of neutron mederator and thermal neutron ahsorber materials
surrounding the capsule. This controls the two-step 58Ni thermal neutron reaction producing helium,
while fast neutrons are simultaneously producing atomic displacements. In general, the neutron energy
spectrum must be hardened as the irradiation progresses: this requires ongoing neutronics analysis sup-
port as provided for the ORR experiments.®

The HFIR-MFE RB* capsules are designed for insertion into any of the eight large-diameter holes
(46 mm} of the HFIR RR* facility. Damage rates will increase from about 4 dpalyear in the ORR experi-
ments to B dpa/year in the HFIR RB* facility (based on &MW HFIR power).

Test specimen loadings for the first four capsules are given in Table 1. Beginning with return of
the HFIR to full power in Fy 1989, these capsules will be irradiated in pairs (first the 60 and 330°C
capsules, then the 200 and 400°C capsules) to a damage level of 20 dpa. After these four irradiations,
the test specimens will be removed, examined, and approximately one-half of them re-encapsulated for
irradiation to 30 dpa.



Table 1. Test specimen loadings for 60°C capsule. The 60°C capsule, designated
the HFIR ME RR™ capsules HFIR-MFE-60J-1, will be uninstrumented with the
test specimens in contact with the reactor coolant
Number of specimens in capsule water. Preodicted specimen temperatures are within
Specimen type 60°C  200°C 330°C 400°C £10°C of 60°C.
Pressurized tube 38 26 45 0 Assemhly of the 60°C capsule and details of
Tube blank 9 9 9 9 the specimen loading were described in the pre-
Transmission electron ceding progress report.3 This capsule is in dry
microscope tuhe storage at the HFIR where it will remain until
Length, mm the reactor returns to power.
16.5 2 2 0 0 330°C capsule. The 330°C capsule design was
19.1 0 0 4 4 described in detail previously.® A horizontal
254 5 7 6 6 cross section through this capsule, designated
SS-1tensile 90 83 76 64 HF IR-MFE-330-J-1, is shown in Fig. 1. This cap-
$5-3 tensile 54 54 15 15 sule will be cooled with 49°C reactor coolant
Grodzinski fatigue 56 24 56 40 water flowing downward over the containment tube
Crack growth 30 30 10 10 surface. The specimen holder temperature (moni-
Rod tensile 0 0 4 4] tored by 21 type K thermocouples) will be
Hourglass fatigue 0 0 0 5 controlled hy adjusting the composition of a

flowing mixture of helium and neon in the control
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Fig. 1. Horizontal section through the HFIR-MFE-330-J1 capsule.



gas gap between the specimen holder sleeve and the containment tube. Calculated temperature distribu-

tions indicate that specimen temperatures will be within £25°C of 330°C, which satisfies the temperature
criterion for these experiments.

Assembly of the 330°C capsule has been completed, and the capsule has been placed in the HFIR pool
where it will remain until the reactor returns to power. The radioactive test specimens were success-
fully loaded into the capsule in about two weeks. Special fixtures® developed for hot cell assembly and
loading of the radioactive specimens were used as planned. Ttie specimen loading arrangement and the
identification of the specimens in each position are given in Figs. 2 and 3, respectively.

200 and 400°C capsules. The 200 and 400°C capsule designs will be similar to the 330°C capsule.
Thermal design analyses have been completed for both capsules. Preparation of fabrication drawings is
scheduled to be completed by the end of 1988. Fabrication of parts and assembly of the capsules are

scheduled for completion by mid-FY 1990. Operation of these two capsules will follow the first two (60
and 330°C}).

As discussed in the preceding progress report,® the 200°C capsule presented a special design
problem because it is difficult to remove the large amount of gama heat generated in the capsule while
at the same time control operating temperature as low as 200°C. 0f the several different design concepts
under consideration at that time, the two leading ones were: (1) an aluminum alloy specimen holder with
a conventional temperature control gas gap which would be only -0.029 mm thick at operating temperature,
and (2) use of a relatively large temperature control gas gap (-0.76 mm} filled with a binary (coarse/
fine) mixture of metallic microspheres. |In the latter concept, temperature would be controlled primarily
by varying the inert gas pressure (and hence the mean free path of the gas malecules} in the particle bed
to change its thermal conductance. The conventional temperature control gas gap design concept used for
the 330 and 400°C capsules was also chosen for the 200°C capsule for the following two main reasons.
First. this concept required little or no additional development. In view of the highly successful
fabrication of the similar 330°C capsule specimen holder, we believe the tighter tolerances required for
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Fig. 3. Test specimen identification in HFIR-MFE-33DJ-1 capsule

the 200°C capsule control gas gap can be met with only a small increase in fabrication cost. Second, an
equipment (heater element) failure in an out-of-reactor test rig precluded further consideration of the
binary microsphere gap concept for the 200°C capsule. At the time of the failure, sufficient data for
evaluation of this concept had not been obtained and a spare test rig was not available. There are no
current plans to resume development testing of this concept.

FUTURE WORK

Preparation of fabrication drawings for the 200 and 400°C HFIR-MFE RB* capsules is scheduled to he

completed by the end of 1988. Preparation of fabrication drawings for reencapsulation of the MFE speci-
mens after 20 dpa is scheduled to be completed in Fy 1990. Fabrication of parts and assembly of the 200
and 400°C capsules will continue into FY 1990.
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STATUS OF U.S./JAPAN COLLABORATIVE PROGRAM PHASE I1 HFIR TARGET CAPSULES — R. L. Senn (Oak Ridge National
Laboratory)

OBJECTIVE

The objective of this program is to determine the response of various U.5. and Japanese austenitic
and ferritic stainless steels with different pretreatments and alloy compositions to the combined effects of
displacement damage and helium generation at temperatures in the range of 300 to 600°C and doses of 3%, 55,
and 100 dpa. Many advanced alloys and model alloys are being tested in the program including nickel-doped
martensitic/ferritic steels (HT-9).

SUMMAR Y

The experiment matrix for the Phase II HFIR target capsules (JP-9 through -16) was refined by adding
insulating spacers and adjusting the positions of certain specimens. Additional thermal analysis was
required to account for these changes and to correct some discrepancies discovered in the earlier analyses.
Selected parts required revision or remaking and are currently on order.

All specimen subassemblies were assembled during this period, although the SS-3 and Tensile Bar speci-
mens were disassembled to incorporate the redesigned holders. These will be reassembled for installation
into the various capsules as the parts become available.

As noted in previous reports, all eight capsules will be assembled and installed in the HFIR
beginning with the first full power operating cycle.
PROGRESS AND STATUS

The program for U.5./Japan collaborative testing of the Phase Il HFIR target capsules consists of eight
capsules, JP-9 through -16. The mutually agreed upon revised matrix is shown in Fig. 1

U.5./Japan Phase II HFIR Target Capsules

Introduction — All specimens were obtained and the specimen subassemblies were completed in preparation
for final assembly into the various capsules. During loading of the capsules, it was noted that insulating
spacers were not provided below the bottom specimens in JP-10, -11, and -14. This was corrected by
adjusting the length of the spacer rings for the fatigue specimens in position 10 in JP-10 and -11 and adding
a spacer at the bottom of each; and by moving the spacer previously shown between positions ?A and 78 in
JP-14 and adding it to the bottom.

During recheck of the thermal calculations to examine the changes that might result from these small
changes in elevation, it was discovered that some specimen materials used in the analyses were not correct,
and further that an error was introduced regarding HT-9 material properties. These discoveries prompted a
complete recalculation of the gas gaps required to achieve the design temperatures. New or revised parts
have subsequently been ordered to accommodate these changes.

Experiment Matrix

The as-built Phase Il experiment matrix is shown in Fig. 1 As previously reported, these experiments
incorporate transmission-electron-microscopy (TEM), tensile bar (TB), hourglass fatigue {F), S5-3 sheet ten-
sile [T{2) and T{4)], and welded sheet (SHEET) specimens. Specimen material, design specimen temperatures
and the location of the various specimen holders are shown on the figure. The previously used position num-
bering system (from 1 at the top through 11 at the bottom) was modified by assigning positions 1A, 1B, etc.
to the shorter specimens.

Thermal Analysis

As noted above, additional thermal analyses were completed. Detailed results from these calculations
are shown in Tables 1 through 7 for capsules JP-9 through -16.
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PRESENT STATUS

1

Table 7. HFIR TARGET CAPSULE JP-16 THERMAL ANALYSIS

| PDS. ELEV.  HEAT SPEC. | CAPSULE JP-16 |
| YO. FRoW GEY. TYPE |SPECIMEN COLD  NOLDER SPACER |
| c/L wew | TEMP, GAP DIAM.  DIAM. |
| INCHES  W/GH | E ™ . |
IEEREELELEEED AREEEEEEEE SERELY B |
| | |
| 14 9,502 11.71 1121 f SOD 00155 0Q.34%0 |
| | |
| 10 8.394 21.39 112) | 600 00139 03722 |
| | |
| 2 7286 27.26 1121 | 500 0.0037 0.3854 |
| | |
| 6,426 3127  TOP | 0.0141 0.1884 |
] 3 5911 3345 T8 | 130 g.0347 0.1190 |
| 53% 3615  BOT. | 00122 0.1846 |
| | |
| 4a 4.536 3813 1121 | 300 Qo012 0.397 |
| | |
| 10 3128 1156 T4) | 800 00026 0.3949 |
| | |
| sh 2.428 1372  Tt4) | 400 (oop1 0.3952 |
| | I
| 58 1.320 1537 Ty | 500 g.po3s 0,392 |
| ! |
|--- 6 -0.000 46.30  TEM |---400-- 0.0078 0.1559 ©,0990 |
| t I
| 78 1320 4537  T(4) | 500 0.0038 0.3921 |
| | |
| 74 2128 1372 T¢4y | LO0 0.0021 0.3952 |
| ! |
[ 88 3128 1156  T(4) | 400 0.0026 0.3949 }
| | I
| 8 4.535 38.43  y(2) | 300 00012 00,3976 |
| | 1
\ 5.3% 35.4s  Bat. | 0.0122 0.1848 H
] vV 581 33.15 10 | 430 0.0347 0,14%0 |
| 6,426 3127 Toe | 0.0111 0.1884 |
| | |
| 10 7.268 2735 112) | %00 0.0037 0.3851 ]
| | I
| 110 8.3%  21.39  T(2) | 400 0.013%0 0.3722 |
| | |
j 111 V502 1174 1¢(2) | 500 00155 0,3490 j

f

|

w** TEM = TEM DISK SPECIMENS, T8= TENSILE BAR SPECIMENS
T€2) = TWO $S-3 FLAT TENSILE SPECIMENS/NOLDER
T{&) = FOUR SS-3 FLAT TINSILF SPECIMENS/HOLDER
ASSUMES 85 Mw REACTOR POMER AND B5X NEUTRONIC HEAT,

J CAPSULE, 33 dpa.

DWG. X2 -41517-0048 R.

L.

Senn  ©/30/88

All specimen subassemblies were completed in preparation for loading the capsules. Revisions of the gas
gaps for certain specimens required diassembly to accommodate new holders. These parts are presently on

order.

Loading lists were developed showing the specimen type and identity for each position within each cap-
sule. These lists are shown in Tables 8 through 15 for capsules JP-9 through JP-16, respectively.

FUTURE WORK

Assembly of the eight capsules is planned for completion as soon as the new parts become available, with
Full power operation of the reactor is presently pre-

installation in the HFIR at the earliest opportunity.

dicted to begin in early 1989.
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Table 8. Loading list for capsule JP-9 Table 9. Loading list for capsule JP-10
Specimen Specimen
Position Position
Type Identitv Type Identity
1 TEM 1A T(2) AHAO, AAJ1
2 Tensile bar T™-28 1B T(2) ANCB, AJJ8
3 Tensile bar TL-28 ic TEM
4 Tensile bar TL-26 2 Fatigue AHTO
5 Tensile bar SuU-14 3 T(2) AHAL, AAJ2
6 TEM 4 TEM
7 Tensile bar SC-17 5 T(4) AHAZ, AAJ3,
8 Tensile bar §5-02 AAJ4, AGAO
9 Tensile bar Sccs 6 TEM
10 Tensile bar SC09 7 T(4) ANCS, AJJY,
11 Tensile bar SU-23 AJKO, AMCS
A TEM
9 T{2) AHA3. AGAL
10 Fatigue AHTL .
11C TBV
118 T{2) ANDO, AMCY
11A T(2) HJK1, HJIK2
Table 10. Loading list for capsule Jpr-11 Table 11. Loading list for capsule JP-12
Specimen Specimen
Position Position
Type Identity Type Identity
1A T{2) VAJO. VGAO 1 Spacer
18 T{2) YAJ1, YGAl 2 Tensile bar TD-20
1C TEM 3 Tensile bar t1-02
2 Fatiaue AATO 4 TEM
3 T(2) PJJO, PMCO 5 BV
4 TEM 6 TEM
5 T(4) AHAB, AAJR, 7 TBv
AAJ9, AGAS 8 TEM
TEM 9 TBM
T(4) ANC5, AJJ4, 10 Tensile bar $S-10
AJJs, AVC3 11 Tensile bar TM-30
8 TEM 12 Spacer
9 T{2) PJJ1, PMCL
10 Fatigque AAT1
11C TEM
118 T(2) YAJZ2, YGA2

1A T(2) YAJ3, VGA3




Table 12. Loading list for capsule JP-13
Specimen
Position
Type Identity
1A T{2) flat tensile AHA9, AGA9
18 T(2) flat tensile AAL3, AALA
1C T(2) flat tensile EGAO. EGAl
2 Fatigue AV4
3 T(2) flat tensile PJJ2, PMC2
4 Fatigue ANV4
5 T(4) flat tensile AHBO, AGBO,
ANC3, AVCA
A TEM
T(4) flat tensile BHAO, BHAl,
BGAO, BGAl
B Fatigue ANND
9 T(2) flat tensile PJJ3, PMC3
10 Fatigue AJVB
11C T(2) flat tensile A05, COL0
11R T(2) flat tensile AJL3, AJL4
11A T(2) flat tensile ANC4, AMCS
Table 14. Loading list for capsule JP-15
Specimen
Position
Type Identity
1 Spacer
2 Tensile bar TD-28
3 Tensile bar T™M-21
4 Tensile bar §5-28
5 Tensile bar SV-30
6 TEM
7 TEM
8 Tensile bar SU-12
9 Tensile bar TL-09
10 Tensile bar SS-30
11 Tensile bar TM-09
12 Spacer

13

Table 13. Loading list for capsule JP-14
» Specimen
Position
Type ldentitv
1 Sheet 1, 5
2 T(2) flat tensile KJJO, K1
3 TEM
4 TEM
5A T(2) flat tensile AD1, BO4
58 T(4) flat tensile AHBZ, AAKSG,
AARK?7, AGB6
5c T(4) flat tensile AND3, AJKS8,
AJK9, AVO7
6 TEM
7c T{4) flat tensile A6, BO6,
co1, co2
B T{4) flat tensile AND2, AJKG,
AJK7, AMD6
7A T(4) flat tensile AO7, BOS,
co9, C04
8 TEeM
9 TEM
10 T{2) flat tensile AD10, CO5
11 Sheet 2, 4
Table 15. Loading list for capsule JP-16
Specimen
Position
Type Identity
1A T{2) SS-3 flat tensile AGA7, AMD9
18 T{2) SS-3 flat tensile ANCO, ALO
2 T{2) SS-3 flat tensile AMJO, AMJ2
3 Tensile bar AAR1
4A T(2) SS-3 flat tensile ANC1, AJJ1
4B T(2) SS-3 flat tensile BNAO, BNAL,
BVIAO, BMA1
5A T(4) SS-3 flat tensile AHB1, AGB1,
ANC?Z, AMCH
58 T(4) SS-3 flat tensile B8NAZ, BNA3,
BMAZ, BVIA3
6 TEM
78 T{4) SS-3 flat tensile LJJO, LJJ1,
HJJO, HJJ1
A T{4) SS-3 flat tensile LJJ3, LJJA,
HJJ2, HJJ4
8B T(4) SS-3 flat tensile BHAZ, BHA3
BGA2, BGA3
8A T(2) SS-3 flat tensile AJJ2, AMC1
9 Tensile bar AFO
10 T(2) $5-3 flat tensile A04, CO06
11B T(2) SS-3 flat tensile AJJ3, AMC?
11A T(2) SS-3 flat tensile AJLZ, AAL2







2. DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION CALCULATIONS
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HELIUM GENERATION IN FUSION REACTOR MATERIALS = D. W. Kneff and B. M. Oliver (Rockwell International)

OBJECTIVE

The objective of this work is to measure the total helium production cross sections of materials for
fusion-energy neutrons.

SUMMARY

Helium analyses and neutron fluence characterization have been initiated for two Rotating Target
Neutron Source-I11 (RTNS-11) irradiations, with the objective of determining several new total helium
production cross sections. A constant temperature furnace has been rebuilt and tested for the measurement
of helium concentrations in materials irradiated at significantly lower neutron fluences, and used for the
measurement of helium generation in aluminum by 10-MeV neutrons.

PROGRESS AND STATUS

Four accelerator-based neutron irradiations have previously been performed to measure the total helium
production cross sections of several materials in the 10- to 15-MeV neutron energy region. 1) These
experiments include three irradiations at RTNS-1I at the Lawrence Livermore National Laboratory {LLNL}
using the T{d,n) source reaction, and one at the Los Alamos National Laboratory (LANL) using the 1H{t,n)
source reaction.

The RTNS-1I irradiations, performed jointly with Argonne National Laboratory (ANL), included one
primary-volume irradiation, one add-on irradiation at =752 relative to the-neutron source axis. and one
add-on irradiation at 1100.{1} Helium analysis work has now been initiated for the primary-volume and 75°
irradiations.

The RTNS-II primary volume irradiation was performed to measure total helium production cross sections

at 14.6 MeV for selected materials, including, for example, N Mg, S, Ge, W, and the separated isotopes of
W, and to obtain additional data for other materials. This irradiation plus the 1109 irradiation were also
designed to provide energy-éependent information on the cross sections of selected low-2 elements over the
energy range of 136 to 15 MeV. 1 Analyses have now been initiated for the primary-volume irradiation.
York to date includes the analysis of the helium accumulation dosimetry rings, the initiation of the
neutron fluence mapping for the irradiation volume, the post-irradiation preparation of a large number of
platinum-encapsulated samples for helium analysis, and the helium analyses of several selected samples.
The dosimetry rings, composed of pure-element copper wire, provide detailed information on the neutron
fluence gradients within the irradiation volume. The analyzed samples include Be. TiN, IrN, Al203, and
Nbs05, where the nitrides and oxides will be used to deduce the cross sections for nitrogen and oxygen,
respectively.

The mass spectrometer system's constant temperature furnace was rebuilt for the analysis of the
materials irradiated at LANL with 10-MeV neutrons. This furnace is designed for helium release from very
large samples (up to about 1g}, with helium background levels much lower than our standard graphite
crucibles. This provides the capability of performing Reasurements in neutron fields for which the neutron
flux is orders of magnitude lower than that from RTNS-I1I. This furnace was subsequently tested
successfully using aluminum samples irradiated to relatively low fluences (1015 to 1016 neutrons/cm2) at
789 in RTNS-1I, and beryllium samples from two different light-water reactor surveillance dosimetry
experiments. The beryllium samples were selected for testing because of their previously characterized
helium concentrations; and because of a requirement for low-fluence beryllium measurements in a potential
joint experiment with ANL.

Analyses were initiated for materials irradiated in the 10-MeV 1H(t.n) LANL experiment. This
experiment was performed jointly with R C. Haight of LANL. The first analyses performed were for
aluminum, with measured helium concentrations in the 20 appt (atomic parts per trillion, 1074¢ atom
fraction) region. These measurements provide a first demonstration of our ability to measure helium
generation rates for monoenergetic neutrons using acgelerator neutron sources other than T{d,n). The total
neutron fluence for this experiment was about 3 x 10%* neutrons/cme.

FUTURE WORK
Helium analyses and neutron fluence and spectrum characterization will continue for the RTNS-II T{d,n)

and LANL 1H(t,n) irradiations. The results will be combined to deduce total helium production cross
sections at multiple neutron energies for several materials.
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NEUTRON FLUENCE MEASUREMENTS FOR HELIUM PRODUCTION EXPERIMENTS AT RTNS II = L. R Greenwood, C. A Sefls,
and A Intasorn (Argonne National Laboratory)

OBJECTIVE

To provide dosimetry for fusion experiments at 14 M/ neutron sources and to determine helium production
Cross sections.

SUMMARY

Results are reported for two experiments at RTNS Il designed to measure helium producltéon Crgss sections
near 14 MeV. The first experiment in January, 1987, received fluences from 1to 3x1012 n/cme at an angle of
752 with an average neutron energy of 14.3 MeV. The second add-on experiment from February to May 1987 was
irradiated at_an angle of 1100 with a mean neutron energy of 13.8 M and neutron fluences of 1.5 to
2.0x1016 n/em?.  Helium measurements are now in progress at Rockwell International.

PROGRESS AND STATUS

Numerous experiments have been perfonned at the Rotating Target Neutron Source 1I at Lawrence Livermore
National Laboratory to measure helium production near 14 M/ neutron energies. Results for 25 elements,
separated isotopes, and alloy steels have already been publishedl in collaboration with D. Kneff (Rockwell
International). Several add-on experiments were performed to look at additional materials.

The first experiment was a short irradiation (23.6 hours) on January 8-9, 1987. with the specimens located
at ~759 to the beam and an average neutron energy of 143 MeV. Dosimetry and helium samples were irradiated
in an aluminum capsule measuring 175 an 0.D.x2.41 an thick. Dosimetry foils were located at 5 different
positions interspersed with helium samples of Fe, Cu, Cr, Al, Ni, €, Mn, V, Ti, Si. and Be. The circular
dosimetry foils measured 1 on OD. by 0.025-0.25 mm thick. All samples were gama counted in Order to
detennine activation rates.

The activation measurements are listed in Table 1in the order according to their placement in the assembly.
Neutron fluences were then calculated by dividing the activation rate by the production cross section.

Cross sections were taken from our previously published data;2 however, it was necessary to gxtrapolate from
our largest angle at 602 to 759 using the trend of the data as well as_trends from ENDF/B-¥.# The fluences
have an uncertainty of +4%, due to our normalization to the 93Nb(n.2rl)92Nb reaction cross section of 463 mb,
as well as counting uncertainties of 2-4%. The net absolute uncertainty is thus about 6%. The derived
fluences are plotted in Fig. 1as a function of distance into the assembly. As can be seen, fluences
decline about a factor of three over a distance of 2.41 om,

In order to determine the detailed fluence distribution over the surface of a foil, three niobium foils were
segmented into 9 concentric pieces on diameters of 3 mm (1 piece), 6.5 and 10 mm (4 pieces each). Each
segment was then gama counted and the results are listed in Table 2. As can be seen, the fluence gradients
vary up to 17%over the 1 an diameter discs.

The second experiment took place over the extended period between February 23, 1987 to May 23, 1987 (90
days). The purpose of the experiment was to measure helium production cmss sections near 14 MV for
various materials including Be, C, Nb, Al, Cu, and Fe.

The helium specimens and radiometric dosimeters were enclosed in a cylindrical package measuring 1.11 an
diameter by 0.64 on thick. Dosimetry foits of Fe, Nb, and Co, each measuring 5 mils thick, were placed at
seven different depths in the capsule in order to measure the neutron fluence gradients. Wires and helium
accumulation fluence monitors were placed at four different locations in the assembly. The entire capsule
was irradiated at 110% to the incident beam so that the average neutron energy was 13.8 MV (+200 keV}.

All of the dosimetry foils and helium sanples were gamma counted and saturated activation rates were
calculated, as listed in Table 3. A detailed irradiation history was used to correct for decay during
irradiation. The neutron fluences have an estimated absolute uncertainty of about 6-8%due to counting
uncertainties (as listed) and cross section uncertainties (4-6%). The activity values and uncertainties are
reported as the total number of active atoms per atom of target material. Neutron fluences were then
derived by dividing by the appropriate neutron cross section. Crosg section values were taken_from ENDF/B-
¥3 assuming a mean neutron energy of 13.8 MeV. In the case of the 9Co reactions to 29Fe and Co, the
cross sections were adjusted according to previous measurements at RTNS 11.2

The neutron fluences range from 1.5-2.0x1016 n/cmé and decline with increasing distance from the neutron
source. The footnoted values represent wire and helium sanples which were much smaller than the 7/16'
diameter dosimetry foils. Wire fluences thus show some scatter from the foil values since the neutron
fluences are in fact changing across the dimensions of the foil.
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Table 1. Activities and Neutron Fluences for RTNS II 759)
(Jan. 8-9, 1987 at <&> = 14.3 MeV:
relative uncertainty 2-3%)

Distance Sample-Position Isotope a Fluence
?cm (x10~-10 atom/atom) (x1015 n/cm?)
0.0191 Fe-1 34y 10.7 3.07
5lcy 2.89 3.19
0.0267 Ti-1 465¢ 9.21 3.01
0.0406 Co-1 58¢0 23.8 3.16
0.0597 Nb-1 92myy 14.3 3.09
0.0673 Ni-1 58¢o 10.8 3.04
0.0698 Au-1 1964, 58.6 2.76
0.1219 Fe-He-3 S4pn 10.2 2.93
5icy 2.72 3.00
0.2235 Cu-He-4 60co 1.25 2.84
0.3759 Cr-He-2 Slep 10.7 -
0.5778 Ni-2 58¢o 8.47 2.39
0.5804 Au-2 1964y 48.3 2.28
0.5842 Fe-2 54py 8.40 2.41
Slcy 217 2.39
0.6515 Ni-He-1 38co 8.50 2.39
0.907 Mn-He-4 S4Mn 16.3 2.11
1.099 Ni-3 58¢o 6.82 192
1.101 Au-3 1964 30.1 1.84
1.109 Fe-3 S4Mp 6.55 1.88
Slep 1.63 1.80
1121 Nb-3 92myp 9.11 1.97
1.243 Ti-He-2 46gc 5.95 1.94
1.910 Ni-He-4 38¢o 5.12 1.44
1.967 Ni-4 58co 5.05 142
1.970 Au-4 1964 28.1 1.33
1.974 Fe-4 54Mn 474 1.36
sler 1,21 1.33
2.181 Cu-He-2 60co 0.569 1.292.
2.239 Nb-5 92mNp 6.10 132
2.252 Ni-5 58¢o 429 1.21
2.264 Au-5 196y 255 1.20
2.283 co5 58¢o 9.51 1.26
59re 0.630 -
2.303 T1-5 465c 3.79 1.24
2.322 Zr-5 957y 19.2 1.20
2.341 Fe-5 SApMn 418 1.20
Sigr 1.12 123

FUTURE WORK

Helium measurements are now in progress by D. Kneff (Rockwell International).

All of the data will be fit to a more detailed flux map in order to accurately predict fluences at the
location of each helium sample.

REFERENCES

1 D. W Kneff, 8 H Oliver, H Farrar IV, and L. R Greenwood, Nuclear Science and Engineering 92,
491-524 (1986).

2. L. R Greenwood, Influence of Radiation on Materials Properties,
ASTM-STP956, pp. 743-749 (1987).

3. Evaluated Nuclear Data File, Part B, Version V, Brookhaven National Laboratory, 1979.
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Table 2 Neutron Fluence Gradients at RINS IT {759
(Resaigs mom 9Nb(n,2n b~ counting
uncertainty +5%)

Foil Position Segment Fluence {x1015 n/cm2)
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Fig. 1. Neutron Fluence Gradient Measured at RTNS II at 75° to
the Beam. Distances Refer to the Front of the Helium Assembly.
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Table 3. Activities and Neutron Fluences for RTNS II (1109)
(2/23/87 to 5/23/87; <> = 138 MeV)

Sample-Position Isotope ggtd ¢t
(10-9 atom/atom) (x1018 n/cmd)

Fe-F 54Mn 7.35{0.7) 1.91
Slcp 1.70(2.6) 1.89

Co-F 58¢p 12.4(0.3) 1.80
59Fe 1.03(1.7 1.74

Nb-1 92myp 9.07(0.9 | 1.95
Fe-1 54pn 7.31{1.1 1.90
Sley 1.60(3.2 1.78

Fe-51d 38Mn 7.35(1.8 1.91
Slep 1.49(6 0) 1.66

Nb-8&pb 92mNp 9.30(1.2) 2.04
Fe-2 S4mn 7.08(0 .8) 1.84
Slcy 1.58(2.5) 1.76

Nb-512 92myp 8.48(0.4 1.86
Nb-1ED 92myb 8.73(1.3, 1.92
Nb-7Yb 92mNb 7.87(0.9" 1.73
Cu-S12 60cq 0.829(15) 1.88
Fe-3 54Mn 6.78(0.8) 1.77
5lgp 1.51(3.1) 1.68

Fe-$3€ S4Mn 7.0111 .2) 1.83
slep 1.57]113,.7; 1.75

Nb-53€ 92mnp 8.62 (1.1, 1.89
Nb-gvb 92myp 8.39(1.3) 1.84
Cu-522 60co 0.772(1.2) 1.63
Cu-54¢ 60¢co 0.763 (1.2) 1.73
Fe-4 34mn 6.70(1.3) 1.74
Slcp 1.50 (4.0) 1.67

Fe-s28 54yn 652 (1.0) 1.70
Sicy 1.4113.9; 157

Nb-B2D 9Zmp 8.61(1.5 1.89
Nb-S2D 92myb 7.81 (1.1 172
Cu-$3¢ 60co 0.755(1.9) 1.71
Fe-5 54Mn 6.44 (0.9) 1.68
Slcp 1.41 [423) 1.57

Nb-5 92myp 789 10.7) 1.73
co-B 58¢cq 10.8(0.4) 157
59Fe 0.901 (1.5} 1.52

Fe-B 54mn s.:aggo.gy) 1.65
5lcy 1.37(4.2) 1.53

AyWire samples inside main assembly.
BHelium accumulation fluence monitors.
CWire samples outside of main package.

drelative counting uncertainties (%)are listed: absolute uncertainties also
include 2%for detector efficiency and 4-6%for cross sections.
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PRODUCTION OF 93Mo and 93MNb FROM Mo AT 147 MeV = L. R Greenwood, D. L. Bowers, and A Intasorn (Argonne
National Laboratory)

OBJECTIVE

To rasure the production of long-lived isotopes in fusion reactor materials for activation and waste
disposal applications.

SUMMARY

lon-exchange chemical reactions have been performed to separate Mo and Nb in natural molybdenum samples
irradiated with 147 Me¥ neutrons at RTNS II. X-ray counting has been performed to detemins preliminar
activation cross sections of about 580 mb for 94Mo(n,2n)93Mo(3500 y) and 073 mb for Mo(n,x)93™b(16.1 y),
Separations are now in progress for %-enriched sanples. These data are needed to calculate the
production of long-lived isotopes in fusion reactor materials.

PROGRESS AND STATUS

V¢ have been engaged in an ongoing program to rasure neutron activation cmss sections near 14 Mev for
long-lived isotopes. Such data areneeded to determine the activity of fusion reactor matarials espeg‘lal!y
for waste disposal applications. W have previously reported data for the production of _5 Fe, O3N1,
S9N§, 9INb, and 944b.1:2,3 The present work summarizes our measurements of 93M0({3500 y) and 93®™Nb(16.1 y)
from natural and 94Mo-enriched sanples of molybdenum.

The Mo samples were metallic powders pressed into discs of 3 mm diameter by 1mm thick. These discs were
irradiated at the Rotating Target Neutron Source 1I at Lawrence Livermore National Laboratory to a neutron
fluence of about 1018 neutron/cmé, Details of the irradiation were published Brevious]y. where we_reported
Cross sections for the 94110(n,p) %4Kb, 95Mo(n,x)94Nb, 92Mo(n,x) 9INBM, 9ZMo(n,x) 1Nbd, and 98Mo(n,a)957r
reactions in_the ene range ffom 145 to 148 Mev.3 These same samples are now being analyzed for %3m0
and 93™b, 93Mo and 93MNb hoth decay to the ground state of 93Nb and emit No x-rays at 166 and 18.6 ke¥.
Hence, it is necessary to chemically segarate Mo and Nb in order to determine cross sections for each
isotope. Furthermore, 93m0 decays to 93mb, thus complicating the analysis.

All of the sanples were dissolved in a mixture of concentrated HNO3 and HCl. lon-exchange chemical
separations were then performed. Small aliquots of the dissolution and each fraction were then taken to
dryness for x-ray analysis. Several checks were available to detsrmine both the degree of separation as
well as the absolute yields from the chemical procedures, Since INbG (-680 y) is also present in the
samples, we used the Zr x-rays at 157 and 17.6 ke¥ as a Nb tracer, W were also able to obtain some o,
which was added to our samples as a Mo tracer. In both cases we were able to demenstrate that the chemical
separation of Mo and No was good to at least 99%. Finally, we were able to demonstrate that the sum of the
X-ray activities in the Nb and EO fractions was equal to that of the original dissolution and that losses
were less than 5X.

The natural Mo samples have now been analyzed and work on the %4Mo-enriched samples is in progress,
Preiiminary results indicate a cross section of 580 mb for the 9%Mo(n,2n)93Mo reaction and 0.73 mb for the

Mo(n,x)93MNb reaction. Neither of these reactions have been measured previously. Data from the enr1chsg
targets will allow us to obtain separate cross sections for the production of ™Mb from both **Mo and 9°Mo.
The results will then be used to predict the production of these isotopes in fusion reactor materials.
FUTURE WORK

lan to measure cross sections for the long-lived isotopes 932r(1,8x105 y), 14c(5730 y), and
¥$NE(3.2X109])/) and to determine the haIf—Iivegs more accurgtew f0£ 59 9'!2!0, ané QND%/)
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RADIOACTIVE WASTE DISPOSAL FOR FISSION AND FUSION REACTORS. H L. Heinisch and D. G Ooran. Pacific
Northwest Laboratory

OBJECTIVE

The objective of this work is to provide additional perspective on the desirability of developing reduced
activation materials for fusion reactors by comparing the total radioactive inventories accrued during
the lifetimes of a typical fission and fusion reactor.

SUMMARY

The calculated radioactive waste inventories of the Turkey Point pressurized water fission reactor (PWR)
and the Starfire conceptual fusion tokamak are compared as a function of time from initial start-upto
10,000 years after decommissioning. Only material out of reactor at least one year is considered. The
total activity in Ci/W(th) of the Starfire tokamak is slightly greater than that of the FWR during the
active lifetimes of the two reactors and beyond 1000 years. However, using reduced activation materials
in Starfire can result in about 172000 as much long-lived radioactivity as in the fission reactor. 1t
is stressed that comparison of wastes on this basis is not straightforward. since the radioisotopes and
methods required for their disposal are different for fusion and fission reactors.

PROGRESS AND STATUS

The development of reduced activation materials for fusion reactors is now a major objective of the fusion
materials program. Since public perception of waste generation is a motivation for developing reduced
activation materials, it is of interest to directly compare fusion reactor waste levels with those from
competing power generating technologies, especially with fission reactors that are presently operating.

Significant amounts of radioactive materials are produced in both fission and fusion reactors, but the
specific radioisotopes produced. their concentrations and volumes, their hazards to the biosphere and

the methods required for their disposal are different. A comprehensive comparison was not attempted

here; the difficulty of making simple comparisons should become evident in the following. W will compare
the total radioactive inventory produced during the 30 year lifetime of an existing fission reactor [Turkey
Point No. 3. a nominally 1200 M e (3600 Mwth) pressurized water reactor (PWR)] and a specific conceptual
fusion reactor [Starfire. nominally 1200 MWe (3600 MWth) tokamak].

In a fission reactor most of the radioactive materials requiring long-term waste disposal are in the
spent fuel. which contains actinides and fission products. These high level wastes are the inescapable
legacy of the fission process. During a 30 year lifetime a 1200 Mde PWR produces about 130 of spent
fuell. Reprocessing can reduce the volume of waste material significantly. Deep geological burial of
this high level waste is required. Total activity of the fission reactor structural materials is
insignificant by comparison. even though the volume of activated structural material is much larger than
that of the fuel’ (see Table 1}.

The inventory of radioisotopes in a deuterium-tritium fusion reactor will result only from activation of
reactor materials (excluding the tritium used as fuel). Over a 30 year lifetime a 1200 M e tokamak fusion
reactor will produce on the order of 2000 m® of activated n}aterial. with about 300 of that being the
highly activated first wall and blanket structural material©. Using conventional materials. some of

this will not meet current requirements for shallow land burial.

Calculation of Radicactive Inventories

The inventory of_radioactive isotopes for the fuel assemblies of the Turkey Point Reactor were calculated
using the ORIGEN3 computer code. Calculations were done for the fuel (U0,), cladding (zr-4) and other
structural material (Inconel-718 and 304 stainless steel) of the fuel assemblies during three cycles

each of 284 days up and 106 days down, for a total of 1064 days (2.9 years). The activities in curies

of the fission products. actinides and activation products were determined separately at elapsed times
after removal of the fuel from O to 10.000 years. The ORIGEN results were combined manually to construct
the activity as a function of time for all spent fuel that has been out of reactor for at least one year,
for the period from start-up to 10000 years. It was assumed that all fuel assemblies in the reactor
were changed every 3 years for 30 years. The activity in Ci/#th as a function of time is shown in Figure
1

The curve for Turkey Point in Fig. 1 begins at 4 years after start-up (one year after the first fuel
elements are removedl and continues through the life of the reactor, with new spent fuel assemblies added
to the inventory every 3 years. Between 4 years and 31 years the curve should really have a saw-tooth
shape with a period of 3 years. The maximum values |ie on the curve. and the radioactivity decays by a
factor of 2-3 less than the maximum during the 3 years before the next spent fuel is added to the waste

inventory. After 31 years the curve simply displays the combined radioactive decay of all the spent
fuel assemblies.



24

Table 1 Overview of Fusion and Fission Radioactive Wastes

Lifetime Waste Yolume (m3)
High Level
dource aste  xCLlass Cla) <{lags C < < Clags C

EISSION (PWR){b)
Actinides/Fissfon Prod.
No Reprocessing -100
With Reprocessing =10
Activated Haterials
Conventional -100 = 1000
Reduced Activation () (¢}

Contaminated Materials -16,000

EUSION (STARFIRE)
Activated Materials

Conventional -300 = 1700
Reduced Activation -0 - 2000

Contaminated Materials ?

{a) Method of disposal not yet clear; in particular, not certain that geologic disposal
required as for High Level Waste. Class C is most active waste permitted shallow
land burial under 10CFR61.

(b) PWR waste burden generally 2 BWR waste burden.

{c) The potential exists for decreasing the fraction of fission waste exceeding Class C
through greater control of impurities in structural materials.

Within a few hundred years, the activity of the fission products decreases significantly. After about

500 years nearly all the activity is due to long-lived actinides. At 10,000 years the activity has dropped
to 1/3 the value at 1000 years as the 240py decays with a halflife of 6537 years. The activity is then
dminated by 23%py with a halflife of 24,000 vyears.

The inventory of radioactivity for the Starfire fusion reactor was based on information in the $tarfire
documentationz' where the material, volume and activity of each major component of the reactor 1s tabulated
for 5 years of continuous reactor operation and 1-1000 years of decay. The radioactivity of Starfire is
dminated (>95%) by radioisotopes formed in the PCA (a Ti- modified 316 stainless steel) used for the
first wall and blanket structural material. The PCA canponents will not qualify for shallow land burial
because of the long-lived activation products of the Moé wihich makes up 2 wt® of PCA According to recent
calculations, the primary long-lived isotope of Ho is 9Tc, which is not included 1n the activation
calculations in the Starfire documentation. Thus. to_evaluate the activity of Starfire. new values for
the activity of PCA calculated using the REAC¥*2 code®, were substituted for the PCA contributions 1n
Starfire Table 12-5. Activity due to the creation of tritium was not included. The calculations were
extended to 10.000 years.

The Starfire design calls for replacement of 2 of the 24 blanket sectors every 6 menths, a blanket sector
being designed to last for 6 years. For calculating the reactor lifetime inventory. the values in our
modified version of Starfire Table 12-5 were linearly extrapolated to values for 1-6 years of irradiation.
and they were canbined to represent the changing of 1/6 of the blanket sectors each year of a 30 year
reactor lifetime. As with the fission reactor, only material out of reactor for at least one year is
considered part of the waste inventory. The Starfire curve for Ci/Wth as a function of time is shorn

in Fig. 1

The Starfire curve begins at 2 years, one year after the first blanket replacement. As in the fission
case, the Curve for the first 31 years should be a sawtooth describing the decay between annual discharges
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INVENTORY OF RADIOBCTIUE MATLS
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Figure 1 Inventory of Radioactive Materials for Fission and Fusion Reactors.

The total inventory of radioactive materials out of reactor for at
least one year in Ci/W(th) as a function of time for the Turkey Point
pressurized water reactor (TURKEY PT LWR), the Starfire conceptual
tokamak fusion reactor (STARFIRE). the Starfire reactor with reduced
activation structural materials (RA=STARFIRE), and the Starfire reactor
with maximum achievable reduced activation within the Starfire concept
(MAX RA-STARFIRE).

of material to the inventory. The small spike at shutdown is caused by material from the eptire reactor
being added to the inventory at once. Activity is dominated through the first 20 years by 2?Fe, through
the gext 200 years by 3N1,” and for several hundred thousand years by 99Tc, which has a halfllfe of 2.13
x 107 years.

The effects of using reduced activation materials in the tokamak were also investigated in this fission-
fusion comparison (Fig. 1). The Starfire waste inventory was recalculated, replacing the PCA with AMCR-
33, a reduced activation austenitic stainless steel having no M and only 500 appm Ni. Although the
activity of this "reduced activation tokamak™ is the same as the original during its lifetime. at 1000
years it has two orders of magnitude less activity per watt than the PFAR  Further reduction of long
term activity can be achieved by replacing the ZrPb neutron multiplier and the LiA10; tkitium breeding
material with less activating materials. Significant amounts of long-lived r‘adio'lso%opes of Pb and Al
are produced in these large volume components. The "maximum reduced activity tokamak™ in Fig. 1, having
no Pb or Al, has more than three orders of magnitude less activity than the FWR.

Comparisen of Biological Hazard

Canparing fission and fusion wastes on the basis of total activity neglects the relative biological hazards
of the various radioisotopes. The U. S, Nuclear Regulatory Commission (NRC) has addressed pathways by
which radwaste could enter the biosphere in establishing radioisotope concentration limits for shallow land
burial {10CFR61). The limits are given as the concentration of the isotope buried as waste that will
produce the maximum permitted dose (0.5 rem/y) in an intruder who builds and cccupies a house &t the

waste site at least 100 years after the waste is buried.

The shallow land burial methodology has been used to compare radioactive wastes fran different sources.
Fetter6 defined the "Intruder Dose" of a component disposed of by shallow land burial as the total dose
to the intruder from all radioisotopes present, using pathway assumptions appropriate to each form of

waste. To include waste volumes, he defined an Annualized Intruder Hazard Potential as the sum of the
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TABLE 2

Radioactive Waste Indices for Reference Fusion Reactors

Averaged Annualized
Type Structure Breeder Coolant Intruder Hazard
Material Material Material Dose(a}) Potential
{rem) (R-m3/y)
Tokamak sic Li50 He 0.0053 0.53
Tokamak RAF (b) Li50 He 0.039 3.2
Tokamak vV alloy Liquid Lithium 0.22 12
RFP(c) RAF/Cu Lithium-Lead 34 550
Large Scale Prototype Breeder Reactor 34,000 140,000

(a) Maximum permitted for shallow land burial is 05 &M
(b} Reduced activation ferritic alloy.

(c) Reversed-Field Pinch
(high dose is due to the LiPb collant. not the RAP design per se)

products of the Intruder Dose and annual waste volume of each canponent. Table 2 contains values of

these indices from the re?ort of the DOE Senior Committee on Enyironmental. Saf et% and Economic As[)ects

of Magnetic Fusion Energy/ for several fusion reactor concepts (generally involvihg reduced activati
materials) and a prototype fission breeder reactor. All but one of the fusion reactors can be totally
disposed of by shallow land burial (Intruder Dose less than 05 rem), The fission reactor wastes obviously
fail the criteria by several orders of magnitude and require deep geologic disposal.

Qiscussion

As shown in Figure 1, the total activities of radioactive wastes produced during the lifetimes of a typical
fission and (mon-reduced activation) fusion reactor are canparable. Choosing reduced activation materials
for fusion reactors can make a substantial reduction in long-lived radioisotopes. However. simply
canparing total radioactive inventories is misleading. since the relative biological hazards of the
isotopes and their pathways to the biosphere are not accounted for.

Quantitative comparison of fission and fusion wastes on the basis of Intruder Dose in shallow land burial
scenarios is also highly questionable. 1t involves numerous assumptions about high level fission wastes

in order for them to be considered as low level wastes for the sake of canparison with fusion wastes.
Perhaps the most meaningful comparison of fission and fusion wastes is simply qualitative: fission reactor
wastes require deep geologic disposal. while fusion reactors can be made so that wastes can be safely
disposed of by shallow land burial. Such a comparison. of course, still may not adequately address the
public perception of the difference in "hazard™ posed by fusion and fission wastes.

FUTURE WORK

No future work is anticipated at this time: however, further comparisons need to be done as part of the
development of activation guidelines for fusion reactor materials.
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MATERIALS HANDBOOK FOR FUSION ENERGY SYSTEMS - J. W. Davis {McDonnell Douglas Astronautics Company -
Missile and Defense Electronics Division)
OBJECTIVE

To provide a consistent and authoritative source of material property data for use by the fusion
community in concept evaluation, design, and performance/verification studies of the various fusion energy

systems. A second objective is the early identification of areas in the materials data base where
insufficient information or voids exist.

SUWARY

The effort during this reporting period has focused on three areas:

Automation of the Handbook - Work is proceeding ahead of schedule in the development of an
electronic materials handbook. with a prototype system now operational on the MFE computer
network.

International Materials Handbook - In June agreement was reached on the creation of an
International Fusion Materials Handbook, which would be under the auspices of the IEA and have a
format similar to the U.S. Materials Handbook.

Support of ITER Materials Data Base - An International materials workshop was held in August at
the ITER design site to review the status of the materials data base. Recommendations were made
to create a design data book specifically tailored for use on ITER. that would not have the same
level of authority as the U.S. and International Materials Handbook

PROGRESS AND STATUS

Automation of Handbook

Historically, the weakness of all handbooks is assuring that the user has an up-to-date version of a
data page each time he/she uses the handbook. To accomplish this, it is incumbent upon the user to take
the time to incorporate the latest revisions into their book. While many of the users make a
conscientious effort to do this, many do not, and there are instances when handbook holders do not receive
all of the data pages in their update. To make sure that all of the handbooks are up-to-date, a summary
listing of the data pages contained in the handbook is usually distributed on an annual basis. This
forces the user to check every page in their handbook to make sure that they have the latest revision.
With an electronic handbook, many of these difficulties are avoided.

The first step in developing an electronic handbook was actually taken two years ago, when a computer
code was developed to assist in the preparation and publication of the approved data pages. Since that
time, as more data pages were developed using this program, the resident files essentially became a
defacto electronic data bank. The next logical step was to medify this data bank into a form that the
user could access, in essence an electronic version of the handbook. Most electronic data bases give the
user a tabular list of properties because it is easier to program and access the electronic data files.
However, in the Fusion Materials Handbook the properties of the various materials are sumnarized in a
graphical format along with supporting text. Therefore. the decision was made not to go to a tabular
format but to take the more difficult route and develop the capability to create an electronic data page
inthe same format that the user would see in the paper version of the handbook.

Once the decision was made regarding format, it was then possible to begin the actual development of
the program architecture. The first step in creating the architecture was to determine how user friendly
the program should be. The standard approach in making a program user friendly is to provide several
menus and force the user to select several options before the actual selection of the data page is
accomplished. The advantage in this approach is that the user does not have to have any knowledge of the
computer or its operating system. The disadvantage is that, iftoo many menus are created, the program
becomes cumbersome and takes too long to run, thus defeating the speed that the computer offers. In
designing the electronic materials handbook, the decision was made to provide menus for use by the first
time user who may not know what material or property he/she is seeking. along with short circuit paths to
avoid the menus for those that know the specific data page that they are seeking. To improve operating
speed, a search loop was created to reduce the search list until it only contains the entries which are to
be cutput.
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When the program is initially started, the search list contains the entire table of contents for the
handbook. During execution of the program, it is only changed through the search loop options. The basic
search options are as follows:

1 Materials search - Selects a material chapter code, a material group code, or a full material code
from a list of available items in the search list. Selection level is a
function of what has been previously selected.

2 Property search - Same as materials search, except that it works on the components of the
property code used in the paper version of the Materials Handbook.

3 Backup option - Expands the search list by undoing a material, property. or environmental
effect search operation at the specified level. For each search mode, you will
be asked to select one of the following levels:

1 Select a new chapter code

2 Select a new group code

3 Select a new item code

4 Leave item code unchanged
For the environmental effect codes, the options are:

1 Change

2 Do not change
Entering 1 for the material search option, 4 for the property option, and 2 for
the environmental effects option will cause the new search list to contain all
entries in the entire data base which give the selected property. The actual
option list the user will see contains only those options relevant to
selections which have already been made.

4 Qutput results - Copies items from the search list to the output list. Actual processing of the

output list occurs when the program exits.

5 EXit option -~ User is given the choice of a normal termination or a quick abort. Upon normal

termination, the output request is processed.

6 Environmental - Limits search list to only those items which have been previously identified
effects code with an environmental effects code and will select from the list of those codes
search available in the current search list.

7 Exoress material = Similar to option 1, except that at least one step is skipped. This allows the
search option selection of a specific material or alloy without previously choosing a

materials chapter or group. Since the list of available materials at this
point i s assumed to be large, the list of available codes is not presented.
This option is recomnended only for users who are familiar with the contents of
the handbook.

8 Express property Equivalent to option 1, except that it works on the property codes rather than
2arch ootj the material code.
9 age - Will prompt directly for an item code. without going through any menus. An
selection - item code without an environmental effect code appended to it is assumed to be

equivalent to one ending in e-0 {i.e., no environmental effect).

Once a search mode has been selected, a menu is then displayed on the terminal listing all codes
available on the current search list along with their definitions. Bfonly one item is available, itis
automatically selected. Otherwise, the user is asked to enter a code from the menu. After the material
and property are selected, the user is asked if he/she would like either the data page, supporting
documentation, or both and §fthe output is to be a hardcopy or for terminal viewing. In the case of a
hardcopy, the files are directed to the printer at the user's site. In automated terminal viewing, the
user i s requested to identify the type of terminal in use and the baud rate. Currently the preferred
terminals for displaying graphic files via the MFE network are the Northstar Advantage or the Tektronix.
1fa terminal emulator is used, the time required to create the display is significantly increased.

International Materials Handbook

The concept of an International Materials Data Base was initially proposed by the Amelinckx Panel, a
Senior Advisory Panel chartered by the 1EA's Fusion Power Coordinating Comnittee (FPCC). In the Advisory
Panel's report to the FPCC. dated December 1986. the Panel recommended that "a mechanism be established to
develop a common data base". Following their recomnendation, the IEA's Executive Comnittee in October
1987 at its Ispra meeting "agreed to the establishment of a Fusion Materials Data Base for Near-Term
Design Applications. implicitly ITER (International Thermonuclear Experimental Reactor),’ as a first step
toward fulfilling the broader recomnendation of the Amelinckx Panel on a comnon data base.

Subsequent to this meeting, members of the Executive Comnittee held a planning meeting in Tokyo on
February 12-13. 1988 to determine the most expeditious approach in developing a materials data base. At
this meeting, it was agreed that, organizationally, the International Materials Data Base would be
patterned after the U.S. Materials Handbook for Fusion Energy Systems, in that there would be a Steering
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Committee to oversee the handbook activities and a coordinator responsible for the day-to-day management
and operation. ltwas also agreed that the US. Handbook Coordinator would also serve as the
International Coordinator. Members identified to serve on the Steering Comnittee were:

D. Smith (ANL, USA)

J. Davis {McDonnell Douglas, USA)
J. Nihoul (NET Team. EC)

S. Iwata (U. Tokyo. Japan)

H. Nakajima (JAERI. Japan)

Coordination of the handbook would be handled by 3, Davis.

At a meeting of the Steering Comnittee during the same time frame, it was agreed to hold a workshop
whose objectives would be to complete the definition and implementation procedures for the creation of the
near-term data base and to recomnend an approach for the creation of a long-term data bank. This workshop
was held in Petten (JRC) on June 8-10. 1988.

The primary objective of the workshop was to recomnend an approach for the creation of an
International Materials Data Base. and determine its format and distribution. For the near-term. the data
base will take the form of an engineering data base consisting of materials data and engineering curves,
comparison of materials data, and recomnendations as to the application of these materials in a fusion
environment. Distributionwill be in both a paper and electronic form, using a central computer system.
Authorized users will be identified by the IEA Executive Comnittee. Information sent to the handbook will
be obtained from either existing data banks resident in the participating countries or developed by
specific task groups. In either instance, task groups will be responsible for evaluating the data prior
to submittal to the coordinator of the handbook. The coordinator will then submit the data pages to a
separate view prior to publication. Participants of this review group will be identified by the Steering
Committee.

Organizationally, the handbook is under the Steering Committee; however, the operation of the handbook
resides with the coordinator, who is responsible for the day-to-day operation of the handbook, including
its format, organization, review of the data pages, and publication and distribution of the approved data
pages which is the same way that the U.S. Fusion Materials Handbook functions.

Support

A specialists' meeting was held at Garching, FRG on August 22-26. 1988 for the purpose of reviewing
the existing materials data base, reviewing the selection of materials for ITER, and to formulate
recomnendations for the development of a common materials property data base for use on ITER. Roughly
45 people participated in this meeting, representing 12 countries. The U.S. Fusion Materials Handbook
provided approximately 40 draft data pages on copper, vanadium, tantalum, and stainless steel along with
recomnendations as to the impact of using molybdenum in a carbon environment.

1t was generally concluded that the ITER study needs the assistance of a materials group on an
interactive basis and that a ITER Design Databook. modeled along the lines of the U.5. Fusion Materials
Handbook. should be developed. This book would provide a uniform set of materials property data for use
on the ITER program but would not have the same fermalized review that currently exists in the U.S.
Handbook.

FUTURE WORK

During the next reporting period, work will continue on expanding the electronic version of the U.S.
Materials Handbook and in developing a format for the International Haterials Handbook. Work on the ITER
program will continue to be on an as-requested basis.



4. FUNDAMENTAL MECHANICAL BEHAVIOR
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TENSILE PROPERTIES OF NEUTRON IRRADIATED A212B PRESSURE VESSEL STEEL = M L. Hamilton and H L. Heinisch
(Pacific Northwest Laboratory)

OBJECTIVE

The objective of this work is to expand the tensile property data base for A2128 and to compare the
behavior of two pressure vessel steels. A2l2B and A302ZB.

SUMMARY

A212B steel is the primary constituent of the pressure vessel of the High Flux Isotope Reactor (HFIR).
Most of the existing data on mechanical properties of this and related steels are for higher temperatures
and damage rates than those to which the HFIR pressure vessel is subjected. Data at 1ower temperatures
and damage rates are, therefore, necessary to estimate the performance of A2126 steel at the conditions
of service. provided that correlations can be developed which are applicable to data obtained at different
temperatures, damage rates and neutron spectra.

To add to the data base for A2126 steel at laer temperatures and over a range of damage rates. miniature
tenslig specimens A2126 were_irradiated at 90% in the Omega West Reactor tCmE). receiving doses of from
9 x 1042 to 9 x 1023 total nm 2 (0.002 to 0.02 dpa) at a damage rate of 5 x 107° dpa s™*. Roan temperature
tensile tests showed more than a 50% increase in yield strength at the highest exposure. When dpa is used
as the exposure parameter, the observed changes in yield strength of A212B are the same as those produced

in A’%O?G» ressure vessel steel irradiated both in R _and with 14 MeV neutrons in RTNS=II. At 90“C,_ A3D|E
shows |t%e sensifwlty to either neutron spectrum ﬁlﬁerences orto Hamage rates ranging from 3 x'103P|

to5 x 1078 dpa s~ Based on the similar behavior of A212B and A3026 in OwR. It appears that one can

assume Hat AZIZ? is similarly insensitive to displacement rate at 1ow temperatures for levels above about
3 x 197+ dpa s™*.

PROGRESS AND STATUS

Introduction
The design of reactor pressure vessels requires conslderatton of radiation-induced changes in the
strength and toughness of the vessel materials. It is essential to demonstrate that the vessel integrity

will be maintained during normal operations as well as during postulated transients. The extrapolation

of existing data bases is used extensively to predict the anticipated changes in behavior of the materials
over the vessel lifetime. Changes in properties are monitored in surveillance programs that yield data

on the irradiation environment and the resultant changes in uniaxial tensile properties and/or Charpy impact
properties.

The body of reference data available at the time of the design of the High Flux Isotope Reactor (HFIR)
in Oak Ridge, Tennessee predicted little or no embrittlement for the low fluences expected in the pressure
vessel of HFIR. In 1986, however, routine testing of Charpy V-notch (C,) surveillance specimens of the

ressure vessel_shell from HFIR {ezealed that a significant increase in the ductile-to-brittletransition
emperature (DBTT) had occurred. 1,

One of the significant findings of the resulting reevaluation of the HFIR vessel integrity was that
the degree of embrittlement observed in ferritic pressure vessel steels was dependent not only on the total
neutron exposure, but on the exposure rate_as well, 112 3 phenanenon recently documented for the first time.
but only in welded pressure vessel steels.” This observation is important because the data bases used to
predict behavioral changes generally include only irradiations of test specimens at accelerated displacement
rates to enable the determination in advance of the degree of embrittlement expected at a given total
exposure.

To make reliable predictions of in-service behavior. it is necessary to develop a correlation between
different neutron environments that takes into account the differences in the neutron spectrum and flux.
The practice of quoting fluences of neutrons having energy greater than a threshold energy {(e.g.,» E> 1
MeV) is an attempt to incorporate sane spectral sensitivity, and works reasonably well when canparing
spectra that are not too dissimilar. Displacements per atom (dpa) has been shown to be a good correlation

factor for the yield strength of alloys in a wider range of neutron environments, {ncorporating the effect
oq‘ a neutron en%rgy—depend%nt 8|saacgment Cross sectlgn or tehe material of mterest.é&p g

The reevaluation of the Integrlty of the HFIR pressure vessel provided an oppoartunity not only to
investigate the impact of displacement rate on embrittlement but also to investigate further the validity
of dpa as a correlation parameter for pressure vessel steels by expanding the range of materials and
irradiation conditions over which tensile data were available. The HFIR vessel integrity study +2
characterized the impact and tensile properties of the ferritic steel A212 grade B (hereafter referred
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to as A212B) following irradiation at about 50°C in two reactors. HFIR and the Oak Ridge Research Reactor
(ORR). Soecimens were located In areas immediately adjacent to the HFIR pressure vessel or lust below

the midplane at the edge of the core in ORR. ;he t1yx 1gvels In the reactor positions where-the irradia-
tions were conducted were roughly 1012 and 1017 n m™¢ s™1 (E > 1 Me¥), respectively.

For the present study. miniature tensile specimens of one of the same heats of material as the A212B in
the HFIR pressure vessel were irrad1§ted a} 90%C in the Omega West Reactor (OWR) in Los Alam g N8H2M€§1CO
at a flux of approximately 27 X 101/ n m~ sl (E > 1 MeV), with a total neutron flux of 1 nm< st
Tensile data were collected and compared to the irradiation-induced changes in yield stress observed in
A3028 Irradiated in OWR and in RTNS-II with 14 Mev neutrons at much lower fluxes.

Experimental Procedure

Miniature tensile specimens were prepared from a full size, unirradiated. Charpy impact Specimen obtained
from the archive stock of the HFIR_A212B surveillance Specimens. The specimen was from heat PO818 and had
the composition given in Table 1. 1 It was in the same final TMT as the HFIR pressure vessel. viz., having
been given a final stress relief of 950°F (510°C) for 51 hours.

Table 1. Chemical Composition (wt. %) of A212813

Element A212B 43028 Element A2128 A320208
Mn 0.85 1.3 Ti 0.01 0.015
§5i 0.29 0.23 AS 0.007 NA
C 0.26 0.24 P 0.006 0.011
Ni 0.20% 0.18 N 0.0060 NA
cu 0.15 0.20 V 0.005 0.001
Cr 0.075 0.11 W <0.005 NA
Al 0.07 0.04 0 0.0024 NA
s 0.4 0.023 ir <0.001 NA
Mo 0.02 0.51 Nb <0.001 NA
sn 0.2 0.037 B <0.0005 NA
co 0.015 NA Fe Bal Bal

*Believed to be high; independent analysis at another laboratory showed 0.09.2

The fracture surface was ground off each half of the Charpy sample, which had been tested on the lower
shelf at -20°%F (-29°C). Slices with a nominal thickness of 0.010 In (0.25 mm) were electrical discharge
machined from the Charpy sample halves. The miniature tensile spgcgmens shown_schematicall¥_in Figure 1
were punched from the slices according to establ ished procedures.?*® The specimens were polished to remove
burrs prior to subsequent use.

Three types of specimens were tested: irradiated specimens. thermally aged control specimens, and
unirradiated and unaged control specimens. Specimens in the first category were irradiated at 90°C in
the Omega West Reactor {OWR), operated by Los Alamos National Laboratory, using the In-Core Reactor Fur-—
nace. Eighteen specimens were Irradiated in three capsules to provide three dose accumulation levels at
the same flux. yielding six Specimens for each combination of dose and irradiation temperature. lIrradiation
of a similar matrix at 290°C was recently completed, although tensile testing has not yet been started.

The thermally aged control specimens were aged in argon at the irradiation tmperature for times
corresponding to the lengths of the irradiations: 13. 59 and 127.5 hours. The unlrradiated and unaged
controls were tested to provide baseline data from which to measure the strength changes induced by
irradiation. Due to the length of elapsed time between specimen fabrication and testing. these controls
were repollshed prior to testing to remove the adherent oxide which had developed. The thermally aged
controls were polished prior to encapsulation in argon and aging. The surfaces of the irradiated specimens
were found to be free of oxidation after Irradiation and were therefore not polished prior to testing.

Specimen temperatures were maintained during irradiation by balancing gamma heating. coolant flow through
the furnace. and resistance heating near the specimens. The specimens were contained In helium-Ffilled
aluminum capsules designed to minimize tmperature gradients caused by nuclear heating. Earlier
calibrations of a prototypic capsule indicated all specimens to be within 10°C of the target temperature.5
Reactor coolant water and helium gas were the coolants used to maintain the 90 and 290°C lrradiation
temperatures. respectively. The resistance heater within the furnace allowed control of tgg tempsratures
to within one degree Centigrade. Accumulated total neutron exposures ranged fran 87 x 104 n m < to 85
x 1043 n m~2, +10%. Corresponding dpa values, determined on the basis of total neutrons. were calculated
using a spectral averaged displacement cross section of 222 b,
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SHEET-TYPE

0.040 in. (1.0 mm) 0.500 in | 127 mm)

0.201 in. (5.1 mm]

i ]2 ~&—— 0.100 in. 125 mm])

0.010 in. 1025 mm})

FIGURE 1. Miniature tensile specimen dimensions.

Tensile tests were conducged at roan temperature in a horizontal tensile frame designed specifically fgr
minfature specimen testing.” All tests were per-for-meg u11:h a free—running cross-head speed of 1.0 x 10~
in ™+, producing an initial strain rate of 40 x 107 s™*. Two specimens of each of the six irradiated
to a given dose ievel at 90°C have been tested. Diamond pyramid hardness measurements were also obtained

on untested specimens using a 500 gram load.
Results

The tensile data are given in Table 2 and yield strength is shown as a function of damage level in Figure
2. lIrradiation at 90°C to an exposure of -0.02 dpa produced more than a 50% increase in yield strength
and a 20% increase in the ultimate strength. The tensile data In Table 2 exhibit excellent reproducability
throughout the range of aging and irradiation doses. Elongation data are included in Table 2 for complete-
ness, but will be discussed only briefly. While the elongation data exhibit the reduction in ductility
which 1s typically expected with increased strength, they should be viewed as trend indications only due
to the tendency of elongation to be on the low side in miniature specimens. The relatively small amount
of scatter present in the elongation data bespeaks good testing technique despite the difficulties discussed
in the next section.

Qiscussion
Data Validity

The yield strength obtained in the current work fran the miniature punched specimens of unirradiated.
unaged material is roughly 30% higher than the value obtaineg gn larger specimens of the same material
which had been fabricated by electrical discharge machining.*?¢ The values of ultimate strength obtained
for the large and small specimens are canparable, however. Both machine calibration and size effects were
eliminated as possible explanations for the observed differences, as was the use of slices cut from tested
Charpy samples. Control tests on 304 stainless steel verified the operation of the test system. while the
presence of at least ten grains across the thinkne;g of the specimen is expected to be sufficient to produce
bulk behavior for yield strength determinations,?* 79 The yield strength of larger specimens fabricated
from the Charpy slices was consistent with the original vendor data on the steel, demonstrating that the
gauge lengths in tlmesf specimens were far enough fran the Charpy fracture surface that there was no hardening
fran the Charpy test.* The apparent source of the discrepancy in yield stress is the unexpected hardening
introduced during punching of the miniature specimens.

Optical metallography revealed that the punching operation introduced more deformation into these
specimens than is typically observed in the fabrication of this type of miniature specimen. Small cracks
were present in the specimens immediately adjacent and parallel to the edges In both the gauge and tab
sections. Transverse metallographic sections of unirradiated specimens revealed sheared zones at the
specimen edges ranging in width from two to five percent of the gauge width. While hardness values in
unpunched sheet and undeformed areas of punched miniature specimens ranged from 155 to 175 DPH, the hardness
in the deformed areas of punched specimens was about 200 DPH.
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Table 2. A212B Tensile Data on Specimens Irradiated at $0°C

Strain rate = 48 x 1074 s71

Change*  Change" in

Time at Yield Ultimate  Uniform Total in Yield Ultimate
Temperature Fluence Strength Strength Elongation Elongation Strength  Strength  Hardness
—4hrd  (dpa)  (nmTd  (MPR) . _(MPa) (%) (%) (MPa)  _(MPa)  _{DPH)
UNIRRADIATED, UNAGED CONTROLS

- - - 430 561 9.8 16.7

- - - 437 571 8.8 144 - =

- - - 418 562 95 133 - -

Average: 428 565 9.4 14.8 - - 155-175

?% - - 420 579 46 8.2 -8 14

13 - - 411 542 6.3 9.2 -17 -23

Average: 416 561 55 8.7 -13 -5

59 - - 423 567 6.2 87 -5 2

59 - - 423 580 5.2 9.6 -5 15

Average: 423 574 5.7 9.2 -5 9

127.5 - - 410 563 6.8 9.6 -18 -2

127.5 - - 445 595 5.8 10.4 17 30
Average: 428 579 6.3 10.0 0 14 174

13 0.0019 8.7E22 501 617 7.9 14.9 73 52

13 0.0019 B,7822 487 602 6.1 13.2 59 37
Average: 494 611 1.0 14.1 66 45 193

58 0.0086 3.9E23 615 663 4.1 85 187 98

58 0.0086 3.,9E33 611 645 26 7.7 183 80
Average : 613 654 34 8.1 185 89 214

1275 0.0189 8,5E23 648 666 1.6 6.1 220 101

1275 0.0189 8.5E23 671 690 1.6 63 243 125
Average: 660 678 1.6 6.2 232 113 225

*Changes calculated relative to the unirradiated condition.
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Figure 2. Roan Temperature tensile data on AZ12B irradiated at 90°C in WR_. Controls were aged

at 909C for times corresponding to dpa levels.

1t appears that the punching operation introduced sufficient hardening into the edges of the specimens
that the aggregate yield strengths were canpranised on an absolute scale. The changes in yield strength
which were observed with irradiation are considered valid, however, particularly since the values of
ultimate strength obtained on the large and small unirradiated specimens are canparable (557 and 565 MPa,
respectively) and are significantly higher than the corresponding yield strength values (35%). 1t is
possible. however. that this argument would not hold if the yield strength continues to increase at the
higher dose levels, since the increase in ultimate strength over yield strength drops from 35% in the
unirradiated condition to 24, 7 and 3% with increasing damage levels.

The validity of the yield stress change data was investigated with Vickers microhardness tests on
irradiated specimens in the interior regions of the specimen end tabs. which were not affected by the
punching operation. Standard microhardness numbers can be related to the flow stress of a material at
sane intermediate level of accumulated plastic strain. In the Vickers microhardness test. for example,
DPH numbers are associated with flow stress at approximately 8% plastic strain.l0 This flow stress is
related to the yield stress by the work hardening behavior of the material. 1t has been argued that if

the work hardening response of a material does not change significantly then changes in the microhardness
o? the material w9|| % proportlonzfl to changes In tﬁe 9|e?dgstress. liy 9

The results of the hardness tests are given in Table 2 and shown in Figure 3, which includes both
hardness and yield strength as a function of damage level. The similarity in the curvature of the hardness
and yield stress data suggests that the strength change data are valid; 1.e., that the observed strength
changes are not an artifact of a yield strength which has been increased through fabrication and
irradiation to the point where the material has run out of work hardening capability.

The hardness data also provide evidence that the damage introduced into the specimens during the punching

operation was not removed during irradiation. The hardness of the control specimen which was aged for

the longest time was essentially identical to the hardness of the unirradiated, unaged material (Table

2), which indicates that thermal exposure at 90°C was not sufficient to relax the fabrication-induced
dislocation structure. The black spot damage known to be introduced during irradiation at temperatures

as low as 90°C is too small to affect the dislocation structure. The data obtained on the changes in
yield strength induced in A212B during frradfation are therefore believed to be valid, despite the fact
that the absolute values of the yield strength appear to have been canpranised.

Comparison to A3028 Data

The changes in yield strength observed in A2Z12B in this experiment are shown as a function of dpa in
Figure 4. Also shown in this figure are tge changes in the yield strength of A302B observed following
irradiations in OWR and RTNS-II at 90°C.4’® Note the excellent agrement between changes observed in

anza_end Pﬁqzs_after irradiation in WR. Irradi?tions in OWR were at a dama%e rate of aboué 5 x 10-8
pa s~U, while irradiations in RTNS-II énvolve arge spatial variation ot neutron flux producing damage

rates ranging fran 3 x 107 to 3 x 107 dpa ™~ (depending on the distance between specimen and source).
up to three orders of magnitude less than in OHR.
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FIGURE 3. Hardness and yield strength of A2126 specimens irradiated at 90°C in OWR.

Two sets of A3028 data fran the RTNS-II experiment are shown in Figure 4, corresponding t o two separate
runs. R-1 and R-2. R-2 was irradiated further f{sn the neut{gn souECe_fgr an order of ma%nitude longer
than R-1; fipxes in R-1 i-gnged' £ran about 3 x 10% to 1 x 104® nm™“ s™*; while fluxes in R-2 ranged fran
about 1 x 1044 to 3 x 1042 nm% s, Thus. within each run the range of fluences was achieved through a
range of flux values. This is in contrastto the OWR in which the flux was identical for all specimens
but the length of irradiation was varied.

The A302B data fran OWR and fran RTNS-11 experinnefg R-2 yere used earlierd to infer that there is no
effect of flux at 90°C in the range fran 104 to 104° n m~ s”1, The R-1 data have been added to support
this conclusion and to extend slightly the flux range of the RTNS-II data. The correlation between GWR
and RTNS-1I data using dpa is very good, showing no apparent effect of differences in damage rate or
neutron spectrum for A302B at 90°C.

While A302B was developed as the successor to A2128 in pressure vessel steel technology. the composition
of A302B (see Table 1) is very simtlar to that of A2126 with respect to those elements now known to cause
embrittlement in uniaxial tensile tests at temperatures at or above about 290°C. The elements most often
considered responsible for the majority of the shift in impact behavior are nickels Cor!fer' and phosphorus.
Nickel does not appear to have a significant_effect in concentrations below about 0.5%. .12 A 2909,
the effect of copper saturates at about 0.2%1%and itis expected that the trend towards lower saturation
levels with decreasing irradiation temperature will continue to lower irradiation temperatures. Phosphorus
appears to play only a minor role in tensile behavior at the levels in which it is present in these two
steels. Thus the nickel. copper and phosphorus levels present in A2126 and A3028 are not expected to
lead to significantly different degrees of uniaxial embrittiement in these two steels. Indeed. it has
also been suggested that compositional v?riations between numerous older steels are not the daninant factor
in the dose dependence of embrittlement.© Very little is known. however, about the effect of composition
on embrittlement at temperatures below 290°C. Based on the similarity of the A2128 and the A3026
compositions and their yield strength change data, one could reasonably expect that the tensile behavior
of A2126 will exhibit a similar insensitivity to damage rate and neutron spectrum under similar conditions.

The relative flux ranges of the various reactors used for tests on pressure vessel steels at low irradia-
tion temperatures are shown in Figure 5. The regions marked for RTNS-II and OWR correspond to data gener—
ated on M%ZB and A3026 in the current study and the previous study of Heinisch, et al. for irradiation
at 90°c.4'% The regions marked for ORR and the HFIR pressure vessel (P¥) correspond to data on A212B
which were generatfd following 50°C irradiation on HFIR surveillance specimens and on similar specimens
irradiated in ORR,1+2
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When correlated on the basis of dpa. A302B specimens irradlated at the hlghest flux (In OWR) exhibited
changes in yield strength that were identical to those observed during irradlation in RTNS-II at fluxes
two to four orders of magnitude laer. AZ2128, the HFIR pressure vessel steel. is expected to exhibit a
similar Flux independence on the basis of the considerations discussed above. However. in tests on A21ZB
Irradiated in ORR and at the HFIR pressure vessel itself,2 where fluxes are up to two orders of magnltude
lower than the lowest flux In RTNS-II, a strong damage rate sensltivlty was found. Thus there appears to
be a threshold displacement rate below which displacement rate influences Irradiation-Induced strength
changes at low temperatures. At higher rates, irradiation-Induced changes can be correlated using dpa as
an exposure parameter over a rather wide range of neutron energles and displacement rates.

A3028 A302B
A2128 A2128 A2128
HFIR PV RTNS-Ui ORA OWR
Log O + ] | | i |
(nfm?/s) C ] [ h gl I
{(E>1 MeV) 12 13 14 15 16 17 18
+————»R-2
R-14¢———»

Same AYS at 90°C

Different AYS at 50°C
=Flux Effect at Low Flux

FIGURE 5. Schematic representation of the dependence of yield strength changes on flux (E > 1 MeV).
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CONCLUSIONS

A2128 and A3028 pressure vessel steels exhibit essentially identical property changes during irradiation
in WR at relatively high displacanent rates canpared to those at reactor pressure veﬁe‘ls. The rgsponse
of A302B has been shown to be insensitive to displacement rate over the range 3 x 107** to 5 x 107° dpa
s~ + at low temperature and it is argued here that A2128 will behave in a similar manner. Based on a
canparison of these and other published results, there appears to be a lower threshold flux below which

the displacement rate is important.
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ON PRECIPITATE DISSOLUTION USING THE CASCADE SLOWING-DOWN THEORY -
S. P.Chou and N. M. Ghoniem (University of California, Los Angeles)

OBJECTIVE

The objective of this work is to extend our cascade slowiag-dowm theory to the evaluation of the pracipitsate dissc-
lution rate, and to illuminate the physical mechanism, which are responsible for the recent experimental observations
of Muroga and cowarkers.

SUMMARY

The disselution parameter for precipitates under irradiation is evaluated using the cascade slowing-down theory.
By wsing a diffusion leagth calculated for average recoils in a cellisian cascade and by including electronic stopping in
the theory, the resultsfrom the cascade slowingdown theory are in reasonable agreement with the resultsby Muroga,
Kitajima, and Ishino, Also, the results are consistent with the experimental observation by Sekimura, et al.

PROGRESS AND STATUS
1. Introduction

The effects of irradiation dissolution on the stability of precipitates are important for the perfarmanes of nuclear
materials. Wilkes 1] investigated the atability of precipitates subjected to dissolution using the bubble resolution
model developed by Hudson and others (2,3] for the treatment of fission gases in uranium fuels. Using the Monte Carlo
method, Chou and Ghoniem [4]} demonstrated that dissolution of precipitates by energetic colligen cascade is possible.
Chou and Ghoniem [5] then developed a cascade diffusionslowing-down theory which yields theoretical dissolution
parametera. Sekimura, et al. [8] conducted experiments by irradiating precipitates with energetic ion beams. The
results fromthose experiments indicate that the dissolution parameter in considerably smaller than that predicted
by the Chou-Ghoniem model. Muroga, Kitajima, and Ishine (MKI)[T} incorporated the Monte Carlo ion franspott
calculation with the Gelles and Garner ion range distribution model {8] to obtain apparently smaller precipitate
dissolution parametsrs than those inferred from the cascade slowing-down theory.

The purpose of this paper is to show that, by relaxing the assurmptions used in the cascade slowing-down theory,
good agreements between the results of the MKI model and the Chou-Ghoniem cascade slowing-down theory are
obtained. Furthermore, the results are also consistent with recent experimental observations by Sekimura, et al. j8l.
A brief outline of the Chou-Ghoniem cascade slowingdown theory and the MK1 model are given in the next section.
This is fallowed by an analysis of the average recoil dissolution rate in sect. 3. It will be shown that when the average
recoil nuclear stopping is considered, the cascade slowing-down theory is consistent with the MKI model znd with
experimental observations.

2. Theoretical Background

2.1. Cascade slowing-down theory

The cascade diffusion slowing-down equation solved by Chou and Ghoniem taken the form [5]:
_DV'e+E, = [W dE'S,(E' — E)3(r, E)
0
d @
+@ + [S,S? i (1)

where $(E) is the recoil flux at energy E, @ is the displacement rate, D is the diffusion coefficient, Zr is the totd
interaction croas section, £,(& — E) is the differential scattering ¢ross section from energies £ to E,and S(E)} is
the electronic stopping.

To develop analytical solutions of Eq. {1}, a number of physically reasonable assumptions were employed. It #s
assumned that scattering is represented by hard-sphere collisions, that the interaction cross section is independent of
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energy, and that electronic stopping is negligible. Using these assumptions, Chou and Ghoniem utilized a Neumann's
series expansion of the flux to produce analytical sclutions for the dissolution rate. It was found that the dissolution
parameter (dissolution rate to displacement damage-rate ratio) can asymptotically be expressed as:

L
b o~ 1 N TpSﬁ y (2)
E L
= Var, "Pzﬁ s (3)
P

where r, is the radius ofthe precipitate and LIS a characteristic diffusionlength. The diffusion length can be estimated
form the projected range of cascade recoils, In this note, we will estimate the approximate value of L for average
recoils such that Eqs. (2) and (3) can be directly compared to experiments and the MKI model. The projected range
and the diffusicn length are related by:

R*=¢L? | (4)
where £ is the average number ofcollisions for & recoil with energy E to be slowed down to the displacement energy,
E4. For like atoms with hard-sphere collisions, the average energy ioss for each collision is half of the incident atom
energy. Accordingly,

tn(E/Eq) ] (5)

$= )
The relationship between the recoil projected range R and its energy E obtained by the TRIPOS calculations [4] can
he approximated by
R(nm) = A|E(keV))* , (6)
where A and n are fitting constants, For iron atom in iron, A = 0.53 and n = 0.911. Also from the cascade
slowing-down theory, the flux spectrum of cascades in an infinite medium has the form:

298,
LE;

where Eq is the energy of the primary knock-on atoms or the cascades.

2By =T+ a5 - B )

2.2. The MKI mede
The MKI model (8] describes the dissolution parameter for a recoil in a collision cascade as
b =1, r, $05R , (8)
12X - X3
— % rp 2058 , 9
where r, is the precipitate radius, R is the recoil range, and
x=R (10)
Tp

In order to evaluate the average dissolution parameter for a complete cascade, MKI use the Monte Carlo ion
transport method to evaluate the range distribution for a cascade. The average dissolution parameter can then be
obtained by integrating the individual dissolution parameter and the recoil distribution over the whole recoil energy
distribution range.

3. Analysis of Average Recoil Dissolution Rate

The dissolution of a precipitate by collision cascades results from the interaction with the recoils, particularly the
higher order recoils generated in the precipitate. As such, those recoil atoms with enough energy to transport through
the precipitate are dissoluted in the matrix. Furthermore, Lindhard's theory {8,10] indicates that none, or only a small
fraction, of the PKA energy is consumed in electronic stopping for low-energy collision cascades. Also,the amount of
nuclear stopping energy saturates at high PKA energies.
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In this regard, the energy available for zaszade generation i the nuclear stopping energy instead of the primary
knock-on energy. The nuclear stopping energy for s PKA with an energy Ee is given by

E=1 +o.13(3.4e°-53+ 0407 T¢) (11)

where the reduced energy e in given as
e= zz_f;/_a , (12)

and the Debye screening length, a, is
a=omt (18)

and ag is the Bohr radius (0.053 nm), e is the electron charge, and Z is the aternic number of the recoils.
The average recoil range is obtained as

_ [ R(E)®(E)dE
S CCro i

@ (E )is the recoil flux derived by Chou and Ghoniem |5 as given in Eq. (7). Likewise, the average number of collisions
for precipitate recoils has the form:

; _ [JE(E)®(E)E

$ = @) [BENE (15)
_ B Eu B
S mOeR-E) B TME! (16)

The value for € is in a range of 1.30 to 1.45 for PKA energies of 1 keV to 10 MeV. Using the concept in the random

wdk theory, the diffusion length for an average recoil can be related to the average recoil range as: L — R/\/g.
The current application of the cascade diffusion theory to average recoils uses barred L and R instead of the

originally defined L and R [5]. The average precipitate dis-solution parameter has the form:

b= 1 r, <OA48R | (17)

0.48R
rs , rp > 048R (18)
r

o~

The coefficient0.48 in the above equations is for .
high energy cascades. For low energy cascade, it is t [OMKIlnm  —CGlam
abut 050. Generally speaking, the coefficient is not 9 MKl 10 om  —--CG 10 nm
a sensitive function of the PKA energy. Asymptoti-
cally, the cascade slowing-down formula is very sim-
ilar to the MKI formula for average cascade recoils.

RESOLUTION PARAMETER

However ,for very large precipitates, the MKI fermula N o )
predicts a 50% higher cascade dissolution rate. Fig. 103 e T )

1 shows a comparison of the dissolution parameters

between MKI and cascade slowing-down mocels. The

cascade slowing-dawn results are smaller by leas than 1073 —
afactor of 2.0. This is attributed to the differences in L 1o 100
the coefficient of the dissolution parameter and the PKA ENERGY {keV)

recoil spectrum. The average recoil dissclution pa-

rameter in the present work is consistent with the

experimental results by Sekimura, et al. [6] where Fig. 1 A comparison of the dissalution parametera
precipitate dissolution was found not to be significant between MKI model and CG cascade slowing-dawn

under their experimental conditions. model for precipitates with sizes of 1 nm and 10am,
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4. Conclusions

This work incorporates the concepts of the nuclear damage energy and the average recoil diffusionlength in the
cascade slowing-down theory. This relaxesthe assumption of neglecting the electronic stopping in the original cascade
slowingdown work. Also, adoption of an average recoil diffusionlength decreases the characteristic diffusion length
for a cascade. These allow the cascade slowing-down theory to yield precipitate dissolution parametzes which are
more consistent with experimental observations on high energy collision cascades. Also, the calculated precipitate
dissclution parameter is found to be within 50% of the results of Muroga, Kitajima, and Ishino.
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FUTURE WORK
This analytical approach has reached reasenable maturity, and we therefore are not planning to pursue further

development along these lines. However, detailed molecular dynamics simulations may still be necessary to shed light
on the energy and position distributions of disoluted atom from precipitates
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EFFECTS OF PREINJECTED HELIUM IN HEAVY-ION IRRADIATED NICKEL AND NICKEL-COPPER ALLOYS = LM  Wang, RA
Dodd, GL Kulcinski (University of Wisconsin) and SJ. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this study is to determine if preinjected helium will promote void formation in Ni-Cu
alloys during heavy ion irradiation.

SUMMARY

Pure nickel and two nickel-copper alloys (Ni-10 at% Qu and Ni-50 at.% Cu) both containing 50 appm
preinjected helium have been irradiated with 14 MV nickel ions at a constant homologous temperature of
045 T,. The radiation-induced crystal defects have been analyzed by TEM with samples prepared in cross-
section. In the helium preinjected region of the pure nickel specimen, a substantial density of voids with
an average diameter of 35 m was observed. The nickel-copper alloys were found to contain a high density of
small helium bubbles (under 5 i in diameter) and dislocation loops. The density of both dislocation loops
and helium bubbles increases with the increasing copper content, and the size decreases with increasing
copper content. The observed resistance of the nickel-copper alloys to void formation regardless of the
presence of helium bubbles, is considered to be the result of local clustering of like atoms.

PROGRESS AND STATUS

Introduction

Radiation induced void swelling is one of the serious material problems to be solved for proposed
fusion reactors.” To better understand the mechanisms controlling the void formation process. pure metals
and simple alloys are often chosen for radiation damage studies although they are unlikely to be used as
fusion reactor materials. Ni-Cu alloys have been shown to be very resistant to void swelling under
neutron,? ion37% and electron’ irradiations in the past decade. Such an observation is very significant
because the alloy system form a complete solid solution over the entire composition range and voids can
easily be produced in both pure nickel and copper in the presence of certain gas atoms. Heliumis a
transmutation product in fusion reactor materials due to {n,a} reactions and it is also known as a void
nucleation agent. Zinkle et al.8 injected 200 appm helium into nickel, copper and three Ni-Cu alloys at a
homologous temperature of 0.65 Ty, and found nothing anomalous concerning helium bubble growth in the alloys
which would explain the suppression of void swelling. Other than the above study, the effect of helium in
Ni-Cu alloys has not been carefully investigated, even though some of the previously irradiated samples
contain a certain amount of helium,2”3 In this study, we have investigated the effects of preinjected
helium in 14 MV nickel-ion-irradiated Ni-10 at.% Qu and Ni-50 at.% Cu. A heavy ion irradiated pure nickel
specimen with helium preinjection is included in the study for the purpose of comparison.

Experimental

The pure nickel specimen used in this study came from a degassed Marz grade (99.995 wt.% pure) sheet
which contains 75 appn oxygen. Our previous results showed that at this residual oxygen level, the effect
of preinjected helium on void formation is more pronounced than in the as-received foil which contains
180 appn oxygen.? This is because oxygen is also found to be a void stabilizer.3~10 Two Ni-Cu alloys,
Ni-10Cu (at.%) and Ni-50Cu were fabricated from Marz grade Ni and Qu (99.999 wt.% pure) by arc melting
followed by a homogeneity treatment in flowing argon at 1000°C for 24 hours. Vacuum fusion analyses
performed by Los Alamos National Laboratory indicated that the oxygen content in the alloys was about
100 appm. The ingots of the alloys were cold rolled with intermittent annealing in flowing argon at 800°C
to 0.5 mm thick foils, which were then mechanically polished with 0.05 um alumina abrasive.

Helium ions with energies between 200-400 keV were injected into the two Ni-Cu alloy samples at Osk
Ridge National Laboratory and the pure nickel specimen was injected earlier with 200-700 keV helium using
the University of Wisconsin 700 kV Accelerator Facility. The helium injections were all performed at
ambient temperature and with the dose which gave an average concentration of 50 appm in the injected region.

The samples containing injected helium were then irradiated ﬂth 51 MEV Ni3* ions at the University
of Wisconsin Heavy lon Irradiation Facility with a flux of = 3x10"° Ni°"/m®s at the constant homologous
temperature, T/Tp = 045, i.e. 500°C, 485°C and 425°C for pure nickel, Mi-10Cu and Ni-50Cu respectively.
The reason for cnoosing this homologous temperature for irradiation is that voids are known to form only
in the temperature range of 0.3-06 Ty. At lower temperatures, vacancies are not mobile enough to move
together to form voids and most of them will recombine with a mobile interstitial atom. When the temper-
ature is higher than 06 Tg, the equilibrium vacancy concentration is very high, which makes the vacancy
supersaturation insufficient for void nucleation and growth. The irradiation fluences were decided
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Fig. 1 Displacement damage (by 14 M&V Ni ions) and injected ion distributions (14 M/ Ni ions and
200-700 keV He ions) in pure Ni calculated by using the Monte Carlo code, TAMIX."*"
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Fig. 2. Displacement damage (by 14 MeV Ni ions) and injected ion distributions (14 MeV Ni ions and
200-400 ke¥ H ions) in Ni-50Cu calculated by using the Monte Carlo code, TAMIX."*

according to Monte Carlo calculations by the TAMIX code."® The pure nickel specimen received 3 dpa at the
depth of 1 um, while the Ni-Cu alloy samples received 5 dpa at the same depth. The calculated displacement
damage (by 14 MeV nickel ions) and the injected ion distributions (14 MgV nickel ions and helium ions with
the energy range used during preinjection) in pure nickel and Ni-50Cu are shown in Fig. 1and Fig. 2
respectively.. It is fortunate that the preinjected helium range is separated from the injected nickel ion
range so that their effects can be separated. The appm helium/dpa ratio in the helium injected re?ion of
this study is around 10 to 15, which is close to the ratio for potential fusion reactor materials.

After irradiation, the samples were prepared into cross-section TEM specimens, so that the entire ion
damage range could be studied. TEM observation was performed with a JEOL TEMSCAN-Z0OCX electron microscope

with attention mainly focused at the helium injected region.
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Results

Figures 3 (A), {B) and (C) are the cross-sectional TEM micrographs showing the entire ion damaged range
in the three irradiated samples. During preparation of the cross-section TEM specimens, the original
surface of irradiation has been electroplated with nickel, so it becomes an interface in the micrograph.

It should be mentioned that a surface layer of up to 0.3 um thick was removed from the original surface
before electroplating to insure good bonding at the interface. Therefore, the actual depth from the
irradiated surface is about 03 um more than the depth marked in the cross-sectional micrographs. The
micrographs in Fig. 4 were taken at a higher magnification from each specimen at the actual depth of
0.6-1.0 um, where the preinjected helium is present.

The defect structures in the three irradiated materials are distinctly different. In the irradiated
pure nickel, the most obvious defect clusters are voids, although some prismatic dislocation loops are also
present. Comparing the result reported earlier3 on the nickel containing the same amount of residual oxygen
but without helium preinjection, it appears that the relatively high density of voids in the first 1.5 um of
the nickel specimen shown in Fig. 3{A) is due to the presence of preinjected helium in that region.

In the two irradiated Ni-Cu alloy samples, dislocation loops constitute the major defect cluster. The
loop density increased dramatically— with the copper content, while the loop size decreased concomitantly.
Perfect loops on {111} planes with b = a/2<110> and Frank loops enclosing a stacking fault with b = a/3<111>
are both identified in Ni-10Cu, but only perfect loops have been identified in Ni-50Cu. The density and
size distribution of the loops are almost the same as the result of a previous study® on irradiated Ni-Cu
alloys with 5 MV oxygen ion preinjection. Since the 5 MeV oxygen was implanted deeper in the samples, the
similarity in the loop distribution means that the preinjected helium did not have the power to alter the
defect characteristics in the alloys under our experimental conditions. However, when dislocations are
tilted out of contrast, e.g. the specimen is tilted away from the strong diffracting orientation, small
bubbles with diameters less than 5 rm are observed at the helium injected depth in both Ni-10Cu and Ni-50Cu
as shown in Fig. 5 The density of the helium bubbles in Ni-50Cu is an order of magnitude higher than that
in Ni-10Cu, and the bubble size is larger in the latter. When comparing the size of the bubbles in the
Ni-Cu alloys with the size of voids in pure nickel as shown in Fig. 5{A), please note that Figs. 5(B) and
5(C) have a much higher magnification.

Table 1 summarizes the defect characteristics in the helium injected region of the three materials
irradiated in,this study. The volume swelling in the helium preinjected region of the nickel specimen is
about 3,5x107°, while the swelling due to the formation of small bubbles in the Ni-Cu alloys is estimated
to be at least one order of magnitude lower, even though the Ni-Cu samples were irradiated to a higher
displacement damage level.

Discussion

The formation of helium bubbles in the Ni-Cu alloys is expected, because there are theoretical and
experimental indications that helium tends to undergo spontaneous precipitation when implanted in metals,
including the void resistant Ni-Cu alloys.® The interesting point of our results is that the resistance
to void swelling of the Ni-Cu alloys is maintained even in the presence of small helium bubbles during
irradiation. A simple calculation based on the ideal gas law and the assumption of equilibrium bubble
pressure indicated that some vacancies must be trapped in the helium bubbles to achieve the bubble volume
observed in this study. Nevertheless, the majority of the excess vacancies which survived recombination
apparently did not go to the bubbles to cause growth into larger voids. Instead, they form dislocation

Table 1. Defect characteristics* in 50 appm helium preinjected Ni and
Ni-Cu alloys following 14 MV Ni ion irradiation.

Irradiation Dislocation Loop Helium Bubble (or Void)

Material dpa Temperature density average size deng%ty average size
(°C) {m= ) {nm) (m™) (nm)

N 3 500 1x1020 153 1.5x1020 35 (void)
Ni-10Cu 5 405 1x1021 215 3.0x1021 35
Ni-50Cu 5 425 7x10°1 65 3.0x1022 23

'‘Defect parameters in the table are measured from the region about 1 m below the irradiated surface.
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Depth @um)

4 Interface

Fig. 3 Cross-sectional TEM micrographs showing the entire ion damaged region in 14 MV Ni ion
irradiated (A) pure Ni (3 dpa at 1um, 500°C), (B} Ni-10Cu (5 dpa at 1um, 485°C) and (C) Ni-50Cu (5 dpa at
1um, 425°C). 50 appm He (200-700 keV¥ for pure Ni, 200-400 keV for the alloys) was preinjected at ambient
temperature before Ni ion irradiation.
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Fig. 4 TEM micrographs showing the comparison of major defect clusters in 14 Me¥ Ni ion irradiated
(A) pure Ni, (B) Ni-10Cu and (C) Ni-50Cu, all with 50 appn He §>reinjection. The micrographs were taken from
the region of 0.6-1 um below the irradiated surface (g = [200]

L]

Fig. § Low contrast TEM micrographs showing the comparison of the effect of preinjected He in 14 MeV
Ni ion irradiated (A) pure Ni, (B) Ni-1QCu and (C) Nf-50Cu. The micrographs were taken from the regfon of
0.6-1 um below the irradiated surface.
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loops just as ifthere is no heliun available to help void nucleation. It is thought that this phenomenon

can be explained by the mechanism first proposed by Mazey and Menzinger® in 1973. namely that local cluster-
ing of like atoms might provide traps for vacancies and gas atoms in the Ni-Cu alloys. The mechanism has
also been discussed in a recent publication® and it is extended here.

In a binary solid solution composed of elements A and B, local clustering is defined in terms of a
reduced number of unlike nearest neighbors, or AB pairs, than the number in a random solution.12 The
essential condition for that to happen is that similar atoms must attract each other more than dissimilar
atoms in order to lower the free energy upon clustering, although the interaction is not strong enough for
precipitation. In terms of interaction energies between pairs of atoms of the two atomic species, this
condition can be exEressed as Epg > 1/2 (EpptEpg).12213 When the above condition is met, the short range
order parameter ay!* should be greater titan zere. }2:1% vrijen and Radelaar,15 in 1978, systematically
studied the short range order parameters for the Ni-Cu system using diffuse neutron scattering. Their
results faomn the alloys quenched at 450°C. along with some of the measurements made by Aldred et al.
in 1973'6 and Medina et al. in 1977,*7 are plotted in Fig. 6 The data indicated not only that local
clustering does occur in the Ni-Cu alloys but also that the tendency for clustering IS higher in a more

concentrated Ni-Cu solid solution than in a dilute solution.

The boundaries of fine clusters of like atoms in the alloy tend to trap vacancies and gas atoms to
reduce the relatively high bonding energy and strain energy. When an abundance of this kind of trap is
available, vacancy supersaturation can not be achieved fast enough at each site for vacancy clusters to grow
beyond the critical size of the void embryo before collapsing into dislocation loops. For the same reason,
helium bubbles cannot draw enough vacancies to grow into larger voids. Since Ni-50Cu contains more such
fine scale clusters. gas atoms and vacancies are distributed among more traps than in the case of Ni-10Cu;
therefore, a smaller size and higher density of bubbles and dislocation loops result. The tendency for
clustering also increases with decreasing temperaturel® and during trradiation,!® so that the higher density
of bubbles observed in this study versus the relativelg low density and alloy composition independent dis-
tribution of helium bubbles observed by Zinkle et al.,® after injecting helium at 065 Ty without further

irradiation, can also be understood.

CONCLUSIONS

Preinjection of 50 appm helium into Ni-10Cu and Ni-50Cu has little effect on promoting void formation
by irradiation with 14 MV nickel ions to 5 dpa, while preinjection of 50 appn helium results in copious
voids in pure nickel by irradiation to 3 dpa at the same homologous temperature of 045 Ty
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Most excess vacancies precipitate into dislocation loops in irradiated Ni-Cu alloys regardless of the
presence of small helium bubbles. The density of both dislocation loops and heliun bubbles increases with
increasing copper content, and the size decreases with increasing copper content.

The special swelling resistance of Ni-Cu alloys is considered to be the result of local clustering of
like atoms.

ACKNOWLEDGEVENTS
The authors wish to thank S Han for performing the Mente Carlo calculation using his TAMIX code to
predict the ion range and the displacement damage distribution. This work has been supported by the U.5.
Department of Energy, Office of Fusion Energy.
REFERENCES
GL Kulcinski: Contemp, Phys. 1979, Vol. 20. pp. 417-447.
JL  Brimhall and HE Kissinger: Radiat. Eff. 1972, Vol. 15 , pp. 259-272.

1
2
3 DJ Mazey and F. Menzinger: J. Nucl. Mater., 1973, Vol. 48, pp. 15-20.
4 K-H. Leister: Ph.D. Thesis, Kernforschungszentrum Karlsruhe. 1983.

5

P. Dauben and RP. Wahi: Progress Report No. 2 (1981-1984). Reports of Hahn-Meitner-Institute.
1984.

IM Wang, RA Dodd and GL Kulcinski: J. Nucl. Mater.,, 1988. Vol. 155-157, pp. 1241-1248.

o

~

P Barlow: Ph.D. Thesis, University of Sussex, 1977.

8. Sl Zinkle, RA  Oodd, GL Kulcinski and K Farrell: J. Nucl. Mater., 1983. Vol. 117, pp. 213-

217.
9 LM Wang, RA Dodd. GL Kulcinski, J« Nucl. Mater., 1986, Vol. 141-143, pp. 713-717.

10, LE Seitzman, M Wang, GL Kulcinski and RA  Oodd: J. Nucl. Mater, 1986. Vol. 141-143, pp.
738-742.

11 S Han and GL Kulcinski: Fusion Reactor Materials, 1987, DOE/ER-0313/2, pp. 105-109.

12 W Hibbard, Jr.: in Strengthening Mechanisms in Solid, American Society for Metals, Metals
Park, OH 1962, Ch 1, p. 24

13. TB. Massal: in Physical Metallurgy. RN Cahn and P. Haasen, eds. Elsevier Science Publishers
B.V.,1983, Ch 4 p. 213

14. RA  Swalin: Thermodynamics of Solids, John Wiley & Sons, New York, NY, 1972. p. 149.

15. J. Vrijen and S Radelaar: Physical Review B, 1978, Vol. 17. pp. 409-421.

16. AT Aldred, BD Rainford. TJ. Hicks and J.S. Kouvel: Physical Review B, 1973, Vol. 7, pp. 218~

229.
17. RA Medina and M. Cable, Physical Review B, 1977, Vol. 15 pp. 1539-1551.

18. R Poerschke and H Wollenberger: Radiat. Eff.. 1980, Vol. 49, pp. 225-232.



55

RADIATION DAMAGE AND COPPER DISTRIBUTION IN 14 MEV COPPER ION IMPLANTED NICKEL - TEM AND AEM ANALYSES IN
CROSS SECTION = L M Wang, R. A Dodd and G L Kulcinski (University of Wisconsin-Madison)

OBJECTIVE

To study the effect of a small concentration of implanted .Cu on void formation in Ni.

SUMMARY

14 MeV Qu ions have been implanted into a pure Nt specimen at 500°C to a dose of 6 x 1020 1ons/m2. TEM
and AEM analyses were performed in cross section to investigate the effect of implanted Qu on the formation
of defect clusters. The TBM result has been compared with that obtained in another Ni specimen which was
irradiated with 14 M/ Ni ions to the same damage level at the same temperature. While voids formed
throughout the entire damage range in the Ni ion frradiated sample, they mainly appeared at the near surface
region and at the peak damage depth in the Qu ion implanted specimen. A high density of dislocation loops
formed in the region where implanted Cu 1ons were detected by AEM. The AEM result of the implanted Qu
concentration profile has been compared with a Monte Carlo calculation.

PROGRESS AND STATUS
Introduction

Materials in future #-T fusion reactors will be subject to intense displacement damage from high energy
fusion neutrons. The excess vacancy and interstitial concentrations produced by irradiation will result in
the formation of voids and/er dislocation loops that will greatly alter the material performance. Heavy ion
irradiation, which can give a displacement rate several orders higher than that presently available in
neutron irradiations. has proven to be a very useful tool in the study of radiation induced defect cluster
formation for fusion reactor material research [1].

Previous studies have revealed that Ni-Cu alloys are very resistant to void formation [2-7], although
voids do form readily in both pure Ni and pure Cu In the present study, the effect of a small concentra-
tion of implanted Qu on void formation has been studied by performing both transmission electron microscopy
(TEM} and analytical electron microscopy (AEM) on a 14 M/ Qu ion implanted (irradiated) Ni cross section
specimen. Since both the displacement damage and the Qu concentration resulting from the Qu ion implanta-
tion are depth dependent, TEM and AEM analyses in cross section permit a direct correlation of the micro-
structural and microchemical evolutions for the entire damage range within the same specimen.

Experimental Procedure

Marz grade (99.995 wt.% pure) Ni foil from the Material Research Corporation was used in this study.
Two foils with 1 x 05 X 0025 an dimensions were mechanically pglished with 005 um alumina abrasive. They
were first heated at 1000°C in flowing dry,hydrogen for 42 _x 10" s to reduce the oxygen content, and then
annealed at 150°C in a vacuum of 66 x 107 Pa for 18 x 103 s to remove residual hydrogen since 1t has been
shown that both oxygen and hydrogen greatly promote void formation in Ni [8-10]. Analyses performed by
the Los Alamos National Laboratory indicated that the oxygen content in the Ni foil was reduced from Elle
original }go appm to 75 appm after such treatment. The samples were irradiated with either 14 MV Qu™" or
14 MV Ni ions ,t the University of Wisconsin Heavy-lon Irradiation Facility at 500°C with a dose rate of
15 x 10 6 1ons/m5 s. Since Qu and Nt ions have slightly different energy deposition characteristics,
different ion fluences are required to reach theoﬁame dpa £d15p1acement per atom) level. The sample irradi-
ated with Qu ions rece ﬁed a to%an dose of 6 x 1 jons/m* and that irradiated with Ni ions received a
total dose of 65 x ions/mc , so that the damage level at 1 um depth equals 25 dpa {~ 75 dpa at peak
damage depth) in both samples according to the Monte Carlo calculations performed using the TAMIX code [11].
The depth profiles ofzﬂisphce?ent damage and ion concentration, calculated for 14 M/ Qu ion irradiated Ni
at the ion dose of 10 fens/m“ , are shown in Figure 1

After irradiation, the samples were electroplated with Ni on both sides and prepared in cross section
for TEM and AEM analyses. The details of the sample preparation procedure have been reported earlier
{12,13], The cross sectioned samples were then examined in a JEM 200CX II TEMSCAN microscope operating at
200 keV, The radiation induced defect clusters in both samples were observed in TEM mode. The implanted Cu
concentration in the Qu ion irradiated sample was studied by AEM in STEM mode with a beam spot size of < 20
mm using a TN-2000 energy dispersive X-ray spectroscopy (EDXS) system. During the AEM analysis, a series of
points lying on a line normal to the interface between the plated and the irradiated Ni, i.e. parallel to
the direction of incident ions and covering the entire damage range, was analyzed to provide the depth
profile of the implanted Qu concentration. To prevent the interference of Cu signals from the brass sample
holder, a graphite holder was used during the AEM study; this appeared to be very effective.
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Fig. 1 Depth profiles of displacement damage and implanted ion concentration in the 14 MeV QU ion
irradiated Ni, calculated by a Monte Carlo code, the TAMIX (1000 histories).
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Fig. 2 TEM cross-section micrograph showing void distribution in 14 MeV K ion irradiated Ni. Since
about Q3 pm was removed from the original surface, the actual depth from the irradiated surface should be
the depth from the interface plus 03 wum.
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RESULTS AND OISCUSSION

TEM Observations

While voids were the only significant defect clusters observed in the Ni ion irradiated specimen, and
they formed throughout the entire damage range, both voids and high densities of dislocation looos were seen
inthe Qu ion irradiated specimen. These voids were mainlv lacated in a region near the surface and in
another region that was about 275 to 3 wm from the irradiated surface. The TEM cross section micrographs
for the entire damage region of the two specimens are shown in Figure 2 and Figure 3, respectively. It
should be noted that a surface layer = 03 uwm thick was removed before Ni olatina in the orocess of cross
section sample preparation to assure good bonding at the interface, so the'actuai depth from the original
irradiated surface is ~ 03 wm deeper than the depth from the interface indicated in the two cross section
micrographs.

The density and average diameter of the voids and swelling in both samples, as well as the dislocation
loop density in the Cu ion irradiated specimen, have been plotted against the depth from the irradiated sur-
face (the = 03 wum removed layer was added), and they are shown in Figure 4 To reduce the uncertainties in
the swelling calculation, the morphology of voids was studied by viewing them with the electron beam close
to several main zone axes. as shown in Figure 5 The voids in both samples were determined to be bounded by

100 and 111 faces (cubic truncated by octahedra), with truncation parameters [14] between 05 and 06.
The void dimensions in the <110> direction and the appropriate volume factor [14] were used in the deter-
mination of void volume. The average diameter reported in Figure &4{b) is the diameter of the sphere which
has the equivalent volume as the average void volume. The dislocation loops observed in the Qu ion irradi-
ated specimen are mostly perfect loops with the Burgers vector of a/2 <110>. Figure 6 shows the typical
dislocation loop images at various depths in the Qu ion irradiated sample. At both the surface and at the
end of damage range. some large loops {~ 50 m in diameter) were observed. In between, a high density of
smaller loops (< 10 nm} was found. The analvsis of the interstitial/vacancy nature of the dislocation loops
has only been performed on some of the larger loops (> 50 nm) using the technique outline by Edington [15].
Both interstitial and vacancy loops have been identified.

_ Depth (um)
< Interface

Fig. 3 TEM cross-section micrograph showing void and dislocation loop distribution in 14 M Qu ion
irradiated Ni. Since about 03 u was removed from the original surface, the actual depth from the
irradiated surface should be the depth from the interface plus 0.3 um.
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Fig. 4. Comparison of (a) void density, (b) average void diameter, (c) swelling versus depth fom the
irradiated surface curves for Cu and Ni ion irradiated Ni, and (d) dislocation loop density distribution in
Cu ion irradiated Ni.

From Figure 4, it is very clear that there is a void suppression region, which extends from the depth
of 1 ym to the depth of about 3 um, in the Cu ion irradiated specimen. Also in that region, high densities
of dislocation loops are formed. The void density and swelling peak at the depth of 3 um for the same
sample is believed to be the correspondent of the peak damage region, where the point defect production rate
has a sharp increase. One may notice that compared to the Monte Carlo calculation, the observed damage peak
location was much deeper below the surface. Similar discrepancies have been noted for a long time in the
cross section studies of 14 MeV heavy ion irradiated materials [10,12,16]; the most common explanation is
that the electronic stopping data used for the range calculation is usua]ly too high c10.123.

AEM Analyses

Because the implanted Cu content is very low and the Cu K, (8.04 keV) and the Ni Kz (8.26 keV) are
close to each other, great care must be taken to distinguish CU in AEM compositional studles To detect the
small Cu K, signal which may be hidden beneath the Ni K; peak, two regions of interest were selected, one
covering the energy range between 7.9 and 8.4 keV (both Ni Kg and Cu K, are included) and the other only
covers the Ni K  peak. The counting on each point was continued untﬂ a constant height (4096 CountS? for
the Ni K, peak fad been reached. The ratio of the two peak integrals (Cu Ko + Ni Kg divided by Ni K
then calculated and plotted against the depth. Finally, the curve was normalized to Cu concentration versus
depth by fitting the total number of implanted Cu ions, which is known from the beam current during irradia-
tion, into the area underneath the peak integral ratio curve. That normalized Cu concentration versus depth
curve is shown in Figure 7 along with the Cu distribution curve calculated by the Monte Carlo method for the
irradiation dose. To determine the height of the error bar, the measurement at several depths was repeated
three times. Although the scattering of the data is re]atively large, the increase of the Cu signal in the
region 1.5 to 2,75 um below the implanted surface is distinct. Comparing Figure 7 wi'th Figure 4 (a). {¢)
and (d), it is quite clear that the implanted Cu suppressed void formation and promoted dislocation loop
formation.
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Fig. 5. The morphology of voids in 14 MeV Cu jon irradiated Ni. (a) B = [001], (b) B = [103], (c)
B = [101] and (d) B = [011]. The voids shown in (a), (b), (c) and (d) are the same group located near the
interface.

Several mechanisms have been proposed in the literature [2,3] to explain the void resistance in Ni-Cu
alloys. The most plausible one seems to be the trapping of vacancies and interstitials at the boundaries of
fine scaled clusters having compositions different from the matrix [7], because the clustering in the Ni-Cu
alloys has been suggested both by experimental results and by thermodynamic considerations. The traps pro-
vided by clustering can operate as nucleation sites for vacancy clusters. When a relatively high density of
this kind of trap is present, the arrival rate of irradiation produced vacancies at each site will be Tow,
so the small vacancy clusters can not grow fast enough to reach the critical size of the void embryo before
collapsing into dislocation loops. Although the Cu concentration in this study is quite Tow, it should
still be able to provide enough Cu clusters as vacancy traps and the nucleation sites for the observed
dislocation loops, because the observed loop density is only about five orders of magnitude lower than the
atomic density of the Cu ions in the implanted region.
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Fig. 6. The dislocation loop images taken from the various depths in the 14 MeV Cu ion irradiated
Ni. (a) 0.5 um deep, (b) 2 um deep and (c) 3.5 um deep.

From Figure 7, one can also see a relatively large discrepancy between the calculated and measured Cu
range and concentration in the Cu ion implanted Ni specimen. The measured values are lower and cover a
wider region. That is partly due to the radiation enhanced diffusion, because the diffusional spreading was
not considered in the Monte Carlo calculation. There is some evidence showing that the irradiation enhanced
diffusion coefficient of Cu in Ni-Cu alloy could be increased by two orders of magnitude by ion bombardment
below ~ 550 °C [17]. In addition to the normal vacancy diffusion mechanism, one should note that the Cu
jons are the injected interstitials in the sample. The diffusional spreading of migrating interstitials
before they annihilate with the vacancies could be very significant. Another reason for the measured large
Cu spreading is due to the beam broadening during AEM measurement. The area analyzed has a thickness of
~ 140 nm. Primary interaction volumes with a diameter < 200 nm could be created by the incident 200 keV
electrons. It should also be recognized that part of the Cu range discrepancy in Figure 7 may arise because
the AEM data is obtained at the detection 1imits of the EDS system. Nevertheless, the measured profile of
dislocation loop density matched quite well with the measured Cu profile in this study.
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Fig. 7. The distribution of Implanted Cu in 14 MeV Cu io!) irradiated Ni measured by AEM in cross
section (normalized by ion implantation dose = 6 X 1 ions/m ). The calculated Cu distribution, using the
TAMIX code for the same dose, is dram in dotted line for comparison.
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CONCLUSIONS
The TEM/AEM cross-section analysis methed can be an effective tool for studying the effect of injected
foreign interstitials in heavy ion irradiated materials, provided that the concentration of the implanted
species is high enough to be detected.
A small amounts of implanted copper promote dislocation loop formation and suppresses void formation in
ion irradiated nickel at 500°C.
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MICROINDENTATION HARDNESS CHANGES IN ION-IRRADIATED NI-CU ALLOYS, D. H. Plantz, L. M. Wang, R. A. Dodd and
G. L. Kulcinski (University of Wisconsin-Madison)

OBJECTIVE

To study the effect of heavy ion irradiation induced dislocation loops on the hardness of Ni-Cu Alloys.

SUMMARY

The effect of radiation-induced dislocation loops on hardness in ion-irradiated Ni-Cu alloys has been
studied using a Mechanical Properties Microprobe (MPM). A well annealed Ni-10 at% Cu alloy and an alloy of
Ni-50 at% Cu were irradiated with 14 MeV Ni ions to doses of 20 to 100 dpa peak damage (5 to 25 dpa at 1 um)
at 0.45 T (485°C and 425°C respectively). Ultra-low lToad microindentation hardness measurements and TEM
analyseswere done using cross-section techniques. This method allows for direct hardness measurements of
only the small irradiation zone (< 3 um deep) which have been compared to the unirradiated materials.
Irradiation induced a high density of dislocation Toops with the size and density of the loops dependent on
composition and independent of irradiation conditions. This high dislocation lToop density caused a large
increase in hardness. A reasonable correlation was found between measured hardness changes and calculated
changes based on dislocation loop sizes and densities.

PROGRESS AND STATUS

Introduction

The Ni-Cu system has displayed a remarkable resistance to void formation under irradiation.l™® A
recent study of twe compositions of the Ni-Cg system has shown that dislocation loops are the dominant
defect resulting from heavy ion irradiatior. The formation of onl%/ this type of defect in an essentially
homogeneous alloy provides an excellent opportunity to study the effect of loops on radiation hardening.
However, until recently the narrow damage region produced by heavy ion irradiation {~ 1 um deep) has made
mechanical property tests on these samples impractical. A new technique has recent}y been introduced with
which direct measurements of the mechanical properties of such regions can be mate. © An investigation has
been made using this technique to study the effect of dislocation loops on the hardness and modulus of twg
Ni-Cu compositions following ion irradiation. These results were compared to the model of Ghoniem et al.

Experimental Procedure

High purity Ni-10% Qu and Ni-50% CQu specimens were irradiated with 14 Mev Ni ions Eo doses of 5 10,
and 25 dpa at 1un (20, 40 and 100 dpa peak) at 045 Ty, (485°C and 423"(? respectively). Irradiated samples
were prepared for cross-sectional analysis using standard teghm‘ques. Transmission electron microscopy was
used to obtain data on dislocation loop sizes and densities.

Ultra-low load microindentation hardness measurements were performed using a recently developed, fully
automated mechanical properties microprobe (MPM).!U, A schematic of the MPM is shown in Fig. 1L A load
is applied and removed, and is continuously monitored along with displacement with a resolution of 25 uN
(250 ug) and 04 mm respectively. Figure 2 represents a typical load-displacement curve obtained fom the
MM  Hardness under load {uncgrrected for elastic effects) can be calculated from the loading curves as a
function of depth using H=AL/d“ , whete d is a depth on the loading curve, L is the load at that depth and
A is a geometric factor relating depth to the projected area of the indent. A value for plastic hardness
can be calculated fum a load-displacement curve using the unloading part of the curve and is given by
Hy = Alpax/df, where L., is the maximum load applied and dp i s the maximum depth corrected for
elastic effects.12

Cross-section specimens were mechanically polished to a 005 um finish and then electropolished using
67% CH OH and 33%HNO5 at 15V and -30 to -50°C prior to indentation. A line of indents 5 um apart were
made a? an angle of ~ 5.7° relative to the interface between the Ni-Cu and the Ni plating (see Fig. 3), to a
depth of 150 nm, at a constant displacement rate of less than 5 nmls. This resulted in indents about 1 um
across spaced at intervals of 025 uwm from the interface. Ratios of hardness to the average hardness away
from the irradiated zone were calculated as a function of distance fom the interface.

Results

Figures 4a and 4b are examples of the microstructure of the two irradiated Ni-Cu compositions shown in
cross-section. Both compositions display a high dislocation loop density in the irradiated region and are
virtually defect free beyond that region. Figures 5a and 5b are enlargements of the irradiated region in
Ni-10% Qu and Ni-50% Qu respectively. Table 1 shows the dislocation loop density and average diameter, and
Fig. 6 shows the distribution of loop sizes. It can be seen that Ni-50% Qu has a very high density of small
dislocation loops, while Ni-10% Qu has a lower density with a large range of loop sizes. A very few voids
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were observed in Ni-10%Cu, but the volume fraction of voids was so small that they have been ignored for
the purposes of this study.

Although the two compositions start out with approximately the same hardness, these alloys have very
different radiation hardening characteristics (Figure 7). All the Ni-50% Cu samples display about a 55%
increase in hardness in the irradiated region. The 5 and 10 dpa Ni-10% Qu samples have about a 25 to 30%
increase in hardness while the 25 dpa sample has only about a 20%increase. All the hardness data has about
a 10%standard deviation except near the end of range where the scatter is usually larger.

Discussion

Void suppression in Ni-Cu alloys has beeg attributed to clustering of like atoms, and this suppression
leads to the nucleation of dislocation loops. It i s thought that clustering 1S on a finer scale gn the
Ni-50% Qu relative to Ni-10% Qu, thus resulting in a higher density of smaller loops in Ni-50% Cu.”® The
loop characteristics change very little in N{=-50% Cu with increasing dose and, correspondingly, there is
little change in hardness..At the highest dose, more large loops (d > 75 nm) are observed than for the lower
doses in the Ni-10% Cu and some of these larger loops are seen to extend beyond the end of ion range. This
may account for the lower hardness in the 25 dpa sample relative to the 5 and 10 dpa samples.

In all of the samples tested, the hardness is
approximately the same across the irradiated zone
despite the fact that dpa varies with depth. This
trend has been seen in two other studies using this
techniaue.?:13 |n Dart this can be accounted for
by the'fact that the actual size of the indents
{(~ 1um across) is smaller than the area wnich
contributes to the hardness. 1hus a single indent
samples a wide range of dpa's.l* It also appears
from Fig. 4a and 4b that the dislocation loop sizes
and densities are the same across the irradiated
zone. This coupled with the hirdness data indicates
that radiation hardening probibly saturates at
lower dpa values than studied here.

. . . . .
can b-elz—hreeoprreetsl%%l[egagglsglng du? to dislocation Yoops

AcY = ¢34t ~ Gb/2/(Nd) small loops
or
~ 1.2(;bd(N)2/3 large loops

where oy is the yield strength. 7 is the shear
stress, ~ G the shear modulus, b the Burgers vector,
N the leop density and d the leop diameter. Small
loops interact through short range forces while
large loops interact through large range forces. 8
The cut off for small and large loops is relatively
arbriurg-ry but is often taken to be less than

Fig. 3  SEM micrographs of indentations 10 nm,® Hardness can be related to yield strength
made in a cross-sectioned sample. by H-Ccry, where H is the hardness and C is a
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Fig. 4. TEM micrographs of Ni-10% Cu (a) and Ni-50% Cu (b) irradiated to 10 dpa at 1 ym at 0.45 Tm in
:ross-section showing the entire irradiated region.
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Fig. 5 Enlargements of the irradiated regions from Fig. 4 for Ni-10%¢Cu (a) and Ni-50%Cu (b).

constant (usually taken to be 3 for diamond pyramid hardness tests).15=17 Thus, the change in yield

strength can be determined from:

A = AH/H
or UY/‘JY /

~ 1‘[1/1-1u "1

where H; and Hu are the irradiated and unirradiated hardnesses respectively.

Table 1 Initial Hardness and Oislocation Loop Characteristics for

This ratio is constant for
varying depth or load, thus absolute hardness values are not needed and the actual value for C does not need
to be known. Table 2 shows the comparison of the change in yield strength calculated from theory and from

Irradiated Ni-Cu

Unirradiated Average
Hardness Dislocation Loop

(300 nm) Temperature Dpa Dpa Loop Dgnsity Diameter
Composition (GPa) (°c) (1 um) (Peak) (m=) (nm}
5 20 lxlog% 29
Ni-10% Cu 21 485 10 40 1X1021 19
25 100 1x10 25
5 20 7x102! 6
Ni-50% Cu 20 425 10 40 5x1021 7
25 100 5x10 10
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Fig. 6 Distribution of dislocation loops in irradiated Ni-10%Cu (a-c) and Ni-50% Cu (d-f} for
different fluences.

hardness changes. The yield strength for the unirradiated samples was taken to be = 150 MPa.18 For Ni-10%
Cu the results are remarkably close using either the small or large loop calculation; however, the large
loop calculation is probably a more valid model for this composition. Fair agreement i s achieved in Ni=50%
Cu using the two models; however, even better agreement can be achieved if a combination of the two models
is used (AT = AT (small) + AT (large)) and it is assumed that about 85% of the loops are smail {~ 5 nm)
and the rest are large (~ 15 nm}., With such a high density of small loops, it is possible that many loops
under 5 nm were missed. Loop densities are probably known only to within a factor of 2 or 3.

CONCLUSIONS

The Ni-Cu system's resistance to veid formation results in the nucleation of a high density of
dislocatfon loops under irradiation. The higher density of smaller loops in N#-50% Cu causes a hardness
change twice that of Ni-10% Cu. Radiation hardening appears to saturate at or below 5 dpa for these
compositions.
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Fig. 7. Ratio of hardness to average unirradiated hardness versus depth in Ni-10%Cu {a-c)} and Ni-50%
Qu (d-f) irradiated at 045 Tm to various fluences.

Table 2. Comparison of Yield Strength Changes in Irradiated Ni-Cu from
Hardness {MPM) Measurements and Theoretical Calculations in GPa.

MPM Small Loop Large Loop Large + Small
Composition Measurement Model Model Loop Models
Ni-10% Qu 38+4 32 38

Ni-50% Cu 83+8 52 51 73
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The MPM appears capable of making direct hardness measurements in the narrow irradiated region.

Measurement of the change in hardness after irradiation compares favorably with theoretical calculations
made using TBM measurements of loop sizes and densities.
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HIGH TEMPERATURE PHASE SEPARATION IN Fe-Ni AND Fe-Ni-Cr INVAR-TYPE ALLOYS - K C. Russell (Massachusets
Institute of Technology) and F. A Garner (Pacific Northwest Laboratory)

OBJECTIVE

The object of this effort is to determine the fundamental processes involved in the phase stability of
irradiated alloys.

SUMMARY

¥ summarize and discuss critically the evidence concerning a high-temperature miscibility gap in Fe-Ni
and Fe-Cr-Ni Invar-type alloys. Independent data regarding phase separation are obtained from studies on
three different classes of material: magnetic, low-expansion Invar-type alloys; Fe-Ni meteorites; and model
austenitic Fe-Ni and Fe-Cr-Ni alloys studied for potential nuclear applications. These alloys show
anomalies in magnetization, thermal expansion coefficient, lattice parameter, single crystal elastic
constants, electrical resistivity, thermoelectric potential, solution thermodynamics, and interdiffusion
coefficient. The response of these alloys to long-term aging in meteorites and to a variety of irradiation
treatments is found to be inconsistent with most accepted or proposed phase diagrams. All results support
the suggestion that Fe-Ni and Fe-Ni-Cr Invar alloys are very metastable and exhibit a narrow coherent
miscibility gap with a peak at about 35% Ni and 1100K.

The existence of the high temperature miscibility gap has not been generally recognized for several
reasons. Firstly, the narrowness of the miscibility gap at high temperatures virtually precludes
incoherent or coherent nucleation of a new phase and limits spinodal decomposition to very small amplitude
fluctuations which are hard to observe. Furthermore, the essentially equal scattering power of Fe and Ni
for x-rays, as well as for electrons and neutrons makes the usual diffraction techniques inapplicable, and
the fine scale of thermally-induced spinodal decomposition is not observable by optical or electron
microscopy. Only under the extremely slow aging conditions found in meteorites or in the enhanced diffusion
conditions inherent in irradiation studies does phase decomposition become sufficiently advanced to observe
using conventional microscopic observation techniques. A very recent SANS study of Fe-34Ni isotopically
enriched in Ni has confirmed the tendency for this alloy to decompose during thermal annealing and to
develop large wavelength fluctuations in composition during proton irradiation.

PROGRESS AND STATUS
Introduction
Invar alloys exhibit a near zero thermal expansion coefficient over a substantial temperature range

(see Figs. 1 and 2); this makes them valuable in applications which demand a high degree of dimensional

stability. Invar behavior is found in a narrow composition range of a variety of Fe-X alloys &Fig. 1),
where primarily X=Ni, Mn, Pt, or Pd. The most common Invar alloy is based on Fe-36 w/6 Ni. ecently,
Fe-Ni and Fe-Ni-Cr alloys in this Ni composition range were found to exhibit a remarkable resistance to
dimensional changes arising from void swelling under neutron or heavy ion irradiation. In addition, some
metallic meteorites found on the earth's surface are of the approximate composition Fe-35 #Ni. There are

thus three separate pools of data available for studying phase stability of this class of alloy.

Although Fe-Ni Invar alloys typically are thought to be thermodynamically stable, the physics litera-
ture is littered with evidence which suggests the presence of a high temperature miscibility gap in these
alloys. References to possible phase separation and phase decomposition extend back at least to 1969. Yet
these results generally have not penetrated into the metallurgical phase diagram literature, which shows
Fe-35%1Ni alloys to be single phase austenite from the (y/a t ) boundary at 725K to the {y/y+¢#) boundary at
1725K.

The metallurgists' reluctance to accept the scattered evidence for the miscibility gap may be the
absence, until very recently, of microscopic or diffraction evidence of decomposition. Very recently, the
studies of Garner and co-workers?-? have provided clear microscopic evidence for a spinodal-type phase
separation in a number of neutron or heavy ion irradiated Fe-Ni and Fe-Ni-Cr alloys over a temperature range
of at least 790-925X,

This paper examines the evidence relevant to existence of a high temperature miscibility gap in
Invar-type alloys, including studies of:

e Magnetic properties
e Thermal expansion coefficient

e Lattice parameter
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_ Fig. 1. Schematic illustration of compositional dependence of the thermal expansion coefficient of
various iron-base binary alloys showing a minimum In the Invar range.

s Single crystal elastic constants

e Electrical resistivity

e Thermoelectric potential

e Solution thermodynamics

e Austenite decomposition kinetics

e Interdiffusion coefficient

e The microstructures and compositional distributions of meteorites

e Neutron, electron, and heavy ion induced microstructures and their associated compositional
distributions.

e Neutron and electron induced changes in lattice parameter.

Review of the available literature was cpmflicated somewhat because many of the studies were on
samples which apparently had undergone a partial, uncontrolled and usually unrecognized phase separation.
In addition, not all authors state whether their compositions are specified by weight percent or by atomic
percent. Fortunately, for Fe-Ni alloys wt% and at% are nearly the same.

Di - ‘ i

We will now consider the studies of Invar-type alloys which pertain to the high temperature structural
stability of the solid solution.

Magnetic Properties

Invar alloys exhibit a low thermal expansion coefficient below the Curie temperature hecause of the_
gradual transition from ferromagnetic to paramagnetic behavior. This transition gives a volume contraction
(ﬁagnetostrlctlon) which approximately cancels out the normal volume increase due to thermal expansion, as
shown in Fig. 2.

Numerous studies'®-1'5 have found that the ma?netization of Invar aIIoKs persists to higher tempera-
tures than would be expected for a homogeneous alloy. Figure 3 compares the results of Asano'3 and Crangle
and Hatlam'4 to calculations of Curie temperature based on a uniform alloy. Asano'® concluded that the
gradual transition from ferromagnetic to paramagnetic behavior was partly due to development of microscopic
compositional inhomogeneities in the FCC alloy. The Curie temperature of FCC Fe-Ni alloys increases wit
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Fig. 2. Schematic representation of the origin of the Invar effect. The gradual transition from
ferromagnetic to paramagnetic behavior contracts the lattice, thereby cancelling the expansion caused by
thermal vibration.
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Fig. 3. Curie temperature vs. composition relationship observed for FOC Fe-Ni alloys. The behavior of
a hypothetically uniform system is also shown with a dotted line. (After Asana'3),

nickel content, so the lower nickel domains would transform at lower temperatures than would the higher
nickel domains. Asano'3 found the observed magnetization behavior consistent with a domain size of about 60

atoms.

Such inhomogeneities are inconsistent with the published Fe-Ni phase diagrams (See, e.g. Fig. 4),
which show only single phase austenite to exist from the {y/y+£} boundary at 1725K to the (y/a+y) boundary
at 725K. The evidence for inhomogeneity discussed thus far indicates partial decomposition which, due to
sluggish diffusion in Fe-Ni alloys, must have taken place at an elevated temperature.
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Fig. 4. Fe-Ni phase diagram as proposed by Kubaschewski.” Other phase diagram collections present

similar diagrams for Fe-Ni.

Thermal Expansion Coefficient

In commercial practice Fe-Ni Invar alloys are annealed at about [IOOK and quenched to obtain the

Bﬂnimum ghe;z“mal expansion coefficient.'® There is enough diffusion at IIOOK XN%S?'W@ et al.'8) measured

= 10718 m2/s at 1120K} to obtain the fine scale decomposition suggested by Asano'3 if indeed there
existed some driving force for separation. However, at 1120K Invar alloys are usually presumed to be in a
single phase region far from any phase boundary, and thus there should be no thermodynamic driving force to
give such decomposition. Should, however, the alloy composition at this heat treatment temperature lie
within a miscibility gap, decomposition might occur, either by spinodal decomposition or by fine scale
coherent nucleation and growth. Unfortunately, Fe and Ni have almost the same scattering power for
electrons. A similar situation holds for x-rays and, in the absence of isotopic enrichment, for neutrons as
well, so that the usual diffraction techniques cannot normally be used to study phase decomposition in Fe-Ni
alloys. The postulated decomposed regions are of course far too small to be observed by optical
metallography.

Splat quenching was used by Morita, et al.'® to avoid the suspected decomposition during cooling of a
Fe-34 at.% Ni alloy. The thermal dilatation of the homogeneous splatted alloy was slightly negative between
293K and 433K, compared to the slightly positive value of Invar alloys prepared in the usual manner.
Annealing of the splat quenched alloy at 825K or higher caused its magnetization to persist to higher
temperatures than were observed in the as-splatted material, consistent with decomposition into high and low
nickel regions. Morita et al. noted that stress relief was complete at 725K, so additional magnetization
changes arising from anneals at 825K and above were attributed to some other cause, presumably fine scale
phase separation.

Lattice Parameter
The room temperature lattice parameter of Fe-Ni alloys shows a pronounced maximum between about 35 and

40 at % Ni [Fig. 5). Kachi and Asano” attributed this behavior to the sample being composed of higher
density paramagnetic and lower density ferromagnetic regions of slightly different compositions, and they
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Fi%. 5. Measured room temperature lattice parameters for Fe-Ni alloys. The lattice parameter for
alloys between 25 and 50% Ni are taken to be the mass weighted averages of the paramagnetic and
ferromagnetic values. (After Kachi and Asano™).

presented line broadening measurements to support their assertion (Fig. 6). The Fe-20% Ni alloy exhibits
the distinctive splitting of the g222) and (311) reflections expected from diffraction of Ka _and Kap x-rays
from a uniform crystal. "The Fe-30% NI alloy, however, shows broad diffraction peaks, indicative of
decomposition into regions of differing lattice parameter. The measured lattice parameter is then some
weighted average of lower Ni, higher density, paramagnetic regions and higher Ni, lower density,
ferromagnetic regions, as indicated in Fig. 5.

) ra1 )
20% Ni I 20% Ni

30% Ni 30% Ni

INTENSITY

DIFFRACTION ANGLE €

_ Fig. 6. X-ray broadening of diffraction peaks in Fe-Ni alloys. The 20% Ni alloy shows the expected
sellttlng into two peaks due to reflections of the Key and Kap X-rays from a uniform alloy. The 30% Ni
alloy shows line broadening, a behavior characteristic of a non-uniform alloy. (After Kachi and Asano™).
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Single Crvstal Elastic Constants

Hausch and Warlimont'® measured the single crystal elastic constants of well-annealed, §Iow%y cooled
FCC Fe-Ni Invar alloys by an ultrasonic technique. Measurements were made on alloys containing from 30 to
50 w/o Ni at temperatures from 77-700K. Specifically, measurements were made of

€= (€11 + Cy2 + c44 /2

€t = (Cg1 - Cy2 )2

C =cl4
where €11, Cy2, and C44 are_the cubic elastic constants in the Voigt nqtation. Their results are shown in
g;ggwsT and é. The martensite start (Mg) and Curie (T.} temperatures In these figures are indicated with

x 10" Pa
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C' 24
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Fig. 7. Temperature dependence of single crystal elastic constants. of Fe-Ni alloys. C and C
decrease linearly with temperature above Tg, as expected. €| shows an anomalous increase with temperature
well above T, (After Hausch and Warlimont¥).

Anomalous behavior of elastic constants is to be expected below the Curie temperature, Te, where
magnetic effects are important. However, C_ shows anomalous behavior for temperatures up to 260k above Te.
Specifically, €| exhibits:

1) an anomalous increase with increasing temperature as high as 200K above Te¢

2) a lower value when the alloy was magnetically saturated than when in the zero field condition.
Both anomalies are strongest at -33 w/o Ni and disappear at -50 w/o Ni.
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Fig. 8. Elastic constant C of Fe-Ni alloys in demagnetized and magnetically saturated states. Above
Te» CL is less in the magneticalty saturated state for Ni contents below 50%. (After Ref. 19).

Hausch and Warlimont concluded that the observed behavior was inconsistent with structurally
homogeneous alloys, and proposed that the alloy contained very small coherent precipitates of ordered Fe Ni
(or possibly FeNi or FeNig). They proposed that cooling alloys in the Invar compositional regime to jus?
below 1070K would resdlt Tn decomposition into a Ni-rich FCC matrix with small, ordered precipitates which
they assumed to be FegNi. Hausch and Warlimont presented an electron diffraction pattern of well annealed,
slowly cooled Fe-31.5 wt% Ni showing <011> streaks around the main spots, which they attributed to elastic
distortions around small, coherent FegNi particles. In a later paper?® they showed that superlattice
reflections developed from these streaks after heating of the thin foils for 15 minutes at 873K. They also
observed images in dark field of small precipitates when using the superlattice reflection. The authors
noted that while this is a relatively low temperature, beam heating and surface proximity may be influential
in providing additional diffusion.  Hausch and Warlimont'® quoted the work of Khomenko, et al.2' who found
that quenching Fe-Ni Invar sup%esied the anomalous dependence of € on magnetic field. Diffusion isslow
enough in Fe-Ni alloys B = 10748 m¢/s at 1120K) that a rapid quench would suppress almost all volume
diffusion-controlled decomposition. Jago and Rossiter22 also observed extra diffraction spots in their
foils of Fe-25 at % Ni annealed in vacuo. They concluded, however, that the superlattice reflections arose
from formation of an epitaxial precipitate of nickel ferrite spinel {NiFez04), which forms in the microscope
at very low oxygen partial pressures.

Electrical Resistivity

Fe-Ni alloys in the Invar range show an anomalously high residual resistivity at 4.2K,23 (see Fig. 9)
which is thought to be caused by some kind of fine scale heterogeneities.” Kachi and Asane!! determined
from Mossbauer spectra measurements that at 4.2K this alloy is composed about equally of ferromagnetic and
anti-ferromagnetic domains. The high residual resistivity was attributed to electron scattering at the
interface between these domains. The existence of the domains was attributed to concentration fluctuations
of the type and scale discussed earlier.

Shirakawa?* made an exhaustive study of electrical resistivity in Fe-Ni alloys from 0-100% Ni at
temperatures from 78K to 1120¥. Tanji, et al.2® noted that these resistivity data showed an anomaly
between 40 and 50 a/o Ni which suggested to them the onset of a miscibility gap.
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Measurements of the high-temperature thermoelectric potential of paramagnetic Fe-Ni alloys by Tanji, et
al.2% caused them to suggest that the alloys had separated into two FOC phases. Figure 10 shows the results
of their study. The thermoelectric power shows a pronounced low temperature hump in the same composition
region where other properties exhibit anomalies. Tanji, et al.2%:26 attributed this anomaly to concentra-
tion fluctuations involving large numbers of very small nickel-rich and iron-rich clusters. As shown in
Fig. 10 the anomaly persists to at least 1873K and is clearly absent at 1273K.

M SV I R
0 20 40 60 80 100
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Fig. 1¢. Thermoelectric power of Fe-Ni alloys. The bump in the Invar composition region indicates
partly decomposed alloys at temperatures of 100K and below. (After Tanji, et al.2¢),
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Solution Thermodvnamics

Mixing enthalpies for solid Fe-Ni alloys are negative, which indicates a tendency toward ordering
rather than phase separation.2? Yet, thermodynamic measurements provide strong evidence for phase
separation in these alloys. Figure 11 shows the comparison Kubaschewski, et al.2? made of enthalpy of
mixing measurements by themselves and other investigators. The data show a pronounced enthalpy hump at
about 25 a/o Ni; Kubaschewski, et al. stated that the irregularity "... seems to be genuine." Such an
irregularity would tend to give a corresponding hump in the free energy of mixing, leading, at sufficiently
low temperatures, to a miscibility gap and phase separation.
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Fig. 11. Mixing enthalpies of solid and liquid Fe-Ni alloys as determined in a number of studies.
TheZ;nixing enthalpy of the solid alloys shows a pronounced hump at about 25% Ni. (After Kubaschewski, et
al.="),

Tanji, et al.2% made isothermal EMF measurements of Fe-Ni alloys. The EMF of their cell was
proportional to the partial molar free energy of Fe in their alloys. From this quantity they constructed
the free energy of mixing vs. composition curves and the schematic phase diagram seen in (Fig. 12)

The a6 vs. C curves c'Iear"Ig indicate a chemical miscibility gap with a maximum at about 1300K and
about 30 a/o Ni. Tanji, et al.?% included the closed circles along the high-Ni side of the gap to
indicatethe thermoelectric power anomaly observed by their group?® and the open circles to indicate the
electrical resistivity anomaly seen in the data of Shirakawa.2%

Decomposition Kinetics

Alloys inside a chemical miscibility gap of the type shown in Fig. 12 are metastable with respect to
decomposition inta two incoherent or semicoherent strain-free FCC phases. , Nycleation of a phase either
|ncoheeent or semlcg\f]erent with the matrix, however, requires Form%tmn of a high ener‘gy(ca? 0.5 \]/i‘nggJ
interface. A high thermodynamic driving force is needed to overcome such a high surface energy barrier and
cause nucleation. The thermodynamic driving force Afiepam for nucleation from a matrix of composition C' is
shown schematically in Fig. 13 as the distance from tﬁe extended tangent to G at the matrix composition to G
at the composition of the nucleus.

The kinetics of decomposition are determined primarily by the rate of diffusion. Numerous measure-
ments of the interdiffusion coefficient i have been made in Fe-Ni alloys but most were conducted at tem-
peratures far above the range of interest of this study or under conditions where short circuit diffusion
in grain bowdaries ma}y have affected the results at lower temperatures. In this paper we will use the data
of Dean and Goldstein,?® who devised a technique allowing low temperature (883-978 K) measurements in Fe-XNi
alloys (X=15,§0,%5,30) without short circuit diffusion. Ifwe use their measured values of 0 and assume Dy
to be 1 x 107 m¢/sec we obtain an activation energy for diffusion of 298 kd/mo1. These diffusion parame-
ters are used throughout this paper to estimate I at low temperatures.
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Fig. 12. Free energy of mixing and miscibility gap proposed by Tanji and coworkers25 for solid Fe-Ni
alloys. The OEen circles are derived from the anomaly observed In electrical resistivity and the closed
circles from the anomaly observed in thermoelectric power.
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Fig. 13. Schematic plot of free energy vs. composition in a miscibility gap system. The construction
to obtain AGepey For nuclear from an alloy of composition €’ is shown.

Diffusion is very slug?ish in FCC Fe-Ni alloys so that below about 800K where D = 3 x 10724 m2/s
nucleation would be extremely slow. At hi%her temperatures, where diffusion is more rapid, Fig. 11 shows
that a6 has only a very slight _hump near the Invar composition So that AGehem is the order of (minus) a few
hundred J/mol, at most. This is a very small driving force and would roduce Incoherent or semicohefent
nucleation oniy in the presence of a very potent catalyst -- which we have no reason to believe exists.

The alloy may also decompose by coherent spinodal decomposition?? or by coherent nucleation and
growth.3® In either case, part of the thermodynamic driving force for decomposition acts to overcome the
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strain energy arising from lattice coherency strains. The coherent spinodal is defined by the locus of
points for which:

6 e
1-v-0 (1)
ac
where:
lda
a dC
a = lattice parameter,

E = Young's modulus,
v = Poisson's ratio, and

C

composition, in atomic fraction

The first term in Eq. (!) is the chemical driving force for spinodal decomposition and the second is the
strain energy acting to retard decomposition.

Cahn2? estimated thatt a_misfit of n = 0025 would depress a spinodal by about 40K at the center of the

miscibility gap where 8G/&C¢ is a maxmur’fz Eater depressions would occur on either side of the center of
the miscibility gap due to the fact that a“6/aCZ2 is smaller.

The action of strain energy depresses the coherent miscibility gap below the incoherent miscibility
gap by a similar amount. The lattice parameter in Fe-Ni alloys does vary with composition, causing
significant strain energy to develop, so that both spinodal decomposition and coherent nucleation will be
difficult, as noted by Tanji, et al.3' Coherent nucleation is further hindered by the low thermodynamic
driving forces which also make mcoherent nucleation difficult.??

Guimaraes, et al.32 calculated the straln energy associated with spinodal decomposition in the Fe-Ni

stem but made an error in units. Tanji, atar,corrected the strain energy calculations and twice
¥ff rentiated the free energy of mlxmg to obtaln alﬁ/ac 9y

s
d

The calculations showed that 826/aC2 is very small near either side of the miscibility gap so that the
influence of strain energy is to give a very narrow composition range over which spinodal decomposition may
occur. In addition the top of the coherent miscibility gap is depressed well below the top of the
incoherent gap and narrowed significantly. These changes are shown schematically in Fig. 14, which is based
;oughly on the calculations of Tanji, et al.3? and an estimated peak of the coherent miscibility gap at
100K.

INCOHERENT
MISCIBILITY -1
GAP

COMERENT
MISCIBILITY -

T GAP

COHERENT
SPINODAL —

| |
60 80 100

ATOMIC PERCENT NICKEL

Fig. 14. Coherent miscibility gap and coherent spinodal proposed by the authors for Fe-Ni alloys.
The strain energy depresses and compresses both the miscibility gap and the sponodal relative to the
incoherent miscibility gap proposed by Tanji and coworkers.
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There are significant uncertainties in the values calculated as input for bhoth terms in Eq. (1). He
believe that most measurements of lattice parameter and elastic modulus were made on partly ggcompgsed
alloys. Uniform alloys must be used for proper values. Even more important, the values of #G/8C¢ come
from twice differentiating the free energK of mixing, which itself contains substantial uncertainty which is
then magnified by differentiation. Nonetheless it is clear that:

o Both the coherent miscibility gap and the coherent spinodal region span narrow composition
ranges.

e The coherent miscibility gap and spinodal are depressed well below the chemical miscibility gap.

Therefore, at high temperatures the early stages of_sPinodaI decomposition will give only small
concentration fluctuations, and the decomposition will occur only at temferatures well below 1300K.
Furthermore, the narrowness of the coherent miscibility gap leads to small driving forces which in turn
make coherent nucleation very difficult. Thus, decomPOS|t|on of metastable Invar-type alloys is very
difficult at temperatures near the toE of the miscibility gap where diffusion is reasonably fast.

However, we will see shortly that either irradiation-enhanced diffusion or the extremely long aging times
experienced in slowly cooling meteorites may give sufficient amounts of diffusion at lower temperatures
where the thermodynamics of decomposition are favorable.

iFfusi Ffici

__The interdiffusion coefficient, 7, 7s negative beneath_a coherent spinodal, giving rise to uphill
diffusion and thereby spinodal decomposition.<® Interdiffusion measurements should therefore show anomalies
when performed either beneath or just outside a coherent spinodal.

Nakagawa, et al.'® measured interdiffusion coefficients for Fe-Ni alloxs containing from 0-100%_Ni at
temperatures from 1123K to 1373K. Figure 15 shows some of their results; the arrows at the top of figure
show the composition ranges of the diffusion cquples employed. Figure_ 15 shows that at 1123k, certain of
the experiments involving small compositional increments gave a deep minimum in B in the Invar region. The
1123K temperature is near the top Of the proposed coherent miscibility gap (see Fig. 14}, where i should be
small or negative. The authors stated that small increment couples gave more reliable values for p. In
fact Fig. 15 shows that at 1253K and 1373K [1 values obtained from large increment couples do not approach D
as %Ni-0, as they should. It is therefore reasonable to rely more on the results from diffusion couples
involving small increments of composition. It is these results which clearly indicate the existence of a
miscibility gap.

Meteorite Microstructures

Meteorites are known to have reached very high average temperatures, becoming molten during their
aggregation phase and then to cool at very slow rates, the order of 1K per million years.33 The Santa
Catharina Meteorite* fits this description and contains 35 wt% Ni and at most 2.5% of minor elements (CO, O,
S, P) in unweathered regions and as such is close to the Invar composition. Some portions of this meteorite
have suffered extensive weathering and oxidation but Danon et al.3* and Scorzelli and Danon®* found
unweathered portions of the meteorite to be decomposed into regions of 26-31% Ni and of 51.3-48.6 Ni on
about a 10 gm scale as seen in Fig. 16. They also noted that the oxygen levels were much higher at cracks
and veins where weathering had occurred in their specimens. The microstructure contained 35-42 vol% of the
Ni-rich phase which is ordered with L10 structure and 63-56 vel% of the Fe-rich y-phase. The remainder of
the microstructure was made up of nonmetallic phases. Jago_et al.3¢ also noted that this meteorite was
composed of iron-rich ¥’ and ordered FeNi. However, ClarkeS? was unable to observe the ordered FeNi phase

in the portions of the meteorite that he studied.

The lattice parameter of the metallic portion of the meteorite was found to vary normally with
temperature (Fig. 17) as is to be eercted of a_mixture of paramagnetic 25% Ni material and ferromagnetic
50% Ni material “(see Fig. 5). Annealing a portion of the meteorite in the Iaboratorﬁ at 1073K for 24 hr
restored the Invar qualities33 (see Fig. 17). The anneal has clearly substantially omo?enized the alloy.
However, an 113K anneal 1is used to produce fine compositional fluctuations In commercial Invar alloys.
Therefore, at 35% Ni the coherent spinodal must be very near 1173K: Otherwise what_is effectively the same
anneal could not cause homogenization in a decomposed alloy and also give fine oscillations in a uniform
alloy. We note that ageing a uniform alloy just above the top of the miscibility gap would produce critical
point fluctuations which would give decomposition on the fine scale inferred from magnetic measurements.

The meteorite is thought to have cooled as part of the core of an approximately 1000 km diameter
parent body.33 Goldstein and Ogilvie3® calculated the pressure at the center of the body to be the order of
1 Kbar, or 108 Pa. Buchwald33 estimates a similar pressure. A 1%volume change** on transformation of

%%  Buchwald }33) gives the history of the meteorite and summarizes the results of studies_thereon.
As we shall show later, the phase separation appears to involve a net decrease in lattice parameter of
-0.35% and a measured density increase of -1%.
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Fig. 15. Interdiffusion coefficients measured in the Fe-Ni system. At 1123K diffusion couples
spanning small composition increments yields values of 0 which go through a pronounced minimum at 30% Ni,
indicating the proximity of a coherent spinodal. (After Nakagawa, et al.

Fe-35%Ni into 25% and 50% Ni regions would give a Pa¥ contribution to the free energy of only about

16 J/mel. Phase equilibria would be shifted from those normally observed only in rare cases where the

lower volume phase was very nearly stable at atmospheric pressure. The activation volume for diffusion is
an order of maunitude or more laraer. Even so. the 100-1000 J/mel free energy chanage would have little
effect on the diffusion coefficient. It is thus appropriate to use properties measured at 1 atm pressure in
describing the behavior of the parent body.

The scale of the microstructure, the estimated cooling rate, and the interdiffusion coefficient may be
used to help determine how the microstructure developed. The microstructure has a scale of about
10 um; the coolina rate is estimated to have been a few dearees per million years. The microstructure
might have formed-directly at the observed 10 pgm scale or might have resulted from coarsening of a finer
scale structure. W consider the former possibility first.

The minimum temperature which would Elive given diffuspon over a 10 pm §2a15 may be calculated from
10 um = A, to yield 780K, based on t=10%s (about 3 x 106 yr) and 0 = 10° /s.  Wavelengths observed in
typical terrestrial examples of spinodal decomposition are usually the order of nmm. It is hardly conceiv-
able that spinodal decomposition occurred with an initial wavelength of 10 wm.

unlik(leryI Inatlﬁ?susnylélt(eer#y(g\}grg PHclle t|051 gb:gutr(r)et (emloawlghemwa? drlvﬁnogc%%erré%ous ﬂg&lgg?aﬁgor&sl rs1unc1leat|on may
of course occur readily just above the coherent spinodal, but under those conditions it is hardly distin-
guishable from spinodal decomposition. Although dislocation lines and grain boundaries are potential sites
for heterogeneous nucleation, the incredibly slow cooling rate of the alloy produced grains of about 3 an
diameterSS and, of necessity, very low dislocation densities. Thus, during alloy decomposition both the
grain diameter and the dislocation spacing were orders of magnitude greater than the 10 um scale of the

microstructure. It therefore appears that the alloy could not have decomposed by heterogeneous nucleation
and growth on the 10 tm scale.
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Fig. 16. Back-scatter electron image from electron microprobe analysis of a polished surface of the
Santa Catharina meteorite. From point analysis determination it is found that the dark areas correspond to
the FeNi ordered phase whereas the light areas correspond to the Fe-rich paramagnetic phase. (After
Scorzelli and Danon et al.35),
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Fig. 17. Temperature-dependent lattice parameter of the Santa Catharina meteorite before and after
annealing at 1073K for 24 hours. The appearance of Invar propoerties shows that annealing has
substantially homogenized the alloy. (After Scorzelli and Danon33).



Furthermore, no accepted Fe-Ni phase diagram predicts that FCC fe-35% Ni would decompose into -25%
and -50% Ni regions at a temperature near 780K. The phase diagram of Kubaschewski, et al. (Fig. 4), for
example, predicts that at 780K Fe-35% Ni is in the stable austenite region. Chamberod, et al.39 propose the
existence of FesNi and FeNi ordered phases, but the latter appears to be stable only below about &00K.

~ Chuang, et a1.4% predict that the composition dependence of the magnetic free energy would induce a FCC
miscibility gap and an associated spinodal at much lower temperatures, as shown in Fig. 18. Spinodal
decomposition of a 35 wt%_alloy within this gap would occur only below about 600K and owing to low diffu-
sion rates could not possibly produce the 10 gm scale microstructure observed in the meteorite.
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) Fig. 18. Calculated Fe-Ni phase dia%ram showing a low temﬁerature miscibility gap and spinodal
induced by magnetic contributions to the free energy. (After Chuang, et al.%°}.

Suppose, instead, that the alloy initially underwent spinodal decomposition on a fine scale, then
coarsened to the observed 10 um scale. The Wagner-Lifshitz-Siyzov*' theory of volume diffusion-
controlled coarsening predicts that the mean particle size, I, varies as:

82 DCt
i -3 m
B - = om (2)
where: D = diffusion coefficient
C = concentration
v = interfacial energy

Vp = molar volume of material in the particle
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RT = gas constant times absolute temperature
t = time

ro = Initial mean particle size

Iakin% reasonable values for v, Vy, € and T and choosing r = 10 um, t=1014s, and assuming r, « ¥, we obtain
a diffusion coefficient corresgonging to a coarsening temperature of about 1000K. The gomggsitions of the
high nickel and low nickel regions would adjust to the compositions defined by the miscibility gap until the
temperature fell below ~780K.  Below 780K diffusion on a 10 um scale is no longer possible.

Thus, fine scale, high temperature spinodal decomposition followed by coarsenin? at about 1000K 1is
entirely consistent with the observed meteorite microstructure and composition as well as the proposed high
temperature miscibility gap. Coarsening at_temperatures much below 1000K could not have given the 10 um
scale microstructure observed in the meteorite. Once this microstructure was established the meteorite
would continue to cool and eventually fall below 575K (See Fig. 19a) where the Fe-50%Ni regions would begin
to order. Such order was observed by Scorzelli and Damon33 Danon et al .34 and Jago et al.36 The latter
group noted that annealing of the Santa Catharina meteorite at temperatures of 473 to 673K was sufficient to
cause some shift in the proportions of phases, indicating that at these low temperatures some additional
small scale phase separation can occur.

Cooling a_low-Ni meteorite below the {y/a t v) solvus produces low-Ni kamacite (ferrite) plates which
grow by rejecting Ni into the taenite (austenlte% matrix. The nickel concentration in taenite at the
taenite:kamacite boundary follows the y/a t 7 solvus, which increases in Ni _content with decreasing
temperature (Flﬂ. 4). The result _is a coarse Widmanstatten structure In which the nickel ﬁroflle of the
taenite plates has_a characteristic "M" shape, ranging from -50% at the edges to -25% in the center of the
plate. The high nickel region at the boundaries of the taenite plates is known as clear taenite; adjacent
to these regions are sllghtlz lower nickel regions designated as cloudy taenite. Cooling of low-Ni_
meteorites thus produces high-Ni regions which may also be studied for evidence of alloy decomposition.

Reuter et al.42 used analytical electron microscope techniques in a study of several meteorites. The
cloudy taenite region was found to be composed of a globular ordered FeNi phase containing 50.9 + 1.4 wt% Ni
and a honeycombed martenite phase containing 11.7 £ 0.5 wth Ni. The ordered FeNi domain sizes ranged from
650 nm in the high nickel regions to 15 nm In the low nickel regions of the cloudy taenite plates.

Reuter et a1.42 concluded that the cloudy taenite re?ion formed by spinodal decomposition of
28-46 wth Ni FCC material at about 623K. The compositional amplitude increased as the temperature
decreased but no further long range diffusion occurred below 623k. Ultimately the high nickel region
ordered to FeNi and the low nickel region transformed to martensite.

In a later paper, Reuter et al1.43 concluded that at 473K the limits of the miscibility %ap were at
about 11.7 and 50.9 wth Ni, the measured compositions of the ordered FeNi and martenite in the cloudy
taenite. They thus concluded that at low temperatures the spinodal region is much narrower than the
mISCIbI|It¥ gap. Reuter et al.42.43 jnterpreted their results in terms of the low temperature,
magnetically induced miscibility gap and spinodal predicted by Chuang et a1.%® Their results are equally
consistent, however, with the higher temperature miscibility gap and spinodal advanced in this paper.

Miller and Russell™ ™ made an atom probe study of the 27% Ni region_in a taenite plate in the Cape York
meteorite.*3 The atom probe investigation revealed that the 27% Ni region had ﬁhase separated to form an
ultra-fine scale duplex microstructure. Composition modulations were found with a periodicity of less than
10 nm and amvlitude fluctuations from 50 at % Ni to aovroximately 10 at % Ni. Both the comoositions and the
scale of the® fluctuations are totally consistent with*the observations of Reuter et ai.%2 on the decomposed
structure in low nickel cloudy taenite.

. It is also likely that the high and low Ni regions in the Santa Catharina meteorite show fine scale
spinodal decomposition. Diffusion at temperatures below about 780K is too_slow for the compositions of the
high and lTow Ni reglons to adjust to the changln? limits set by the m|SC|b|I|t¥ gap, SO with decreasing
gemperaty{g both the high and low Ni regions would tend to recross the spinodal and undergo fine scale

ecomposition.

We note that interiors of meteorites are not heated appreciably during passage through the earth®s
atmosphere.33 Meteorite surfaces ablate so rapidly that only a thin layer is heated. The inside of the
meteorite is at all times well below room temperature and thus the observed microstructures cannot be
ascribed to abnormal heating or quenching experienced during descent to earth.33
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Fig. 19a. Order-disorder transition temperatures observed for FeNi and FeNi3 in Fe-Ni alloys during
Tow fluence neutron irradiations conducted in the SILOE Reactor at the temperatures shown (after Ref. 46).

Fig. 19b. Results of higher fluence irradiations of Fe-Ni alloys conducted in the SILOE and RAPSODIE

reactors. Circles denote domains of FejNi and diamonds denote plate-1ike FegNi precipitates formed on Frank
Loops (after Ref. 47).

Irradiation Experiments

Irradiation of alloys with energetic electrons, neutrons, or heavy ions produces displacement damage in
the form of Frenkel pairs. The self interstitial is usually highly mobile and diffuses rapidly to defect
sinks even at very low temperatures. The vacancy is somewhat less mobile, but may migrate at temperatures
above about Tp/4, which is about 430K for Fe-Ni Invar alloys.

The production and annealing of Frenkel defects may induce a number of important microstructural
effects in alloys, including compositional inhomogeneities, amorphization, disordering, and the production
of thermally unstable phases.4> However, to a zero order, the effect of irradiation may be taken as an
increase in the diffusion coefficient over the thermal equilibrium value. 1In this approximation the effect
of irradiation is simply to speed the approach to equilibrium while changing neither the approach path nor
the final state. Irradiation effects in Invar-type alloys will first be analyzed in terms of enhanced
diffusion, but with the realization that other second order effects such as solute segregation or
irradiation-induced phase instabilities may be operative. We will address these Tater.

In the following sections we will be interpreting decomposition of irradiated alloys in terms of
spinodal decomposition and coarsening, with irradiation affecting the diffusion coefficient. The dominant
wavelength, Apayx. in the initial stages of spinodal decomposition is independent of diffusion coefficient?
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and therefore also independent of atomic displacement rate.*®> The rate at which Apax develops is of course
very,ceng'tive to th agnitude of the diffusion coefficient. The domipant wavelength is sharply dependent
on aZG/ac (Eq. 1) w igh gI’n turn Is a strong function of temperature. I‘Phus \t’\ﬁé’ ini?iallstagespo}? spiljnoga[1

decomposition should depend significantly on temperature but not displacement rate.

The observed wavelength in spinodally decomposed systems frequently-goes not correspond to x but to
that of a coarsened structure. Coarsening theory (Eq. 2) predicts that r varies with Dt. When the loss of
point defects is primarily to fixed sinks rather than to mutual recombination, each defect produces a
certain average amount of atomic mixing before being annihilated. The amount of mixing produced at a given
displacement level is independent of the displacement rate, providing that all comparisons are made in the
sink-dominated regime and that the sink density does not change.

In fact, however, radiation-produced sink densities tend to increase with increasing displacement rate
and decreasing temperature, decreasing the mean free path for annihilation and the total amount of mixing.
A tenfold change in either temperature or displacement rate will yield only a factor of about two change in
the scale of the coarsened structure. Thus the scale of a coarsened microstructure should, at a given
displacement level, depend only weakly on changes in temperature and displacement rate.

Published irradiation studies on Fe-Ni-Cr alloys provide valuable insight into both alloy
decomposition kinetics and the construction of the equilibrium phase diagram. The irradiation studies
separate into two distinct groups: low temperature (T < 725K}, low fluence neutron and electron
irradiations and high fluence, high temperature, neutron and heavy ion irradiations conducted at high
irradiation fluxes.

High temperature irradiation results may be interpreted in terms of the proposed high temperature
miscibility gap. Low temperature decomposition, however, may also be influenced by the low temperature
magnetically-induced miscibility gap predicted by Chuang et al.4® Both miscibility gaps and their
associated spinodals represent metastable reactions at low temperatures where the equilibrium reaction is
v+ aty (FeNiz).

Pauleve, et al.*¢ used relatively low levels of neutron irradiation to accelerate the formation of the
ordered FeNi and FeNi3 phases in Fe-Ni alloys. Figure 19a shows that below 50% Ni only ordered FeNi forms,
and only at irradiation temperatures below 600K. It is not clear whether decomposition is occurring
according to the high temperature or low temperature miscibility gap. At higher neutron fluences, however,
radiation-induced segregation of nickel on Frank interstitial loops (also produced by irradiation) has been
observed to contribute to formation of plates of the FeNiz phase, as shown in Fig. 19b.47 |n this case,
FeNi3 forms outside of the miscibility gap defined in Fig. 19b. This occurs as a result of the local nickel
concentration at the loop exceeding that necessary for formation of FeNiz. In the absence of radiation,
these plates are expected to eventually dissolve upon aging at the irradlation temperature.

Chamberod, et al.3® and Morita, et al.*® studied the effects of low fluence 2 MV electron irradiation
on the lattice parameter and magnetic properties of Fe-Ni Invar alloys with 25-50 at % Ni. Irradiati Hs
were_conducted at temperatures between 350K and 675K, to fluences between 4 x 1023 e-/m2 and 3.4 x 108
e-/mé, thus producing very low levels of displacement. The samples were then annealed for 1 hr. at 1000K.
The stated purpose of this anneal was to remove the residual effects of irradiation, presumably point
defects and small defect aggregates.

Figures 20 and 21 show the result of two separate studies on the effect of irradiation on the lattice
parameter of the alloys. Electron irradiation relaxes the lattice parameter toward a value characteristic
of an alloy which has decomposed into Ni-rich and Ni-poor phases. In some irradiations the decomposition is
apparently still in progress, especially at the higher irradiation temperatures. The maximum change in
lattice parameter is about 0.36% which corresponds to a densification or volume change of approximately 1%.

Figure 21 shows that the lattice parameter of irradiated Fe-35% Ni varies with temperature the same as
that of the meteorite (Fig. 17), which was composed of regions of -25%Ni and -50% Ni. It thus appears that
electron irradiation causes decomposition of the alloy into regions widely separated in composition.

. It is remarkable that these 18W glectron fluences produced ang decomposition at all, as 1024 e-/m2
will produce only the order of 1072 displacements per atom {dpa).%2 Appreciable irradiation-induced
composition changes usually only occur at displacement levels of 1 dpa and above.4%

theory® TEY, CAICY I8, 1N BiSFAIS LAY o 76 %8P a1 981 B2 1§ ﬁt Befneot 1RLCHERIAT SRR T RY the
order of 10‘7 m apart (for a typical dislocation density of 10  m- 3 Eorresponds to /OE = 108 m or about
10 nm. The irradiation-induced defects are thus clearly incapable of producing phase decomposition on a
coarse scale comparable to that of the meteorite. The irradiation is, however, capable of producing fine
scale spinodal decomposition, iFit is thermodynamically possible. The lattice parameter changes indicate

decomposition with Ni-enriched and Ni-depleted regions, showing that the alloys were irradiated inside the
spinodal and that spinodal decomposition indeed occurred. The small change in lattice parameter in some of
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Fig. 20. Lattice parameter of Fe-Ni alloys_after 2 MV electron irradiation to various levels. The
decrease in lattice parameter indicates decompositon of the solid solution into Ni-rich and Ni-poor
regions. (After Morita, et al.48),
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Fig. 21. Lattice parameter of Fe-Ni alloys before and after irradiation at 80°C with 4 x 1019 em-2 3
MeV electrons. Decomposition of the solid solution during irradiation leads to the loss of _Invar .
properties. Irradiation has the same effect on the lattice parameter as does slow cooling in the meteorite
(Fig. 17) (After Scorzelli and Danon3%).



the higher temperature cases indicates that the alloys are still in the very early stages of spinodal
decomposition. W suspect that there is more than one type of phase separation process acting here,
including both our proposed miscibility gap and possibly the magnetically induced decomposition predicted by
Chuang et al.4?

The electron irradiation experiments are particularly enlightening because they establish the
conditions needed for small to moderate levels of decomposition. While low fluence electron and neutron
irradiations of Invar alloys below 673K may cause decomposition only on a very fine scale, recent studies by
Garner and co-workersZ-? have shown that decomposition can occur on a scale comparable to that observed in
the Santa Catharina meteorite when the irradiation temperature i s much higher and when the displacement
level is relatively large (10-50 dpa).

The first hint of large scale decomposition arose from the observation during irradiation In liquid
metal cooled fast reactors that Fe-Ni-Cr ternary alloys in the Invar regime often densified as much as 1%,
as shown in Fig. 22. Note that relatively large displacement levels were required at these higher
tempgratures to cause densifica{ion, ;I'hgase neutron irradiations were conducted at 673-923K and
-10-6 dpa/sec to exposures of zI0 dpa.?-> While the maximum densification was on the same scale as that

induced by electron irradiation, the decomposition during high temperature neutron irradiation occurred on a
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Fig. 22. Swelling and/or densification observed in two Fe-Ni-Cr alloys after irradial:‘fgg in the
EBR-II fast reactor at eight different temperatures. In EBR-II a neutron fluence of 1.0 x 10¢¢ n/cm
(E > 0.1 MeV) produces approximately 5 dpa in these alloys. The swelling at higher dose levels arises from
high densities of small cavities induced by radiation. (After Ref. 3.)



scale of large fractions of microns, with the period of compositional oscillation increasing from -0.2 pm at
800K to -1.0m at 900K. No phase boundaries or ordered phases were observed to develop but fluctuations in
composition appeared to bounded by the stoichiometric limits of FesNi and FeNi, with chromium substituting
for iron. The iron and chromium profiles were found to be mirror %mages of the nickel profile, with nickel
fluctuatins between 25 and 50%, similar to the behavior observed in the meteorite. No correlation

hetween the oscillations and currentlv existing microstructural comoonentscould be found at the higher
irradiation temperatures. As shown in Fig. 23 and 24 the large scale of these oscillations at 600°C and the
absence of phase boundaries requires tedious multiple measurements of composition In order to "“image" the
oscillations. These measurements are performed in an electron microscope using EDX (energy dispersive
X-ray) analysis. It was found that the characteristic_period of oscillation appeared to be along <100>
directions, as would be expected for spinodal decomposition in Fe-Ni-Cr austenitic alloys.
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Fig. 23a. Compositional traces in a region -15 nm thick along a <100> direction in Fe-35.5Ni-7.5 Cr,
irradiated at 870K to 38 dpa In EBR-II. (After Ref. 3.)

Fig. 23b. Trace similar to that of Fig. 23a in a region -100 nm thick. (After Ref. 3.)

At temperatures below 775K the period of oscillation is comparable to or smaller than the thickness of
the thin foil and the effective diameter of the volume sampled by the electron beam. Thus, only the average
composition of the alloy can be measured at ~725K. However, even at this temperature the oscillations can
be sensed as a result of the spinodal-like hardening that occurs at smaller wavelengths.* Inpost-irradiation
tensile tests it was possible to distinguish between irradiation-induced hardening contributions associated
with discrete microstructural components (voids, Frank loops and dislocations) and that associated with the
decomposition.””  As shown in Fig. 25 the spinodal-like component was essentially zero in Fe-15Cr-25Ni but
ﬂrew progressively larger for the Fe-15Cr-35Ni_and Fe-15Cr-45Ni. In the latter alloy the spinodal-like

ardening component was larger than that associated with discrete microstructural features. At 35% Ni, the
hardening was studied at 7.5 and 22% Cr as well as at the 15% level. The hardening was found to be inde-
pendent of chromium level. In general, throughout the various studies described here, the level or even
the absence of chromium was not found to affect any aspect of the decomposition process.

At intermediate temperatures (~800KL an alternate method of imaging the compositional oscillations was
developed which involved adjustment of the ?olgshlng conditions so as to favor selective removal of the low
nickel microvolumes.®> On the surface of re atlveIY thick foils this leads to an uneven and periodically
undulating topography. Thinner foils develop small tunnel-like perforations designated as "‘worm-holes,™ a
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Fig. 25. Comparison of measured yield strength changes and microstructurally-based predictions in
five Fe-Ni-Cr alloys after irradiation at 725K to 12.5 dpa in EBR-II. (After Ref. 4)

phenomenon which is particularly pronounced in binary Fe-Ni alloys. The absence of chromium appears to
accelerate electropolishing and thereby to accentuate the worm-holing process. Figure_26 shows a near-edge
region of an Fe-35Ni foil irradiated in the Fast Flux Test Facility (FFTF) at -3 x 108 dpa/sec to 14 dpa at
BOOK. When viewed at lower magnification (Fig. 27) the crystallographic and periodic nature of the
perforations is quite obvious, particularly when comparing three adjacent grains. The mean spacing of these
perforations was on the order of 200-250 nm. The square array of perforations exists along <110>
directions, a consequence of tunneling between low-nickel microvolumes when the major oscillation Eeriod
lies along <100> directions. Reference (3) presents other polishing artifacts degeloped in the EBR-II
reactor at comparable temperatures and slightly lower displacement rates (1 x 10°° dpa/sec).
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Fe-35Ni IN FFTF
14 dpa; 520°C

Fig. _26. Preferential attack of low nickel microvolumes in Fe-35 NI (14 dpa at 800K in FFTF) after_
electropolishing at room temperature. The electrolyte has tunneled through the foil in many places, leaving
features designated as “worm-holes.” The linear feature on the left is a nickel-rich zone containing and
generated by a grain boundary. (After Ref. 3.)

The neutron irradiation of these alloys was part of a test program designed to understand the
compositional dependence of the often very large volume changes that arise due to radiation-induced void
formation.¢-7 As a result of these studies it was postulated that the unusual dependence of swelling on
nickel content arose from the competition of two processes, one of which is the tendency of Fe-Cr-Ni alloys
in the Invar regime to decompose on a rather large scale at higher irradiation temperatures. In an effort
to validate this hypothesis another series of EDX measurements were conducted on Fe-Ni and Fe-Ni-Cr alloys

: e I
EPSEIQggmgﬁfnrg{gag*aEeQ Wﬁtg épyﬁgegf fﬁEéea§|FS@Beé%ﬁ¥6?§e8ftﬁ88Sa%é§%888n enceagftvgi eEMePI9Hg on
nickel content and were found to have developed compositional oscillations at all three irradiation
temperatures.®.® Once again the period of oscillation increased with temperature and appeared to be
unrelated to the level or presence of chromium. Figure 28 shows the results of Nit ion irradiation of
Fe-35% Ni to 117 dpa at 898K. When these results are comgared with those of the neutron irradiations, it
appears that the four order of magnitude increase in displacement rate associated with fon bombardment had

very little influence on the magnitude of the oscillation period. The significance of this lack of
influence will be discussed presently.

Figure 29 shows some examples of Ni* ion-irradiation induced oscillations. There appears to be
irregular structure in the compositional profiles superimposed on the somewhat regular major oscillations.
While this irregularity was observed in foils of other compositions, a fortuitous circumstance arose which
in Fe-35Ni allowed a visualization of the reason for the irregularity. Figure 30 shows that relatively
irregular martensite regions_have formed in a cellular fashion_upgn cessation_ofthe irradiation and cooling
to room temperature. There is a large amount of internal strain in these regions, showing extensive
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Fe-35Ni IN FFTF
14 dpa, 520°C

Fig. 21. Lower magnification micrograph of the specimen shown in Fig. 25. Three grains are visible,
separated by grain boundaries which are enriched in nickel and thus resist electropolishing. Note the
tendency toward a crystallograhic orientation of the etched out microvolumes, which lie along <110>
directions. (After Ref. 3.)

twinning when the martensite is in the strongly diffracting condition and dislocation tangles when the
martensite is not so strongly diffracting (lower left grain in Fig. 30).

Examination of a large number of martensitic regions showed that martensite formed in regions where
the composition was in the range of 25-29%nickel. The sizes of these regions range from 100-250 mim and
the foil thickness ranges from 100-150 nm. Figure 30 also demonstrates in another way the effect of
composition on the martensitic transformation. The grain boundary that traverses this micrograph has been
subjected to considerable radiation-induced segregation of nickel. This leads to a zone on each side of the
boundary which is free of martensite. Figure 31 shows that decomposition of the Fe-35%Ni alloy produces
low-Ni regions which are stable at the irradiation temperature but transform to martensite on cooling to
room temperature.

Very recently Wiedenmann, Wagner and Wollenberger*® used isotopic enrichment of Ni®2 o produce Fe-34
a/o Ni samples in which decomposition could be studied by small angle neutron scattering. Samples which
were proton irradiated to 0.5 dpa at 838K were found to have much greater scattering intensity than did
non-irradiated samples quenched from 1273K. The excess intensity was due in equal parts to nuclear and
magnetic contributions. The dependence of scattered intensity on scattering vector indicated concentration
and magnetization fluctuations greater than 220 nm in extension. The fluctuation maxima reached over 36.5 £
15 a/o Ni and the minima reached 285 = 15 a/o Ni.
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) Fi%. 28. Variation of composition with position in a foil of Fe-35% Ni 1irradiation to 117 dpa at 898K
with 5 NMeV Ni* ions (After Ref. 9).

These results_clearly show decomposition of the alloy, apparently by spinodal decomposition. The
transformation is In a fairly early stage as the composition extrema are much less pronounced then those
observed in samples which were irradiated with neutrons or Nit ions to much higher displacement levels.*
Curiously, the wavelengths are comparable.

Decomposition was also observed In Fe-34Ni by Wiedenmann et al. after purely thermal anneals at 838K
for 480 hr. The amount of decomposition was _far less than in the irradiated alloys. The excess scattering
intensity increased only sllghtly, which indicates that the thermaIIK-lnduced decomposition reaction was 1IN
an even earlier stage. The fluctuation wavelength was about 50 nm, however, which is Iar?e for the initial
stages of spinodal decomposition. We calculate that /Ot = 40 nm at 898K, which is very close to the
decomposition wavelength. Thus, 480 hr was adequate only for the initial stages of decomposition to occur.

Williams et a1.%9 studied_the response at 673-918K to fast reactor irradiation of Fe-12Cr-15Ni éWt%{
steel with silicon levels ranging from 0.14 to 1.42 wt%. At_the higher silicon levels_the alloy tended to
decompose into « and 7 phases, with the latter often exhibiting compositional oscillations wheré Ni and Si
behaved as one species and Fe and Cr behaved as another. The wavelength of the oscillation increased from
-0.1 pm at 743K to 0.8 um at 923K. At higher temperatures the oscillations could not be associated with
currently existing microstructural sinks for point defects. No decomposition was _observed In thermally aﬁed
specimens at any silicon level. Williams et a1.5° concluded that there was a radiation-induced process that
tended to produce oscillations and that this Frocess was considerably enhanced by the fresence of silicon.
The absence of such oscillations In comnercial austenitic steels was attributed possib Y to the presence of
molybdenum which was postulated to retard the segregation mechanisnm. Braﬁer and Garner>! had earlier
investigated Fe-17Cr-12Ni-2.3Mo steels with 0.0L to 1.9 wt% silicon and had not found such oscillations.

It 1S not clear whether the oscillations observed in the Invar alloys and those of Williams et al. are
produced by similar or different mechanisms. The nickel levels of the two groups of alloys are quite
different and silicon obviously plays a stron% role In Williams® alloys. Given the limited resolution of
standard EDX techniques, we are not certain that Williams et al. can confidently state that decomposition
did not occur thermally in his alloys, however.

Protons and electrons are, however, known to produce a higher fraction of atomic displacements which
survive recombination than do neutrons and self ions.32-5%, In fact, 0.5 dpa by protons and 5 dpa by
fast reactor neutrons would produce about the same number of the freely migrating defects which cause
enhanced diffusion.
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Fig. 29. Compositional traces along defined crystallographic directions in two separate areas of Fe-
35Ni irradiated to 117 dpa at 898K with 5 MeV Nit lons. (After Ref. 9.)
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Fig. 30. Micrograph showing formation of cellular martensite in Fe-35 Ni after irradiation at 898K.
Note denuding of martensite along a grain boundary where nickel segregates to levels >45%. The martensite
is out of focus In the lower left grain. (After Ref. 9.)

Other Possible lIrradiation Effects on Phase Transformations

We have thus far interpreted the effects of irradiation on alloy decomposition solely in terms of an
enhanced diffusion coefficient. We now consider the possibility that irradiation may affect alloy
decomposition 1In other nays. It is important to recafl that we deduce alloy decomposition to occur
primarily by spinodal decomposition or homogeneous nucleation and growth and that either process occurs so
as to maintain lattice coherency. Volume changes, while significant, are not large - at most a few
percent. Further, we are dealing with concentrated solid solutions.

Maydet and Russel1%3 considered the effect of irradiation-induced defects on formation of incoherent

precipitates having a large volumetric mismatch with the matrix. Their treatment is clearly irrelevant to
the present case.

Martin,5é Cauvin and Martin37.58 found that a bias In_point defect recombination at a coherent
particlermatrix interface could induce homogeneous nucleation or spinodal decomposition during irradiation
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of otherwise thermally stable alloys. This theory was formulated mostly for dilute solutions. However,
Abromeit and Martin59 predicted that a similar mechanism may operate in concentrated alloys. The predicted
high sensitivity of the enhancement of decomposition to temperature, atomic displacement rate, and alloy
composition are inconsistent with the results we have presented in this paper.

_ Abromeit, Naundorf and Wollenbergeré® considered the possibility that the disrupting effects of
d[SﬁIagement cascades could cause preC|B|t@te particles to disappear. As in earlier analyses*® extremely
high displacement rates are needed to obtain an observable effect, which would be to hinder decomposition
rather than to enhance it. However, heavy ion irradiation results at high displacement rates by Garner and
coworkers® are consistent with the neutron results at lower displacement rates. In addition, electron
irradiation, which produces single displacements and not displacement cascades also leads to decomposition.
Thus, cascade effects appear not to be a major factor in decomposition of irradiated Invar-type alloys.

In any event, displacement cascades would tend to destroy small wavelength fluctuations in
composition. The decomposition observed by Garner and coworkers thus occurs in spite of any cascade
disruption, rather than as a result of it.

Krishan and Abromeit published a series of papersé!-é3 on the effects of irradiation on alloy
decomposition. These papers were largely concerned with the direct recombination regime, where very few
point defects are lost to dislocations, grain_boundarieg and_other fixed sinks. In the absence of
sink-related recombination Krishan and Abromeit found S|?n|f|cant effects of irradiation on alloy
decomposition, especially at short wavelengths. Since all the irradiation experiments we have reported
involve significant sink strengths, the Krishan and Abromeit calculations are not thought to be applicable.

Abromeit and Martin®4 recently extended the Krishan and Abromeit analysis to the fixed sink regime and
found that compositional instabilities might form as a result of composition-dependent formation an
migration energies. Comparison of these predictions with experimental results on irradiated alloys cannot
at present be made because of a lack of knowledge of these dependencies on composition. However, the
relative insensitivity of alloy decomposition to displacement rate (at constant displacement level)
indicates that destabilization by this mechanism is probably not operative.

Murphy®5 considered the effect on decomposition kinetics of preferential interstitial exchange with one
alloy component. Both her analytical results for the zero sink limit, and her numerical calculations for
the more general case of defect migration to sinks showed that irradiation could in some cases produce alloy
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decomposition in otherwise thermodynamically stable alloys. Significant effects in thermally stable alloys
were predicted only for the case of_conditions just outside the spinodal and when the interstitial was about
ten times more likely to exchange with one alloy component than the other. It is possible that Murphy’s
postulated mechanism might be invoked to either initiate decomposition just outside the spinodal or assist
decomposition just inside the spinodal.

During irradiation there is one mechanism which could easily lead to separation of nickel from
chromium and iron and thus might play a role in producing phase decomposition. This is the inverse
Kirkendall effect in which the slower diffusing elements segregate by default at the hottom of the often
very steep vacancy gradients that develop in the vicinity of naturally occurring or radiation-produced
sinks for point defects.66.67 Free surfaces®® and stationary grain boundaries®® (see Figs. 26, 27 and 30)
are particularly effective at segregating nickel at the expense of chromium and iron and to a lesser extent
so are radiation-produced voids and Frank interstitial loops.”°:71 It has been proposed that interstitial
binding with the slightly undersize nickel atoms would lead to segregation,®8.72 but Marwick and coworkers
have shown that all facets of observed segregation in Fe-Cr-Ni ternary alloys can be explained in terms of
the Inverse-Kirkendall effect.$® Reference (7) contains a compilation of data showing that the diffusivity
of nickel is less than that of iron which in tdrn is less than that of chromium.

Irradiation induced Ni segre%ation to closely spaced defect sinks may well play a significant role in
initiating the transformation. The lack of correlation of the compositional fluctuations with currently
existing microstructural components in neutron-irradiated specimens,?-3.% however, shows clearly that
radiation-produced sinks themselves are not necessary for the continued maintenance of high nickel
microvolumes. While voids and Frank loops are both sessile, the latter are known to concentrate nickel
until they unfault, transform into prismatic dislocations and ?Ilde away. Under these conditions the
remaining high nickel volumes would ?U|ckly disperse. Obviously, the presence of such sinks mustclearly
that radiation-produced sinks themselves are not necessary for the continued maintenance of high affect the
kinetics at which the segregation proceeds. The contribution of irradiation-induced segregation to help
initiate the decomﬁ03|t|on will be strongest at lower temperatures {« 825K) where radiation-induced loop
densities are the highest.

However, the obvious crystalline regularity of the neutron-induced sub-lattice does not mirror the
relatively random distribution of voids and Frank loops produced by radiation. The large scale of the _
decomposition observed in the ion bombardment experiments in the range 900-1000K is also not reflected In
the scale of the radiation-produced microstructure.

We are thus convinced that the primary effect of irradiation on the decomposition of solute-free Fe-Ni
and Fe-Ni-Cr Invar-type alloys is through an enhanced diffusion coefficient. Other irradiation effects are
of secondary importance, at most, with radiation-induced segregation of nickel at microstructural sinks
playing the most plausible secondary role. However, results from a large number of studies cited previously
in this overview demonstrate that decomposition occurs in Invar alloys even in the absence of radiation.

Silicon is known to bind strongly to self interstitials and to change the jump frequency of adjacent
vacancies.?3,74 Accordinglg, compositional oscillations found in the high silicon, low nickel allogs
studied by Williams et a1.5% may well be the result of one of the processes proposed by Murphy.®3 Second
order processes involving radiation-induced segregation to sinks may also be involved.

Proposed Fe-Ni Phase Diagram

Based on_the foregoing we propose that the Fe-Ni equilibrium diagram should be reconstructed as shown
in Fi%. 32. The phase diagram_is based on that of Kubaschewski (Fig. 4). We have accepted a 35% Ni, 1100K
peak Tor the coherent miscibility gap and have taken composition limits of 25% Ni and 50% Ni at 825K. These
limits are indicated by large amounts of thermal and irradiation data. The phase diagram then shows a {(y; -
a t yz) monotectoid reaction at about 825K and 25% Ni and a (¥ ~ « t '} eutectoid reaction at about 55% Ni
and 700K, althou%h there is a cop5|derabIK uncertainty in the specification of these temperatures and
compositions. The magnetically-induced phase separation proposed by Chuang et al.3% then becomes only a
metastable reaction. The proposed ordering reactions, ¥ - FegNi and vy » FeNi are buried deep in the a t '
region.

While the authors have considered evidence for both higher and low temperature decomposition, they are
considerably more confident concerning the former observations. The situation below ~700K is obviously much
more complex and involve metastable phenomena not incorporated in our treatment. Low temperature phase
boundaries in the Fe-Ni system are best determined from careful studies of meteorite microstructures, such
as those of Reuter, et al.42.43 and Miller and Russell.4%

Summarv and Conclusions

_ Many experimental results under a wide variety of conditions indicate that a high temperature coherent
miscibility gap exists in the Fe-Ni system centered at about 35 a/o Ni and 1100K. We now summarize these
results and consider alternative interpretations.



98

1600, Fe3Nil FeNi l FeNi, l ~ 1900
N
Ry
1400 1700
¢ <,
1000
5.-- Y ¥
& .
- T !
2 e 1100 2
i 800 &
=3 a
§ i £
= +
600 |- {27 900
o
400 i
_} a+y’
0 20 40 60 80 100
Atomic Percent Nickel
38805-030.1

Fig. 32. Proposed Fe-Ni phase diagram produced by incorporating a high temperature ¥ + 711 + 72
coherent miscibility gap into the phase diagram of Kubaschewski shown in Fig. 4.

The heat treatment of commercial Fe-35%Ni Invar alloy at IlIOOK to get a minimum thermal expansion
coefficient is interpreted by us as giving fine scale spinodal decomposition. The Curie temperature in
Invar alloys is stress dependent and the IlOOK heat treatment would also have relieved internal stresses.
However, slow cooling from IIOOK removed the effect of the heat treatment, while certainly not inducing new
stresses. The decomposition argument thus seems correct.

The anomalous dependence of magnetization of Invar on temperature was interpreted by others as being
due to very fine scale decomposition of the alloy into regions of high and low nickel contents. However,
magnetic measurements indicated heterogeneities in 20% Ni alloys. Most other experiments indicated that
higher temperature phase separation occurred only at 225% Ni. The reason for this inconsistency is not
known. The maximum in lattice parameter at room temperature found at about 35-40 a/o Ni and the broadening
of X-ray peaks were also interpreted as due to decomposition into high and low nickel regions. The high
residual resistivity of Fe-30% Ni at 4.2K was interpreted as being due to electron scattering at interfaces
between domains of differing composition. 1t was noted by several authors that magnetic inhomogeneities
could also have caused the high residual resistivity. Resistivity measurements at elevated temperatures
also indicated the existence of a miscibility gap.

The single crystal elastic constant € = (€11+C12+C44)/2 exhibits anomalous behavior above Tc. It
increases with increasing temperature, even above T. and Is smaller when the alloy is magnetically
saturated than in the zero field condition. This behavior was attributed to the presence of small,
coherent ordered precipitates.

An anomalous hump in the plot of thermoelectric power vs. composition in the Invar range at
temperatures below 1273K was interpreted as being due to partial decomposition of the alloy.
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Several measurements of the enthalpy and free_engrg¥_of mixing of Fe-Ni alloys gave clear evidence of
anomalies which would lead to a hlgh temperature miscibility gap. Other measurements supBorted a
miscibility gap less strongly. Kubaschewski et a1.27 considered the enthalpy anomaly to be genuine.

_ The more reliable of the measurements of the interdiffusion coefficient in Fe-Ni alloys are those |
involving small compositional increments; these show a pronounced minimum in 0 at 1123K and about 30% NI,
which indicates that Fe-30Ni at this temperature is just above a coherent spinodal.

The compositional variations and scale of the microstructure observed in the Fe-35% Ni Santa Catharina
meteorite are entirely consistent with fine scale spinodal decomposition followed by coarsening at about
1000K. It is conceivable that the 10 um scale microstructure occurred directly by nucleation and %rowth or
spinodal decomposition at some_temperature between 780K and 1000K. However, the virtual absence of
dislocations and grain boundaries in the slowly cooling parent body preclude heterogeneous nucleation on the
observed scale, and low thermodynamic driving forces serve to eliminate homogeneous nucleation as a
possibility. Spinodal decomposition would not occur with a 10 wm wavelength. Furthermore, the compositions
8f the several phases observed in the meteorite microstructure are not consistent with standard phase

iagrams.

_The fine-scale compositional oscillations observed in cloudy taenite in several meteorites are
consistent with low temperature spinodal decomposition. Low fluence electron or neutron irradiation at
350-675K and high fluence, hi%h flux neutron and heavy ion irradiation at 725-1000K all led to one form or
another of decomposition of the Invar alloy, consistent with the high temperature miscibility gap pro?osed
in this paper. At low temperatures magnetic contributions to the free energy proposed by Chuang et al. may
also have played a role. It is also possible that the various kinds of decomposition observed were
irradiation-induced and would not have occurred thermally, although the results of many thermal studies
indicate otherwise. However, a careful examination of the various mechanisms proposed for irradiation-
induced phase transformations leads us to the conclusion that irradiation affects decomposition of Fe-Ni and
Fe-Ni-Cr Invar alloys mainly through an enhanced diffusion coefficient. Other effects of irradiation are
0003|ge{ed to be secondary in importance and may only affect the rate of decomposition arising from the
spinodal .

The totality of the evidence leads in a straightforward way to the following conclusions:

_ There is a coherent miscibility gap in the Fe-Ni system with the peak in the vicinity of 1100k and 35%
Ni. The presence of the gap is indicated by anomalies in enthalpy and free energy of mixing and
interdiffusion coefficient.

_ This gap is narrow at high temperatures, which Prevents nucleation of a second phase and limits
spinodal decomposition to low amplitude compositional fluctuations.

Spinodal decomposition to various degrees causes Fe-Ni_Invar-type alloys to have anomalies in_
magnetization, lattice parameter, thermal-expansion coefficient, residual and high temperature resistivity,
single crystal elastic constants and thermoelectric potential.

_ The microstructure of the Fe-35% Ni Santa Catharina meteorite is the result of high temperature
spinodal decomposition followed by coarsening at about 1000K. Additional substructure imposed on that
produced by the high temperature spinodal develops as the result of low temperature processes.

The fine-scale microstructure in the cloudy taenite plates in several meteorites is consistent with
low temperature spinodal decomposition.

Irradiation with electrons, protons, heavy ions and neutrons over a wide range of temperatures,
compositions, displacement rates, and displacement levels induces decomposition in Fe-Ni and Fe-Ni-Cr Invar
alloys primarily through irradiation-enhanced diffusion. The large compositional wavelengths found in
neutron and heavy-ion Irradiated Invar alloys at temperatures above 675K are due to spinodal decomposition
followed by substantial coarsening.
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COMPUTER SIMULATION OF HIGH ENERGY DISPLACEMENT CASCADES - H. L Heinisch (Pacific Northwest Laboratory)

CBJECTIYE

This report is a review of a computer simulation methodology for addressing displacement cascade effects
in fusion-fission correlations.

SUMMARY

A methodology developed for modelln% many _aspects of high energy displacement cascades with molecular level
canputer simulations is reviewed. The initial damage state is modeled in the binary collision _
approximation (using the MARLOWE canputer code). and the subsequent disposition of the defects within a
cascade is modeled with a Monte Carlo annealing simulation (the ALSOME cede). There are few adjustable
parameters. and none are set to physically unreasonable values. The basic configurations of the simulated
high energy cascades in copper, i.e., the number. size and shape of damage_regions. compare well with
obServations. as do the measured numbers of residual defects and the fractions of freely migrating defects.
The success of these simulations is somewhat remarkable. given the relatively simple models of defects

and their interactions that are employed. The reason for this_success is that the behavior of the defects
is very stronglr influenced by their ‘initial spatial distribution. which the binary collision approximation
adequately models. The MARLOWE/ALSOME system, with input fran molecular dynamics and experiments. provides
a framework for investigating the influence of high energy cascades on microstructure evolution.

PROGRESS AND STATUS
Introduction

One of the %reatest challenges_in developing materials to withstand the neutron radiation in_deuterium-
tritium fuslon reactors is haV|n? to proceed in the absence of a relevant fusion neutron environment.
This has created a_need for developing correlations so materials can he tested in other irradiation test
facilities, primarily fission _reactors. The basis of the correlation process lies in understanding the
fundamental aspects of radiation effects. especially the energy dependence of radiation damage events.
Because primary damage information is not easily accessible experimentally. quantitative results from_
primary damage modeling are valuable in developing the correlations, especially in the role of providing
source terms for models of microstructure evolution.

Molecular level canputer simulations of radiation damaﬂe events can give quantitative information on the
initial damage state. e.g., the energy dependence of the numbers of total defects. freely migrating
defects, and clusters. More importantly. these simulations provide the most complete description of the
én%tlal spatial distribution of defects formed in cascades. which has a very strong impact on how the
efects interact.

For about 25 years molecular dynamics has been used for modeling primary damage. but until recently, only
very 1ow energy events have been modeled. This method has suffered fran two major shortcomings preventing
its usefulness in simulating displacement cascades: the lack of real istic interatomic potentrals and the
need for great canputer size and speed to model displacement cascades of sufficiently high energy to
observe typical cascade effects. New approiches in which local electron densities are accounted for in

a semi-empirical pair potential formulation* appear to be a major breakthrough in realistic treatment of
atomic interactions at a level of realism and canputational complexity commensurate with molecular dynamics
modeling of displacement cascades. The existence of large, fast vector computing machines should soon
allow us to model displacement cascades that have sufficiently high energy to exhibit sane of the cascade
effects relevant to fission-fusion correlations.

TBe opeg@tgonal defgnition of ""high en?rgy" in com?ut?r simulationsbof displacemenﬁ cascades is thaf en?rgy
PR el Rl S T A R L R e T
atan (PKA) energy above which most of the damage is produced in 14 MeV neutron irradiations. In typical
structural alloys 90% of point defects fran 14 mev neutrons are produced in cascades of 100 kev or greater.
With respect to the physical processes being modeled. **high energy' might be defined as the PKA energy
above which more than one distinct damaqg reglon is produced, abqut 20-50 ke¥. The break-up of high energy
cascades into subcascades is well-established both theoretically® and experimentally?. The last definition
of high energy will be used here.

The average energy of PKAs resulting fran 14 MeV neutrons is about 200 ke¥ in structural metals. While
modeling a 200 keV cascade with molecular dynamics is well beyond the capabilities of present or even
planned supercomputers, it is ver¥ probable that at least individual subcascades of high energy cascades
can eventually be modeled with molecular dynamics. However. there are aspects of high energy cascades that
can never be studied with molecular dynamics. such as the spatial distribution of su%caspadeg and the long-
term development of the defect interactions in the cascade. Binary collision models. which ignore many

of the low energy details of atanic interactions, are excellently suited for describing the gross
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structural features of high energy cascades, and they will continue to be useful in the overall modeling
scheme.

Inthis paper a methodology for modeling high energy cascades with the binary collision code MARLMME and
the Monte Carlo annealing code ASOVE will be reviewed. Limitations of the models will be discussed, as
well as the successes in simulating experimentally observed phenanena. Future directions for simulation
of high energy cascades will be discussed.

Modeling High Energy Cascades
1. Stages of Cascade Oevelppment

Several stages of developnent can be 1gent1f1ed during the production of a displacement cascade. First
is the collisional stage of about 10713 sec, ending approximately when no atom has enough energy to
disﬂace another atom fran its lattice site. The cascade quenching stage then occurs. During the next
107+ sec, the region of the crystal that has been violently disturbed by the cascade approaches thermal
equilibrium with Its surroundings while the defects athermally rearrange themselves, The effects of
quenching are assumed to be independent of the crystal temperature. There is evidence from recent
molecular dynamics simulations that a molten condition exists initially in the core of a cascade?, and
that it may lead to spontaneous formation_of vacancy loops during quenching. Finally. during the short-
term annealing stage. lasting another 1078 sec or longer, the defects within the cascade interact among
themselves through thermally activated processes determined by the local crystal temperature. The
transitions fran one stage to the next are obviously not distinct; however, within the simulation scheme.
criteria are arbitrarily chosen to define the end of each stage, since different models are used to
describe each stage.

2. The MARLOWE Code

. . . was ao S . .
R REE S e SH e " A8 e N S T8 T RBHS AL some 0% Yiie! I AddISaY P8 ntodlelinig Ri§R%Energy
i i i i . Firmgt the link bet olecula
8%3%182 éﬂdctol?getgi\r’lvg?ydg\c/ﬁ\?gleg nag%plrgégholejléslgs?als)ﬁrslﬁgdog tr?g‘? rztasnerglelsr? andehélgh eneervg\;,?eesrB.m Nurlljﬂ‘oerrs
of defects in MARLWE-generated cascades were campared Y th measured values at 4K . The effects of
including thermal displacements in MARLWE were stgifs . Cascade configurations == shape, sfize and
»’

subcascade structure == were S{Stematicaﬂy studie The fast Monte Carlo annealing g@u]ation code
was developed and used t o model quenching and short-term annealing of the cascafgs +#,  More than

a thousand cascades. ranging in energy fran 200 e¥ to 500 ke¥ were simulated in copper* using MARLOWE
with thermal displacements representative of 300 K and parameter settings as described in Table 1.
Finally. functions describing production of total defects and freely migrating defects af a functlon of
pka energy were devised and used to generate neutron cross sections for defect production 2 Throughout
this work care was taken to match the model wherever possible to experimental measurements without
introducing additional. artificial parameters.

TABLE 1

MARLWE PARAMETER SETTINGS
FOR CASCADES GENERATED |IN OOPPER AT 300 K

Code Version: 11

Interatanic Potential - Moliere approximation to Thanas-Fermi, with screening length of 7.38 pm
Inelastic Losses: Local (Firsov)

Lattice Parameter: ALAT = 0.3615 nm

Maximum Impact Parameter. RB = 0.62 lattice parameters

Debye Temperature: TDEBYE = 314 K

Energy Criteria for

Displaced Atoms: EDISP = 50 &Y
EWIT = 4.8 eV

no

EBND 02 ey
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In using the binary collision approximation the ability to deal exactly with the many-body aspects of low
energy collisions is sacrificed for the facility of dealing with high energy cascades. The cascade is
generated in a series of two-body collisions between atans that originally occupy lattice sites in the
crystal. Target atans are added to the cascade if they receive a minimum kinetic energy in a collision.
All displaced atans are required to surmount a binding energy. and they are followed until their energies
fall below a cut-off energy. A lattice temperature is accounted for by imposing a randan thermal
displacement on each target atan fran a Gaussian distribution of uncorrelated displacements in the Debye
model. The results are sensitive to whether or_not thermal displacements are included. but they are not
very sensitive to the value of the temperature,b Electronic energy losses were accounted for in our
modeling by subtracting the appropriate energy at each collision in the Firsov model. Quantitative
measures of the damage energy referred to in this paper are the average damage energies determined in
the MARLOWE code. The MARLOWE values of damage energy are githin a fen percent of the damage energies
calculated from Robinson's formula for the Lindhard theoryld,

Although the binary collision approximation is valid only for high energy collisions, the MAROWAE code
contains parametric representation of sane kinematic phenomena that can be set to produce appropriate
results at 1ow energies. Robinson? investigated the low energy behavior of MAROAME and determined
parameter settings that gave a reasonable fit to the replacement sequence lengths in copper determined
fran molecular dynamics. Robinson also concluded that it is necessary to include thermal displacements
in MARLOWE to give correct low energy behavior. The values of the MAROMAE parameter settings for correct
kinematic behavior in low energy events in copper are given in Table 1.

MARLOWE models only the collisional stage of the cascade and cannot model relaxation about defects or the
dissipation of energy to the rest of the crystal. Thus. a "MARLOWE cascade" consists of a list of
positions of vacant lattice sites (vacancies) and energetic displaced atoms (interstitials) "frozen™ at
the turning points of their last collisions. The approaches used to model the quenching and short-term
annealing stages utilize the MSOME code. and will be discussed later.

3. . . Cascade Configurations

Our objective in modeling displacement cascades was t o determine the numbers of defects produced and their
spatial distribution as a function of cascade energy. along with the evolution and interaction of the
defect distributions as a function of time and temperature, The evolution is strongly dependent on the
defect configuration produced during the collisional pha.ses.

The configurations of MARLOWE-generated cascades in copper were analyzed graphical‘ly3’10. Indispensable
qualitative information was obtained from three-dimensional plots of the positions of vacancies and
interstitials that were rotated in three dimensions in real time on a screen. Graphical analysis of hard-
Copy plots and numerical analysis of defect distributions were also done to obtain quantitative results.
Figure 1 shows 3-D plots of cascades with energies ranging fran 1 keyY to 100 keV,
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Figure 1.

Three-dimensional views of cascades in copper at 300 K generated with MARLWE.
represent vacancies and the pluses represent interstitials.
location and direction of the PKA.

Kinchin and Pease expression.
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Distinct subcascades (damage regions separated by relatively undamaged material) are produced regularly
at 50 ke¥ and above. At lower energies and within individual subcascades there are separate. distinct
regions of high defect density. often in close proximity (Figure 1}. Thus, a separate category of cascade
sub-region. the "lobe,"” was defined as the basic unit of cascade configurations. (An "L" shaped
distribution. for example. would be considered to have two lobes.) A special category of subcascade was
also defined: widely-separated subcascdes, for which the edge—to-edge separation is at least as large

as the subcascade dimensions.

The energy dependence of lobe production is illustrated in Figure 1. At PKA energies up to a few keV the
cascades have no fully developed lobes, but consist of a few scattered defects with the vacancies generally
in the center. As the energy increases (to about 10 keV in copper), single lobes become fully developed.
with the characteristic vacancy-rich depleted zone surrounded by a cloud of interstitials. By about 20
keV¥ the tendency to form more than one depleted zone or lobe is observed. And by 100 ke¥, widely-spaced
subcascades. each having its own lobe structure, occur regularly.

Sizes of our simulated cascades_and_the numbers, size and spacing of lobes were determined as a function
of PKA energy and damage energym'll. For the purpose of quantitative analysis. the minimum sized lobe
was defined such that all 20 ke¥ cascades have at least one lobe. Based on the present sample of cascades.
extremely separated damage regions (with subcascade separations exceeding 2 or 3 times the average maximum
extent for cascades of that energy) occur In less than 20% of cascades of 200 ke¥ or less. and Only rarely
below 50 ke¥. Thus, for most of the PKAs produced in copper by 14 M/ neutrons, subcascades from the same
PKA should be clearly associated with each other.

In brief. a high energy cascade in copper was found to be a series of mostly-connected 5 to 30 ke¥ lobes
separated by an average center-to-center spacing of 14 nm (including distances between widely-separated
subcascades). On average there is approximately one lobe per 13 ke¥ of damage energy. The numbers of
lobes and distinct subcascades as a function of PKA damage energy are shown in Figure 2.

15|—

AVERAGE NUMBER PER CASCADE

SUBCASCADES

P S | I
100 00

PKA DAMAGE ENERGY, keV 38809204 |

Figure 2. Average number of lobes and widely-spaced subcascades as a function of PKA damage energy, TD'
in keY.
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In recent transmisﬂon electron microscopy {TEM) investigations of pure metals irradiated by 14 Me¥
neutrons. Kiritani*®* was able to resolve individual sub-regions of single cascades. The numbers of sub-

regions and their spacings are consistent with the lobe structures of our simulated cascades. Kiritani
reports an inter-lobe spacing of 12 rm for copper, in good agrement with our simulations.

The technique of imaging disordered regions caused by cascades in ordered ai‘loysl5 can give quantitative
information on cascade shapes and sizes even when the residual defects cannot be imaged. The transverse
dimensions of disordered rfgions produced by 10-200 ke¥ Cut ions normally incident on ordered Cughu were
analyzed by Jenkins et al. Closely spaced multiple damage regions were observed. Maximum zone size
distributions were determined. and the average maximum transverse dimensions were determined as a function
of energy.

A simulation of this experiment was performed using MARLOWE.17 The sizes of the simulated point defect
distributions were calfbrated to the measured size distributions of disordered zones at 10 key and 30
ke¥. A comparison of the simulated and experimental cascade dimensions is in Figure 3. To account for
the foil thickness used in the experiment, the simulated cascade damage residing in only the first 20 m
of the foil was analyzed. The agrement between the simulation for the thin foil and the experiment was
quite good over the entire energy range.

MAXIMUM TRANSVERSE DIMENSION, nm

Y — |

0 k -
60 100 160 )

ION ENERQY, keV 28505204.3

Figure 3. The measured maximum transverse dimension of disordered zones in ordered CuzAu irradiated with
cu* ions (points). The solid curves are results of MARLOWE simulations for thick (t ==) and
thin (t = 206 nmm) foils. The dashed line is the result of an analytical theory.

4. Defect Densities

Because high energy cascades are so irregular in shape. it is very difficult to make meaningful
guantitative descriptions of their sizes or, especially. the density of defects. How one defines the
density or volume depends 1 gely on the use to be made of the Information. In the narrowest definition
of cascade volume. Robinson®™ ® multiplies the atomic volume by the number of moving atans in a MARLOWE
cascade. The defect density remains constant with damage energy by that definition of volume. At the
other extreme, we have measured the volume inside a rectangular parallelepiped just enclosing the
cascadetl. Using that definition of volume, defect densities decrease with increasing energy by several
orders of magnitude from 1-200 ke¥. Figure 4 is a plot of the average defect density within the
parallelepiped as a function of PKA energy. The data display a different energy dependence above about
20 ke¥, indicating the transition to multiple lobe production.
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Figure 4. The average density of defects within the enclosing rectangular parallelepiped, oriented
along the crystal axes, as a function of PKA energy.

Volume determinations deriving fran statistics of the defect distribution have been developed. They are

best suited to single lobed cascades. The component analysis of ellipsoids was applied by Houl? to MARLOWE

cascades up to 30 ke¥Y in tungsten. Dieﬁ;kxzo applied component analysis to individual subcascades in high

energy cascades in alpha-iron. Benedek<' amalyzed cascades in copper using the radius of gyration of the

g(_efect distribution.  The densities are proportional to the enclosing parallelepiped densities shown in
igure 4.

In Figure 5 the average defect density in a small region about each defect is plotted as a function of PKA
energy for vacancies and interstitials. Above about 10 ke¥, the defects see the same average environment,
independent of energy. The subsequent behavior of the defects will initially be most influenced by their
immediate surroundings. thus, one can expect to learn much about high energy cascades by studying the
evolution of individual lobes.
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Figure 5. Average local density of a.) interstitials and b.) vacancies as a function of FUA energy.
defined as the average number of nei%hborirg defects within 5 lattice parameters (=5 1.p.)}
for interstitials or 3 nearest neighbors (=£3nn), 12 lattice parameters. for vacancies,

The average number of nearest neighbor defects is also shan (1 nn) for each defect type.

5. Chappeling

The production of subcascades is, |n general, a manifestation of the increase in the mean free path between
energetic collisions with increasing energy of the projectile atom. Another phenomenon that may have an
influence on the configurations of cascades is {nter-plane channeling. It occurs when an energetic primary
or secondary knock-on atem is given a trajectory between two atanic planes such that relatively la energy
collisions tend to confine the trajectory to that plane over a fairly large distance with Only a small

loss of projectile energy. Upon de-channeling. the projectile can produce a damage region widely separated
fran the rest of the cascade.

Computer simuilationsll indicate that channeling occurs in copper, though rarely, in cascades of 30 k&Y or
less. Inthese laer energy cascades the appearance of channeling is quite dramatic. since in the absence
of channeling. usually only a single, compact damage region is produced. In cascades with hundreds of ke¥
of energy, subcascades are produced in locations that may or may not be the result of channeling. MARLCUE
cascades of 200 and 500 keY in copper were analyzed graphically to determine the contribution of channeling
to the cascade configuration. The trajectory directions for 14 events in 40 cascades were determined from
debris along the trajectory (an occasional Frenkel pair) or inferred fran relative shapes and positions

of damage regions. Figure 6a. Of the events measured, 68% have directions within 2 of a planar channeling
direction. IHirections were randomly chosen, about 41% of all directions would be in this category.
Thus. It seems that channeling events occur frequently in high energy cascades in copper, but they are not
the exclusive mechanism by which widely separated damage regions are produced.

The influence of channeling events on the configurations of high energy cascades was also investigated by
comparing simulated cascades produced in crystalline and "amorphous' copper. MARLOWE models an amorphous
material by performing a random rotation of the lattice after each collision. While this procedure does
not rigorously represent the amorphous condition, nevertheless. the symmetry that permits channeling is
destroyed. A Comparison of the vacancy distributions of 200 ke¥ cascades in crystalline and amorphous
copper showed that the cascades in crystalline material were only slightly larger in extent and aspect
ratio. The amorphous cascades. Figure 6b, are generally indistinguishable fran the crystalline cascades,
but on the average, they tend to have fewer widely-separated damage regions. |n real situations ifthe
opportunity for channeling is suppressed. the subsequent interactions of the defects may be affected.
Additionally. conditions that suppress channeling would probably also suppress replacement collision
sequences, which would have an even greater impact on subsequent defect interactions.
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6. a.} Vacancy distribution for a 200 ke¥ cascade in copper The cube edge is 170 lattice parameters

{62 nm), The vertical trail of single vacancies indicates the trajectory of the energetic recoil
that produced the upper subcascade. b.} Vacancy distribution for a 200 ke¥ cascade in "amorphous”
copper. The cube edge is 192 lattice parameters (70 nm),

6.Cascade Quenching and Short.term Annealing

The quenching stage of a high energy cascade can only be properly simulated by a fully dynamical medel,

a feat that has yet to be achieved above 5 ke¥ in copper. The binary collision approach is inadequate for
modeling the many body aspects of the quenching stage. Although it can model well the gross features
developed during the collisional stage. it does not leave the defects or the surrounding crystal in the
correct disposition. However, it may be possible that a simple parametric model of cascade quenching.
applied to MAROME cascades. can bridge the gap in a physically reasonable way between the collisional
stage and the beginning of the short-term annealing stage. The major physical effects of quenching are
significant recanbination, clustering and. in sane cases, direct formation of vacancy loops. As quenching
is independent of crystal temperature. the number of defects remaining immediately after quenching at any
temperature i s assumed equal to that gbe%sured inirradiations at liquid helium temperature (approx. 4 K}
where defects are immobile. Analyses<s 4 of experimental information show the recoil energy dependence
of defect production. 1tis generally accepted that the lower efficiency of defect production in cascades
is aresult of recanbination during quenching.

The simplest approach to representing the result of quenching in MMROAME cascades is to ignore the kinetic
and potential energy of the defects at the termination of the collisional stage and to statically recanbine
the closest defect pairs, leaving the residual defects in the positions determined by MARLWE. In the
earliest work?, a single, energy-independent recanbination distance was found to give defect pair yie%s
for cascades fran 10 ke¥ to 500 ke¥ in copper equal to the measured number of defect pairs extracted

fran resistivity measurements on copper irradiated with charged particles and neutrons at 4 K. The post-
quenching number of defects was correct. but the spatial distribution of the residual defects was quite
incorrect. About 25% of vacancies and 50% of interstitials became freely migrating defects during
subsequent short-term annealing simulations of the recombined cascades. Experimental evidence (reviewed
in Ref 25} indicates that only a few percent of the defects that exist in the post-quenching primary
damage state escape their cascades and become freely migrating defects.

As a first step toward a more realistic quenching model, a semi-empirical kinetjc quenching model was
devised within the framework of the short-term annealing simulation code ALSOME” . When applied to MAROAE
cascades of 1-100 ke¥ in copper, both the observed numbers of total defects and the fractions of freely
migrating defects (those that escape interactions within their own cascade) were weli-modeled throughout
the energy range.

.. The ALSOME Code

The Monte Carlo annealing simulation code ALSOMES contains a number a simplifying assumptions about the
physical processes that make it very fast even for the largest cascades. (ALSOME is not presently
available for distribution.) Defect clusters are spherical and centered on lattice sites. Mobile defects
are jumped in randan sequence, weighted by their relative jump probabilities. When two defects cane
within a critical reaction distance. they are coalesced into a single defect. The only adjustable
parameters in ASOVE are the relative jump probabilities of mobile defects and the critical reaction
distances between various defect species. |n practice. time is measured in terms of defect jumps and

the concept of temperature enters when the sequence of events is interrupted. For example. ifthe
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simulation is terminated when few mobile interstitials remain. but before vacancies have started moving.
the result represents the short-term annealing at a temperature where interstitials are relatively mobile
and vacancies are relatively immobile. The real time at temperature is reflected in the absolute jump
frequencies: the simulated real elapsed time is the inverse of the sum of the jump frequencies of the
jumping defects for the temperature being simulated. The results with ALSCME were found to be
statistically 1nd1st1ngu15hab199 from simulations done with a more physically rigorous approachZG.

For isolated cascades in copper, the sequence of simulated annealing events is fairly insensitive to the
relative jump frequencies. Indeed, in an extreme test, little difference was found when vacancies were
allowed to move before interstitials. This is a further manifestation of the strong effect of the inftial
defect configuration on subsequent behavior.

The kinetic quenching model consists of annealing cascades with ALSCME for a very short Hma with
exaggerated parameter values. The quenching lasts ME 100 interstitial jumps, about 107** sec, which 1s
consistent with arguments based on thermal conduction 7. Cascades are taken from MARLOWE to ALSOME with
no prior recanbination. They are quenched with quenching values of ALSOME parameters. then short-term
annealed with the conventional parameter settings.

8. FEreely Migrating Defects

The numbers of defects remaining immediately after the quench compare very well with the defect yields
extracted fran_resistivity measurements at 4 K Figure 7. Then, after short-term annealing at

apiedmadally. 300 Kk, _the fractions .of free defegts compare well with measured values. 14%o0f the remainin
11-?i)¥j4;:~s‘11:1tialzzg ané 3&9 of remalsnlng vacanc?es% ng defects that do not escape the cascade region 9

remain simply as {mmobile clusters. The quenching model does not include provision for leop formation.
However, during quenching, vacancy clusters were given radii representative of loops rather than spherical
clusters, making large clusters more effective as sinks.

300 T 1 T T T T
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Figure 7. The number of defect pairs remaining after quenching and short-term annealing of isolated
cascades in copper as a function of PKA damage energy. Free vacancies and interstitials are
the defects that do not recombine or cluster within the cascade during annealing.

The fractions of free defects are sensitive to the critical reaction distances used, but their spatial
distribution places bounds on their behavior. Regardless of the parameter settings. a minimum of 10% of
the interstitials escape, because they are at the periphery of the cascade. A maximum of 10% of the
vacancies can escape because of their concentration in the center of the cascade.

The energy dependence of free defect production at low energies is more specifically illustrated in Figure
8. The efficiency of total stable defect production meag ed at 4 k%2, relative to the displacements
calculated fran the modified Kinchin and Pease expression®” is plotted as a function of PKA energy 1n Fig
Ba, The fractions of total stable defects that becane freely migrating defects after short-term annealing
at 300 K are plotted in Figure 8b.
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Figure 8. a) PKA pair production efficiency for copper. Efficiency is the ratio of the residual defect
pairs at 4 K, extracted fran resistivity measurements (Simons). to the displacements calculated
with the modified Kinchin and Pease expression {NRT}, b.) The fractions of residual defects
at 4 K that becane freely migrating vacancies and interstitials after short-term annealing
at 300 K

The higher efficiencies of total and free defect production at 1ewer recoil energies are a manifestation
of the energy dependence of lobe production, but in different ways. The energy dependence of the
efficiency of total defect production is related to the density of defects in a cascade. Below about 1
ke¥ there are few defect pairs created in close proximity. and the energy density of the cascade region
is not great enough to cause recanbination by quenching. With increasing energy, the density of defects
and energy in the cascade volume increases. and recanbination and clustering occur during quenching.

The critical densjty for maximum quenching recombination (perhaps the critical energy density for formation
of a molten phase“) is achieved by about 5 ke¥. As the energy increases further, the damage regions
becane larger, but the defect densities rsnain constant, as illustrated in the behavior of the average
local densities of defects in Figure 5. The production of lobes and subcascades guarantees constant
efficiency with further increase in energy.

The fractions of freely migrating defects are influenced by the surface areas of the vacancy core and the
interstitial cloud making up the cascade. As the cascades increase in size with energy. the free defect
fractions. which depend on the surface-to-volume ratios, decrease until the maximum lobe size is achieved.
after which they remain constant as the increasing energy simply results in more lobes. The effect is
greatest for the interstitials. which lie at the outer edge of the cascade region.
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Correlations of property changes that depend on total defect production by neutrons fran fission and

fusion reactors should not be affected much by the recoil energy dependence of total defect production
efficiency. In most fission reactors the vast majority of displacements result fran recoils above 1

ke¥. However. property changes that depend on freely migrating defects at roan temperature may shf!
significant neutron spectral effects. Functions fitted to the simulation results for free defects

have been folded into PKA spectra for 14 MV neutrons and the Fast Flux Test Facility (FFTF) at Hanford.
Washington. The calculations predict that. compared to 14 M/ neutrons, FFTF produces twice as many

free interstitials and three times as many free vacancies per DPA (displacements per atom), while producing
the same number of total residual defects per OPA

Recent experimentsZ> measuring radiation induced segregation in ion banbarded Ni- Si and Cu-Au &lloys at
temperatures of 650-900 K, where clusters are unstable, show weighted recoil energy dependence of free
defect production very similar to the modeling results in Figure 8b. This is evidence that even at high
tmperatures the initial cascade configuration also strongly influences the behavior of defects in
cascades. The basic cascade configuration just after the collisional phase, 1.e. vacancies surrounded
by a cloud of interstitials. is essentially independent of temperature. Evidently, this configuration
results in subsequent intense recombination within each cascade at high crystal temperatures. As at
lower temperatures. the fraction of freely migrating defects is controlled by the decreasing surface-to-
volume ratio as cascade energy and size increase, leveling off as multiple lobe production begins at
about 20-30 ke¥. This interpretation should be investigated by doing a short-term annealing simulation
of cascades at high temperatures. The behavior implied by these experiments may lead to a considerable
effect of the neutron spectrum on swelling and irradiation creep.

9, Cascade Interactions

The simulations discussed so far have been for single, isolated cascades. Phenanena of interest, and most

experiments, take place with at least the possibility of cascade ipteractjons. . ALSOME simulations of
cascade Interactiohs %ave ttJeen doneg , and Phe result |mp(iy that the conhguratlon 0“4 the Hn?tiaq damage

state is a dominating influence. The free Interstitials interact almost exclusively with other
interstitials, clustering either with the free interstitials from other cascades or with interstitial
clusters at the periphery of another cascade. Figure 9 shows interstitial and vacancy cluster size
distributions for isolated and interacting 30 ke¥ MARLOWE cascades in copper after annealing at 50 K
(Stage | recovery) with ASOME For cascades allowed to interact during annealing there are more and
larger interstitial clusters, while the vacancy clustering is the same. Stage | recovery of 18% was
exgerienced by both the intera_cting ggg isolated cascades, compared to 80% for electron irradiatio

and 35% for d-Be neutron Irradiation » The mall amount of recovery in the simulation must be due, at
least in part. to using 30 ke¥ cascades exclusively. Simulations of specific annealing experiments should
be done using a distribution of cascade energies representative of the recoil spectrum being simulated.

CLUSTERS IN ISOLATED AND INTERACTING 30 keV

CASCADES AFTER SHORT-TERM ANNEALING
ISOLATED INTERACTING

YAC INT YAC INT

CLUSTERS/CASCADE 76 W 71 N

AVERAGE CLUSTER 3.2 58 31 62
T

[
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----- INTERACTING

S EQUENCY

VYACANCY
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Figure 9.

Cluster size distributions
of isolated and interacting
30 ke¥ cascades in copper )
after short-term annealing CLUSTER SUE (NUMBER Of DEFECTS}
at 300 K.
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Risgugsion
Qther High Energy Cascade Modeling

Earlier simulations of high energy cascades by Ooran and coworkers29+33:34 included short-term annealing
simulations and the determination of d'ajgct production functions. They used cascades generated in the
pioneering simulation studies of Beele . Later cascades were generated in copper with an early version
of MARLOWE. They annealed the cascades using a model sanewhat more physically realistic than in ALSOVME
The cut-off energy EWIT used in MAROAE was 25 e¥, and no provision was made for recombination or
clustering due to quenching. With the higher value of EWIT, long replacement sequences were not allowed,
and the average pair separation was too mall; hence. more recombination would be expected during short-
term annealing. However. since the effects of quenching were not taken into effect. the initial number
of defects was too large in the annealing simulation. These factors apparently offset each other. because
the residual defect production was very similar to that in Figure 7. While the total number of defects
was fortuitously correct, the defects were not in the correct initial configuration: the post-annealing
fractions of mobile defects were much too large.

Muroga and Ishinc®® have done binary collision simulations of high energy cascades in alpha-iren, along
with short-term annealing simulations. With a high value of EQUIT (40 e¥) and apparently no provision for
quenching, their results are similar to those of Ooran et al. Total residual defect production is correﬂ.
but the free defect fractions are very large compared to measured values (in fcc metals). Muroga et al.
have determined the recoil energy dependence of free defect fractions in simulated cascades from 30 e¥ to
30 ke¥. While these fractions are still very high canpared to measured values. the overall energy
dependence is similar to that obtained in our simulations for copper, Figure 8.

Dierckx2® has generated cascades for PKAs fran 500 ¥ to 2 MV in alpha-iron with MARLWE. using a fairly
high value of EWIT (25 e¥). The general configurations of the cascades should be independent of the value
of EWIT used in various simulations. The cascade configurations were analyzed using a cluster
identification algorithm. then each subcascade identified was treated by ellipsoid canponent analysis.

The cluster algorithm cannot interpret the lobe structure of subcascades, so Dierckx's conclusions about
the energy dependence of cascade configurations are sanewhat different from ours. The subcascades are
reported to become larger and less dense with increasing damage energy throughout the energy range.

CONCLUSIONS

The major conclusion to be drawn from these simulations of high energy displacement cascades is that the
initial defect configuration strongly influences the subsequent behavior of the defects. The entire
simulation scheme from cascade production through short-term annealing is accomplished with very simple
models. based on fundamental actions of interacting particles. There are few adjustable parameters, and
no unphysical parameter values are needed to produce good agresment with experimental results. So strong
is the influence of the spatial distribution of defects. that sane aspects of the annealing simulation are
nearly insensitive to sane parameter values. However. it should be noted that the conclusions stated here
for copper may not all apply in other systems. For example. in materials having more diffuse cascades,
the influence of the initial configuration on the final disposition of the defects may not be as strong.

As with all modeling, one must keep the results in proper perspective. The detailed characteristics of
individual defects and their interactions can never be modeled correctly with MARLOWE and ALSOME, but many
effects governed by large-scale spatial relationships can be modeled with sufficient accuracy to provide
important and unique insights.

Computer codes such as MARLWE and ALSSOME should be used as a framework for investigating the influence

of high energy cascades on microstructure evolution. The consequences of the detailed interactions can

be determined with sufficient rigor elsewhere. most likely by molecular dynamics or direct experimental
observation. and represented by simple models within a MARLOWE/ALSOME framework. Molecular dynamics
simulations of critical sized lobes and loop formation in cascades are crucial to starting with the most
realistic defect distributions. Careful, innovative experimental investigations of the primary damage
state must continue to be done. Properly calibrated and parameterized for the problem under investigation,
ALSOME can provide a realistic representation of many aspects of microstructure evolution because it
incorporates the explicit spat{al dependence necessary to study cascade effects.

FUTURE WORK

The models and methodology will continue to be developed. Immediate emphasis i s on using MARLWE to model
the subcascade configurations in many different metals and make comparisons with observed defect
fermations.
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6. DEVELOPMENT OF STRUCTURAL ALLOYS



6.1 Ferritic Stainless Steels
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IRRADIATION CREEP BEHAVIOR OF THE FUSION HEATS OF HT9 AND MODIFIED 9Cr- 1Mo
R. J. Puigh (Westinghouse Hanford Company) and F. A Garner, (Pacific Northwest Laboratory)

OBJECTIVE

The object of this effort is to determine the creep behavior of ferritic steels that might be employed
in the construction of fusion reactors.

SUMMARY

In-reactor creep data on the fusion heats of HT9 and a modified 9Cr-1Mo steel have been obtained from
irradiation of pressurized tube specimens in the FFTF reactor. These irradiations were conducted on
specimens which reached -50 dpa at 400-540*C and which utilized hoop stresses ranging from 0 to 200 Mpa.
The creep behavior of these two alloys was found to be similar and to be consistent with creep data on
related alloys irradiated in either EBR-IT or FFTF. A correlation describing the irradiation-induced creep
component of deformation has been developed and compared to the available data.

These ferritic steels were also shown to exhibit a superior resistance to creep and swelling at
temperatures <5206°C when compared to that of the AISI 316 and PCA austenitic alloys also irradiated in the
fusion materials program.

Introduction

The ferritic alloy class has been shown to exhibit a number of desirable properties when considered as
a structural material for either fission or fusion energy devices. Foremost of these properties is that
commercial ferritic alloys have shown an excellent resistance to neutron-induced swelling to very high
displacement levels.'*3 ~Moreover, the eventual swelling rate in simple ferritic alloys has been shown to
be significantly less6 than that observed in the austenitic alloy class'. Microstructural examinations of
these alloys, however, have shown that secondary phases are formed during neutron irradiation',’ and these
phases may affect the mechanical properties3.¥.

Recent results from in-reactor creep experiments have indicated that creep strains are also relatively
small. Studies of selected ferritic alloys to a peak fluence of 37 dpa for jrradiation temperatures of 400
to 500°C and hoop Eresseg of 205 and 290 MPa have shown small creep strains'®. Data on HT9 to a peak
fluence of 10 x 10¢¢ n/ecmt (E > 0.1 MeV) or a??roximately 50 dpa in EBR-II have shown a linear fluence
dependence and a non-linear stress dependence!l, Figaﬂy, in-reactor creep data on several comnercial
ferritic alloys to a peak fluence of 57 x 1022 n/cm [E > 0.1 MeV] or approximately 28 dpa in FFTF have
shown similar dependencies on fluence and stress!?.

This report addresses the results of a ferritic creep experiment conducted in the Materials Open Test
Assembly (MOTA) in FFTF. This experiment was undertaken to determine the in-reactor creep behavior of those
heats of the ferritic alloys HT® and 9Cr-1Mo currently employed in the US. Fusion Materials Program. These
data are compared to data on similar ferritic steels as well” as austenitic steels used in either the US.
Liquid Metal Reactor or Fusion Materials programs.

Experimental procedure

Pressurized tubes were fabricated from the fusion heats of the ferritic alloys HT9 and 9Cr-1Mo using
techniques described elsewhere®™. The composition and thennomechanical treatment for these and other
alloys described in this report are given in Table 1. The HT9 alloy was received in the form of bar stock
and was drilled to produce tubing with dimensions 4.78 mm 00 x 4.17 mm |0. The 9Cr-1Mo alloy was received
in the form of cladding measuring 455 mm 00 x 4.22 mm 10. Endcaps for each alloy were fabricated from HT9
and were electron beam welded to tubing segments which were 19.81 mm in length. One endcap on each tube had
a capillary hole for pressurization of the specimen. Specimens for irradiation at 420 and 520°C (and the
HT9 specimen at 600°C, were filled with helium to the desired pressure. The 9{r-1Me specimens for
irradiation at 600°C were filled with isotopically enriched Kr/Xe tag gas to provide in-reactor stress
rupture data'%., The closure weld for gas containment was made with a laser beam which passed through the
glass port of the pressure vessel and sealed the hole in the endcap. All specimens were checked for helium
leaks prior to irradiation. Definitions of the parameters describing the mechanical state of the
pressurized tubes are given elsewhere's,

The specimen diameters were measured using a non-contacting laser system which as an accuracy of 2.5 x
10-% mm. Measurements were performed at five equidistant positions (0.267 cm apart) which were symmetric
about the axial midplane of the specimen. The middle three measurements were averaged to yield an average
diameter for the tube. The hoop strain for a given specimen was determined from measurement of its diameter
before and after irradiation. The repeatability in the hoop strain measurement is = 0.05% for this size
tube.
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The test matrix for this experiment contained six HT9 and five 9Cr-1Mo pressurized tube specimens for
each irradiation temperature (420, 520 and 600°C}. The hoop stresses for each alloy/irradiation
temperature combination range from 0 to a maximum of 240 MPa at 420'C, 200 MPa at 520°C and 140 MPa at
600°C. This test matrix was placed in the (MOTA) irradiation vehicle for irradiation in the Fast Flux Test
Facility (FFTF) located in Richland, Washington. Details of the MOTA configuration and its operation can be
found in reference 14. Irradiation at 420°C was conducted in a weeper canister which operates at the
reactor coolant temperature. The specimens for irradiation at 520 and 600°C were in gas-gapped canisters.

The irradiation began in January, 1984 with the beginning of FFTF cycle 4 operation. During the cycle
4 irradiation, one of the 9Cr-IMo creep specimens ruptured in the 6080°C canister. The canister apparently
failed to vent in a timely fashion; therefore, the tubes were blanketed with gas and the temperature rose to
a peak temperature of 820°C within several minutes. This elevated temperature led to additional specimen
ruptures causing the loss of a majority of the creep specimens at this irradiation temperature. The
canister temperature recovered after approximately five minutes of operation above its operating temperature
range (595-605°C) but it was decided to discard the remaining specimens in the 600°C canister.

During FFTF cycle 4, the specimens at 420 and 520°C accumulated a peak fluence of 3 x 1022 n/em? (E >
0.1 MeV) or approximately 15 dpa. The specimens were discharged from the MOTA, diameter measurements
performed on the specimens irradiated at 420 and %20°C, and these specimens were reconstituted into new MOTA
hardware for continued irradiation. These specimens were irradiated in FFTF cycles 5 and 6 bgs‘ore t e
second interim examination was conducted. The peak total fluence of cycles 4-6 was 10.6 x 10¢¢ n/cm
0.1 MeV) or approximately 53 dpa.

Results

The stress dependence of in-reactor creep ng the fusion heat of HT9 and the modified 9Cr-1Mo is shown
in Fig. 1for a fluence of approximately 10 x 10¢¢ n/em= (E > 0.1 MeV) and for irradiation temperatures of
420 and 520°C, respectively. The total diametral strains for the specimens with zero stress are negligible
and do not indicate any evidence of irradiation-induced dimensional change. The in-reactor creep strains at
420°C are slightly less than the in-reactor strains observed at 520°C. Finally, at both temperatures the
data suggest a non-linear dependence on stress similar to that observed in other ferritic alloys'?.12,

Shown in Fig. 2 and 3 are the effective creep strain data as a function of neutron fluence for the
fusion heats of HT9 and 9Cr-1Mo, respectively. The effective creep strain for this size specimen is given
by

- AD 1
& =127 [(hY -1 [1]

total 0 PO

where € is the effective creep strain, ( ) i s .the measured diametral strain and (bL) is the
Do’total 0PoO

specimen with zero stress at the same irradiation temperature and fluence. Also shown in Figures 2 and 3

are data on several Liquid Metal Reactor {LMR) heats of HT9 and 9CR-1Mo which were also irradiated in the
same MOTA canisters. The compositions and final thermomechanical treatments for these heats are given in
Table 1.

The creep data for both fusion alloys at approximately 420°C are consistent with a previously observed
linear dependence on fluence in several ferritic alloys [10,12]. For HT®, the fusion heat exhibits less
creep strain at 100 MPa when compared to the LMR heats at approximately 410*C. For 9Cr-1Mo, the heats
irradiated in the fusion and MR programs exhibit comparable strains at approximately 415°C. Comparing the
IMR data at 490.C with the fusion data at 520°C, the data for both alloys are consistent with a linear
fluence dependence. Also, the LMR and fusion heats of both alloys exhibit comparable strains.

Figure 4 shows the creep behavior of the fusion ferritic heats compared to that of the fusion PCA and
the LMR 316 austenitic alloys, whose compositions and thermomechanical treatments are also given in Table 1.
At approximately 420*C, both austenitic alloys exhibit larger creep strains than are observed in the fusion
ferritic heats. Comparing the LMR austenitic data at 490°C with the ferritic alloy data at 520°C, the creep
strains of the fusion ferritic heats and the PCA alloy are similar while the 316 SS alloy exhibits
significantly larger strains.

Discussion

To investigate the temperature dependence of creep in the ferritic alloys the following model was
assumed:

e=Basto"
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Fig. 1. Total diametral strains versus hoop stress, showing comparisons of the HT9 and 9Cr-1Me fusion
heats for the average irradiation temperatures of 420°C (top) and 520°C (bottonm).

where e is the effective creep strain (%), #t is the E>0.1 Mev fluence in units of (1022 n/cmz), o is the
effective stress {MPa), and n is a stress exponent. The average creep coefficient, 8, contains the
temperature dependence.

The data from this experiment and that of reference 12 are consistent with a stress exponent of 1 <n <
2, with n = 1.3 providing the best fit to the data. These two sets of data were used to calculate the
average creep coefficient for a given combination of fluence and irradiation temperature for each alloy. A
plot of B as a function of irradiation temperature is shown in Fig. 5 for HT9 and 9Cr-1Me. The standard
deviation in these average values is indicated by error bars whenever they are Iar?er than the symbol size.
For irradiation temperatures less than 520°C, the values for B for each ferritic alloy increase only
slightly. One interpretation of these results is that the average in-reactor creep coefficient for ferritic
alloys 'is relatively insensitive to temperatures in the range 380-520°C. For HT9, the LMR heats exhibit the
largest values of 8. For temperatures of approximately 420°c, the fusion heat shows a smaller average
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Fig. 2. In-reactor creep of various heats of HT9 at hoop stresses of approximately 60 and 100 MPa for
irradiation temperaturs of 396-249°C (top} and 490-529°C (bottom).

creep rate when compared to the other heats investigated in this work. At 520°C, the fusion heat shows
comparable behavior when compared to the other heats of HT9. Also, thee data from EBR-II exhibit slightly
larger values for B when compared to the same heat irradiated in FFTF. For 9Cr-1Mo, all the heats exhibit
comparable creep behavior over the temperature range of 400-520°C. At 570°C, the B valges on 311 the LM
ferritic alloys investigated'? are larger with B values in the range of 2.5 to 5 x 10-28 Mpa-!- (n/cmz)‘ .
Based upon Timited thermal creep data discussed in reference 12, these larger values for B are attributed to
the onset of thermal creep. Finally, as also reported in reference 12, the B values for HT9 at 653°C are
significantly Targer than their values at 570°C.

The following phenomenological creep model has been assumed previously to describe the in-reactor creep
behavior of the ferritic alloys:

€= B ot + DS, o + & (3)
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Fig. 3. In-reactor creep of various heats of 3Cr-1Me at hoop stresses of approximately 60 and 100 MPa
for average irradiation temperatures of 306-429°C (top) and 490-520°C (bottom).

ggﬁéﬁcedlgrégs (I:rcggpf”actlleonnt '(h?=“—°‘f§’ cgeePS toheefflllcnlgg é@v %ﬁbIy(%?pegﬁlgnéToPSt?ngehqetHTr]%)l cgmlpsontgnet (S)\%V Héng
effective creep strain {%). This model was developed for austenitic steels'® and has been applied to
irradiation creep of ferritic alloy g}Cr 1Met7. The value for n was assumed to be 1.3 for both HT9 and
9%r-1Mo. The value for D 5(3 5 MPa~ ) is taken from the best fit to the 2}Cr-1Mo data"". For
fluences less than 10 x 104¢ n/cm® (E > 0.1 MeV), however, the maximum cggtri'bu ion from the second term
would be less than a fractional straln of 6 x 10°® (at 420°C and 10 x 104¢ n/cm®) based upon the present
data. Therefore, the second term in Eq. (3) was not included in the fitting process. The irradiation-
induced creep coefficient B was modeled as a polynomial in temperature and a linear regression analysis was
used to determine the best fits to the HT9 and 9Cr-1Mo data. Only the data from the MOTA irradiations were
used to determine the coefficients of B. The contributions thermal creep were assumed to be small for
irradiation temperatures <520°C.
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Fig. 4. Comparison of creep of the fusion heats of HT9 and 9Cr-1Mo and the 316 and PCA austenitic
alloys at average irradiation temperatures of 396-429*C (top) and 490-520°*C (bottom).

Therefore, B an B are equivalent over this temperature range. The coefficients developed for both HTg
and 9Cr-1Mo are summarized in Table 2. Predictions based on these coefficients are indicated by the solid
curves in Fig. 5. The values of B for 9Cr-1Mo are slightly smaller than those for HT9,

This model is valid only over the temperature range of 400-540°C and should not be extrapolated to
lower temperatures. For temperatures greater than 540°C, earlier studies have shown the thermal component
of creep becomes important for reactor-relevant stresses {c<150 MPa) and should be included. A
phenomenological model for thermal creep of HT9 has been developed for the limited temperature range of 500
to 600°C'® and could be utilized to describe the total in-reactor creep behavior of HT9 over the
temperature range of 400-600°C. Similarly, an empirical model for the minimum thermal creep rates 0f S¢r-
1Mo'? has been developed and could be utilized to predict the thermal component of the in-reactor creep
strain.
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Conclusions

i‘r')z*gdiatign cree% data for the fusion heats of HT9 and 9Cr-1Mo have been obtained to a peak fluence of
10 x 10¢¢ n/emé (E > 0.1 MeV) approximately 50 dpa. No evidence of swelling was observed. The in-reactor
creep _strains for both alloys were similar and consistent with in-reactor creep data on similar alloys
irradiated In either ERR-1T or FFTF. For irradiation temperatures less than 520°C the ferritic heats
continue to exhibit superior creep resistance when compared to 316 stainless steel and the fusion PCA alloy.
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Table 2. Model Coefficients for Irradiation Induced Creep
of Ferritic Steels

Coefficient {units) HI9 9Cr-1Mo
B[10 2% wpat3 (n/em®)l] 2.9 95 x 10737 -2.9 9.0 x 10737
p(107% wpa1 6.1 6.1
n 13 13

T = temperature {*C).

FUTURE WORK

Data are now available to much higher fluence levels. These will be analyzed in the next
reporting period.
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THE EFFECT 5 TEMPERING AND AGING ON A LON ACTIVATION MARTENSITIC STEEL - RD. Griffin, RA.  Oodd, GL.
Kulcinski (University of Wisconsin) and DS. Gelles (Battelle Pacific Northwest Laboratory)

OBJECTIVE

The objective of this work is to characterize tempering and aging effects on a low activation 12 Cr
martensitic steel.

SUMVERRY

An aging and tempering study was done on a low activation martensitic steel. The steel was tempered at
400 C, 500 C, 600 C, 700 C, 800 C, and 900 C for two hours, and at 500 C and 700 C for twenty-four hours.
Also, samples which had been tempered at 700 C for 2 hours were subsequently aged for 1000 and 5000 hours at
365 C, 420 C, 520 C, and 600 C. Optical metallography, microhardness tests, and transmission electron
microscopy were used to characterize the samples. The results indicated that the Acy for this steel lies
between 700 and 800 C. Precipitate identification showed that Mp3Cg was the primary precipitate which
formed. A manganese rich chi phase was also seen in the samples aged at 420 and 520 C.

PROGRESS AND STATUS
Introduction

Ferritic and martensitic steels are being considered as candidate materials for the first wall of
fusion reactors because of their swelling resistance and their potential mechanical properties. A more
recent requirement for these steels is that they decay to relatively low levels of radioactivity within one
hundred to five hundred years. To reach this goal, alloying changes in the current steels must be made.
The steel of this study. L8, was provided by Battelle Pacific Northwest Laboratories, and was patterned
after HT-9 with the exception of a lower carbon content. The compositions of HT-9 and L9 are shown in
Table 1. To achieve the desired decay in activation the nickel and molybdenum were eliminated. The
tungsten content of L9 was increased to replace the molybdenum, which is needed for high temperature
strength. The tungsten level was held at 1940 avoid formation of intermetallics. Nickel and carbon are
austenite stabilizers, and their 0SS was compensated for by increasing the manganese content. Although
neutron irradiation results on L9 have been published,1™ there has not been a study to show the response
of this steel to heat treatment. In this work, this omission is addressed.

Table 1 The Composition of HT-9 and L9 in Weight Percent

Cr c v W Mn Ni Mo S Si N P
HT-9 12 0.20 03 0.5 06 0.5 10 £ 002 04 -—- < 0.03
L9 11.81 0.097 0.28 0.89 641 .- e 0.006 011 008  50.005

Experimental Procedure

The alloy was received in the rolled condition and was first austenitized at 1000 C for twenty hours
followed by an air cool to room temperature, and then reheated to 1100 C for ten minutes and allowed again
to air cool to room temperature. To determine the tempering response of the steel it was held for two hours
at 400, 500, 600, 700, 800, and 900 C, and for twenty-four hours at 500 and 700 C. Steels whfch were aged
first received a two hour temper at 700 C, and then were aged for one thousand and five thousand hours at
365, 420, 520, and 600 C. Optical metallography, microhardness and transmission electron microscopy (TEM)
were used to characterize the heat treated steel.

Results
The steel formed a fully martensitic structure when air cooled as shown in the optical images of the

rolled, austenitized only, and tempered steel (Fig. 1). In many of the images prior austenite grain
boundaries are visible. The average size of these grains was 120 wm.
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Figure 1. Optical images of the rolled, austenitized only, and tempered L9.

Figure 2 shows the Vickers microhardness results for the austenitized and tempered steel. The hardness
dropped sharply when the steel was tempered between 500 and 700 C and then increased for tempering

temperatures greater than 700 C  This increase indicated austenite formation with subsequent transformation
to martensite on cooling to room temperature.

In Fig. 3 TBM images of the precipitates extracted from the tempered steel are shown. The precipi-
tates which formed at 400 and 500 C for twe hours within the martensite laths were elongated multigrains and
were tentatively identified as MsC. Figure 4 shows an EDS spectrum from one of these precipitates. The
metal composition of this phase ?n weight percent was approximately 65% Fe, 30%Cr and 5% Mn The prec1p1-
tates in the sample tempered for twenty-four hours at 500 C were a mixture of M C and My3Ce. The Mpy
tended to be somewhat rounder and single grain, although their shape varied. A? 600 C and hlgher ﬁ (6, was
the only precipitate which was seen. At these higher temperatures it tended to form at the boundanes
between the martensite laths. Most of the images in Fig. 3 contain prior austenfte grain boundaries which
were dotted with precipitates. At all the tempering temperatures the grain boundary precipitates were
identified as Mp3Cg. Ffgure 5a shows an image from M%?C and Fig. 5b is"an EOS spectrm fam M, The

metal composmon of Mp3Cg was approximately 58% Cr, 27% Fe, 10% W, 3% M and 2% V| Figure 5¢ s ows two
micro-diffraction patterns used to identify the phase

In the course of examination, two fnclusions were found scattered throughout the samples. Figures 6
and 7 are results fom these inclusions. Figure 6a and 6b are TBM images of MnS. Figure 6C is a MnS EDS
spectrum and Figs. 6d and 6e are its electron micro-diffraction patterns. The MnS particles were large
round particles which were generally seen in groups. Figure 7a is an image of spinel, an oxide seen in the
steel when it was tempered at greater than 500 C  The image shows the typical rectangular shape of the
phase. Figure 7b shows its typical EDS spectrum, rich in manganese and chromium. The small amounts of
titanium and alumfnum in the oxide must have originated during the steel's fabrication. Figure 7¢ and 7d
are two characteristic convergent beam electron diffraction patterns from spinel.
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Figure 2. Vickers microhardness results from the austenitized only and tempered L9.

Figure 3. TEM images of extracted precipitates from tempered L9.
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Figure 4. EDS spectrum from the phase which has been tentatively identified as MsC.

The untempered steel consisted of lath martensite with a very high dislocation density. MWith
tempering, the precipitate population developed and up to 800 C, the dislocation structure began to recover
with the remaining dislocations tending to form subgrains. The body centered tetragonal martensite also
transformed to body centered cubic ferrite. At 800 and 900 C, the precipitates have coarsened and some
areas appear to be new untempered martensite. In Fig. 8, the TEM thin foil images of the tempered and
untempered steel are shown.

In Fig. 9, a set of optical micrographs of the tempered steel aged for 1000 and 5000 hours is shown.
The samples aged at the lower temperatures looked similar to the tempered steel while at the higher temper-
atures the structure was altered. Figures 10a and 10b present the Vickers microhardness results for the
1000 and 5000 hour aging treatments respectively. Again, at the two Tower temperatures the results were
similar to the steel tempered at 700 C, but at the higher temperatures the hardness has dropped off.
Figure 11 shows a set of TEM images from the sample aged for 1000 hours. Figure 12 is a similar set from
the 5000 hour aged L9. The aged samples appeared similar to the tempered material. However, at the higher
temperatures there were some differences. At 520 and 600 C, more of the grains had a lower dislocation
density, and the boundaries between the grains often showed regular dislocation structures. The precipitate
structure was also much coarser. Another interesting feature seen in the samples aged at higher tempera-
tures was the occasional appearance of round grains which were free of dislocations and had few, if any
precipitates in them. Figure 13 is an image of one of these grains in the steel aged to 5000 hours at
520 C. These grains were shown to be ferrite grains which probably recrystallized during the aging.

Precipitate jidentification was also performed on the aged L9 conditions. In the steels aged for 1000
hours, Ms3Cg was the only phase which formed except in the case of the sample aged at 520 C. In this
sample, %wo isolated examples of chi phase were seen. Figure l4a is a TEM image of the phase. Figure 14b
shows the EDS spectrum and l4¢ is the selected area tilt sequence from chi in a ferrite matrix. The
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Figure 5. (a) A TBM Image of extracted My3Cg. Figure 6. (a) and (b) TEM images of MnS.

{b) A typical EOS spectrun fom Mp4Ce. ¢) EDS spectrm fom MnS.

{c) and {d) Micro-diffraction pat%ern from Mp3Cg. d) and (e) micro-diffraction patterns fiom #nS.

diffraction patterns show a cube-on-cube orientation relationship between chi and the ferrite. In the 5000

hour aged samples, the precipitate identification showed an increase in the amount of chi and in the temper-
atures at which it formed. At 420 C, no chi was seen in the extracted precipitates, but in the steel
itself, chi was present in limited amounts. In the 5000 hour, 520 C steel, chi was seen fn both the steel
and in the extracted precipitates. The percentage of chi in the precipitates tested was 15%of the total.
The chi which was seen in the aged samples was not associated with prior austenite grain boundaries. Chi
was not seen at all in the samples aged at 600 or 365 C for either 1000 or 5000 hours.

Discussion

The tempering study indicated that the Acy temperature for this steel lies between 700 and 800 C  The
hardness increase occurred because the austem’%e transformed to new untempered martensite. There was no
indication that the tempered samples formed new austenite at 700 C  The microstructure was that of a well
annealed martensitic steel, where some of the tetragonal martensite had transformed to ferrite and the
precipitate population had coarsened.

Samples which were aged for 1000 and 5000 hours at 365 and 420 C maintained a hardness close to that of
the samples tempered at 700 C. However, as the aging temperature increased, the hardness began to drop off.
This was due to a combination of recovery of the dislocation population, and coarsening of the precipitate
structure. Also contributing to this hardness decrease was the .occasional recrystallization of the steel

aged at high temperatures.
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Figure 7. (a) TEM image of spinel. (b) A typical EDS
ENEREY ke spectrum from spinel. (c) and {d) Characteristic conver-
gent beam diffraction patterns of spinel.

Figure 8 TEM images of the
untempered and tempered L9.
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Figure 11. TEM images from L9 aged for 1000 hours.
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Figure 12. TEM images of L9 aged for 5000 hours.
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Figure 13. Recrystallized ferrite in
L9 aged for 5000 hours at 520 C.
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ENERGY keV

14. TEM results for chi phase. (a) Chi embedded in a ferrite matrix. (b) EDS spectrun from
ilt sequence from chi showing the cube-on-cube orientation relationship between chi and ferrite.
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M;4Cg was the major precipitate which formed in L9 during heat treatments. Tempering at 400 and 500 C
led to another precipitate, tentatively identified as M3C, to form within the martensite laths; but this
phase is probably metastable because tempering at 500 C for twenty-four hours caused a mixture of M3 and
M,4Cs to develop, and at the higher temperatures omly MsaC. formed. At all the tempering temperatures,

236 e . - 36 ™ . . - .
Ma3Ls was the precipitate which formed at prior austenite grain boundaries. Chi formed in the steel when it
was aged for 1000 hours at 520 C and for 5000 hours at 420 and 520 C. This phase was shown to cause
embrittlement when it formed in similar manganese stabilized steels at prior austenite grain boundaries that
were irradiated at 365 C to 54 dpa.® This study has also shown that chi can form in high manganese steels
in the absence of irradiation effects although its formation was sluggish. The phase may be metastable as
it was not shown to form at 600 C.

CONCLUSIONS

Tempering and aging of L9 has shown results similar to those for other 12%Cr martensitic steels.? The
precipitate and matrix structure which developed was not unexpected. The exception was the formation of a
manganese rich chi phase in the samples aged at 420 and 520 C. This phase may be detrimental to the
mechanical properties of the steel.
FUTURE WORK

Samples aged for 10,000 hours will be characterized again using TEM, optical metallography, and
microhardness tests to complete the aging study.
REFERENCES

1 HR Brager, FA Garner, DS. Gelles, and ML Hamilton: Journal of Nuclear Materials, 1985,
Vols. 133 & 134, pp. 907-911.

2 RL Klueh, DS. Gelles, and TA Lechtenber Journal of Nuclear Materials, 1986, Vol. -
1081-1087. : ' 9, : 141-143,

3 0S8 Gelles and ML Hamilton, Journal of Nuclear Materials, 1987, Vol. 148, 272-278.

4. DS Gelles and ML Hamilton, in Alloy Development for Irradiation Performance Semiannual Progress
Report for the Period Ending March 31, 1986, DOE/ER-0045/16, 131-139.

5 NS, Cannon, WL Hu and D.S. Gelles, in Fusion Reactor Materials Semiannual Progress Report for
the Period Ending March 31, 1987, DOE/ER-0313/2, 119-130.

6. D.S. Gelles and WL Hu, in Fusion Reactor Materials Semiannual Progress Report for the Period
Ending March 31, 1987, DOE/ER-0313/2, 251-261.

7. EA Little, DR. Harris, FB. Pickering, and SR Keown, Metals Technology, April 1977, 205-217.



142

CONTRIBUTIONS FROM RESEARM ON IRRADIATED F§RRITIC/MARTENSITIC STEELS to materials science and engineering -
D. S. Gelles (Pacific Northwest Laboratory

OBJECTIVE

The objective of this work is to determine the applicability of ferriticlmartensitic alloys as fusion
reactor structural materials. This report is intended to disseminate that work to a broader audience.

SUMMARY

A historical description of the development of ferritic/martensitic steels for use in irradiation
environments is presented with the intention of showing how this development has benefitted materials
science and engineering. Fast breeder reactor and fusion reactor alloy development program contributions
are emphasized and it is demonstrated that HT-9 is now the leading candidate material for high radiation
damage environments. The scientific basis for that selection is described by showing the underlying cause
of the improved swelling resistance in martensitic steels. Examples are given demonstrating improvements
in basic understanding, small specimen test procedure development and alloy development.

PROGRESS AND STATUS
Introduction

Over the last fifteen years. there has evolved a major change in the specification of steels for
irradiation environments. Prior to 1974, the undisputed materials choice for liquid-metal-cooled reactor
(LMR} structural components was AlIS| 316, an austenitic Stainless steel in the 17%Cr range with 13%Ni
and 2 Mo (all canpositions given as weight percent). The choice was based on good high temperature
pro?erties. excellent corrosion resistance and ease of fabrication and welding. That choice was first
challenged following the observation that AISI 316 developed cavities during neutron irradiation indicating
a volumetric expansion of the material now called swellingl. Swelling, and its associated phenomenon
irradiation creep. proved to be the life limiting factors in the application of AISI 316 for LMR fuel
cladding. The discovery that cold working to the level of about 20% delayed the development of swelling
allowed interim use of AISI 316. |In about 1974 a concerted eff,rt was begun to find a replacement alloy,
in order to permit optimization of fast breeder reactor systems3. That program. {initially called the
Alloy Development Program and later changed to the National Cladding/Duct Materials Development Program,
was similar to British, French, Japanese and Russian efforts. The program was initially funded by the
AEC (Atomic Energy Commission), later by ERDA (Energy Research and Development Administration) and DOE
(Department of Energy).

The Alloy Development Program took as its mission the testing of alternate alloys for fast breeder
reactor structural applications. The major goal was to reduce the tendency for irradiation induced
swelling. but, at the same time. other materials properties such as creep. rupture strength, and
postirradiation tensile strength were measured. A wide range of alloys was investigated including
austenitic, ferritic and martensitic steels, nickel-based superalloys, and molybdenum- and niobium-based
alloys. The primary candidates were titanium stabilized austenitic steels and precipitation-strengthened
superalloys. Martensitic steels were included initially as a low priority option based on observations
of swelling inhibition in the ferrite phase of a ferritic/austenitic dual phase steel®. However, as it
became apparent that titanium stabilization only delayed the onset of sweﬂing5'7 and precipitation
strengthening led t o severe postirradiation embrittlement®=9, the suitability of ferritic/martensitic
alloys became more apparent.

Current Status of ferritic/martensitic alloys in nuclear systems

Ferritic/martensitic alloys are now finding expanded application in nuclear reactor systems as
substitutes for austenitic steels. Two martensitic alloys are of greatest interest. Sandvik HT-9 1s a
126Cr, 1980, 02% C alloy containing intentional additions of W and v. ASIM designation T91 is a _
modified 9% Cr alloy with 1940, 0.1% C, 0.25% V, 0.1% Nbs, 0.05% N. More complete compositional information
is given in Table 1. Both alloys were developed for high temperature applications where the corrosion
resistance inherent in austenitic stainless steels was not required. The high temperature mechanical
properties of these alloys are similar, with the higher carbon and chromium additions of HT-9 balanced by
careful control of vanadium, niobium and carbon additions in T91. However. T91 has inherently better
resistance to low temperature embrittlement, whereas HT-9 has better corrosion and swelling resistance.

The most significant consequence of the Alloy Development Program has been the application of HT-9 to
most of the internal components in the DOE experimental liquid metal-cooled test reactor FFTF (Fast Flux
Test Facility) located in Richland, Wal?, Both fuel cladding and duct work which contains the cladded
fuel have been manufactured fran HT-2 by cold tube drawing operations. As the duct geometry requires a
hexagonal cross section, manufacture required development of hexagonal drawing operations for a martensitic
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Table 1. Chemical analysis of martensitic steels used for nuclear systems.

Element HI_-_BEB TR

Carbon 0.20 0.08-0.12
Chromium 15 8.00-9.50
Molybdenum 10 0.85-1.05
Manganese 0.6 0.30-0.60
Sil icon 0.4 0.20-0.50
Nickel 0.5 0.40 max
Tungsten 0.5 not spec.
Vanadium 0.3 0.18-0.25
Niobium not spec. 0.06-0.10
Phosphorus 0.030 max 0.020 max
Sulfur 0.020 max 0.010 max
Aluminum not spec. 0.04 max
Nitrogen not spec. 0.030-0.070

steel with a OBTT (ductile brittle transition temperature) at about roan temperature. The transition
from austenitic to martensitic stainless steel has dictated reduced operating temperatures in FFTF and

consequential downgrading of the reactor from 400 to 300 M¥ in return for more efficient fuel cycle
performance.

More recently, independent design efforts for the PRISM (Power Reactor Inherently Safe Module) and
SAFR (Sodium Advanced Fast Reactor) systems have also recommended the use of HT-9 for in-core structural
componentst3=14, In both cases, HT-9 was chosen for in-core structural applications te_improvg fuel cycle
econany. Fuel recycling is anti;;pated only every 4 years to doses as high as 3.4 X 1 nfem® or 160
dpa for PRISM and 35 x 1023 n/emé or 175 dpa for SAFR. Austenitic steels are not expected to remain
serviceable to such high doses.

Concurrent with the Alloy Development Program for Fast Breeder Reactors, an effort has evolved to develop
materials for fusion reactor applications. OFf major concern in that effort is the development of materials
for the first wall, the structural component nearest the plasma, hence experiencing the highest neutron
fluxes. There are similarities between the Irradiation environments of a fusion first wall and fast reactor
in-core components. As a result. development of fusion first wall materials has closely parallelled the
Alloy Development Program effort. The Fusion Reactor Materials program was initiated in 1978 under the
sponsorship of DOE, with similar efforts In Europe and Japan. As originally defined. materials development
concentrated on. four ﬂasses _materials: austenitgc alclnﬁgs, higher strength Fe-Ni-Cr all?ys._
refractory/reactive alloys and innovative conceptsl:. Howéver. 1n part d on the encouraging re ults

being obtained by the fast reactor effort. a fifth class of ferritic steels was added by late 197918,

Over the last ten years. the attractiveness of ferritic steels for first wall applications has steadily
increased. A major concern. the effect of extremely high electranagnetic fields on a ferranagnetic
structure. was alleviated when it was realized that a ferromagnetic material would behave paramagnetically
in an extremely strong electranagnetic fieidl/~18, A measure of the status of martensitic steels for
fusion applications can best be judged based on the recommendations of fusion design studies. The five
most recent design studies all seriously consider HT-919-23, ranking it second in comparison either with
an austenitic steel or with a vanagjum alloy for water-cooled Tokamak design. _and. 1in the case of Tandem
Mirror designs. ranking HT-9 first?l or on an equal par with a vanadium alloy2Z, These design studies are
particularly notable because, for the water cooled designs (a very inefficientconcept). martensitic steels
must be operated at temperatures where very little data is available and where the material is not expected
to behave well. whereas. higher temperature designs will be more efficient and operate in a regime where
martensitic steels can be expected to out-perform austenitic steels.

Therefore. martensitic steels have becane or are becoming the materials of choice for high neutron
damage irradiation environments. In order to reach this status. it has been necessary to compile materials
property data bases. including irradiation responses. This has been done both for LMR's24 and for fusion
systems2> appl ications.

The remainder of this paper will describe sane of the contributions obtained fran these research programs
to materials science and engineering.

2. Basic Science of ferritic/marfensitic development

Ferritic/martensitic steels exhibit much higher resistance than austenitic steels.
Figure 1 provides a comparison of swelling response for bina g ferritic alloys, ternary austenitic alloys,
austenitic canmercial alloys, and commercial ferritic al]c)‘g/sE . Figure la shows swelling measurements
for simple Fe-Cr binary ferritic alloys as a function of temperature and dose, demonstrating that ferritic
alloys do swell but at a low rate. After 100 dpa. maximum swelling was . Fran Figure Ib. it can be
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Figure 1. Comparison of swelling behavior for a) simple ferritic alloys and b) both austenitic and ferritic
alloys following irradiation in a fast reactor at 425 C.

seen that for several simple austenitic alloys, swelling on the order of 20% will develop after irradfation
to 25 dpa (displacements per atom). In comparison, commercial austenitic alleys such as AISI 310 and
Incoloy BOO swell less, but by 100 dpa swelling values can reach 40%. Some austenitic alloys such as

AISI 330 have even more swelling resistance, the swelling resistance has been attributed to high levels

of silicon, but by about 100 dpa the swelling rate escalates, The rate of swelling for commercial alloys
is expected to approach that found 1n simple alloys, as has been demonstrated recently with specimens
irradiated to still higher fluencesZ’/, The swelling rate for simple binary ferritic alloys compared with
simple austenitic alloys {s 1/20 as large. Therefore, at very high damage levels, simple ferritic alloys
can be expected to swell less than commercial austenitic alloys. But, as was found with austenitic alloys,
commercial ferritic/martensitic alloys swell even less than simple alloys. Commercial alloys covering a
range of compositions from 2 to 20% Cr are found to contain negligibie cavities to fluences as high as 100
dpa. Commercial ferritic/martensitic alloys are expocted to swell at higher fluences ({indeed, swelling
levels on the order of 0.5% have been measured) but the rate of swelling is expected to correspond to

that in simple alloys.

The improved swelling resistance of ferritic/martensitic alloys is now fairly well understood, There
have been several explanations given for this improved swelling resistance, as recently reviewed by
Odette?®, The arguments which relate to differences in behavicr between simpie austenitic and ferritic
alloys will be summarized here:

Sneigowski and wolferZ? have noted that inherent with the differences in crystal structure between
face centered cubic (FCC) and body centered cubic (BCC), is a difference in atom nearest-neighbor spacing
such that the relaxation volumes of vacancies and interstitials are different. For FCC structures, the
relaxation volume for an interstitial is large and that of a vacancy small, whereas for BCC structures,
the relaxation volumes for interstitials are smaller and for vacancies, larger. As a consequence, the
difference between relaxation volumes of interstitials and vacancies 1s larger in FCC structures than in
BCC structures. This difference in relaxation volumes leads to a larger net attraction of interstitials
to dislocations in comparison with voids (called blas) and promotes preferential absorption of vacancies
at voids., Both void nucleation and steady state void growth are similarly affected. Calculations indicate
that a factor of 5 to 10 difference in steady state sweliing rate can be explained by this mechanism.

2. Bullough et a130 and Geiles3l provide possible explanations based on the fact that two dislocation
Burgers vectors are found in irradiated ferritic alloys: the commonly observed a/2 <111> and the irradiation
induced a<100>. Bullough et al apply the argument that dislocations act as biased sinks for interstitials
resulting in a potential net excess vacancy flux to any more neutral sisk. If a neutral sink 1s not
available, void nucleation and subsequent growth can result. A second Burgers vector present provides a
more heutral sink, preventing a vacancy concentration build-up and nucleation of voids. Alternatively.
Gelles noted that ferritic alloys represent an unusual class of materials where the irradiation induced
disiocation network contains a sessile Burgers vector component, a<100>, making the dislocation network



145

that forms during irradiation sessile, so that dislocation glide is not allowed. A sessile dislocation
network would have reduced dislocation mobility and therefore preferential absorption of interstitials
would be reduced. The argument of Bullough et al would only explain the results shown in Fig. 1for the
non-swelling commercial ferritic alloys. but not the results for simple ferritic alloys. The argument by
Gelles is very difficult to quantify and therefore the magnitude of its contribution is not yet determined.

3. Horton and Mansur32 and Coghlan and Gelles33 have considered the swelling response in ferritic
alloys fran the perspective of the critical cavity radius for void swelling nucleation. Horton and Mansur
based their analysis on ion irradiation experimental results and Coghlan and Gelles on fast neutron
irradiation response. Both studies assumed a bias of 02 or less. in agrement with Sniegowski and
WolferZ9. Horton and Hansur were able to obtain a reasonable fit to swelling data, giving critical radius
estimates in the range of 3 to 4 nm, whereas the Coghlan and Gelles calculations arrived at a sanawhat
lower critical radius of 0.2 to 2nm, depending on temperature. Also. Horton and Mansur noted that their
calculations provided reasonable estimates also for void growth. Therefore. the values of bias deduced by
Sniegowski and Wolfer appear to be confirmed by critical radius calculations.

It has been shown conclusively that ;rradlatlon damage can result in solute
segregation as a result of point defect/soiute interactions®*, Both interstitials and vacancies can play
a role. either by point defect drag to sinks or by a reverse- Klrkendall mechanism. Solute segregation
behavior has been extensively demonstrated in experiments using austenitic specimens. but relatively few
definitive experiments have been performed to demonstrate the behavior in femrit'rlcé%ensitic experiments.
However. those few experiments (see for example the work of Japanese expsrimenters®>~2/) do clearly
demonstrate solute segregation in BCC as well as FOC crystal structures. The number of such experiments
is small in part because segregation plays a less important role in controlling properties than is the
case in austenitic alloys. Most ferritic/martensitic alloys have canpositions based on Fe-Cr binary alloys
and it has been found that Cr tends to move away from point defect sinks such as dislocations, voids and
grain boundaries. Therefore, major consequences of irradiation induced solute segregation arise only due
to minor element additions to ferritic/martensitic alloys.

An example of solute segregation worth noting is the effect of solute additions on void shape in ferritic
alloys. 1t has been found that the common void shape in pure iron and Fe-Cr binary alloys is octahedral
with {111} faces. However. in a series of alloys based on Fe-10% Cr in which solute had been added to
levels of 1%, both dislocation evolution and void shape were altered3®, Solute additions caused the
voids to become either cuboidal with £100} faces. or dodecahedral (twelve sided) with {110} faces. Examples
are shown in Fig. 2 which compares void shape in a series of Fe=Cr=M alloys where M was either $i, ¥, Mn,

W, Ta or Zr. Itis believed that void shape has been altered as a result of solute segregation to void
surfaces, changing either the relative surface energies of the different planes or altering the void growth
behavior. Void shape in austenitic alloys shows less variation: only octahedral and cuboidal void shapes
have been reported.

Martensitic stainless steels derive high temperature strength fran precipitation
strengthening which is relatively insensitive to coarsening at high temperatures. Strengthening in HT-9
is predominantly due to Cr rich Mp3Cgs but T91 employs both M 23Cg and MC (V103) st.rengthening with evidence

§35-162"aR3 Eitlence6? R?SShQ‘é‘S P&F#]a‘t?é’r?rE?é’-E?-'-'r?oW'.%?e‘r%me%%r|'P%)aR‘ésf2 3182 R09 bedn Atindaln T

Irradiation Is found to significantly alter precipitate development in these steels. and. furthermore.
the irradiation environment can alter the distribution of phases that form. Following irradiation in
fast reactors. *(Cr rich BCC), G phase {& nickel silicide), chi and McC have been identified42-43
Furthermore, Maziasz has reported that. following irradiation atoigo C in a mixed spectrum reactor. as
tempered Cg particles are replaced by irradiation=pgroduced Therefore, irradiation does alter
precipitat n sequences significantly. leading to considerable change in properties.

Engineering Applications

It was quickly recognized that limited irradiation test volumes behooved
the development of mall specimen testing procedures in order t o maximize data accumulation in {rradta lgn
test programs. As a consequence, miniaturization has been accomplished for several specimen geometries

m e development of small specimen techniques for Charpy impact energy and fracture toughness measurements
is especially relevent to ferritic/martensitic alloys. Specimen geometries for measurments are shown in
Fig. 3. Impact energy measurement procedures have been evaluated for both half-sized and third-sized
Charpy specimens. It has been demonstrated that reduction of specimen size affects upper shelf energy
(USE) and ductile-brittle transition temperature (DBTT), but the shift in transition temperature due to
irradiation

is independent of specimen size. rlgly. a successful correlation of USE and DBTT for HT-9 as a function
of specimen size has been demonstrated4

Fracture toughness miniature specimen development has considered several geometries. both circular and
rectangular. but in all cases compact tension geometries were used. Examples of the circular gemtry
are shown in Fig. 3b. Specimen thickness is often dictated by function, so that optimum thickness is
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Figure 2. Examples of void shapes in simple ferritic alloys. A11 micrographs are taken with foil
orientation near (001) and cube directions horizontal and vertical.
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Figure 3. Examples of small specimen geanetries for Charpy impact testing and fracture toughness
measurement.
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equal to canponent thickness?’. Initially, multiple specimens were required to generate a J/R curve. but
more rece%ly, single specimen techniques were developed using resistance measurements to determine crack
extension®®, Although miniature specimen development was originated for testing irradiated specimens. it
is also applicable to testing of non-standard geanetries such as thin-walled pipe.

Allov development Opportunities for modern alloy research and development are rare due to the high
expense of doing such work. However, three examples will be described of successful efforts to develop
ferriticlmartensitic steels for nuclear reactor applications. The alloys created are available for use
in other service environments.

The major alloy development success story concerns the alloy T91 mantioned earlier (see Table 1). T91
is amedified 9Cr=1Mo alloy containing carefully controlled ratios of additions of carbon. vanadium, niobium
and _nitrogen. The alloy development work was initiated by Combustion Engineering. Inc. of Chattanooga.

» but was assimilated into a DCE program for the development of an advanced alloy for Out-Of-Core
fast reactor structural applications. Programmatic responsibility resided at Oak Ridge National
Laboratory*+, The program not only provided a properties data base for T91l, but also arranged for
fabrication of several big heats of the alloy. at both US. and Japanese steel production facilities.

The end product of that effort is a code qualified steel which provides high temperature properties
comparable to HT-9 and only slightly below those of austenitic stainless steel. but which is much less
costly to produce than are austenitic steels. A Similar steel has been developed in Japan using the same
ratios of carbon, vanadium, niobium and nﬁ;rogen5 a

A second example of ferritic/martensitic alloy research and development is in support of fusion. ‘It
has been noted that an inherent ggvantage of fusion over fission is that the nuclear reaction involves no
long-lived radioactive isotopes, ®+ . Therefore, within a few years after a machine has reached the end of
its useful lifetime. the only radioactivity remaining canes ffom the structural materials fom which the
fusion reactor is made. Five years ago, the fusion materials program began an effort to minimize the 1ong
term radioactivity of the structural components. The most direct approach is to exclude niobium. )
molybdenum, E}ckel; nitrogen, aluminum and copper fran the steel. The 1nvest1gat1:§\30f a number of possible
compositions®¢ has shown that the option of such a ™ew activation™ alloy 1s viable??. Therefore. this
line of research and development is expected to provide new alloys, with properties as good as presently
available high temperature martensitic stainless steels, for other nuclear applications.

Finally. an example is provided where private industry. in supporting research on materials development
for irradiation environments, has developed a novel alloy. Alloy MA%7 is a mechanically-alloyed ferritic
alloy. dispersion strengthened with yttria commercially available from the International Nickel Company
(INCO). 1t was developed specifically fo:mggst reactor fuel cladding applications at a time when INCO
was assisting the Alloy Development Progr « A alloy with goed high temperature stiength and high
radiation resistance was needed. The mechanical alloying process app]iesegggh energy ball milling tc
produce powders with dissimilar ingredients dispersed on a very fine scal . The powders are then
consolidated using powder metallurgy procedures. For MAS57, the result is an alloy of base composition,

Fe-14Cr-1Ti-0.25Mo, to which has been add 0.25Y 0?‘ as 5nm particles uniform(ljy dispersed through the
material. The cost of MA97 is significantly h%g er than material processed by more standard techniques

and component fabrication procedures are much more complicated and expensive. However. a compenent made
from MA957 can be expected to have unsurpassed capability; fast breeder reactor fuel cladding made from
MA957 is expected to prog1de at least a five year fuel lifetime with improved high tmperature performance
in comparison with HT-9°0, Application ef MA957 (for fast to LMR's) follows the trend ©f using metal-
matrix canposites to solve extremely difficult metallurgical problems.

CONCLUSIONS

Research and development efforts on ferritic/martensitic alloys for use in irradiation environments
have been described with regard to liquid metal reactor and fusion reactor applications, and some
contributions of those efforts to materials science and engineering have been enumerated. 1t can nor be
claimed that martensitic steels have become the materials of choice for high neutron dose environments,
To a large extent, this is due to the high swelling resistance compared t o austenitic steels. imparted by
the difference in crystal structure. Studies of irradiated ferritic/martensitic steels have demonstrated

solute segregation and precipitation phenomena similar to that found in austenitic steels. but playing a
lesser role in determining post-irradiation performance. Contributions to materials engineering include

the development of small specimen test procedures and new alloys.
FUTURE WORK

This report is intended for inclusion in the proceedings of the Symposium on Irradiation-Enhanced
Materials Science and Engineering to be published in Metallurgical Transactions.
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FALUENCE A\D HELIUM EFFECTS ON THE TENSILE PROPERTIES OF FERRITIC STEELS AT LON TEMPERATURES — R. L. Klueh
(OCak Ridge National Laboratory)

OBJECTIVE

The goal of this study is to evaluate the properties of irradiated ferritic steels. Irradiation in the
High Flux Isotope Reactor (HFIR) is used to produce both displacement damage and transmutation helium at
levels relevant to fusion reactor service.

SUMMARY

Tensile specimens of 9Cr-1MoVNb and 12Cr-1MoVW steels with up to 2% Ni and 2lgCr-1Mo steel were tested
at room temperature after irradiation at ~50°C to displacement-damage levels of 25 dpa in the HFIR. Nickel
was added to the ferritic steels to produce helium by a two-step {n,a} reaction with thermal neutrons during
irradiation in the mixed neutron spectrum of HFIR. W to 327 appm He was produced in the steels with 2 Ni.
Irradiation caused an increase in the strength of all the steels. With an increase in fluence, there was a
decrease in the rate of strength increase, but the strength was still increasing after 20 to 25 dpa.
Strength increases were accompanied by a loss of ductility, although the ductility appeared to go through a
minimum and was greater at the highest fluences than at intermediate fluences. The results were interpreted
to mean that the transmutation helium that was generated during irradiation caused part of the strength
increase.

PROGRESS AND STATUS

Introduction

Ferritic (martensitic) steels are being considered for use as first-wall and blanket-structure materi-
als for fusion-reactor applications. The ferritic steels of primary interest are 9Cr-1MoVNb, 12Cr-1MoVW,
and 214Cr-1Mo. To simulate the effect of fusion-reactor irradiation on the mechanical Eroperties of the
steels, specimens are irradiated in fission reactors, after which tensite,1-3 impact,*-3 and fatigue® data
are obtained.

Irradiation by neutrons results in displacement damage that is caused by collisions of high-energy neu-
trons with atoms of the alloy. Atoms are displaced from their normal lattice positioninto interstitial
positions, leaving behind a vacancy. It is the disposition of the interstitials and vacancies that deter-
mines the effect of the irradiation on properties. Another irradiation effect that will be important in a
fusion reactor is the high helium concentrations that will be generated in the structural materials by
transmutation reactions.

One way to study both displacement-damage and helium effects in the ferritic steels is to irradiate
nickel-doped versions of the steels in a mixed-spectrum reactor. such as the HFIR. Displacement damage is
produced by the fast neutrons in the spectrum, and helium is produced by a two-step {n,a) reaction of 38Ni
with the thermal neutrons in the spectrum.

Wren the steels are irradiated at the HFIR coolant temperature {~50°C), displacement damage causes an
increase in strength.1~3 Previous studies have examined the effect of irradiation after displacement-damage
levels of <10 dga (refs. 1-3). Under the test conditions used for the previous studies, N0 helium effect
was detected.l-2 This report extends the previous tensile results on undoped and nickel-doped 9Cr-1MoVNb
and 12Cr-1MoVW steels irradiated at the HFIR coolant temperature up to -25 dpa. Data are also presented 0n
21/4Cr-1Mo steel irradiated up to 18 dpa.

Experimental procedure

Electroslag-remelted heats of standard 9Cr-IMoVNb (0.1% Ni) and 12Cr-1MoV¥W (0.5% Ni) steels were pre-
pared by Combustion Engineering, Inc., Chattanooga, Tennessee. These compositions with 1and 2% Ni. desig-
nated 9Cr-1MoVNb-2Ni, 12Cr-1MoVW-INi, and 12Cr-1MoVW-2Ni, were also prepared. In addition to the
experimental heats, a limited number of specimens obtained from comnercial-size heats of 9Cr-1MoVNb (heat
30176) and 12Cr-1MoVW (heat 91354) steels were also irradiated and tested, along with specimens from a com-
mercial tubing heat of 214Cr-1Mo steel (heat 72768). and a 2lCr-1Mo steel specimen from heat 56447, a large
vacuum-arc remelted heat. Chemical compositions of all the steels are given in Table 1

Two types of tensile specimens were obtained from these heats. Cylindrical specimens were machined
from 6.35-mn-diam rods; the specimens had a reduced section of 2-mn diam by 183-mn long. Sheet tensile
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Table 1. Composition of Ferritic Steels

Concentration,? wt %

9Cr-1MaVNb 12Cr-1MoVW 21/4Cr-1Mo
Heat Nos. Heat Nos. Heat Nos.
Element —snive—¥A3590  XA3591 g7 558 5 56447
2% Ni 1% Ni 2% Ni

C 0.092 0.09 0.064 0.21 0.21 0.20  0.20 0.12  0.10

Mn 0.48  0.36 0.36 0.47 0.50 0.47 0.49 0.12  0.49

p 0.012 0,008 0.008  0.004  0.011 0.010  0.011 0.01

s 0.004 0.004 0.003  0.004 0.004  0.004  0.004 0.007

S 0.15  0.08 0.08  0.21 0.18 0.13  0.13 0.31  0.23

Ni 0.09 0.1 21.7 0.54  0.43 1.14 2.27 0.07 0.14

Cr 8.32  8.62 8.57  11.2 11.97 11.71  11.71 2.2 2.15

Mo 0.86  0.98 0.98  0.96  0.93 1.04 1.02 0.8 1.03

v 0.20  0.209 0.222  0.31 0.27 0.31 0.31 0.007

Nb 0.06  0.063 0.066 0.018  0.015  0.015

Ti 0.001 0.002 0.002 0.003  0.003  0.003 0.01  0.01

Co 0.017 0.013 0.015 0.02  0.017 0.015  0.021 0.003 0.01

Cu 0.03  0.03 0.06  0.04  0.08 0.05 0.05 0.1 0.06

AT 0.011 0.013 0.015 0.03  0.030  0.017  0.028 0.1 0.06

B 0.006 <0.001 <0.001 <0.0001 <0.001  <0.001 <0.001

W <0.01  0.01 0.01 0.50  0.54 0.53  0.54

As 0.001 <0.001 <0.001 0.01  <0.001 0.002  <0.002

S 0.002  0.003 0003 001 0.002 0001  0.002

zr <0.001 <0.001 <0.001 <0.001  <0.001 <0.001

N 0.055  0.050 0.053 0.020 0016 0017 0016

0 0010 0007 0.006 0.005 0007  0.007 0.007

aBalance Fe.

specimens were machined from 0.76-mn-thick cold-rolled sheet. These specimens had gage lengths parallel to
the rolling direction with a reduced section 203-mn long by 1.52-mm wide by 0.76-mn thick.

The specimens were irradiated in the normalized-and-tempered condition. For the rod specimens, heat
treatment was carried out on the rods prior to machining; the sheet tensile specimens were heat treated
after machining. Heat treatments were carried out in a helium atmosphere. The normalizing treatment for
all of the 9Cr steels was 05 h at 1040°C and for the 12Cr steels 05 h at 1050°C. After normalizing, the
steels were pulled into the cold zone of the tube furnace and cooled in flowing helium. All of the
9Cr-1MoVNb steels were tempered 1 h at 760°C. All of the 12Cr-1Mo¥W and 12Cr-1MoVW-1Ni steels were tempered
25 h at 780°C. The 9Cr-1MoVNb-2Ni and 12Cr-1MoVW-2Ni steels were tempered 5 h at 700°C. Tempered
martensite microstructures were obtained for the 9Cr and 12Cr steels by such heat treatments. The
2l/aCr-1Mo steel specimens were normalized by annealing 05 h at 900°C and cooling in flowing helium; they
were tempered 1 h at 700°C. The microstructure after this heat treatment was 100%tempered bainite.
Details on heat treatment and microstructure have been published.l=3:7

Specimens were encapsulated in thin-wall aluminum tubes that were hydrostatically collapsed onto the
specimens prior to irradiation in HFIR at the reactor coolant temperature of ~50°C. For irradiation, the
specimens capsules containing rod-tensile specimens were irradiated in the peripheral target positions of the
reactor and were designated as HFIR-CTR-TI and HFIR-CTR-T2. Sheet specimens were also irradiated in the
beryllium-reflector region of the reactor in capsules designated HFIR-CTR-RB1 and HFIR-CTR-RB2. Individual
cylindrical specimens were aligned along the length of the capsule, while sheet specimens were stacked in
sets of five along the length before encapsulation. These sealed tubes were irradiated in direct contact
with the coolant.

Irradiation fluence and displacement-damage level for each specimen depended on the position of the
specimen in the capsule. Fluence was a maximum at the reactor centerline and decreased as the distance from
the centerline increased. The cylindrical specimens were irradiated as follows: HFIR-CTR-T1was irradiated
to a fast fluence of 20 to 3.2 x 1025 neutrons/m?Z (E > 0.1 MeV), corresponding to displacement-damage lev-
els of 15 to 24 dpa. Irradiation of HFIR-CTR-T2 was to a fluence of 4.4 to 6.9 x 1025 neutrons/m? (E > 0.1
MeV), corresponding to 32 to 51 dpa. The sheet specimens were irradiated as follows: HFIR-CTR-RB1
received a fluence of 86 to 90 x 1023 neutrons/m? with damage levels of 5.2 to 55 dpa; HFIR-CTR-RB2
received a fluence of 08 to 17 x 1026 peutrons/m% with damage levels of 5.0 and 103 dpa. Helium concen-
tration also depended on the position of the specimen in the capsule and the amount of nickel in the
material. Calculated displacement-damage level and helium concentrations for each specimen are given in
Table 2
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Table 2 Room-Temperature Tensile Properties for Irradiated and Unirradiated
9Cr~1MoVNb and 12Cr-1MoVW Steels With and Without Nickel

Displacement Strength (MPA} Elongation (%)
Damage Hel lum

{dpa) {appm} ¥s uts

Experiment
Uniform Total

9Cr-1MoVNh Steel, Heat XA-3590

RB,33 control O 0 541 656 51 96
T1,T2 control 0 0 528 659 5.2 129
T2 43 3 907 921 06 40
T2 4.7 4 932 935 03 28
RB2 7.1 7 990 990 03 24
33 9.3 11 878 878 02 32
T1 20.2 20 1009 1022 0.4 54
Ti 22.3 22 1010 1014 04 55
9Cr-1MoVNb Steel, Heat 30176
RB1 53 5 879 881 03 20
9Cr-1MoVNb-2Ni Steel, Heat XA-3591
RB,33 control 0 0 734 851 37 75
T1,T2 control 0 0 750 856 27 84
T2 45 37 1230 1264 06 28
RB2 50 80 1255 1258 03 15
33 9.3 80 1289 1297 04 16
71 211 289 1357 1383 04 6.3
12Cr-1MoVW Steel, Heat XAA-3587
RB,33 control 0 0 553 759 8.1 11.2
T1,T2 control O 0 569 759 51 13.0
T2 32 8 950 978 08 49
T2 47 11 976 1004 0.8 51
33 93 22 980 992 04 29
RB2 10.3 44 1027 1047 06 65
Tt 15.1 56 1041 1060 06 64
Tl 224 83 1049 1082 06 65
12Cr-1MoVW Steel, Heat 91354
R8.33 control 0 0 549 716 6.6 99
RB1 55 19 986 998 04 20
33 93 26 983 987 0.3 21
12Cr-1MoVW-1Ni Steel, Heat XAA-3588
k8,33 control 0 0 576 800 71 106
T1.T2 control 0 0 583 791 78 10.5
T2 4.2 17 1064 1098 09 35
T2 51 36 1033 1087 10 28
RBZ 9.0 73 978 1001 06 26
33 93 45 1115 1134 06 30
Tl 184 129 1152 1194 0.6 50
Tl 23.7 167 1147 1180 0.6 51
12Cr-1MoVW-2Ni Steel, Heat XAA-3589
RB,33 control 0 0 719 899 46 78
T1,T2 control 0 0 754 920 39 90
T2 51 42 1220 1277 09 29
33 9.1 74 1227 1249 05 22
RB2 93 145 1264 1298 08 25
T1 241 327 1338 1400 1.0 6.1
21iaCr-1Mo Steel, Heat 72768
RB,33 control 0 0 581 663 84 12.8
T1,T2 control 0 0 535 632 58 12.7
T2 40 3 948 953 04 29
33 64 8 1027 1027 0.1 17
T1 184 18 1016 1016 03 56
214Cr-1Mo Steel, Heat 56447
RB control 0 0 645 a34 6.3 9.6
RBL 52 5 973 995 05 31
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In addition to the specimens irradiated in the Tl, T2, RB1, and RB2 experiments, specimens irradiated
in HFIR-CTR-33 will also be discussed. This was an irradiation capsulel-3 that contained sheet specimens
and was irradiated at the HFIR coolant temperature to a maximum fast fluence of 1.3 x 1028 neutrons/m?

(E > 0.1 MeV), which gave ~9 dpa. The control specimens for that experiment are the same as those for RB1
and RB2.

Room-temperature tensile tests were conducted in a vacuum chamber on a 44-kN capacity Instron universal
testing machine using a crosshead speed of 0.0085 mm/s, which gives a nominal strain rate of 4.6 x 10-%/s
for the sheet specimens and 4.2 x 10~*/s for the rod specimens. Unirradiated controls were tested for com-
parison with the irradiated specimens.

Results

Table 2 lists the tensile properties for the control specimens and the specimens irradiated in the
HFIR-CTR-T1, -T2, -RB1, -RB2, and -33 capsules. Irradiation conditions for each irradiated specimen are
also given.

Results for the control specimens indicated that there was good agreement between the yield stress (YS)
and ultimate tensile strength {UTS) for the rod (Tl and T2 experiments) and sheet specimens (RB1, RB2, and
33 experiments). Even the uniform and total elongation values were similar. This agreement occurred
despite the fact that the materials were heat treated separately and in different geometrical product forms.

The Y5 and UTS data for the unirradiated and irradiated 9Cr-1MoVNb and the 9Cr-1MoVNb-2Ni steel are
shown in Fig. 1 as a function of displacement-damage level (fluence). Although there was scatter in the
data, the trends for both the YS and UTS were quite clear. The character of the curves for both the
9Cr-1MoVNb and 9Cr-1MoVNb-2Ni steel! were similar: both showed an increase in strength with increasing
displacement-damage level. However, with increasing fluence, the rate of increase in strength leveled off.
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Fig. 1. The (a) yield stress and (b) ultimate tensile strength of the 9Cr-1MoV¥Nb and 9Cr-1MoV¥Nb-2Ni
steels as a function of fluence.
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Because of the different tempering temperatures used for the 9Cr-1MoVNb and the 9Cr-1MoVNb-2Ni, the
unirradiated YS of the 9Cr-1MoVNb-2Ni was greater than that of the 9Cr-1MoVNb. As the displacement damage
increased, however, the difference in strength for the two steels increased, indicating that the
9Cr-1MoVNb-2Ni had hardened more than the 9Cr-1MoVNb, There was about a 200 MPa difference in Y$ in the
unirradiated condition that increased to about a 350 MPa difference after 20 dpa. The UTS showed a similar
behavior.

The uniform and total elongation are shown in Fig. 2. In Fig. 2{a), the total elongation is shown as a
function of displacement damage for the 9Cr steels. Considerable scatter is evident in the data.
Irradiation to damage levels of 4 to 10 dpa caused a considerable Toss of ductility for both the 9Cr-1MoVNb
and the 9Cr-1MoVNb-2Ni steels. After irradiation to 4 to 10 dpa, there was little difference in total elon-
gation for the 9Cr-1MoVNb and 9Cr-1MoVNb-2Ni steels. Although only one specimen of 9Cr-1MoVNb-2Ni steel and
two specimens of 9Cr-1MoVNb steel were irradiated to ~20 dpa, both steels showed an increase in total elon-
gation over that after irradiation to 4 to 10 dpa. There was also good agreement among all three values.

It appears from these results that the total elongation went through a minimum with fluence.

The change in uniform elongation with displacement damage showed a similar decrease with increasing
damage level, but an eventual increase in elongation at higher fluences was not found [Fig. 2(b)}. The uni-
form elongation for both the 9Cr-1MoVNb and the 9Cr-1MoVNb-2Ni steels dropped to quite low values after
irradiation. After ~4.5 dpa, a value of 0.6% was observed; this dropped to 0.2 to 0.4% after 5 to 10 dpa.
Finally, after ~20 dpa, a value of 0.4% is observed for both steels.

Results for the 12Cr-1MoVW, 12Cr-1MoVW-1Ni, and 12Cr-1MoVW-2Ni steels (heats 91354, XAA-3587, -3588,
and -3589) were similar to those for the 9Cr steels (Figs. 3 and 4). With increasing displacement damage,
the Y5 and UTS increased. The rate of increase decreased as the damage level increased, especially above
about 5 dpa (Fig. 3). The effect of nickel content on strength noted for the 9Cr steels was also observed
for the 12Cr steels. This effect was most easily seen by comparing the YS and UTS behavior of the
12Cr-1MoVW and 12Cr-1MoVW-1Ni steels, which had similar strengths in the unirradiated condition. After
irradiation to ~20 dpa, the YS of the 12Cr-1MoVW-1Ni steel increased about 100 MPa more than that for
12Cr-1MoVW steel. Likewise, aTthough the YS of the 12Cr-1MoVW-2Ni steel was about 135 MPa above that for
the 12Cr-1MoVW-1Ni steel in the unirradiated condition, the difference was about 175 MPa at 20 dpa [Fig.
3{a}]. The UTS difference [Fig. 3(b)] went from ~115 to 185 MPa.
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steels as a function of fluence.
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Fig. 3. The (a) yield stress and (b) ultimate tensile strength of the 12Cr-1MoVW, 12Cr-1MoVNb-1Ni,
and 12Cr-1MoVW-2Ni steels as a function of fluence,

ORNL —DWG 88 —8330

14 i | ! I T I ORNL —OWG 88— 6331
. 4 T T T T |
12 —
12 —
?f'szxRPBE‘RAgEZN;g STEEL (HEAT NO. ’;f‘?f’g’;‘:gg”;g STEEL (HEAT NO.
0 . © o 12Cr—{MoVW (XAA 3587) | . ° o 12Cr—IMoVW (XAA 3587)
] f‘ a N & 12Cr— IMOVW—1Ni {XAA 3568) 10| a & 12Cr—iMOVW—INi (XAA 35881
= ™ o O 12Cr—IMovW—2Ni (XAA 3569} 5] . o g 12Cr — MoV W—2Ni {XAA 3589)
a
z J,— ¢ ¢ 12Cr—1iMoVW (91354) z ¢ ¢ 12Cr--iMoVW (94354)
L 8 I g —
0 L ! -
z [4]
o z
pur} ° . . S
WG - . - o |
4 z °
L ] A A
® [ ]
5 -
Fogq - . . S 49— ]
[+]
-
2 - ] 9 — F —
[ ]
"‘.. eo s & .a
o ! | | | | ol i n 1
0 5 10 15 20 25 30 0 5 10 5 20 25 20
DISPLACEMENT DAMAGE (dpal (b) DISPLACEMENT DAMAGE (dpa)

{a)

Fig. 4. The (a) total elongation and {(b) uniform elongation of the 12Cr-1MoVW, 12Cr-1MoVNb-1Ni, and
12Cr-1MoVW-2Ni steels as a function of fluence.

The ductility behavior of the 12Cr steels {Fig. 4) was also similar to that for the 9Cr steels. The
stee] with no nickel added showed the largest decrease, followed by the steel with 1% Ni, because these
steels had the highest ductilities before irradiation. The total elongation again showed indications of a
minimum after displacement-damage levels of 5 to 10 dpa [Fig. 4(a)]. After 15 dpa or more, all three steels
had elongations above those at 10 dpa. The uniform elongation decreased dramatically to less than 1% for
damage levels of ~5 dpa, beyond which the uniform elongation leveled off at a value of ~0.6% [Fig. 4(b)].
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The 2lCr-1Mo steel has received less attention as a candidate for fusion-reactor applications than
9Cr-1MoVNb and 12Cr-1MoVW. For that reason, fewer specimens of that steel were in the irradiation capsules
being reported on in this report. Results for the 214Cr-1Mo steel specimens are given in Table 2. 10 Fig.

5(a) the YS and UTS are shown as a function of displacement damage, and in Fig. 5(b}, the uniform and total
elongation are shown.

The trends in strength and ductility observed for the 9Cr-iMo¥Nb and 12Cr-1MoVW steels were also
observed for the 2}4Cr-1Mo steel. There was a large increase in strength with fluence up to -5 dpa.
However, beyond 5 dpa the strength increased very little [Fig. 5(a}]. The trends for the uniform and total
elongations [Fig. S(b}] were also similar to those of the 9Cr-1Mo¥Nb and 12Cr-1MoVW steels. Again, there
was an indication of a minimum in the total elongation with increasing fluence, whereas the uniform elonga-
tion remained below 0.5% for damage levels greater than 4 dpa.
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Fig. 5. The (a) yield stress and ultimate tensile strength and (b) uniform and total elongation of
24aCr-1Mo steel as a function of fluence.

Discussion

At low temperatures (<0.35 Ty, where Ty is the absolute melting point), the irradiation-induced defects
(vacancies and interstitials) are expected to have limited mobility, and the primary mode of defect annihi-
lation will be the recombination of vacancies and interstitials.®? Interstitials remain mobile to much
lower temperatures than vacancies. For temperatures of 035 Ty < T < 06 Ty, the mobility of the defects
increases, resulting in a void and dislocation structure; the voids and dislocations become the primary
sinks for the vacancies and interstitials, respectively.?

_Interstitials are the mobile defects at the low temperature of the present tests. Those that are not
annihilated by recombination with vacancies form dislocation loops, which cause an increase in flow stress

and a decrease in ductility.® The excess vacancies are essentially frozen in the lattice and can also con-
tribute to hardening. The number of loops == and thus the strength == saturates, although the loops will
continue to grow.3» & Under a given set of irradiation and temperature conditions, a steady-state defect
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concentration is expected, where the number of defects created by irradiation equals the number annihilated
plus those incorporated in sinks.8:9 There have been few studies on the effect of neutron fluence on ten-
sile behavior at low temperatures to confirm this predicted behavior.

The Present results for the 9Cr and 12Cr steels indicated that irradiation in the low-temperature
regime {7 < 035 Ty} caused the rate of increase in strength to decrease significantly with increasing
fluence between about 5 and 10 dpa (Figs. 1 and 3). Although the data are limited, we interpreted the
results for the steels with 2% Ni to indicate that after the rather rapid decrease in hardening rate beyond
-5 dpa, saturation had not yet occurred, and there was still an upward slope to the strength-displacement-
damage curves. The limited data for the 2l44Cr-1Mo steel gives an indication that a saturation level may have
been achieved (Fig. 5). Likewise, the slopes of the strength-fluence curves for the standard 9Cr and 12Cr
steels are not as large as the slopes of the curves for the steels with 2% Ni (Figs. 1 and 3).

There was one important difference between the present experiment and previous work: the 9Cr and 12Cr
steels both contained a larger range of helium than was present in previous experiments."™ As pointed out
in the Results section, the absolute increase in strength caused by the irradiation of the nickel-doped
steels was substantially greater than that for the undoped steels. The main difference between the nickel-
doped steels and_the undoped steels was the transmutation helium produced by the presence of nickel.
Previous studies? indicated that nickel does not affect the microstructure of the 9Cr and 12Cr steels in
the unirradiated condition. The difference in unirradiated strengths in the steels with 2% Ni and those to
which no nickel was added is caused by the difference in tempering and its relative effect on the
microstructure, not new microstructural effects induced by the nickel addition.’' Likewise, it was found
that nickel additions did not in general have a significant effect on precipitation when irradiated in HFIR
to 37 to 39 dpa at 300, 400, 500, and 600°C. except in the 9Cr-1Mo¥Nb-2Ni steel at 400 and 500°C.!2Z Because
minimal diffusion of solutes is expected for the low-temperature irradiations in the present investigation,
nickel would be expected to cause little change in precipitates.

To demonstrate a helium effect on the present results, it is necessary to examine the strength-dpa
curves. For this discussion, we will concentrate on the YS behavior of the 12Cr-1MeVW and 12Cr-1MoVW-1Ni
steels [Ffg. 3{a}]. In the unirradiated condition, there was little difference in the ¥S of these two
steels. Although the sparse amount of data at low fluences did not allow an accurate determination of the
damage level at which the strength of the 12Cr-iMoVW-1Ni steel became greater than that of the 12Cr-1MoVW
steel, it was higher at 5 dpa, which corresponds to about 35 and 15 appm He for the 12Cr-1MoV¥W-1Ni and
12Cr-1MoVW, respectively. Therefore, the data suggest that the difference between the 12Cr-iMo¥W and
12Cr-1MoVW-1Ni steels after irradiation is caused by the larger amounts of transmutation helium in the
12Cr-1MoVW-1Ni steel. The differences in ¥S between the 12Cr-1Mo¥W-1Ni and the 12Cr-1MoVW-2Ni and between
the 9Cr-1MoVNb and the 9Cr-1MoV¥Nb-2Ni give similar indications when the preirradiation strength differences
are taken into account. Based on the available data (few data are available below 5 dpa}, the rate of
increase in strength with dpa decreased abruptly somewhere around 5 dpa. The strength at which this
decrease in slope occurred depended on the helium concentration: the higher the helium concentration, the
higher the strength. By around 10 dpa, the slope of the strength-displacement-damage curves was much less
than it was below 5 dpa. The UTS behavior was similar to that of the ¥S (Figs. 1 and 3).

The observation that the strength at which the rate of hardening increases depends on the helium
(nickel) concentration of the alloy would seem to indicate that helium has a significant effect at the low-
est helium concentrations. With the scatter inherent in the data along with the limited number of data
points, it is not possible to estimate a slop