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FOREWORD 

This is the sixteenth in a series of semiannual technical progress reports on fusion reactor 
materials. This repon combines research and development activities which were previously reponed 
separately in the following progress reports: 

Alloy Development for Irradiation Performance 

Damage Analysis and Fundamend Studies 

Special Purpose Materials 

These activities are concerned principally with the effects of the neutronic and chemical 
environment on the properties and performance of reactor materials; together they form one element of the 
overall materials programs being conducted in support of the Magnetic Fusion Energy Program of the US.  
Depamnent of Energy. The other major element of the program is concerned with the interactions between 
reactor materials and the plasma and is reponed separately. 

The Fusion Materials Program is a national effort involving several national laboratories, 
universities, and industries. The purpose of this series of reports is to provide a working technical record 
for the use of the program participants, and to provide a means of communicating the efforts of materials 
scientists to the rest of the fusion community, both nationally and worldwide. 

This report has been compiled and edited under the guidance of A. F. Rowcliffe by G. L. Bum. 
Oak Ridge National Laboratory. Their efforts. and the efforts of the many Dersons who made technical 
contributions, are gratefully acknowledged. 

F. W. Wiffen 
Division of Advanced Physics 

and Technology 



iv 

Reports previously listed in this series are as follows: 

DOEVER-03 13/1 

WF,/ER-0313/2 

DOEVER-0313/3 

WEIER-0313/4 

DOEiER-0313/5 

DOEIER-03 13/6 

DOEiER-0313f7 

DOEVER-03 13/8 

DOEVER-03 1319 

DOE/ER-0313/10 

DOE/ER-0313/11 

DOEER-03 13/12 

WEVER-03 13/ 13 

DOE/ER-0313/14 

DOEVER-0313/15 

DOEER-03 13/1oO 

Period ending September 30.1986 

Period ending March 31,1987 

Period ending September 30,1987 

Period ending March 31,1988 

Period ending September 30.1988 

Period ending March 31.1989 

Period ending September 30,1989 

Periodending March 31,1990 

Period ending September 30,1990 

Period ending March 31,1991 

Period ending September 30,1991 

Period ending March 31.1992 

Period ending September 30,1992 

Period ending March 31,1993 

Period ending September 30,1993 

Technical Evaluation of the Technology of Vanadium Alloys for Use as Blanket 
S u u c t d  Materials in Fusion Power Systems 



V 

1.0 

1.1 

1.2 

2.0  
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2 .2  

IRRADIATION FACILITIES, TEST MATRICES, AND EXPERIMENTAL 
M E T H O D S  . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
STATUS OF U.S./JAPAN COLLABORATIVE PROGRAM PHASE I1 HFIR TARGET 
AND RB* CAPSULES - J. E. Pawel, R. L. Senn. and A. W. Longest (Oak Ridge National 
Laboratory) and K. Shiba (Japan Atomic Energy Research Institute). . . . . . . . . . . . . . . . . .  

Capsules HFIR-MFE-JP9 through 16 were installed in the High Flux Isotope Reactor (HFIR) 
target July 20.1990 for irradiation beginning with HFIR fuel cycle 289. Of these eight target 
capsules, JPIO, 11.13,16 accumulated 18 dpa and were removed from the reactor in 
September 1991. JP14 was removed from the. reactor at the end of cycle 310 (September 
1992) after achieving a peak dose of 34 dpa Capsules JP9,12, and 15 completed 35 cycles on 
April 1.1994 and were removed fmm the target region. Each capsule had accumulated a peak 
dose of approximately 57 dpa 

Three new capsules, HFIR-MFE-JP20.21, and 22, have been designed to complete the 
original experiment matrix of the JP9 through JP16 series capsules. Irradiation began in 
December 1993 with the start of cycle 322. As of April I,  1994 (end of cycle 324). each 
capsule had achieved approximately 4.9 dpa. 

The RB* experiments are the continuation of the ORR spectrally tailored experiments. In this 
stage, a hafnium liner is used to modify the s p e c m  to simulate fusion helium to 
displacements per atom (Hddpa) ratio in the austenitic steel specimens. Of the four capsules 
in this set, two (6oJ-1 and 33OJ-1) were disassembled during this reporting period after 
accumulating a peak dose in HFIR of 11 dpa Two capsules (2OOJ-1 and 4OOJ-1) are in the 
reactor and have achieved a dose of 5.5 dpa 

assembly. The MOTA-IA experiment was irradiated from January 18,1983, to October 23, 

THE COBRA-IB IRRADIATION EXPERIMENT IN EBR-11- H. Tsai, A. G. Hins, 
R. V. Strain, and D. L. Smith (Argonne National Laboratory). . . . . . . . . . . . . . .  
Design of the COBRA-IB -ation experiment began in this reporting period and is in 
progress. The target reactor i n s d o n  dale. for COBRA-IB is September 1994. Technical and 
programmatic feasibility approval for the experiment has been granted by EBR-I1 Operations. 

DOSIMETRY, DAMAGE PARAMETERS, TRANSMUTATION, AND 
ACTIVATION CALCULATIONS. .  ............................. 
REVISED NEUTRON DOSIMETRY RESULTS FOR THE MOTA-2A EXPERIMENT 
IN FFTF- L. R. Greenwood (Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . . .  

Revised neumn fluence and damage values are reporled for the MOTA-2A experiment in the 
Fast Flux Test Facility (FfTFl. This revision corrects an emf with processing of the 
235U(n.0 reaction. Net corrections are on the order of 5%.  

REANALYSIS OF NEUTRON DOSIMETRY FOR THE MOTA-INIB EXPERIMENTS 
IN FFTF - L. R. Greenwood (Pacific Northwest Laboratory). ...................... 
Neunon fluence and specual measurements and radialion damage calculations have been revised 
for the MOTA-lA, 1B experiments in the Fast Flux Test Facility (FITF). The data were 
revised in order to correct for nuclear bumup effects for several of the radiometric monitors, 
thereby inaeasing the fluence and damage up lo 20%, according to position the MOTA 

1 

3 

8 

11 

13 

15 



vi 

1983. for an exposure of 202.0 EFPD. MOTA-1B was irradiated from Jaouaty 1.1984, to 
April 23, 1984, for an exposure of 109.4 EFPD. Neutron fluence and dpa values are. presented 
for both assemblies. 

2.3. NEUTRON DOSIMETRY FOR THE MOTA-2B EXPERIMENT IN F F F  - 
L. R. Greenwood and L. S. Kellogg (Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . .  21 

Neutron fluence and spectral measurements and radiation damage calculations are reported for 
the Materials Open Test Assembly (MOTA-)2B experiment in the Fast Flux Test Facility 
(ITIT). The irradiation was conducted from May 27.1991, to March 19,1992, for a total 
exposure of 203.3 EFPD (effective full-power days). The maximum fluence was about 9 x 

above 0.1 MeV producing about 24 dpa in iron. Neutron fluence and 
radiation damage maps are presented for the entire MOTA assembly based on the analysis of 
ten neutron spectral measurements and fourteen additional flux gradient measurements. 

NEUTRON DOSIMETRY FOR THE MOTA-IC EXPERIMENT IN FFTF - 
L. R. Greenwood (Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

Neutron fluence and spectral measurements and radiation damage calculations have been 
completed for the Materials Open Test Assembly (MOTA)-IC experiment in the Fast Flux 
Test Facility 0. Although this irradiation was completed in 1985. the neutron dosimetry 
data were never analyzed. The MOTA-IC experiment was irradiated in cycles 5 and 6 from 
June 16, 1984, to June 24, 1985, for an exposure of 256.7 EFPD (effective full power days). 
The irradiation was conducted at 400 M W .  Neumn fluence and dpa values are presented. 

TRANSMUTATIONS OF ELEMENTS UNDER IRRADIATION AND ITS IMPACT 
ON ALLOYS COMPOSITION - I. C. Gomes and D. L. Smith (Argonne National 
Laboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  33 

This study presents a comparison of nuclear transmutatiou rates for candidate fusion fust 
wallhlanket structural materials in available fusion test reactors wirh those produced in a 
typical fusion spectrum. The materials analyzed in this study include a vanadium alloy (V- 
4Cr-4Ti). a reduced activation martensitic steel (Fe-Kr-ZWVTa), a high conductivity copper 
alloy (Cu-Cr-Zr), and the SIC compound The fission irradiation facilities considered include 
the EBR-I1 (Experimental Breeder Reactor) fast reactor, and two high flux mixed spectrum 
reactors, HFIR (High Flux Irradiation Reactor) and SM-3 (Russian reactor). The uansmutation 
and dpa rates that occur in these test reacton are. compared with the calnrlated uansmutation 
and dpa rates characteristic of D-T fusion f m t  wall spectrum. In general, past work has shown 
that the displacement damage produced in these fission reactors can be correlated to 
displacement damage in a fusion spectrum: however, the generation of helium and hydrogen 
through threshold reactions [@,xa) and (N,xp)l are much higher in a fusion spectrum. As 
shown in this study, the compositional changes for several candidate structural materials 
exposed to a fast fission reactor spectrum are very low. similar to those for a characteristic 
fusion spectrum. However, the relatively high thermalized spectrum of a mixed spectrum 
reactor produces transmutation rates quite different from the ones pmhcted for a fusion reactor, 
resulting in substantial differences in the final composition of several candidate alloys after 
relatively short irradiation time. As examples, the transmutation rates of W, Ta, V, Cu, 
among others, differ considexably when the irradiation is performed under a mixed spectrum 
reactor's and fusion first wall's spectrum. The out-of-core positions in mixed spectrum 
reactors can be partially shielded against low energy neutrons, e.g., by hafnium. to reduce the 
msmutation rates but the displacement rates at these positions are much lower than those for 
the wre positions. Fast reactors (EBR-II) provide the only possibility for obrajning high 
damage rates without producing significant compositional effects in vanadium alloys, ferritic 
steels, and copper alloys. 

n/cm2, 6 x 
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2.6 CALCULATIONS TO DtlERMINE THE FEASIBILITY OF USING A BORON 
CARBWE SIIIELD FOR SPECTRAL TAILORING IN THE HFIR FOR VANWAUIUM 
ALLOY IRRADIA1’ION-R. A. Lillie (Oak Ridge National Laboratory). . . . . . . . . . . . . . . .  43 

A neutron transpon calculation has been performed to determine the feasibility of creating a 
shielded facility in the Be reflector of the HHR. It was found that the B4C provides 
satisfactory spectral tailoring to reduce production of Cr below the tolerance limit for Cr in the 
original alloys. The shield would have to be replaced after eight cycles or 5 dpa but the 
operations schedule for the HHR makes it easier to replace the shield after seven cycles. Three 
shields would then have to be used in order to reach 10 dpa  This facility would provide the 
equivalent of a low-temperature fast neutron position in the HFIR for development and 
p r e l i m i n a r y  qualification of vanadium alloys for fusion devices. 

TRANSMUTATION IN COPPER-BASE BRAZING MATERIALS - F. A. Gamer, 
L. R. Greenwood, and D. J. Edwards (Pacific Northwest Laboratory). . . . . . . . . . . . . . . . .  
Brazing compounds conraining silver or gold will transmute during irradiation, forming 
significant amounts of either cadmium or mercury, respectively, in all neutron spectra of 
current interest to the fusion materials program. The impact of this transmutation on braze 
performance and on development of fssion-fusion conelations has yet to be determined but 
will he addressed in an irradiation experimeut that was recently completed in FETF-MOTA. 
A lesser amount of transmutation will occur in brazes containing tin, but no specimens 
containing brazes with tin have yet been irradiited. 

2.7 
47 

3.0 MATERIALS ENGINEERING AND DESIGN REQUIREMENTS..  . . . . . . . . .  51 

ITER MATERIALS PROPERTIES HANDBOOK - J. W. Davis, McDonnell 
Douglas Aerospace. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  53 

In December the ITER Joint Central Team authorized the creation of a Materials Properties 
Handbook. This Handbook is a cooperative activity between the four parties of ITER (Japan, 
the E.U., the R.F., and the U.S.). The U.S. Home Team has been selected to coordinate the 
documentation. while all four Parties will provide data During this period the effort focused 
on organizing this activity. developing a format for use by all of the parties, and demonstrating 
the ability to electronically uansfer fdes between the four parties. First draft of the Handbook 
is scheduled for July. 

4.0  FUNDAMENTAL MECHANICAL BEHAVIOR.. . . . . . . . . . . . . . . . . . . . . . . .  57 

No contributions. 

AND MODELING . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  59 

VOID SWELLING IN BINARY FE-CR ALLOYS AT 200 DPA - D. S. Gelles 
(Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  61 

5 . 0  RADIATION EFFECTS, MECHANISTIC STUDIES, THEORY, 

5.1 

Microstructural examinations have been performed on a series of binary Fe-Cr alloys irradiated 
in the FFTFNOTA at 425°C to 200 dpa. The data represent the highest swelling levels 
reported in neutron irradiated femtic alloys. The alloy compositions ranged from 3 to 18% Cr 
in 3% Cr increments, and the irradiation temperature corresponded to the peak swelling 
condition for this alloy class. Density measurements showed swelling levels as high as 7.4% 
with the highest swelling found in the Fe9Cr and F e C r  alloys. Microstructural examinations 
revealed that the highest swelling conditions contained Felldeveloped voids, often as large as 
100 nm, and a dislocation network comprised of both -<111> and a<100> Burgers vectors. 
Swelling was lower in the other alloys, and the swellinzreduction could be correlated with 
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increased precipitation. These results are considered in light of the current theories for low 
swelling in ferritic alloys, but no theory is available to completely explain the results. 

DATA BASE ON PERMEATION, DEWJSION. AND CONCENTRATION OF 
HYDROGEN ISOTOPES IN FUSION REACTOR MATERIALS - J. L. Brimball, 
E. P. Simonen, and R. H. Jones (Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . . . .  
In evaluating fusion reactor performance, knowledge about permeation, diffusion, and 
concentration of hydrogen isotopes throughout the structure is of critical importance. The dam 
base on hydrogen isotope permeation in relevant fusion reactor materials is reviewed in this 
repofi Comparisons are made within alloys of the same type as well as with all the other 
classes of alloys. Both gasdriven permeation (GDP) and plasmadriven permealion (PDP) are 
included. Data on GDP behavior in Fe and Ni alloys are relatively consistent In metals that 
have a high solubility and/or are hydride formers, e&, V, Nb. Ti, there is much more 
variation in the data, and surface effects play a very dominant role. Permeation under plasma 
conditions is less well understood as more variables enter the relationship, e.g., reemission 
phenomena, internal concentration gradients, radiation effects, etc. The data show tha~  
materials do not necessarily rank in the same order under PDP conditions as under GDP 
conditions. A summary of the factors that influence permeation and the relative magnitude of 
their effect is given in the report 

5.2 

80 

6.0 DEVELOPMENT OF STRUCTURAL ALLOYS..  ...................... 109 

6 . 1  FERRITIC MARTENSITIC AND BAINITIC STEELS. . . . . . . . . . . . . . . . . . .  109 

6.1.1 DEWLOPIVENT OF LOW-CHROMIUM, CHROMIUM-TUNGSTEN STEELS FOR 
FUSION - R. L. Klueh and D. J. Alexander (Oak Ridge National Laboratory). . . . . . . . . .  

Highchromium (9-12% Cr) 0 - M o  and Cr-W ferritic steels are favored as candidates for fusion 
applications. In the early work to develop reduced-activation steels. an Fe-2.25Cr-2W-O.25V- 
0. IC steel (designated 2 I/4Cr-ZWV) had better strength lhan an Fe-90-2W-0.25V-0.07Ta- 
0.1C (9Cr-2WVTa) steel (compositions are in weight percent). However, the 2 1/4Cr-2WV 
bad less-than-adequate impact toughness. as determined by the ductile-brittle transition tempera- 
ture and upper-shelf energy of a Charpy impact test Because lowchromium steels have some 
advantages over high-chromium steels, a program to develop low-chromium steels is in 
progress. Microstructural analysis indicated that the reason for the inferior impact toughness 
of the 2 1/4Cr-2WV was the granular-bainite microstructure obtained when the steel was 
normalized. Properties can be improved by developing an acicular bainite structnre by increas- 
ing the cooling rate after austenitization. Alternatively, acicular bainite can be promoted by 
increasing the hardenability. Hardenability was changed by adding small amounts of boron and 
chromium to the 2 1/4Cr-2WV composition. A combination of B, Cr, and Ta additions 
resulted in low-chromium reduced-activation steels with mechanical properties comparable to 
those of 9Cr-ZWVTa. 

6.1.2 MICROSTRUCTURE-MECHANICAL PROPERTIES CORRELATION OF IRRADIATED 

R L. Klueh (Oak Ridge National Laboratory), Ji-Jung Kai (National Tsing Hua 
University, Taiwan), and D. J. Alexander (Oak Ridge National Laboratory). . . . . . . . . . . .  

Tensile, Charpy, and transmission electron microscopy specimens of two conventional steels, 
modified 90-1Mo (9Cr-lMoVNb) and Sandvik “I9 (120-IMoVW), and two reduced- 
activation steels, Fe-9Cr-2W-0.25V-O.IC (9Cr-2WV) and Fe-9Cr-2W-0.25V-0.07Ta-O.lC 
(9Cr-2WVTa). were irradiated in the Fast Flux Test Facility. Before irradiation, was 
the primary precipitate in all four steels. which also contained some MC. Neutron irradiation 
did not substantially alter the MuC6  and MC. No new phases formed during irradiation of 
the 9Cr-2WV and Wr-ZWVTa, but chi-phase precipitated in the 90-1MoVNb and chi-phase 
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and a' precipitated in the 12Cr-IMoVW. Inadiation-produd dislocation loops were obsaved 
in 9Cr-ZWV. 9Cr-2WVTa, and I2Cr-IMoVW. The irradiation-produced mimsuuctural 
changes caused the steels to harden, as measured by the change in yield stress. Hardening was 
correlated with a change in the Charpy impact properties of 9Cr-IMoVNb. 12Cr-lMoVW. and 
9Cr-ZWV. Although irradiation caused a yield stress increase of the 9Cr-2WVTa similar to 
that for 9Cr-2WV and 9Cr-1MoVNb. the change in Charpy pmpedes was considerably less 
for 9Cr-ZWVTa This difference in charpy behavior of the 9Cr-2WVTa with that of the 9 0 -  
2WV and Xr-1MoVNb was amibuted to differences in the fracture stress-temperature 
relationship andor the flow stress-temperalure relationship between the 9Cr-2WVTa and the 
other two 9Cr steels. 

6.1.3 CONSEQUENCES OF NO POSTWELD HEAT TREATMENT ON THE FRACTURE 
TOUGHNESS OF LOW ACTIVATION MARTENSITIC STEELS - Huaxin Li 
(Associated Westem Universities, Northwest Division), D. S. Gelles and R. H. Jones 
(Paciic Northwest Laboratory). ......................................... 142 

Fracture toughness has been measured for two conditions of low activation martensitic steel F- 
82H, the fust, a fully tempered condition and the second, corn letely untempered. In the fully 
tempered conditions. F-82H has a J1c toughness of 284 kJ/m!O<Ic = 263.8 MPadm), but in 
the untempered condition, the JIC toughness is 18.4 kJ/m* &IC = 64 MPadm). The 
consequences of not tempering are discussed in tight of these measurements. 

6.1.4 MICROSTRUCTURAL EXAMINATION OF COMMERCIAL FERRITIC ALLOYS 
AT 200 DPA - D. S. Gelles (Pacific Northwest Laboratory). ..................... 
MimsuucMes and density change measurements are reponed for martensitic commercial 
steels HT9 and modified 9Cr-IMo (T9) and oxide dispersion strengthened ferritic alloys 
MA956 and MA957 following irradiion in the FETF/MOTA at 420T to 200 dpa  Swelling 
as determined by density change remains below 2% for all conditions. Microstructures are 
found to be stable except in recrystallized grains of MA957. which are fabrication attif%cts. 
with only minor swelling in the martensitic steels and a' precipitation in alloys with 12% or 
more chromium. These results further demonstrate the high swelling resistance and 
microstructural stability of the ferritic alloy class. 

6.1.5 EFFECT OF HYDROGEN ON THE FRACTURE TOUGHNESS OF A FERRITIC/ 
MARTENSITIC STAINLESS STEEL - H. Li (Associated Westem Universities-Northwest 
Division), R. H. Jones and D. S. Gelles (Pacific Northwest Laboratory), and J. P. Hirth 
(Washington State University-Pullman). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  161 

146 

Effects of hydrogen (H) on the mixed-mode MI1 critical J integrals (JMc) and tearing moduli 
WM) were examined for a ferritidmartensitic stainless steel (F-8") at ambient temperature. 
A determination of JMC was made using mcdiied compact-tension specimens. Different ratios 
of tension/Shear stress were achieved by varying the principal axis of the crack plane between 0 
and 55 degrees from the load tine. A specimen with 0 degree crack angle is the same as a 
standard mode I compact tension specimen. Specimens were heat-treated at l o o O o ~ O  Wair 
cooled (AC>1100"Cn min/AC-700'CI.2 MAC. The specimens were charged with Ha t  a 
hydrogen gas pressure of 138 MPa at 300°C for two weeks, which resulted in a H content of 6 
ppm(wt), as measured with the "inert gas fusion" technique. JMC and TM values were 
determined with the single specimen technique. Crack lengths were calculated by means of 
partial unloading compliances. The preliminary results from J integral tests showed that 
introducing H decreased JMC and TM values as compared to those without H. However. the 
presence of H did not change the dependence of JMC and TM values on the crack angles. Both 
mode I J and T values (JIG and TI) exhibited the highest values. Both the minimum JMC and 
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TM values occurred at a crack angle between 35 and 55 degrees, corresponding to the load 
ration (oijilai) of 0.7 to 1.4. 

6 .2  AUSTENITIC STAINLESS STEELS.. . .  .................. 171 

6.2.1 FRACIWG TOUGHNESS OF IRRADIATED CANDIDATE MATERIALS FOR 
lTER FIRST WALIBLANKET STRUCRRES - D. I. Alexander, J. E. Pawel. 
M. L. Grossbe&, A. F. Rowcliffe (Oak Ridge National Laboratory), and K. Shiba 
(Japan Atomic Energy Research Institute). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
Candidate materials for fnst wall/blanket strnctures in ITER have been irradiated to damage 
levels of about 3 dpa at nominal irradiation temperatures of either 90 or 250°C. These 
specimens have been tested over a temperature range from 20 to 250°C. The results show that 
irradiation at these4 temperatures reduces the fracture toughness of austenitic stainless steels. 
but the toughness remains quite high. The toughness decreases as the test temperature 
increases. hd ia t ion  at 250°C is more damaging than at 90°C. causing larger deueases in the 
fracture toughness. Femtic steels are embrittled by the irradiation, and show their lowest 
toughness at room temperature. 

173 

6.2.2 LOW TEMPERATURE RADIATION-lNDUCFD SEGREGATION RELATIVE TO 
IASCC AND ITEX - E. P. Simonen. R. H. Jones, L. A. Charlot. and S .  M. Bruemmer 
(Pacific Nonhwest Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  194 

Radiation induced segregation at grain boundaries in stainless steel has been evaluated as a 
function of temperature. Segregation caused by ion irradiation was measured and compared to 
temperature-dependent model predictions. The mcdel was subsequently used to exuapolate 
predictions to ITER operating conditions. For ion irradiation, segregation was found to extend 
to temperatures below 400°C which implies that segregation is expected at temperatures less 
than 200°C for mR irradiation damage rates. The model predictions were in aCCMd with Cr 
depletion levels and proftle widths as measured using FEG-STEM examination of ion irradiated 
grain boundaries. The model was further shown to be consistent with measured depletion 
levels at grain boundaries in 316 stainless steel irradiated in a light-water reactor at 288OC. 
The fmdings of this study suggest that chromium depletion and hence IASCC may be a 
concern for stainless steel structures irradiated in ITER high-temperature water environments. 

6 . 3  REFRACTORY METAL ALLOYS..  . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  203 

6.3.1 SWELLING AND STRUCTURE OF VANADIUM ALLOYS IRRADIATED IN THE 
DYNAMIC HELIUM CHARGING EXPERIMENT - H. M. Chung, B. A. Loomis, 
H. Tsai, L. Nowicki, J.  Gazda, and D. L. Smith (Argonne National Laboratory). . . . . . . .  

Combined effects of dynamically charged He and neutron damage on density change, void 
distribution, and microstructural evolution of V-4Cr4Ti have been determined after irradiation 
to 18-31 dpa at 425-600T in the Dynamic Helium Charging Experiment (DHCE). FM 
specimens irradiated to -18 dpa at 600°C with an estimated He/dpa ratio of 3-9 appm He/dpa (a 
range similar to the fusion-relevant ratio of -5 appm Hefdpa), only a few microvoids were 
observed at the interface of the grain matrix and some Ti(0,N.C) precipitates. No microvoids 
were observed either in the grain matrix or near grain boundaries. It seems that most of the 
dynamically produced He atoms are trapped in the grain matrix without significant void 
nucleation or growth. In this group of DHCE specimens. density changes were similar to 
those of non-DHCE (negligible He generation) specimens for a comparable fluence and 
irradiation temperature. Significant numbers of microvoids in the grain matrix and on 
localized grain boundaries were present only in specimens irradiated to -3 1 dpa at 4 2 5 T  in 
high-tritium capsules, i which an excessive amount of helium was generated (estimated Hddpa 
ratio of 10-35 appm). Discontinuous regions of void segregation on grain boundaries were 
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observe4 and void numbef-density was significantly lower than in other alloys irradiated in 
tritium-trick experiments. The grain-boundary voids seem to have been produced by decay of 
tritium segregated to grain boundaries in the specimens at the onset of irradiation in high- 
tritium capsules (an &fact effect similar to tritium charging at 400°C in a tritium-trick 
experiment), rather than by segregation of He produced in the gmin mahix. Density changes 
of the specimens were significantly higher than those from non-DHCE irradiations. 
Microstructural evolution in VXr-4Ti  was similar for DHCE and non-DHCE irradiations, 
except for void number-density and distribution. As in non-DHCE specimens, irradiation- 
induced precipitation of ultrafine Ti& was observed for irradiation at 600°C but not at 
425°C. 

6.3.2 EFFECT OF DYNAMICALLY CHARGED HELIUM ON MECHANICAL PROPERTIES 
OF V-4cr-4Ti - H. M. Cbung, B. A. Loomis, H. Tsai. L. Nowicki, D. E. Busch. and 
D. L. Smith (Argonne National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  212 

V-4Cr-4Ti has been reported to be virtually immune to irradiation embrittlement under 
conditions of negligible helium generation; DBlTs determined from one-third-size Charpy- 
impact specimens irradiated in a non-DHCE experiment were <-200°C. The effects of 
dynamically charged helium and tritium, and of neumn damage, on DBT of the alloy were 
determined after irradiation in the Dynamic Helium Charging Experiment @HCE). TEM 
disks inadiated to 18-31 dpa at 425-600"C were fractured by repeated bending in a low- 
temperature bath. Miniature specimens were used because no Charpy-impact specimens were 
included in the DHCE experiment Ductile-bride transition behavior was determined from 
quantitative SEM fractograpby. Bride fracture surface morphology was not observed at >- 
1 2 0 T  regardless of the level of dpa damage or helium and tritium content in the alloy. 
Predominantly brittle-cleavage fracture morphologies were observed only at -1%T in some 
specimens irradiated to 31 dpa at 4 2 5 T  and in which the estimated helium and tritium contents 
were highest This indicates a DB'IT behveen -175 and -200°C in specimens containing the 
highest levels of dpa damage, helium. and tritium in the DHCE experiment. No intergranular 
f racm was observed. 

6.3.3 STATUS OF THE DYNAMIC HELIUM CHARGING EXPERIMENT - H. TSai, 
R. V. Strain. H. M. Chung, and D. L. Smith (Argonne National Laboratory). . . . . . . . . .  
Seven DHCE capsules containing vanadium-alloy specimens were irradiated in the MOTA-2B 
vehicle in FFTF to -20 to 29 dpa. In this and the previous reporting periods. equipment and 
procedures were developed at Argonne National Laboratory-East to disassemble these. capsules. 
Six of the seven capsules have been disassembled. (Tbe seventh capsule was processed in 
April 1994, immediately following this reponing period.) Effluence of tritium into the cell 
exhaust was 4% of the total inventory. No contamination incidents occurred during the 
DHCE disassembly work. Initial testing of the retrieved Specimens is under way. 

6.3.4 FABRICATION OF VANADIUM ALLOY FORMS FOR SPECIMEN PREPARATION - 
M. L. Grossbeck, T. K. Roche, W. S. Fatherly, F. F. Dyer. and N. H. Rouse (Oak Ridge 

The alloy V-5Cr-5Ti (Teledyne Wah Chang heat 832394) was received in the form of a 6.35 
mm plate. and was rolled to 3.81 mm plate and 0.76 mm sheet The 3.81 mm plate was used 
for Charpy impact specimens and the 0.76 mm sheet was used for tensile specimens and 
welding experiments. Since interstitial impurities are important strengthening and embrittling 
agents in refractory metals, all anneals had to be done in ultra-high vacuum furnaces. 
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6.3.5 WELDING DEVELOPMENT FOR V-Cr-Ti ALLOYS - G. M. Goodwin and J. F. King 
(Oak Ridge National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  235 

Welds have been produced and charactenzed ' using the gas-tungsten arc (GTA) and electron 
beam (EB) welding processes. Thin sheet (0.75 mm) welds were made with three levels of 
interstitial contamination, and hardness and tensile properties were found to be strongly affected 
by oxygen pickup. Thick-section (6 mm) welds have been produced using both processes, and 
no embrittlement is experienced when high purity atmosphere is maintained. Metallographic 
examination shows a narrow. but coarse grained, heat affected zone for the GTA welds. 
Transition joint welding development between vanadium alloy and stainless steel has shown 
encouraging results. 

6.3.6 CHEMICAL AND MECHANICAL INTERACTIONS OF INTERSTITIALS IN 
V-S%Cr-S%Ti - J. H. DeVan, J. R. DiStefano, and J. W. Hendricks (Oak Ridge 
NationalLaboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  240 

Gas-metal reaction studies of V-5Cr-5Ti were conducted to determine the kinetics of reactions 
with H2 and 02 .  respectively. at 400-500'C. Reaction rates were determined through weight 
change measurements and chemical analyses, and effects on mechanical properties were 
evaluated by room temperature tensile tests. Exposure to hydrogen at pressures between 10" 
to lo-* torr lowered the tensile ductility in the case of coarse-grained specimens but had little 
effect on her-grained specimens. Similarly oxygen uptake at SWC,  at concentrations as low 
as 200 ppm (by weight), significantly lowered the ductility of the coarser-grained but not the 
finer-grained material. 

6.3.7 THE RELATIONSHIP BETWEEN RECRYSTALLIZATION TEMPERATURE, 
GRAIN SIZE, AND THE CHARPY IMPACT PROPERTIES OF V-Cr-Ti ALLOYS - 
M. L. Grossbeck, D. J. Alexander, and A. F. Rowcliffe. . . . . . . . . . . . . . . . . . . . . . . .  244 

It is shown that the blunt notch Charpy impact properties of a V-5Cr-5Ti alloy are extremely 
sensitive to the grain size distribution developed during the final annealing treatment. 
Completely ductile behavior down to Liquid nitrogen temperatures can be induced, for example, 
by a treatment at 950°C. rather than annealing at 1125°C. It is proposed that the resistance to 
irradiation-induced shift in DB'IT reported by Argonne National Laboratory (ANI.) researchers 
for the V4Cr4Ti  alloy is related primarily to the exceptionally fme-grained microstructure 
developed during the low temperature processing route adopted for this alloy. 

6.3.8 ROOM TEMPERATURE ELASTIC PROPERTIES OF V-5Cr-5Ti - W. A. Simpson 
(Oak Ridge National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  258 

Elastic moduli were measured for a specimen of the alloy V-5Cr-5Ti in the annealed condition 
using pulse-echo techniques. The value of Young's modulus was determined to be 125.6 GPa 
the shear modulus was determined to be 45.9 GPa, and the Piosson's ratio to be 0.367. 

6.3.9 THERMOPHYSICAL PROPERTIES OF V-5Cr-5Ti - W. D. Porler, R. B. Dinwiddie. 
and M. L. Grossbeck (Oak Ridge National Laboratory). ......................... 
Measurements of thermal expansion of V-5Cr-5Ti have been made from room temperature to 
6Oo'C. and specific heat and thennal conductivity have teen measured over the range of 100 to 
6oo'C. In each case, the results have been fitted to a polynomial expression to provide a 
convenient form for design studies. 
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6.3.10 ATOM PROBE FIELD ION MICROSCOPY CHARAClERIZATION OF 
VANADIUM-TITANIUM- CHROMIUM ALLOYS - M. K. Miller (Oak Ridge 
NationalLaboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  269 

The atom probe field ion microscope was used to examine two V-Cr-Ti alloys (V- 5Cr-5Ti and 
V-4Cr-4Ti) which have been shown to have very different fractm properties. The alloys were 
examined for clustering to detect the presence of small precipitates as well as to determine the 
distribution of solute elements in the matrix. The elements Ti Cr. and Si were examined and 
no clustering of any of these three. elements was found. 

6.3.1 1 ANALYSIS OF GRAIN BOUNDARIES IN A V-5CR-5TI ALLOY USING AUGER 
ELECTRON SPECTROSCOPY - D. N. Braski and M. L. Grossbeck (Oak Ridge 
NationalLaboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  272 

A V-SCr-Ti specimen was fractured in-situ below its DBlT  and the fracture surfaces analyzed 
by Auger Electron Spectroscopy (AES). About 70% of the fresh fractnre surfaces were 
inmgranular while the remainder were charactens . tic of cleavage fracture. Sub-micron-sized 
particles appeared to cover most of the grain boundary surfaces along with a few larger 
particles. Only one of these larger particles, probably a Ti-V sulfiddphosphide combination, 
contained C1, at a level of only a few at%. On the other hand, S .  which is known to cause 
embrittlement in many alloy systems, was detected on virtually all of the grain boundary 
surfaces. 

6.3.12 FRACTURE TOUGHNESS OF V-5Cr-5Ti ALLOY AT ROOM TEMPERATLTRE AND 
100°C - H. Li (Associated Western Universities-Northwest Division), R. H. Jones (Pacific 
Northwest Laboratories). and J. P. Hinh (Washington State University-Pullman). . . . . . . . .  
The critical mixed-mode JIJII fracture toughness, J-integrals (JMc), at mom temperature (RT) 
and loO°C were examined for a V-5Cr-5Ti alloy. Fracture toughness at lOooC was evaluated 
with a I-integral test and at RT with a K (the stress intensity factor) test. The determination of 
JMC was made using modified compact-tension specimens. Different ratios of tensiodshear 
stress were achieved by varying the principal axis of the crack plane between 0 and 45 degrees 
from the load line. Crack angles used in this study were 0.15. and 45 degrees. A specimen 
with 0 degree crack angle is the same as a standard mode I compact tension specimen. In this 
limit, JMC becomes JIC. Specimens were annealed at 1125'C for 1 hour in a vacuum of lo-' 
torr. JMC and mixed-mode tearing moduli (TM) were determined at 100°C with the single 
specimen technique. Crack lengths were calculated with partial unloading compliances. The 
JMC values at RT were calculated from critical stress intensity factors (IC& The results 
showed that at RT the V-5CR-5Ti alloy was brittle and experienced unstable crack growth with 
a mixture of intergranular, cleavage, and some microvoid coalescence (MVC) fracture while at 
100°C it exhibited high fracture toughness and fractured with a mixture of MVC and 
intergranular failure. SEh4 investigation showed that some cleavage facets initiated at grain 
boundaries. The results suggest a low intergranular fracture strength and tendency towards 
cleavage fracture at rwm temperature. Preliminary data from Auger electron microscopy 
showed significant sulfur segregation on grain boundaries. The possible mechanism which 
might reduce intergranular fracture strength is discussed. 

l " C E  OFTRANSMUTATION ON MICROSTRUCTURE, DENSITY CHANGE, 
AND EMBRITlUMENT OF VANADIUM AND VANADIUM ALLOYS IRRADIATED 
IN HFIR - S. Ohnuki and H. Takahashi (Hokkaido University, Sapporo, Japan). K. Shiba 
and A. Hishinuma (Japan Atomic Energy Research Institute. Tokai. Japan). J. E. Pawel 
(Oak Ridge National Laboratory). and F. A. Gamer (Pacific Northwest Laboratory). . . . . . .  
Addition of 1 at.% nickel to vanadium and V-lOTi, followed by irradiation along with the 
nickel-free metals in HFIR to 2.3 x 10% a d ,  b1 .0  MeV (corresponding to 17.7 dpa) at 
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40O0C, has been used to study the influence of helium on microstructural evolution and 
embrittlement. Approximately 15.3% of the vanadium transmuted to chromium in these 
alloys The -50 appm helium generated from the 58Ni(N,y)5%i(n,a$’6Fe sequence was 
found to exert much less influence than either the nickel directly or the chromium formed by 
transmutation. 

The V-IO-Ti and V-1OTi-INi alloys developed an extreme fragility and broke into smaller 
pieces in response to minor physical insults during density measmcmenls. A similar behavior 
was not observed in pure V or V-INi. Helium’s role in determination of mechanical properties 
and embrialement of vanadium alloys in HFIR is overshadowed by the influence of alloying 
elements such as tilanium and chromium. Both elements have been shown to increase the 
DB’IT ratber rapidly in the region of 10% (CR + TI). Since Cr is produced by uansmulatation 
of V, this is a possible mechanism for the embrittlement Large effects on the DBlT  may 
have also resulted from uncontrolled accumulation of interstitial elements such as C. N, and 0 
during inadiation. 

INFLUENCE OF FLUX-SPECTRA DIFFERENCES ON TRANSMUTATION AND 
SWELLING OF VANADIUM ALLOYS - F. A. Gamer and L. R. Greenwood (Pacific 
Northwest Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  305 

The swelling of vanadium and its alloys is lmown to be sensitive t the level of chromium in 
the alloy. Chromium is also the major transmutation product during neulrou irradiation. 
however, and the production rate of chromium is very sensitive to neutron spectra. It appears 
that an apparent dependence of void swelling in pure vanadium inadiated in FFIT may arise in 
part from the spectraI difference that accompanies changes in displacement rate. 

DEPENDENCE OF VANADIUM ALLOY DENSITY ON STARTING COMPOSITION 
TRANSMUTATION AND SEGREGATION - F. A. GARNER (Pacific Northwest 
Laboratory) and B. A. Loomis (Argonne National Laboratory). . . . . . . . . . . . . . . . . . . .  
The density of vanadium alloys is strongly dependent on solute identity and concentration, 
especially for additions of chromium and titanium. One consequence of this dependence is that 
radiation-induced density changes arise. from segregation and precipitation. Transmutation of 
vanadium to chromium can also lead to significant increases in density and can therefore 
complicate somewhat the interpretation of swelling data derived using immersion density 
techniques. 
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6.4  COPPER ALLOYS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  313 

6.4.1 COPPER ALLOYS FOR HIGH HEAT FLUX STRUCTURE APPLICATIONS - 
S .  J. Zinkle (Oak Ridge National Laboratory) and S .  A. Fabritsiev @. V. Efremov 
Scientific Research Institute of Electrophysical Apparatus). ...................... 

The mechanical and physical properties of copper alloys are reviewed and compared with the 
requirements for high heat flux structural applications in fusion reactors. High heat flux 
structural materials must possess a combination of high thermal conductivity and high 
mechanical strength. The three most promising copper alloys at the present time are oxide 
dispersion-strengthened copper (Cu-Al203) and two precipitation-hardened copper alloys (Cu- 
0-Zr and Cu-Ni-Be). These three alloys are capable of room temperam yield strengths > 
400 MPa and thermal conductivities up to 350 W/m-K. All of these alloys require extensive 
cold working to achieve their optimum strength. Precipitation-hardened copper alloys such as 
Cu-Cr-Zr are susceptible to softening due to precipitate overaging and recrystallization during 
brazing, whereas the dislocation structure in Cu-A12@ remains stabilized during typical high 
temperature brazing cycles. All three alloys exhibit good resistance to irradiation-induced 
softening and void swelling at temperatures below 3WC. The precipitation-strengthened 
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alloys typically soften during neutron irradiation at temperatures above about 300% and 
therefore should only be considered for applications operating at temperatures <3WC. 
Dispersion-strengthened copper may be used up to temperatures in exms of 5WC. Based on 
the available data, dispersion-strengthened copper (Cu-Al2q) is considered to be the best 
candidate for high heat flux structural applications. 

6.4.2 ROOM TEMPERATURE FATIGUE BEHAVIOR OF OFHC COPPER AND CuAl25 
SPECIMENS OF TWO SIZES - A. Singhal and J. F. Stubbms (University of Illinois), 
B. N. Singh (Rise National Laboratory), and F. A. Gamer (Pacific Northwest Laboratory). . 
Copper and its alloys are appealing for application in fusion reactor systems for high heat flux 
components where high thermal conductivities are critical, for instance, in diveltor 
components. The thermal and mechanical loading of such components will be, at least io part, 
cyclic in nature, thus requiring an understanding of their fatigue behavior. This report 
describes the room temperature fatigue behavior of unirradiated OFHC (oxygen free high 
conductivity) copper and Cum5 (copper strengthened with a 0.25% atom fraction dispersion 
of alumina). The response of two fatigue specimen sizes to suain controlled fatigue loading is 
examined, and differences in behavior are discussed. Specimens with the smaller size are not 
beiig irradiated in several reactors. 

6.4.3 PREPARATION OF RUSSIAN COPPER ALLOY CREEP SPECIMENS - C. R. Eiholzer 
(Westinghouse Hanford Company), M. L. Hamilton (pacific Northwest Laboratory), and 
V. Barabash 0. V. Efremov Institute). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
Eleven creep specimens of the Russian copper alloy MAGT-02 were pressurized and welded 
closed. The specimens were pressurized to levels ranging from 7.2 to 15.6 MPa (1052 to 
2267 psia). These pressures will produce hoop stresses between 55 and 185 MPA (7.977 to 
26,830 psia) when irradiated at 120'C. 
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6.4.4 VOID SWELLING OF PURE COPPER, CU-5NI AND CU-5MN ALLOYS IRRADIATED 
WITH FAST NEUTRONS - H. W a m b e  (Kyushu University) and F. A. Gamer 
(Pacific Northwest Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  356 

The effects of cold-work level and solute. addition (nickel or manganese) on pure copper under 
fast neutron irradiation have been investigated. Neutron W i t i o n  was conducted in the Fast 
Flux Test Facility 0 at temperatures from 638 to 873K to doses ranging from 8 to 98 
dpa In pure copper, the void swelling behavior was investigated as a function of cold work 
level. At 638 and 703K, 10% cold-work reduced swelling somewhat with little influence at 
higher cold-work levels. In comparison with pure copper, void swelling was suppressed by 
5% nickel addition at 648K but slightly increased at 696K. Cu-5Mn resisted swelling in both 
annealed and 40% cold-worked specimens in all temperatures examined. At 684K. void 
formation was not detected. Only stacking fault tetrahedra were observed in this specimen. 

6.4.5 I " C E  OF NICKEL AND BERYLLIUM CONTENT ON SWELLING OF COPPER 
IRRADIATED IN COBRA-1A - F. A. Gamer (Pacific Northwest Laboratory) and 
B. N. Singh (Ks0 National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
A series of annealed Cu-Ni dilute binary alloys were irradiated in COBRA-1A in EBR-JI at 
temperatms of 373,420. and 500°C. Density measurementS have been performed for 
specimens inadiated at 373°C to 1.78 x 10% (-11.3 dpa for pure copper). At this 
temperam and dose level nickel additions suppress swelling. There is a possible indication 
that some type of segregation-related phenomenon also occurs. yielding radiation-induced 
densification. 
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6 . 5  ENVIRONMENTAL EFFECTS IN STRUCTURAL MATERIALS. . . . . . . . . .  369 

6.5.1 FABRICATION OF ALUMINUM NITRIDE AND ITS STABILITY IN LIQUID 
ALKALI METALS - K. Natesan and D. L. Rink (Argonne National Laboratory). . . . . . . . .  371 

AIN has been selected as a prime candidate for electrically insulating the V-alloy fist wall in 
the self-cooled ITER concept Several methods are bemg evaluated for fabricating coatings that 
have adequate thickness and desirable physical, electrical, chemical, and mechanical properties. 
Coatings developed thus far are being exposed to liquid Li at 350 and 400°C. 

6.5.2 DEVJLOPMENI OF ELECTRICAL INSULATOR COATINGS: IN-SITU ELECTRICAL 
RESISTANCE MEASUREMENTS ON Cao-COATED V-S%Cr-S%Ti IN LIQUID 
LITHIUM -J.-H. Park, G. Dragel, and R. W. Clark (Argonne National Laboratory). . . . . .  

The electrical resistance of CaO coatings produced on V-5%Cr-5%Ti by exposure of the alloy 
to liquid Li that contained 4 a t %  dissolved Ca was measured as a function of time at 
temperatures of 250 to 698°C. The solute element, Cain liquid Li. reacted with the alloy 
substrate at 420°C to produce a CaO coating. The resistance of the coating layer was 4 . 4  and 
35.7 R at 267 and 6 9 8 T  respectively. Thermal cycling between 267 and 698"Cchanged the 
resistance of the coating layer, which followed insulator behavior. l l e s e  results and those 
reported previously suggest that thin homogeneous coatings can be produced on variously 
shaped surfaces by controlling the exposure time, temperature. and composition of the liquid 
metal. Tbis coating method is applicable to reactor components of various shapes (e.%, 
insiddoutside of rubes. complex geometrical shapes) because the coating is formed by liquid- 
phase reaction. The liquid metal on be used over and over because only the solutes are 
consumed within the liquid metal. 
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7 . 0  SOLID BREEDING MATERIALS AND BERYLLIUM.. . . . . . . . . . . . . . . . .  383 

7.1 PERFORMANCE OF CERAMIC BRFZDER MATERIALS IN THE SIBELILJS 
EXPERIMENT - I. P. Kopasz and C. E. Johnson (Argonne National Laboratory) and 
D. L. Baldwin (Pacific Northwest Laboratories). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

Lithium containing ceramics are among the leading candidates for use as tritium breeding 
materials in a fusion reactor. An issue affecting both the safety and economics of the reactor is 
the tritium inventory. The SIBELIUS experiment was designed to examine material 
compatibility between different components of a breeder blanket and to examine the tritium 
inventory in the components of the blanket The tritium inventory in each of the ceramics 
was determined by measurements at end of life and were found to be quite low and in agreement 
with those determined in tests with no beryllium present The inventory increased in the order 
lithium zirconate < lithium oxide <1 lithium orthosilicate < lithium aluminate with the 
inventory in the zirconate less than 0.03 wppm at 550°C. 

AB INITIO CALCULATIONS FOR HYDROGEN ADSORPTION ON LITHILTM OXIDE 
SURFACES - A. Sutjianto, S. W. Tam. L. Curtiss. and C. E. Johnson (Argonne 
National Laboratory) and R. Pandey (Michigan Technological University). . . . . . . . . . . . .  

The study of hydrogen chemisorption on the (1 IO) and (1 11) lithium oxide surfaces have been 
investigated by means of ab initio Hamee-Fock calculations. In general, for the n-layer slab 
(where n = 2 and 3) of the nenaal(110) and for the three-layer slab of the neutral (111) 
surfaces, there is no hydrogen chemisorption. The oxygen 2p band of the (110) surface is 
stabilized by the presence of more stacking sequences of layers which prevents charge -fer 
to the hydrogen. In the case of a neutral (110) layer due to low coordination of the anion, there 
is hydrogen chemisorption in the form of OH- and LitH-Lit with the chemisorption energy of 
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0.93 eV. FM the neuhal(111) surface, there is no hydrogen chemisorption since the oxygen 
layer is screened by the cation layers hindering the charge transfer to the hydrogen. 

IRRADIATION OF LITHIUM ZIRCONATE PEBBLE-BED IN BEATRIX-II. PHASE I1 - 
R. A. Vermll and J .  D. Sullivan (AECL Research, Chalk River Laboratories), 
0. D. Slagle and G. W. Hollenberg pacific Northwest Laboratory), and T. Kurasawa 
(Japan Atomic Energy Research Institute). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

BEATRIX-I1 was an in situ tritium recovery experiment that was designed to characterize the 
behavior of lithium ceramics irradiated to a high bumup, and to assess their suitability for use 
in a fusion reactor blanket This paper &cribs the results from a vented canister containing 
lithium enriched lithium z i r c o ~ t e  spheres (85% 6Li) that were irradiated to a burnup of 5.2% 
(total lithium) in a steep t e m p t u r e  profile-400°C edge, l1OooC center. The reference sweep 
gas was He-O.l%H2, with systematic tests using alternate compositions: He0.01%H2 and 
pure He (maximum d d o n  8 days). Tritium recovery decreased slightly at lower H2 
concentrations. For example, the buildup of inventory during a 4-day test in pure He was 0.8 
Ci which was approximately 6.5% of the tritium generated in the lithium zirconate during that 
period. The steadiness of the bed cenual temperature and the high tritium release rate. together 
with Low moisture release a, indicate good performance of the zirconate bed. 
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8 . 0  CERAMICS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  417 

8.1 FATIGUE CRACK GROWTH RATE (FCGR) BEHAVIOR OF NICALONlSiC 
COMPOSITES - N. Miriyda, P. K. Liaw. and C. J. McHargue Wniversity of Tennessee), 
L. L. Snead (Oak Ridge National Laboratory), and D. K. Hsu and V. K. Saini (Iowa State 
Unive~i ty)  . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  419 

Ultrasonic measurements were carried out on the NicalordSiC composite specimens to 
correlate elastic moduli with percentage porosity in the in-plane as well as though-thickness 
directions. Compact type C O  specimens were cyclically loaded to study the fatigue crack 
growth behavior. However, it was difficult to initiate the crack in the specimens. 

TENSILE BEHAVIOR OF IRRADIATED SIC FIBERS -M. C. Osborne. Rensselaer 
Polytechnic Institute, L. L. Snead, Oak Ridge National Laboratory, and D. Steiner, 
Rensselaer Polytechnic Institute. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  428 

Tensile results are presented for low oxygen Nicalon fibers neu!mn irradiated at damage levels 
of 0.013 displacements per atom (dpa), 0.13 dpa and 0.32 dpa Single fibers were tensile 
tested and analyzed, using Weibull statistics, for mean strength and distribution. Tensile 
modulus was also determined. Using a diffractmeter. the fiber grain size and percent 
crystallinity were determined. The mean strength and modulus decreased by 20% but then 
increased with the highest damage level tested. Both grain size and crystallinity decreased as 
dose increased. These initial results of low level neutron irradiation of low oxygen Nicalon 
fibers exhibit no substantial degradation of the properties investigated. Therefore. continued 
research at higher doses is recommended. 

TEMPERATURE DEPENDENCE OF THE SUBCRITICAL CRACK GROWTH RATE 
OF A SiClSiC COMPOSITE - R. H. Jones and C. H. Henager, Jr. (Pacific Northwest 
Laboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  438 

The long term stability of SiClSiC composites is an issue regarding their use for fusion 
structural applications only because there is insufficient data to determine if there is really a 
problem. Crack growth measurements have been made over the temperature range of 800 to 
1100T, in high-purity Ar, to help assess the long term stability of these materials. Stage I1 
crack growth rates ranging from 2 x 

8.2 

8.3 

m/s at 1100'C down to 3 x mls at 800°C were 
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found for a 2-D SiClSiC composite reinforced with 40% Nicalon fibers. The stage Il 
velocities obeyed an Arrhenius relationship over this temperature range with an activation 
energy of 235 kJ/mol. At a fusion relevant temperature of 8M)"C, the crack velocity will 
result in a crack growth of 1 mm/yr. More creep resistant fibers are expected to reduce this 
crack growth amount to less than 1 x 10-2 d y r  at 800°C. This is not an excessive amount 
of crack extension for a material with a fracture toughness of ahout 20 MPa mln. 

DEFU3T FNERGETICS CALCULATIONS OF S i c  USING THREE REPRESENTATIVE 
EMPIRICAL POTENTIALS - H. Huang, J. Wong. and N. Ghoniem (University of 
California), and M. Baskes (Sandia National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . .  

Defect energetics is a critical issue not only for irradiation damage but also for semiconductor 
applications. Calculations of defect energetics rely mainly on using empirical potentials, 
which are developed based on information from equilibrium crystal configurations and which 
may not be suitable for investigating defected configurations. Therefore, not all potentials 
give accurate enough results. This paper first calibrates MEAM for silicon carbide. 
Calculations are then made for defect energetics of silicon carbide using the MEAM and two 
other representative empirical potentials. Results obrained with these potentials are compared 
with available fust principle calculations and experimental data. The results not only provide 
more information for defect formation and migration in silicon carbide, but also provide a 
critical assessment of the three empirical potentials. The results are analyzed in terms of 
construction and calibration of the empirical potentials 

PHENOMENOLOGICAL NIXASTIC CONSTITUTIVE EQUATIONS FOR Sic  
AND Sic FIBERS UNDER IRRADIATION - A. El-Azab and N. M. Gboniem 
(University of California-Los Angeles). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

Expimental data on irradiation-induced dimensional changes and creep in p-Sic and S ic  
fibers is analyzed, with the objective of studying the constitutive behavior of these materials 
under high-temperature i r radion.  The data analysis includes empirical representation of 
irradiation-induced dimensional changes in S ic  matrix and S ic  fibers as function of time and 
irradiation temperature. The analysis also includes formulation of simple scaling laws to 
extrapolate the existing dala to fusion conditions on the basis of the physical mechanisms of 
radiation effects on crystalline solids. Inelastic constitutive equations are then developed for 
SCS-6 S ic  fibers, Nicalon fibers. and CVD Sic. The effects of applied stress, temperature, 
and irradiation fields on the deformation behavior of this class of materials are simultaneously 
represented. Numerical results are presented for the relevant creep functions under the 
conditions of the fusion reactor (ARIES IV) fust wall. The developed equations can be used in 
estimating the macro mechanical properties of Sic-Sic composite systems as well as in 
paforming timedependent micro mechanical analysis that is relevant to slow crack growth and 
fiber pull-out under fusion conditions. 

TRITlUM TRANSPORT AM) RETENTION IN SILICON CARBIDE - 
S. W. Tam, J. Kopasz, and C. E. Johnson (Argonne National Laboratory). . . . . . . . . . . .  

A theoretical framework describing trapping, diffusion, and desorption of tritium from vapor- 
deposited p-silicon carbide has been proposed and an analytical version of this model was 
derived. This analytical model was used to extract trapping, dirfusion, and desorption 
parameters from a limited part of the experimental data set The resulting parameter-free model 
was then used to test its predictive capability by calculating the time-dependent release 
behavior for the high temperature regimes. General agreement with the release data was found 
supporting the suitability of the present approach. Tritium trapping was found to be strong. 
Both bulk diffusion and surface desorption make comparable contributions to tritium release 
from the silicon carbide. Improvements beyond the present analytical model lo include 
dynamical dehapping can be achieved with the proposed framework 
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8.7 RADIATION-INDUCED CHANGES IN E L E ~ C .  DIEI.ECI'KIC, AND orricAi. 
PROPERTIES OF CulAMlCS - S. 1. t i n k l e  (Oak Ridge National Laboratory). . . . . . . .  4Y3 

The data base on radialion-induced changes in the el&c and dielectric proplies of ummic 
insulators is reviewed Ionizing radiation causes a prompt increase in the elwuical 
conductivity that is generally proponiod to the ionizing dose rate. 'he precise magnitude of 
the radiation induced condudvity is sensitive to the delailed manufacuuing proccss and 
impurity content. l b e  conflicting evidence regarding the possibility of permanent radiation 
induced electrical degradruion (KkD) is sumnwixd. Further work is necdcd to define the 
physical mechanism and practical operating Limits of the RED phenomenon. Displacement 
damage associated with neutron W i a t i o n  produces signilicant incrcascs in the room 
cernperature dielecuic loss tangent of oxide ceramics for fast neutron fluences above Ixl$* 
n/m2 (-0.001 dpa). A brief summary of the effccts of irradiation on the optical propcnies of 
m a n i c s  and silica optical fibers is also presented. 

NEVIRON DAMAGE TO DIAGNOSTIC MIRRORS - E. 11. I:arnum and I'. W. Clinard. Jr. 
0.0s Alamos National Laboratory). S. P. Regan (Johns Hopkins University, 
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Ballimore. MI)), and B. Schunke (JET Joint Undcnaking. Abingdon, Ox. UK). . . .  

Diagnostic systems for fusion reactors will require mirrors capable of reflecting 
elcctromagnetic radiation in the soft x-ray, near uv, visible, and ir wavelengths. These 
componenLs will be exposed to significant fluencrs of fut neutrons during us. Mirrors made 
from alternating layers of low-Z and high-Z materials were uradiated to a fluence of 1.1 x 
n/m2 at 270-3Oo0C, and subsquently evaluakd for s t f u c t d  changes and in some cases 
changes in optical properties. Short-wavelength mirrors relained their suuclural inteaty 
while exhibiting slight changes in reflectance; some long-wavelength mirrors showed 
stfucuual degradation, while other did not. These results are discusxxl in k m s  of materials 
damage effects and possibilities for improvement of mirror perfomwnu: under w e r e  opcraling 
conditions. 

FLECTRCAL PROPERTIES OF A I 2 0 3  DURING IRKN)lAIION WIIH 
SPAI.IA11ON NEURONS - E. H. Farnwn and F. W. Clinard, Ir. n o s  Alamo 
National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  512 

DC and AC conducti\ity of AI203 ccnmics WCIC measured at elevated temperatures during 
irradiation with neutrons and gamma rays at the 1.0s Alamos Spallation bdiation Effects 
1;acilily. DC conductivity wils incmwd at s l a n  of irradiation. bur was suhsquently rwluced as 
displacement danuge was accumulaled. AC conductivity appeared IO increase at high levels of 
damage. 'lbe observed dc behavior is attributed to excitation of electrons into the conduction 
band by ionizing radiation, followed by charge napping and recombination at damage sites. 
The ac behavior, which resembles RED, is attributed to conductivity in the residual gas 
surrounding the samples. Surface conductivity. while not lhe source of the apparent KM), 
nevertheless is of sufficient magnitude to be of concern for fusion applications. 

8.10 A COMPARISON OF TIE EFFECT OF RADIATION ON THE THERMAL 
CONDUCTIVITY OF SAPPHIRE AT LOW AND HIGH TEMPERA'IIJW - 
D. P. White (Oak Ridge National Laboratory). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

It bas been proposed that sappiwe be used in insulating fccdthroughs and windows in 
radiofrequency and microwave heating systems in fusion reactors. The degradation of the 
thermal conductivity of sapphire with d i a t i o n  is a con- in the design of these ~indows .  
It has been pmposed IO cool microwave windows to liquid nitrogen tempcratures to lake 
advantage of the thermal conductivity peak, which OCM at approximately 30 K in unirndialcd 
sapphire, and the lower dielecuic loss tangent at lhese temperatures. In this papcr the methods 
used to calculate the thermal conductivity and the changes which occur with changes in point 
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defect concentration will be. reviewed and the results of the low temperature calculations will be. 
compared to the high temperature calculations. 

It is found that vacancy scattering can significantly reduce the thermal conductivity over a wide 
temperature range; for example, a vacancy concenlrafion of 0.01 per atom leads to a fractional 
change of about 90% at 77K versus 43% at 400 K. This reduction has significance for the 
design acd placement of radio frequency and micmwave windows in fusion reactors. 

8.11 NEUTRON-INDUCED CHANGES IN OPTICAL PROPERTIES OF MgAl2O4 
SPINEX - A. Ibarra (CIEMAT, Madrid, Spain) and F. A. Gamer (Pacific Northwest 
Laboratory) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  523 

High purity MGAL2O4 spinel specimens irradiated in FFF-MOTA to very high exposure 
have k e n  examined by three techniques to determine changes in their optical properties. 
Significant changes were observed in optical absorption, photoluminescence, and 
radioluminescence. 
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STATUS OF U.S./JAPAN COLLABORATIVE PROGRAM PHASE I1 HFlR TARGET AND RB* 
CAPSULES - J. E. PaweI. R. L. Senn, A. W. Longest (Oak Ridge National Laboratory), and K. Shiba 
(Japan Atomic Energy Research Institute) 

The objective of the HFIR irradiations is to determine the response of the various US.  and Japanese 
austenitic and femtic steels with different pretreatments and alloy compositions to the combined effects of 
displacement damage and helium generation. Specimen t e m p t w e s  during irradiation range from 60 to 
6oo'C and fluences range up to 60 dpa. The RB* experiments are a continuation of the ORR spectrally 
tailored experiments in which the spectrum is modified with a hafnium shield to simulate the expected 
fusion helium to damage (Hddpa) ratio. In the HFIR target capsules, many specimens have bcen 
isotopically tailored in order to achieve fusion helium generation rates. 

SUMMARY 

Capsules HFIR-MEE-JP9 through 16 were installed in the High Flux Isotope. Reactor (HFIR) target July 
20, 1990 for irradiation beginning with HFlR fuel cycle 289. Of these eight target capsules, JP10, 11, 13, 
16 accumulated 18 dpa and were removed from the reactor in September 1991. JP14 was removed from the 
reactor at the end of cycle 310 (September 1992) after achieving a peak dose of 34 dpa. Capsules JP9, 12, 
and 15 completed 35 cycles on April 1,1994 and were removed from the target region. Each capsule had 
accumulated a peak dose of approximately 57 dpa. 

%e new capsules, HFIR-MFE-IPZO, 21. and 22, have been designed to complete the original experiment 
matrix of the JP9 through JP16 series capsules. Irradiation began in December 1993 with the start of cycle 
322. As of April I ,  1994 (end of cycle 324), each capsule had achieved approximately 4.9 dpa. 

The RB* experiments are the continuation of the ORR spectrally tailored experiments. In this stage, a 
hafnium liner is used to modiiy the spectrum to simulate fusion helium to displacements per atom (He/dpa) 
ratio in the austenitic steel specimens. Of the four capsules in this set, two (60J-1 and 33OJ-1) were 
disassembled during this reponing period after accumulating a peak dose in HFIR of 11 dpa. Two capsules 
(200J-1 and 400J-1) are in the reactor and have achieved a dose of 5.5 dpa. 

PROGRESS AND STATUS 

T a r e e t s u l e s  JP9 throue h JP16 

Capsules HFIR-MFE-JP9 through 16 were installed in the High Flux Isotope Reactor (HFIR) target July  
20, 1990 for irradiation beginning with HFIR fuel cycle 289. A complete description and details of the 
design, construction, and installation of capsules JP9 through JP16 have been previously reported [1,2,3]. 
The as-built specimen mauix can be found in a previous report [31. These capsules contain primarily 
transmission electron microscopy disks (TEM) and SS-3 flat tensile specimens. A wide variety of alloys 
and thennomechanical conditions are included. Many of the TEM disks were made from isotopically 
tailored alloys to produce a range of Hddpa ratios (<0.1, 10,20,70 appddpa). Details of the irradiation 
history of these capsules are shown in Table 1. Capsules JPIO, 11, 13, and 16 were removed at the end of 
Cycle 300 (September 1991) after achieving a total of 18 dpa. Capsule JP14 was removed at the end of 
Cycle 310 (September 1992), after accumulating 34 dpa. Capsules 1P9.12, and 15 completed 35 cycles on 
April 1, 1994 and were removed from the reactor target region to the cooling pool. These capsules had 
accumulated 57 dpa and are scheduled to be disassembled during the next reporting period. 

Many of the specimens from the JPIO, 11, 13, 16 and 14 capsules have been tested in the Irradiated 
Materials Examination and Testing Facility hot cells. The initial set of tensile tests of JPCA and 316F 
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stainless steels in solution annealed, cold worked, and welded conditions have been completed. Analyses 
include reduction-of-area measurements and fracture stress calculations. Details of the testing of JPCA are 
presented elsewhere [41. Density measurements have been taken on specimens removed from nine (JP10 
Position 6, J P l l  Position 6, JP13 Position 6, and JP16 Position 6, JPlO Position 4. JPlO Position 8, 
JP14 Position 6, JPI4 Position 4, JP14 Position 8) of the “EM tubes using the ORNL precision 
densitometer. These specimens include isotopically tailored alloys from both the OKNL and JAERI 
programs as well as other candidate fusion alloys. 

W s u l e s  J P20 t h r u  

Three new capsules, HFIR-MFE-JPZO. 21, and 22. have been designed to complete the original experiment 
matrix of the JP9 through JP16 series capsules [ 5 ] .  It is planned to irradiate the capsules in inner target 
positions for 5 ,  11, and 22 cycles, respectively, to achieve peak doses of approximately 8, 18. and 35 dpa 
Specimen temperatures in each capsule will be 300.400, 500, or W C .  Irradiation began in December 
1993 with the s(art of cycle 322. As of April I. 1994 (end of cycle 324). each capsule bad achieved 
approximately 4.9 dpa. The complete test mamix is described in Reference 6. 

~ RB* . I - 4 -  

The RB* capsules are irradiated in the removable beryllium positions of the HFIR. These experiments are 
a continuation of the ORR spectrally tailored experiments ORK-MFEdJ and 7J. At this stage in the 
experiment, a hafnium liner surrounds the capsules in order to harden the spectrum and achieve the expected 
fusion helium generation rate in the austenitic steel specimens. Capsule design, assembly and details of 
specimen loading have been previously described 17-10], Capsules MIJ-1 and 33OJ-1 were removed from 
the reactor in November 1992 after accumulating approximately 11 dpa in the HFIR. Details concerning 
the performance of these capsules can be found in Reference 11. Most of the specimens bad also been 
irradiated to approximately 7 dpa in the ORR (for a total of 18 dpa in these specimens). These capsules 
were disassembled in February 1994. Capsules 2001-1 and 400J-1 have completed 12 of the scheduled 
20 irradiation cycles, as shown in Table 2. The capsuIes are performing as designed, with the temperatures 
holding within the expected ranges. Details of the capsule performances are described elsewhere L21. 
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JP-l0.-11.-13..16 JP-14 

Table 1. Irradiation History of U.SJJapan Phase I1 HFIR Target Capsules 

JP-9.-12.-15 

1879 1 6 4  1879 
3731 3.26 3731 
5569 4 88 5569 
7416 6 4 7  7416 

HFIR OPERATION 

MWd dpa' 

1 6 4  1 64 1879 
326 3731 3.28 
4 8 8  5569 4.86 
6 4 7  7416 8 4 7  

293 
294 
295 
296 
297 
298 
299 
300 
301 
302 
303 
304 
305 
306 
307 
308 
309 
310 
31 1 
312 
313 
314 
315 
316 
317 
318 
31 9 
320 
321 
322 
323 
324 
325 
32E 
327 

- 

- 

- - 
START 

DATE 

17-20-90 

10-17-90 
11 -25-90 
12-27-90 
32-01-91 

04-06-91 
05-19-91 
06-20-91 
07-25-91 

09-27-91 
10-27-9 1 
12-01-91 
12-31-91 
01-30-92 
03-31-92 
05-01-92 
06-02-92 
07-03-91 
08-27-92 
09-25-92 
10-22-92 
1 1-21 -9; 
12-20-9; 
01-19-9: 
02-1 8-9: 
04-23-9: 
05-20-9: 
06-1 8-9: 
07-1 5-9: 
08-1 2-9: 
12-16-9: 
01-23-9, 
03-04-9, 
04- 10-9 

- - 
)9-19-90 

33-01-91 

08-28-91 

- 

- - 

- - 
END 

DATE - - 
89-07-90 
0-1 1-90 
1-13-90 
2-10-90 
I1 -23-91 
12-25-91 

)4-28-91 
)6-15-91 
)7-1 1-91 
18-15-91 

10-1 9-91 
11-21-91 
12-22-91 
11-24-92 

W27-9; 
15-28-92 
36-30-9; 
18-01-92 

10-12-9; 
11-14-9; 
12-15-9: 
01 -1  2-9: 

04-03-9: 
05-14-9: 
06-13-9: 
07-10-9: 
08-07-9 
09-04-9 
01-07-9 
02-14-9 
04-01 -9 

)3-24-91 

39-18-9; 

1908 1) 11 11230 11230 1 9.80 9.80 11230 
1874 13104 11 44 13104 11.44 13104 

DPA levels based on achieving 0.000873 dpalMWd. 
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I 
289 
290 
291 
292 
293 
294 
295 
296 
297 
296 
299 
300 
30 1 
302 
303 
304 
305 
306 
307 
308 
309 
310 
31 1 
312 
313 
314 
31 5 
31 6 
317 
316 
319 
320 
321 
322 
323 
324 
325 
326 
327 
328 

Table. 2. Irradiation History JP-9, -12, -15,200J-1,4OOJ-1 

ITART 
DATE 

)7-20-?9 
)9-19-90 
10-1 7-90 
11-25-90 
12-27-90 
32-01-91 
33-01-91 
34-06-91 
35-1 9-9 1 
06-20-91 
07-25-91 
08-26-91 
09-27-91 
10-27-91 
12-01 -91 
12-31-91 
01-30-92 
03-31-92 
05-01-92 
06-02-92 
07-03-92 
06-27-92 
09-25-92 
10-22-92 
11-21-92 
12-20-92 
01-19-93 
02-1 7-93 
04-23-93 
05-20-93 
06-1 8-93 
07-1 5-93 
06-1 2-93 
12-16-93 
01 -23-94 
03-05-94 
04-1 0-94 

09-07-90 I 1879 11 1879 1 
10-11-90 1 1852 I\ 3731 ' 
11-13-90 1 1636 11 5569 

OUT OF REA 

14949 
07-11-91 1747 16696 
08-15-91 I 1741 11 18437 
09-17-91 1 1724 1 1  20161 
10-19-91 1 1651 1 1  22012 
11-21-91 1829 23841 
12-22-91 1 1821 11 25662 

27468 
29364 

04-27-92 31209 
33051 

06-30-92 1938 34989 
06-01-92 I 1949 11 36938 
09-18-92 I 1846 1 1  38786 
10-12-92 1 1856 1 1  40642 

42476 
44334 

01-12-93 46201 
02-1 1-93 48062 

49669 
51710 
53588 
55451 

08-07-93 I 1934 1 1  57365 
09-04-93 I 1884 1 1  59269 
01 -07-94 1854 61123 
02-14-94 I 1874 11 62997 

DPA levels bassd on achievinp 0.000873 dpalMWd in the JP capsules and ,000245 dpalMWd 

JP-l0.-11.-13.-16 removed at EOC 300. 
in the MFE-RB' 2OOJ-1 and 4OOJ-1 capsiules. 

JP-14 removed at EOC 310. 
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THE COBRA-IB IRRADIATION EXPERIMENT IN EBR-11* H. Tsai, A. G. Hins, R. V. Strain, 
and D. L. Smith (Argonne National Laboratory) 

OBJECTIVE 

The objective of the forthcoming COBRA-1B experiment in EBR-I1 is to evaluate the effects of fast neutron 
irradiation on the physical and mechanical properties of candidate fusion structural materials. Of special 
interest in this experiment will be ITER-relevant temperature and exposure for the test specimens. 
Approximately 509 of the irradiation test volume will he devoted to vanadium-alloy specimens. 

SUMMARY 

Design of the COBRA-IB irradiation experiment began in this reporting period and is in progress. The 
target reactor insertion date for COBRA-lB is Septemher 1994. Technical and programmatic feasibility 
approval for the experiment has been granted by EBR-I1 Operations. 

PROGRESS AND STATUS 

Introduction 

Vanadium-based alloys have heen identified as candidate structural materials Sor the first wallhlanket of 
ITER. Before any materials can qualify for such application, a data base on their irradiation performance is 
required. The purpose of the COBRA-1B experiment is to irradiate specimens of candidate alloys at ITER- 
relevant temperature and exposure &e., damage) in order to generate such data. Target temperature and 
exposure for the vanadium-alloy specimens in  the COBRA-IB experiment are =370-425"C and =7-20 dpa, 
respectively. It is estimated that about 50% of the test volume in the COBRA-lB vehicle will he occupied 
by the vanadium-alloy specimens; the remaining volume will he used to test other candidate fusion 
materials. e.g., low-activation ferritic steels, copper alloys, and ceramics. 

Experiment Description 

The COBRA-lB experiment is a steady-state irradiation of specimens of candidate structural materials for 
fusion reactors. All specimens are previously nonirradiated. Except for the trace amount of 6Li in the 
subcapsule lithium bond, there are no tritium-producing fusion-breeder materials in the experiment. 

The suhassemhly will utilize a standard Mk-B7A vehicle. To maximize the rate of irradiation damage, the 
experiment will be irradiated in a high-flux, inner-row (row-2) position. Subassembly sodium flow rate 
will he =I5  gal/min, which will allow specimen temperature of =370 to 425°C to be attained. (The lowest 
temperature currently attainahle in EBR-11, 370°C. is within the ITER design range; 425°C is of importance 
because a large hody of data is available on vanadium alloys from previous irradiations at this temperature.) 

The subassembly will contain seven capsules, all of them "weepers" (i.e.. with perforated walls to allow 
reactor sodium to enter and exit the capsules) to minimize the spccimen temperatures. Each capsule will 
contain =6-10 stacked rubcapsules that hold the test specimens. Spacer tubes above the top subcapsule and 
below the bottom subcapsule will maintain the proper axial positions of the subcapsules. Standard top and 
bottom end plugs will he used for the capsules. 

*Work supported h) the Officc of Fusion Energy, U.S. Department of Energy, under Cuntract W-31-109-Eng-38. 
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All of the vanadium-alloy test specimens will be contained in sealed, lithium-handed subcapsules made of 
stainless steel. Depleted lithium (i.e., 7Li) will be used to minimize tritium generation during irradiation. 
Other test specimens in the COBRA-lB experiment will be contained in  sealed He-bonded subcapsules or 
weeper subcapsules, also made of stainless steel. 

After =60-90 EFPDs of exposure (-7.10 dpa in the vanadium specimens), the subassembly will be 
discharged from EBR-I1 and transferred to HFEF for disassembly. Four capsules will be removed and 
shipped to ANL-E and PNL for postirradiation processing. The remaining three capsules will be assembled 
at HFEF into a new Mk-B7A vehicle, together with four new capsules, for additional irradiation in EBR-11. 
Duration of the additional irradiation will be =60-90 EFPDs. 

To assist postirradiation damage calculations, dosimetry materials contained in sealed tubes will be included 
in the test vehicle to provide data on the spatial distribution of neutrons. 

FUTURE ACTIVITIES 

The target reactor insertion date is September 1994. In the next reporting period, efforts will be devoted to 
complete the test matrix, fabricate the test specimens, complete the test vehicle assembly, and prepare all 
necessary documentation to support the reactor irradiation. 
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2.0 DOSIMETRY, DAMAGE PARAMETERS, 
AND ACTIVATION CALCULATIONS 
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REVISED NEUTRON DOSIMETRY RESULTS FOR THE MOTA-2A EXPERIMENT IN FFTF 
L. R. Greenwood (Pacific Northwest Laboratory)" 

OBJECTIVE 

To provide dosimetry and damage analysis for fusion materials irradiation experiments. 

SUMMARY 

Revised neutron fluence and damage values are reported for the MOTA-2A expcriment in the Fast Flux 
Test Facility (FFTF). This revision corrects an error with processing of the "'U(n,O reaction. Nct 
corrections are on the order of 5%. 

PROGRESS AND STATUS 

Dosimetry results were published previously for the MOTA-2A experiment in FFTF.' Comparison with 
more recent experiments revealed a small error in the processing of the 2'sU(n,f) reaction. Corrected 
values, as listed in Table I ,  were used to readjust the neutron flux spectra which was in turn used to 
recalculate revised damage parameters, as listed in Table 2. The net corrections are on the order of 5%. 

Table 1. Fission Measurements for MOTA-2A (atomsiatom-s) 

Sample\ 
Level-Pin 
XI4 8-BT 
X I 3  6-BB 
XI2 5-FT 
XI1 5-FB 
XI0 4-AM 
X08 3-AM 
X09 3-DM 
X07 2-EM 
X05 1-DM 
X06 I-FM 
X04 I-DB 
X02 BC-EM 
XOI BC-AM 

Ht.cm 

122.4 
66.6 
44.0 
37.7 
23.3 
-1.0 
-3.1 

-25.0 
-42.7 
-42.9 
-49.2 
-61.7 
-62.9 

239Pu 
(xE-9) 

0.80 
4.46 
4.74 
5.35 
8.43 

10.20 
8.80 
7.68 
7.09 
6.89 
7.96 
9.30 
9.34 

237Np 
(xE-IO) 

0.079 
2.25 
9.52 

12.30 
20.90 
25.00 
30.00 
18.70 
14.30 
13.70 

23511 
(xE-9) 

0.76 
4.21 
5.17 
5.6 I 
7.83 
9.54 
9.04 
7.76 
7.03 
7.08 
8.2 I 
8 ,58  

8.57 

"Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial 
Institute under Contract DE-AC06-76RLO 1830. 
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Table 2. Neutron Fluence and Displacement Damage for MOTA-2A 

Ilt,cm 

-62.9 
-6 I .7 
-4‘1.2 
-42.9 
-42.7 
-25.0 

- 3 . 1  

-1.0 
23.3 
37.7 
41.0 
66.6 

122.4 

Fast Fluence 
(.0.1 MeV) 

xEt22 d c m ’  
I .55 
I .57 
3.12 
5.29 
5.55 
7.12 
9.13 
9.52 
7.97 
4.67 
3.71 
1.19 
0.06 I 

lrun 
dpa 

6. I 
6.2 

13.0 
22.8 
23.8 
31.9 
42.2 
41.3 
34.7 
20.9 
16.3 
4.6 
0.24 

Ratio 
dpaiFlucnce 

3.9 
3.9 
4.2 
4.3 
4.3 
4.5 
4.6 
4.3 
4.4 
4.5 
4.4 
3.9 
3.9 

Position 

A 

E 
D 
F 
D 
E 
D 
A 
A 

F 
F 
B 
B 

SS’ 
dpa 

6.3 
6.5 

13.5 
23.6 
24.6 
33.0 
43.5 
42.7 
35.9 
21.6 
16.9 
4.8 
0.25 

’ Stainless Steel Fe-IXCr-XNi. 

REFEKENCES 

I .  I*. R. Greenwood and L. S. Kellogg, Neutron Dosimetry for the MOTA-2A Experiment in FFTF. 
Fusion Reactor Materials Semiannual Progress Report, DOE/ER-03 13/12, 49-53, March 1992. 
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REANALYSIS OF NEUTRON DOSIMETRY FOR THE MOTA-1 AIlB EXPERIMENTS IN FFTF - 
L. R. Greenwood (Pacific Northwest Laboratory)" 

OBJECTWE 

T o  provide dosimetry and damage analysis for fusion materials irradiation experiments. 

SUMMARY 

Neutron floence and spectral measurements and radiation damage calculations have been revised 
for the MOTA-lA,IB experiments in the Fast Flux Test Facility (FFTF). The data were revised in 
order to correct for nuclear bnrnup effects for several of the radiometric monitors, thereby 
increasing the flnence and damage op to 20%, according to position in the MOTA assembly. The 
MOTA-IA experiment was irradiated from January 18, 1983 to October 23, 1983 for an exposure 
of202.0 EFPD. MOTA-IB was irradiated from January 1, 1984 to April 23, 1984 for an exposure 
of 109.5 EFPD. Neutron fluence and dpa values are presented for both assemblies. 

PROGRESS AND STATUS 

Neutron dosimetry results for the Materials Open Test Assembly (MOTA)-IA and 1B experiments 
in the Fast Flux Test Facility (FFTF) at Hanford were reported by R. L. Simons in 1984.' Recently, 
we have completed dosimetry measurements and fluence and damage calculations for several more 
recent irradiations including MOTA-lE, IF, lG, 2A, and 2B."-6 The purpose of the present work 
was to reanalyze the previous MOTA-IA and IB data in order to include nuclear burnup effects 
for several of the radiometric monitors since these corrections were not included in the previous 
report. This reanalysis effort was deemed to be necessary since bnrnup calculations for more recent 
experiments indicated that these effects would be expected to increase the fast flux and damage by 
up to 20%. Using these new results further ensures that all neutron dosimetry for the MOTA 
experiments were performed on a consistent basis. 

The MOTA-lA experiment included seven spectral sets of radiometric monitors at different axial 
locations in the MOTA assembly. MOTA-1B included two spectral sets in the below-core basket. 
The current effort focussed on nuclear burnup corrections to the "'U, '"Np, and u9Pn fission 
monitors and the 59C0 monitor wire. None of the other reactions reported previously' require any 
hurnnp corrections. In principal, nuclear burnup corrections are easily understood as correcting for 
the depletion of either the target o r  the product isotope due to further neutron interactions. For 
example, in the case of the "C~(n,y)~'Co reaction, both the initial "Co and the activated '"Co atoms 
may be converted to other isotopes by interactions with the neutrons. I n  this case, the only 
significant reaction is the (n,y) reaction of interest. Hence, the burnup correction can be performed 
in a simple iterative procedure. It can he shown that the first correction (assuming that the 
measured uncorrected reaction rate produces the burnup) is given by the relationship: 

a$,'= a$, I(h+a$,-a$,) I hll l-exp(-ht)l I [exp(-a$,t)-exp(-(h+a$~)t)l 

'Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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where a+ is the reaction rate, the subscripts 1 and 2 refer to the target and product isotopes, prime 
means the corrected value, h is the decay constant of the product isotope, and t is the irradiation 
time. The term [I-exp(-At)] is the usual correction for decay during irradiation assuming no burnup 
effects are included. The iterative solution is obtained by substituting the value u $ ~ '  into the same 
equation in place of a$, and finding a new correction value. This process rapidly converges such 
that there is alwals a unique solution to the problem. In other words, there is only one value of 
a$,' that will produce the correct ratio when substituted into the rest of the equation. The only 
exception to this is for very high hurnup when the value of the measured activity exceeds the 
saturation value for a given reaction. I n  this case the procedure will diverge and alternate means 
must be found to determine the proper burnup corrections. 

One problem with the above procedure is that we rarely know the proper value to use for the 
reaction rate of the product isotope (eg - "Co in the above example). Often, the nuclear cross 
sections are simplk not very well-known for many radioactive isotopes. Furthermore, this reaction 
rate should also be iterated. Often the best estimate we can make for these reaction rates is to take 
the ratio with the target isotope of either thermal neutron cross sections o r  resonance integrals. The 
iteration problem is then easily solved by rewriting it in terms of this ratio. This assumes that the 
ratio will remain constant regardless of the f l u x  level. Although there may be considerable 
uncertainty in this part of the procedure, in most cases the correction for the product isotope is not 
very important relative to the correction for the target isotope. A sensitivity test quickly 
demonstrates that the net hurnup correction is rather insensitive to the choice of the ratio of  
reaction rates for target and product isotope. In the present case, burnup corrections for the 
s9Co(n,y)'oCo reaction rates varied from 0.3 to 1.6%. 

The most important burnup corrections are for the fission monitors. Basically, the same equation 
given above can also he used for these reactions with the following modifications. Since several 
different fission products are detected, a separate correction can be determined for each product. 
The separate results can then be averaged to determine the next correction and so on. Generally, 
sensitivity tests show that all of the fission products have very similar corrections. 

The other problem with burnup corrections for fission monitors is that the fission reaction is only 
one part of the total hurnup reaction cross section. The (n,y) reaction also causes significant burnup 
and must also be included. In the case of the thermal fission monitors ("'U and l'pPu). the ( n s )  
reaction rate can be estimated from the known ratios of thermal neutron cross sections and 
resonance integrals. Fortunately, in both cases, the fission cross section is much larger than the 
gamma capture cross section. Hence, uncertainties in estimating the (n,y) corrections do not have 
a very large impact on the net burnup correction. It is also easy to check that the result is self- 
consistent since both the initial and the final adjusted neutron f l u x  spectra can be used to compute 
the reaction rates for both the fission and gamma capture cross sections. In fact, using the initial 
calculated flux spectrum provides the best estimate for the initial gamma-to-fission cross section 
ratios. The initial neutron f l u x  spectra were taken from calculations by R. L. Simons.' 

The largest uncertainty in the burnup corrections is for '"Np. Since this is a threshold fission 
reaction, the epithermal gamma capture reaction rate may be much larger at out-of-core locations 
where the neutron spectrum has a much larger abundance of epithermal neutrons. I n  this case, the 
gamma-to-fission ratios for '"Np were determined using the calculated neutron f lux  spectra.' The 
resultant ratios are shown in Figure 1. This figure actually shows the result of calculations based 
on the neutron spectral adjustments, as described in previous publications.'6 

For MOTA-IA, the burnup corrections varied from about 1.3 to 18% for U and Pu and from 1.2 
to 11"h for Np. For MOTA-lB, the two spectral sets in the below-core position required corrections 
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F i  1 Calculated ratio of (n,y)/(n,fission) for ='Np in various MOTAs in 
FFTF. 

of about 8 to 10% for U and Po and 8 to 11% for Np. At the below core locations, the Np fission 
reaction becomes unusable due to the ingrowth of '"Pn which has a higher reaction rate and 
different fission yields than Np. 

The corrected reaction rates are shown, along with the other reaction rates from reference 1, in 
Table 1 .  Data from both MOTAs are shown io the table. The MOTA-IB data are a t  the below 
core locations; all other results are from MOTA-IA. Additional gradient data from MOTA-IB are 
not shown in the table. These data are essentially unchanged, although the S9Co(n,7) results are up 
to 1% higher. The labels across the top of Table 1 indicate the position in the MOTA. For 
example, 2B3 means level 2, pin B, position 3. The mean heights to the center of the dosimeters is 
then listed. 

The other monitors consisted of small wires of Fe, Cu, Ni, Ti, and 0.1% Co-AI alloy. According to 
reference 1, reaction rate uncertainties are on the order of 3%. The hurnup corrections are 
estimated to increase the uncertainties in the fission reaction rates to about 5%. In comparisons 
with previously published work, it must he noted that MOTA-lA and 1B were irradiated a t  400 
MW power level rather than the 291 MW used for later irradiations. 

The measured reaction rates were used as input to the STAY'SL computer code' to adjust the 
calculated neutron spectra determined for cycle 9A.1 STAY'SL performs a generalized least-squares 
adjustment of all measured and calculated values including the measured activities, calculated 
neutron flux spectra, and neutron cross sections. Neutron cross sections and their Uncertainties were 
generally taken from ENDF/B-V, although new data were available from ENDF/B-VI for the 
46Ti(n,p) and 6'Cu(n,a) reactions. 
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__ 

Fast Flux 
p . 1  MeV) 

xE+15 nlcm‘-s 

The adjusted neutron flux values are listed in Table 2. The previous analysis of these data’ assumed 
that the flux and spectra for MOTA-1A and 1 U  were identical. Hence, Table 2 lists data for both 
MOTAs. In fact, there is no overlap between the two sets of spectral adjustments so we cannot 
directly compare them. However, the flux gradient data appear to be in good agreement. The 
MOTA-1U results arc a t  the helow core basket (-65 and -60 cm); all of the other results arc from 
MOTA-1A. In all cases, the STAYS’L flux adjustments resulted in good agreement between the 
measured and calculated reaction rates. In comparisons with the calculated spectra, the agreement 
is reasonable (20-30%) for in-core positions. However, a t  out-of-core positions, the disagreement 
becomes progressively worse, as seen in earlier experiments. In order to obtain neutron fluence and 
dpa values for each individual irradiation, it is necessary to multiply the values in Table 2 by the 
net exposures of 202 EFPD for MOTA-1A and 109.5 EFPD for MOTA-IB. 

Iron 
dpals 
xE-6 

Table 2 Corrected Neutron Flux and Displacement Rates for MOTA-1A and 1U 

Capsule/ Total Flux 
xE+15 nlcm’-s 

-65.3 
-60.1 
-44.3 
-22.8 

6.28 
4u3  20.3 5.26 
s u 2  36.8 3.20 
6B1 71.1 0.849 

111.5 0.149 

3.97 
4.27 
3.54 
2.04 

Ratio“ 

0.423 
0.536 

1.57 

0.142 
0.895 

3.5 0.0171 

‘Ratio of iron dpa to fast fluence ~ 1 0 ’ ~  nlcm’ above 0.1 MeV. 
bStainless steel: Fe-18Cr-8Ni 

Damage calculations were performed at all spectral positions using the SPECTER computer code.’ 
Dpa rates for iron and 316 stainless steel are shown in Table 2 as well as the ratio of iron dpa per 
10” nlcm’ fast flux above 0.1 MeV. Damage parameters for 40 other elements and several 
compounds have been calculated and will be made available on request. 

Comparing the present results with reference 1 indicates that the peak flux and damage rates are 
increased by about 20% (midplane) with little effect a t  out-of-core locations. 

FUTURE WORK 

We plan to construct more detailed flux and damage maps for the entire MOTA-IA and I U  
assemblies. Damage parameters will also be provided for a variety of elements and alloys on 
request. Work is in progress to complete analysis of radiometric dosimetry data obtained from 
MOTA-IC. This will then complete dosimetry for all fusion MOTA irradiations. Dosimetry work 
is in progress for a variety of USlJapanese experiments in the High Flux Isotopes Reactor a t  Oak 
Ridge National Laboratory. 
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NEUTRON DOSIMETRY FOR THE MOTA-ZB EXPERIMENT IN FFTF - L. R. Greenwood and 
L. S. Kellogg, (Pacific Northwest Laboratory). 

OBJECTIVE 

To provide dosimetry and damage analysis for irradiation experiments in fusion materials. 

SUMMARY 

Neutron fluence and spectral measurements and radiation damage calculations are reported for the 
(Materials Open Test Assembly) MOTA-ZB experiment in the Fast Flux Test Facility (FFTF). The 
irradiation was conducted from May 27,1991, to March 19,1992 for a total exposure of 203.3 EFPD 
(effective full-power days). The maximum fluence was about 9 x 10" nlcm', 6 x IO" above 0.1 MeV 
producing about 24 dpa in iron. Neutron fluence and radiation damage maps are presented for the 
entire MOTA assembly based on the analysis of ten neutron spectral measurements and fourteen 
additional flux gradient measurements. 

PROGRESS AND STATUS 

Neutron dosimetry for the MOTA-2B experiment in the FFTF a t  Hanford provided comprehensive 
measurements over the entire assembly with a total of 25 capsules positioned at different axial 
loeations in the assembly spanning a distance of -68 to +121 cm. Dosimetry results have been 
reported previously for the MOTA-2A, lF, lG,  and 1E experiments." Each stainless steel capsule 
measured about 2.5 em long by 0.46 cm 0.d. and contained dosimetry wires for either spectral or 
gradient measurements. The eleven spectral capsules contained small wires of Fe, Ti, Ni, Cu, Nh, 
0.1% Co-AI alloy, 80.2% Mn-Cu alloy, 0.825% '15U in V, and "'Np20 oxide wire, whereas the 14 
gradient capsules contained Fe and 0.1% Co-AI alloy wires. One of the spectral capsules (located 
at level 7 of the MOTA) was not received. All dosimetry materials were separately encapsulated 
in vanadium. In addition, small amounts of Be, Fe, and Nb encapsulated in platinum were included 
in some of the spectral capsules for helium analyses. Altogether, there were a total of 118 
radiometric monitor wires and 17 helium monitors. 

Following irradiation, each dosimetry capsule was opened in a hot cell and each individual monitor 
was identified and mounted for gamma analysis. The measured activities were then converted to 
saturated activities by correcting for the sample weight, atomic weight, isotopic abundance, gamma 
absorption, reactor power history, and fission yield, as needed. Neutron self-shielding effects were 
not significant, since the Co and *I5U wires were dilute alloys and the FFI'F neutron spectrum has 
few neutrons at lower neutron energies. For the U and Np fission monitors, the gamma 
measurements detected four fission products: namely, "Zr, "'Ru, "'Cs, and I4'Ce. The standard 
deviation from the mean fission rate was generally less than 5% except for the '"Np reactions at 
out-of-core locations, as discussed below. 

Neutron burnup effects were found to be quite significant for the fission monitors, and a small 
correction was necessary for the 59Co(n,y) and fission reactions. In the case of 59C0 this correction 
can be applied using an iterative procedure since the reaction itself is the sole source of the burnup, 

'Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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0.111 
0.119 
0.149 
0.220 

1.63 
1.97 
2.51 
2.63 
3.46 
3.22 
3.25 
3.07 
3.38 
3.32 
3.02 
2.76 
2.61 

1.27 
1.46 
0. I22 
0.0039 
0.0022 

1.59 

as described previously.' In the case of the 59Co(n,y) reaction, the burnup effect varied from 0.3% 
at midplane to 2.0% in the below-core basket. Burnup effects for the fission monitors were v e q  
similar to those determined for the MOTA-2A experiment.' In most cases the burnup corrections 
for the fission monitors were about 10-15% a t  midplane and decreased to only a few percent a t  out- 
of-core locations. For "'Np, there appears to be a significant effect from the lower energy neutrons 
at the out-of-core positions due to inbreeding of '"U and eventually 239Pu, as evidenced by a larger 
scatter in the four measured fission products. Furthermore, the ' Y e  results for Np were loner 
than the other three fission products. Hence, the Np data were discarded at the below-core positions 
and not used io the spectral analyses. 

The corrected reaction rates are listed in Tables 1-3. All values are normalized to 291-MW 
operation and the \slues have an estimated absolute uncertainty of about So/., although there is an 
additional uncertainty of about 5% for the fission reactions due to problems in determining the 
burnup rates. The "Fe(n,y) reaction rates also have a larger uncertainty (as noted in the tables) due 
to the long decay time prior to gamma counting. These rates appear to be in reasonable agreement 
with previous measurements.'.' Neither of the earlier experiments, MOTA-IA/I B, made any attempt 
to determine neutron burnup corrections for the fission reactions. Hence, values measured for 
MOTA-IF, 2A, I &  and 2 6  are about 20-30% higher than these earlier measurements, nhen 
allowances are made for differences in reactor power (400 MW rather than 291 MW) and other core 
changes. Reanalysis of the MOTA-IA, lB,  and IC  experiments is currently in progress. 

Table 1 - Activation Measurements in MOTA-2B (atomslatom-?) 

(+"h) 
3.78 ( 3) 
4.14 ( 3 )  
4.27 ( 3) 
4.91 ( 8) 

3.51 ( I O )  
3.13 ( I O )  

4.32 (15) 
4.59 (17) 
4.81 (30) 
4.55 (14) 
3.69 (19) 
4.96 (18) 
5.17 ( 9) 
5.49 (13) 
4.98 ( 8) 
3.81 ( 9 )  

2.76 ( 9) 
3.09 ( 8) 
2.38 ( 4) 
0.614( 4) 
0.399(13) 

3.14 ( i n )  

Sample/ 
Level-Pin 

C22 EC-D5 
C02 BC-C5 
C37 BC-F4 
C16 BC-E4 
C21 BC-CI 
C04 I-C3 
C28 1-El 
C32 2-E5 
C18 2-84 
C30 2-D1 
C29 2-A1 
C35 3-F4 
COS 3.D6 
C36 3-A4 
C19 3-82 
C17 4-63 
C33 4-F3 
C31 4-C2 
C25 5-F2 
C24 5-D1 
C03 5-82 
C15 6-64 

CO1 8-B1 
c 2 0  8 . ~ 4  

Hi. cm 

-68.4 
-67.7 
-67.4 
-64.7 
-58. I 
-41.2 
-39.0 
-28.2 
-27.3 
-18.9 
-17.8 
-5.9 
-5.8 
-1.6 
0.5 

16.8 
20.7 
22.4 
40.4 
43.5 
44.3 
68.4 

111.5 
121.3 

' 'F~( I I ,~) '~F~ I fxE-11) 
S4Fe(n,p)s'Mn 

(xE-11) 

21.6 
20.8 
22.1 
20.3 
20.3 
6.78 
5.18 
3.32 
3.28 

2.88 

2.71 
3.04 

3.02 

9.50 
8.71 
5.93 

4.84 
4.84 

10.6 
30.3 
23.8 

4.01 
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Table 2 - Activation Measurements in MOTA-26 (atoms/atom-s) 

Sample/ Ht, em 46Ti(n,p) 
Level-Pin (xE-12) 

0.132 
0.231 

C04 1C3 
C18 264 -27.3 
COS 3D6 
C19 382 
C17 4B3 16.8 3.86 
C03 562 44.3 1.99 
CIS 684 68.4 0.129 
CO1 8B1 121.3 0.00225 

"Ni(n,p) 
(xE-11) 

0.165 

2.29 
3.66 
4.25 
4.56 
4.16 
2.08 
0.162 
0.00342 

60Ni(n,p) "Cu(n,a) 
(xE-13) (xE-13) 

0.670 0.177 
0.107 
0.957 

7.87 I .96 
7.54 

0.290 0.0595 
0.0179 0.00124 

0.879 

"Nb(nx) 
(xE-10) 

4.96 
5.78 
6.58 
8.33 
8.86 
9.34 
9.49 
5.49 
3.52 
0.566 

Table 3 - Fission Reaction Measurements in MOTA-26 (!ission/atom-s) 

~ 

Sample/ 
Level-Pin 

COZ BC-CS 
C16 BC-E4 
C04 1C3 
C18 264 
COS 3D6 
C19 362 
C17 4B3 
C03 562 
C15 6 6 4  
CO1 861 

Ht, cm 

-67.7 
-64.1 
-41.2 
-27.3 
-5.8 
0.5 

16.8 
44.3 
68.4 

121.3 

'"NP (n,O 
(xE-10) 

2.80 
4.39 
9.16 

14.90 
16.60 
18.00 
18.00 
9.82 
1.80 

0.089 

"Mn(n,Zn) 
(xE-14) 

0.277 
0.618 
4.70 
7.66 
8.67 
9.23 
8.71 
4.30 
0.354 
0.0098 

7.42 
8.26 
6.77 
8.23 
8.42 
9.18 

10.8 
5.44 
4.16 
0.815 

The measured reaction rates were used as input to the STAY'SL computer code6 to adjust the 
calculated neutron spectra determined for cycle 9A.' STAY'SL performs a generalized least-squares 
adjustment of all measured and calculated values including the measured activities, calculated 
spectra, and neutron cross sections. Neutron cross sections and their uncertainties were generally 
taken from ENDF/B-V, although new data were available from ENDFIB-VI for the 46Ti(n,p) and 
6'Cu(n,a) reactions. The adjusted neutron fluence values are listed in Table 4. The neutron spectral 
adjustments for the I O  spectral positions are illustrated in Figure 1, which shows neutron spectra 
results a t  midplane, the edge of the core, and the below-core basket. In comparisons with the 
calculated spectra, the agreement is reasonable (20-30%) for in-core positions. However, at out-of- 
core positions, the disagreement becomes progressively worse, as seen in earlier experiments.' At 
level 8 (+121 em), the measured flux is about twice the calculated flux. 

Damage calculations were performed a t  all spectral positions using the SPECTER computer code! 
Dpa rates for iron and 316 stainless steel are shown in Table 4 as well as the ratio of iron dpa per 
10" n/cm' fast flux above 0.1 MeV. Damage parameters for 40 other elements and several 
compounds have been calculated and will be made available on request. 
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Capsule/ 
Position 

C02 RC-CS 
C16 RC-E4 
C04 IC3 
C18 2B4 
C05 3D6 
C19 382 
C17 4R3 
C03 582 
C15 684 
COI 8RI 

1015 
1 0 ‘ 4  

1013 

2 10‘1 
5 10‘0 < 109 

1 o8 3! g i o 7  

106 
105 
104 
103 

10’2 

Ht, crn Total Fluence Fast Fluence 
xE~t22 n/cm’ (>O.l  MeV) 

xE+22 nlcrn’ 

-61.7 I .88 0.67 
-64.7 3.15 1.53 
-41.2 5.63 3.28 
-27.3 7.91 4.91 
-5.8 8.1 I 5.22 

0.5 8.73 5.52 
16.8 9.76 6.24 
44.3 4.78 2.96 
68.4 I .64 0.73 

121.3 0.203 0.060 

1 -67.7 cm - 

0 

Iron 

dpa 

2.49 
5.63 

13.5 
20. I 
21.8 
23.3 
24.7 
12.2 
2.71 
0.210 

! 0.5 c m  1 -:- 

Ratio SS’ 
dpf l luence dpa 
(.O.I MeV) 

3.6 2.60 
3.1 5 85 
4. I 14.0 
4. I 20.9 
4.2 22.6 
4.2 24.1 
4 0  25.6 
4. I 12.6 
3.7 2.82 
3.5 0.220 

1 

- 
10” 1 0 - ~  i o 6  1 0 ”  i o J  1 0 - ~   IO-^ i o - ’  i o o  i o ‘  i o 2  

Neutron Energy, MeV 

Figure 1 Adjusted neutron flux spectra are shown at axial locations of 0.5 cm (dotted line), -4 I .2 
cm (dashed line), and -67.7 cm (solid line) for the MOTA-25 assembly. Note the drop in fast flux 
and increase in low-energy flux out-of-core. 

Table 4 - Neutron Fluence and Disolacement Damaee for MOTA-ZB 

The flux and damage gradients at other positions can be found from the activity gradient data in 
Table 1, which are shown in Figure 2. Note that the s9Co(n,y) reaction peaks outside of the core 
because it is quite sensitive to the lower-energy neutrons. The unusual behavior of the Co reaction 
is due to neutron resonance effects. Fast fluence and dpa gradients from Table 4 are plotted in 
Figure 3. The apparent scatter in the data is caused by the radial flux gradients, as discussed below. 
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1 0 2  

10 '  

1 0 0  

10" 

10-2 

1 0 - 3  

1 0 - 4  - 
-100 -5 0 0 50 100 150 

Height, cm 
Fignre 2 Activation rates are shown for the 54Fe(n,p)54Mn and 59Co(n,y)60Co reactions as  a 
function of height in the MOTA-2B assembly. 

25 

(d 20 a a 
2 15 

2 10 

E 5  

e, 

e, 
I 

0 

I I 

, -  v- Fluence 

-100 -50 0 50 100 150 

Height, cm. 

Pigorc 3 Fast neutron thence (~102' n/cm' , >0.1 MeV) and dpa in iron are shown as a 
function of height in the MOTA-2B assembly. 

Close examination of the activity data indicates the presence of radial and azimuthal flux and 
spectral gradients. The letters A to F under the position column in Table 4 refer to the radial 
position at  the height indicated. The MOTA basket has six radial positions (A to F); hence, for 



26 

example, A and I) are the furthest apart while A and B o r  F are adjacent. The maximum radial 
flux differences are on the order of 10%; however, we also see some indications of spectral 
differences in the ratio of the fast flux to the ‘‘Fe(n,p) activity rate. Such differences are complex 
and we are now studying these effects in order to construct a more complete f lux  and damage map 
of the entire MOTA assembly. 

FUTURE WORh 

We plan to construct more detailed flux and damage maps for the entire MOTA-2B assembly. 
Damage parameters will also be provided for a variety of elements and alloys on request. Data from 
the MOTA-IG, ?A, and ZB irradiations are being used to help reanalyze previous data from 
MOTA-IA, lB, and IC, especially to include burnup effects for the fission monitors. Dosirnet- 
work is in progress for a variety of US/Japanese experiments in the High Flux Isotopes Reactor a t  
Oak Ridge National Laboratory. 
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NEUTRON DOSIMETRY FOR THE MOTA-IC EXPERIMENT I N  FFTF - L. R. Greenwood 
(Pacific Northwest Laboratory)" 

OBJECTIVE 

To provide dosimetry and damage analysis for fusion materials irradiation experiments. 

SUMMARY 

Neutron fluence and spectral measurements and radiation damage calculations have been completed 
for the Materials Open Test Assembly (MOTA)-IC experiment in the Fast Flux Test Facilit) 
(FFTF). Although this irradiation was completed in 1985, the neutron dosimetry data w'ere never 
analyzed. The MOTA-IC experiment was irradiated in cycles 5 and 6 from June 16, 1984 to June 
24, 1985 for an exposure of 256.7 EFPD (effective full power days). The irradiation was conducted 
a t  400 MW. Neutron fluence and dpa values are presented. 

PROGRESS AND STATUS 

The MOTA-IC irradiation was completed in 1985. At that time, the dosimetry capsules were 
retrieved and all dosimetry wires were gamma counted. The results were reported in a memo from 
W. Y. Matsumoto to A. M. Ermi, dated January 3, 1986. The present work has reexamined t h a e  
activation data in order to complete neutron fluence measurements and radiation damage 
calculations. 

Neutron dosimetry results and damage calculations have been reported for most of the other MOTA 
irradiations in FFTF, including MOTA-lA, IB, IE, lF ,  IC, 2A, and 2B.l.' With the addition of the 
present work, analyses are now complete Tor all MOTAs which contained fusion reactor material 
irradiation experiments. A decision was made not to analyze dosimetry materials from the MOTA- 
ID irradiation due to a temperature excursion for this experiment. 

The MOTA-IC experiment included two spectral sets and nine gradient sets of radiometric monitors 
a t  various axial locations in  the MOTA assembly. The spectral sets contained small wires of Fe, Ni,  
Cu, Ti, Sc,O,, 0.1% Co-AI alloy, and encapsulated oxide wires of '"Np (87.4"/.), *"U (0.825"/0), and 
"9Pu (0.928%). The gradient sets contained only wires of Fe and 0.1% Co-AI alloy. Following the 
irradiation, all of these wires were gamma counted and the disintegration rates per milligram 
(dpslmg) of material were reported, as mentioned previously. 

The dpslmg values for each wire were converted to saturated reaction rates using the relationship: 

u$ = ( d p s h g )  AW l [Gabs x Ahn x BCF x N x FYI 

where AW = atomic weight, Cabs = gamma self-absorption, BCF = correction for decay during 
irradiation, N = Avogadro's number, and FY = fission yield (only for fission monitors). Thc 
saturated reaction rate is equal to the spectral-averaged activation cross section (0) times the total 

'Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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"'Fe(n,~)'~Mn 
(xlo-"~ 

neutron flux ($). The resultant values are listed in Tables 1 and 2. The M values refer to our 
capsule numbers. The position of each capsule is denoted by the level, pin, and specific position, 
such as 3B3. 

s8Fe(n,y)S9Fe 
lxlo-") 

T I  

0.278 

0.359 

2.07 

2.81 

3.75 

3.66 

2.81 

1.92 

1.56 

0.099 

Capsule 

M40 BC-D2 

M10 BC-BZ 

M33 1E2 

M32 1B1 

M34 282 

M35 3E2 

M36 484 

M38 5E2 

M37 582 

M39 6B3 

5.80 

6.25 

4.71 

4.89 

5.56 

5.25 

5.24 

3.41 

3.84 

2.33 

e 1 - Activatic 

Ht.,cm 

-62.7 

-61.4 

-42.9 

-39.4 

-20.3 

0.5 

16.9 

39.6 

45.0 

70.2 

BC-B2 
-61.4 

2.49 

6.18 

5.39 

2.14 

2.97 

1.19 

1.28 

3B3 
-0.5 

0.351 

0.503 

0.415 

2.05 

1.63a 

1.31 

1.24 

I 

'atom-s) 

SPCo(n,y)LoCo 
(x10-"? 

Table 2 - Activation Rates Measured in MOTA-IC (atomslatom-s) 

MOTA Location: 
ReactionlHeight, cm: 

6'Cu(n,a)60Co (xiO-") 

5*Ni(n,p)5'Co (xl0-") 

46Ti(n,p)46Sc ( ~ 1 0 ~ " )  

"S~(n,y)~~Sc (~10.") 

*"Np(n,f) (xlO-'') 

"9'Pu(n,f) (x1OP) 

f 'sU(n,~ (x 10.") 

35.6 

32.9 

10.9 

7.92 

4.30 

3.53 

3.67 

4.59 

7.49 

11.8 

"Large uncertainty (18%) due to ingrowth of '''PU. 
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____ ~ 

Capsule1 
Position Ht,cm 

3 83 -0.5 

BC-B2 -61.4 

Burnup corrections were performed for the SqCo(n,y) and fission reactions, as described previousl).' 
Burnup corrections for the fission reactions varied from 20-35% at midplane and 30-67% below 
core. These corrections were larger than seen for previously reported irradiations since MOTA-IC 
was the longest irradiation at full reactor power (400 MW). The largest uncertainty in the burnup 
corrections is for '"Np. Since this is a threshold fission reaction, the epithermal gamma capture 
reaction rate ma! he much larger at out-of-core locations where the neutron spectrum has a much 
larger abundance of epithermal neutrons. In this case, the gamma-to-fission ratios for ''.Ivp were 
determined using the calculated neutron flux spectra.' 

The measured rraction rates were used as input to the STAY'SL computer code' to adjust the 
calculated neutron spectra determined for cycle 9A.' STAY'SL performs a generalized least-squares 
adjustment of all measured and calculated values including the measured activities, calculated 
neutron flux spectra, and neutron cross sections. Neutron cross sections and their uncertainties were 
generally taken from ENDFIB-V, although new data were available from ENDFIB-VI for the 

Ti(n,p) and "Cti(n,a) reactions. 16 

The adjusted neutron fluence values are listed in  Table 3. Since we only have spectral data for two 
positions, neutron fluence and damage data for other positions must he determined from the 
gradient data and by comparison to other MOTA experiments. For this reason, the MOTA-IC 
neutron f lux  results are compared to data for the MOTA-IA and IB  irradiations in Figure I .  As 
can be seen, all three experiments are in  reasonably good agreement. Hence, the recommended 
procedure is to use these fluxes for all three irradiations, determining the neutron fluences and dpa 
values by multiplying times the respective irradiation times (eg - 256.7 EFPD for MOTA-IC). 

~~~ ~~~ 

Fast Fluence Ratiom 
Total Fluence (>.I MeV) Iron dpalFluence SSh 

x I 02'nicm' ~10 ' '  nicm' dpa pn.1) dpa 

1.42 0.972 42.0 4.3 13.1 

0.425 0.187 6.7 3.6 6.9 

Table 3 Neutron Fluence and Displacement Damage for MOTA-IC 

Damage calculations were performed at all spectral positions using the SPECTER computer code? 
Dpa values for iron and 316 stainless steel are shown in Table 3 as well as the ratio of iron dpa per 
IO" nicm' fast flux above 0.1 MeV. Damage parameters for 40 other elements and several 
compounds have been calculated and will be made aa i lable  on request. 
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Figorc 1 
shown for MOTA-1A and 1B (solid symbols), and 1C (open symbols). 

Fast neutron flux >0.1 MeV (circles) and dpa/s ( x ~ O - ~ )  (triangles) are 

FUTURE WORK 

We plan to construct more detailed flux and damage maps for all of the MOTA irradiations. 
Dosimetry work is in progress for a variety of US/Japanese experiments in the High Flux Isotopes 
Reactor a t  Oak Ridge National Laboratory. 
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TRANSMUTATIONS OF ELEMENTS UNDER IRRADIATION AND ITS IMPACT ON ALLOYS 
COMPOSITION - 1. C. Gomes and D. L. Smith (Argonne National Laborataory) 

OBJECTIVE 

The objective of this study is to compare transmutation rates in available fission test reactors with 
those produced in a typical fusion reactor spectrum. The materials analyzed in this study are a vanadium 
alloy, a martensitic steel, a copper alloy and silicon carbide. 

SUMMARY 

This study presents a comparison of nuclear transmutation rates for candidate fusion first 
wallhlanket structural materials in available fission test reactors with those produced in a typical fusion 
spectrum. The materials analyzed i n  this study include a vanadium alloy (V-4Cr-4Ti). a reduced 
activation martensitic steel (Fe-9Cr-2WVTa). a high conductivity copper alloy (Cu-Cr-Zr), and the S ic  
compound. The fission irradiation facilities considered include the EBR-I1 (Experimental Breeder Reactor) 
fast reactor, and two high flux mixed spectrum reactors, HHR (High Flux Irradiation Reactor) and SM-3 
(Russian reactor). The transmutation and dpa rates that occur in these test reactors are compared with the 
calculated transmutation and dpa rates characteristic of a D-T fusion first wall spectrum. In general, past 
work has shown that the displacement damage produced i n  these fission reactors can be correlated to 
displacement damage in a fusion spectrum; however, the generation of helium and hydrogen through 
threshold reactions [(n,xa) and (n,xp)] are much higher in  a fusion spectrum. As shown in this study, 
the compositional changes for several candidate structural materials exposed to a fast fission reactor 
spectrum are very low, similar to those for a characteristic fusion spectrum. However, the relatively high 
thermalized spectrum of a mixed spectrum reactor produces transmutation rates quite different from the 
ones predicted for a fusion reactor, resulting in substantial differences in the final composition of several 
candidate alloys after relatively short irradiation time. As examples, the transmutation rates of W. Ta, V. 
Cu, among others, differ considerably when the irradiation is performed under a mixed spectrum reactor's 
and fusion first wall's spectrum. The out-of-core positions in mixed spectrum reactors can be partially 
shielded against low energy neutrons. e.g., by hafnium, to reduce the transmutation rates but the 
displacement rates at these positions are much lower than those for the core positions. Fast reactors 
(EBR-11) provide the only possibility for obtaining high damage rates without producing significant 
compositional effects in vanadium alloys, ferritic steels and copper alloys. 

PROGRESS AND STATUS 

Introduction 

Since a high flux source of 14 MeV neutrons does not exist, the effect of neutron irradiation on the 
properties and performance limits of candidate fusion first wallhlanket materials are currently being 
investigated with tests in fission reactors. Neutron irradiation produces atomic displacement damage that 
can affect the microstructure and properties of the material and nuclear transmutation that can alter the 
composition and hence the properties of the material. The dpa rate is basically a product of interactions 
with neutrons above 0.1 MeV. The high energy neutrons, characteristic of a fusion spectrum, produce 
more damage per neutron than the fission neutrons: however, the damage is qualitatively similar. The 
transmutation rates are quite sensitive to neutron energy since the nuclear cross setions vary significantly 
with the neutron energy. The transmutation of isotopes in other species has two main contributions, 
namely from the thermal neutrons through the (n,y) reaction with the subsequent decay of the products 
and from the fast neutrons through threshold type of reactions [(n,p), (n.a), (n,2n), etc.]. 

The neutron energy spectrum of mixed spectrum and fast fission are quite different, and hence, the 
effects of irradiation on materials in the two environments can differ substantially. The mixed spectrum 

* Work supported by the U S .  Department of Energy, Office of Fusion Energy, under Contract Number 
W-3 1 - 109-Eng-38. 
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reactors have a ncutron energy spectrum which tends to have a large number of low energy neutrons and a 
very small numbcr of neutrons above 3 MeV. The fast reactors have a small number of low energy 
neutrons and a large number of neutrons with energy between 0.1 to 3 MeV. The fusion neutron energy 
spectrum. at positions close to the plasma, tends to have a relatively small number of low energy 
neutrons and a relatively large number of neutrnns with energy above 10 MeV. These differences can be 
translated in term3 of different nuclear reactions that will take place i n  these environments. 

Calculations of the transmutation rate were perfommed using the REAC-3I code with 175 neutron 
energy griiups 

Materials and Irr:!diation Facilities Analyzed 

The materials considered i n  this analysis are a ferritic steel (FeYCr2W02VTa). a vanadium alloy 
(V4CrJTi). a copper alloy (CuO.SCr0.3Zr). and silicon carbide (Sic).  Table 1 present the atomic 
percentage of each major constituent of these alloys. The irradiation resistance of these materials has been 
the focus of an intense testing p r ~ g r a m ~ . ~ . ~  to select the hest option f1)r a structural material fix ITER 
(International Thermonuclear Experimental Reactor). 

The irradiation facilities selected for this analysis are presented in Table 2 along with total neutron 
f l u x  at the mentioned irradiation positions and the number of displacement per atom per full power year 
(DPNyear) obtainable for each material considered and in each facility. Also, the STARFIRE fusion 
reactor first wall values is presented in Table 2 (despite not being included in the calculations). The fusion 
envirrmment selected for this analysis is an ITER type of machine with liquid lithium as coolant and 
vanadium alloy (V4Cr4Ti) as the structural material (called ITER-LM hereaster). The responses presented 
fnr ITER-LM are related to the first wall neutron energy spectrum/flux. The inclusion of this ITEK 
design is for qualitative comparison and does not represent an absolute reference. 

Table I .  Composition of the Alloys Considered in This Analysis 
._ 

Alloy Element Atomic Percent 

Fe9Cr2W .2VTa 
Nickel 
Molybdenum 
Manganese 
Silicon 
Iron 

V4Cr4Ti 
Chromium 
Titanium 
Silicon 

Cu0.SCrO. 3Zr 
C h rom iu m 
Zirconium 

S i c  Carbon 
Silicon 

Chromium 
0.0095 
0.0006 
0.4s 
0.31 1 
88. I967 

Vanadium 
3.91 I I 
4.2473 
0.09 I I 

Copper 
0.5738 
0.1323 

50.0 
S O . 0  

9.6 

9 I .X406 

99.2311 
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The inclusion of the IFMIF (International Fusion Materials Irradiation F a ~ i l i t y ) ~  results is made in 
comparative basis and the results presented here should be seen as preliminary in nature. The beam size 
chosen in this analysis for IFMIF was 10x10 cm2, the deuteron energy was 35 MeV, the deuteron current 
was 250 mA and the position of irradiation was at 0.5 cm from the back-plate inside the test cell in the 
direction of the beam. 

Table 2. Irradiation Facilities Considered in This Analysis 

Test Facility 
(Total DPA per Full Power Year of Operation 

Neutron Flux 
- n/cm2sec ) Fe9Cr2WVTa V4Cr4Ti Cu0.5Cr0.3Zr S i c  

ITER-LM- 1 stW 
(4.7e+14) 

EBR-II I A l  
(2.9e+15) 

IFMIF(0.5,0,0) 
(9.4e+ 14) 

SM-3 (core) 
(3.8e+15) 

HFIR (core) 
(5.8e+l5) 

HFIR (RB*) 
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Figure 1 displays the normalized neutron energy spectra for the irradiation facilities and positions 
within the facilities considered i n  this analysis along with the STARFIRE first wall spectrum. As one 
can see the fusion and fast reactors exhibit a very low fraction of low energy neutrons, whereas the mixed 
spectrum fission reactors tend to have a large portion of the neutrons i n  the low energy end. 

Results 

Figures 2 through 1 1  display the variation of the concentration of selected elements as a function 
of the fluence, represented in dpa's, for the irradiation environments mentioned in the previous section. 
The irradiation time was assumed to be the same for all irradiation facilities, equal to 2 full power years 
or 730 days of continuous irradiation. 

Figures 2 through 6 show the most important transmutations in ferritic steel (Fe9CrZW0.2VTa). 
Tungsten is one of the components which will suffer large transmutation in a high thermal neutron 
energy spectrum. In HFIR at the core position. the depletion rate of tungsten is about I .7% per dpa. The 
production of rhenium and osmium is a product of the transmutation chain of tungsten. Tantalum is 
another element which suffers a very large transmutation in the thermal and epitbermal neutron energy 
regions. The transmutation chain of tantalum shares part of the transmutation chain of tungsten and 
consequently ends up producing rhenium and osmium. Manganese in steels is interesting due to the 
different transmutation behavior under a fission and a fusion environment. Iron irradiated by high energy 
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neutrons tends to produce manganese hut  on the other hand, manganese irradiated by low energy neutriins 
tends t n  be depleted. 

Figures 7 and 8 present the m o t  important transmulatioil i n  V4Cr4Ti. It can he noticed that the 
transtnutation rate of vanadium irradiated with high energy neutrons (fast and fusion reactors) is small hut 
vanadium irradiated by low energy neutriins produce transmutation rates as high as (1.8% per vanadium 
dpa. Chromium builds-up a t  the same atomic rate as vanadium is depleted. 

Figures 9 and I O  present results for CuO.SCr0.3Zr. Copper irradiated by low energy neutrons 
transmutes tn ziric and nickel (with about the same probability). The build-up of both, zinc and nickel, i n  
CuO.SCr0.3Zr inJdiated at the core position of HFIR occurs at a rate about 0.44% per dpa (relative tu the 
total nuniher of atoms of the alloy). 

Figure I I displays the variatiiin of the aluniinum content i n  silicon carbide as a function of the 
fluence. The transmutation of silicon to aluminum occurs. i n  significant amount, only in a fusion 
environment (fusion and D-Li neutron source) due to the high threshold value for this nuclear reaction. 

CONCLUSIONS 

The inain transniutations in the candidate alloys analyzed take place on the low energy end of the 
neutron energy ypectruni. Significant variation on the composition of these alloys occur after even a short 
period of irradiation (several dpa) i n  ii neutrnn spectrum with a large thermalized cornpunent. EBR-I1 
heing a fast reactor does nut present either the high energy neutrons (above I O  MeV) nor the Inw energy 
neutrons i n  relatively large numbers. Therefore, the transmutation rates in EBR-I1 of the main alloying 
elements iif the alloys analy.ced are the lowest among the irradiation environments considered but similar 
t u  those fiir the ITER-LM irradiation cnviriinmcnt. Exception is made to the transmutation of silicon to 
aluminum which does not occur i n  either thermal o r  in fast fission reactors hut exhibits a high 
transmutatiun rate in the fusion spectrum. IFMIF (D-Li neutron source) also produces transmutation 
rates similar tn the ITER-LM environment. Hnwever, the HFIR spectrum produces large transmutations 
rates i n  all alloys analyzed. which significantly affects the final composition i ~ f  the alloy. The use uf 
hafnium ctrver fur the RB piisitiiin reduces the transmutation rates significantly fnr some of the elements 
(if interest; hiiwcvcr, thc damage rate in this position is much lower than in the core. 
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Figure 5 .  Variation of the tantalum concentration (appm) in Fe9CrZWO.ZVTa as a function of the 
fluence (DPA) for several facilities considering 2 FPY of operation. 

Figure 6. Variation of the manganese concentration (appm) i n  Fe9CrZWO.ZVTa as a function of 
the fluence (DPA) for several facilities considering 2 FPY of operation. 
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V4Cr4Ti at HFIR, ITER-LM, SM--3, FMIF, and EBR-I1 
RE bare/Hf cover, EBR row 1. 3 - 3  care, FMIF 10x10, ITER 1st 

FiEure 7. Variation of the vanadium concentration (appm) in V4Cr4Ti as a function of the fluence 
(DPA) for several facilities considering 2 FTY of operation. 
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Figure 8. Variation of the chromium concentration (appm) in V4Cr4Ti as a function of the 
fluence (DPA) f o r  several facilities considering 2 FPY of operation. 
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Cu0.5Cr0.3Zr at HFIR, ITER-LM. SM-3. FMIF, and EBR-I1 
RE bare/Hf cover, EBR row 1. SM-3 core, FMIF 10x10, ITER 1st 

CuO.SCr0.3Zr 
Nickel 

HFIR-core 

.. y.:. 

b 9 
CuO.SCr0.3Zr FFi 

Zinc - 

i :{  W / 
EBR-II 

I HFIR-RBH .,L - .J- .- - ~ 

I I.C.COm.. - AXL - 0,n. 

0.00 8.48 18.82 25.38 33.81 42.30 50.78 58.22 87.88 78.14 
Fluence [ DPA ] 

IO 

Figure 9. Variation of the zinc concentration (appm) in CuO.5Cr0.3Zr as a function of the fluence 
(DPA) for several facilities considering 2 FPY of operation. 

BO 

Figure IO.  Variation of the nickel concentration (apprn) in Cu0.5Cr0.3Zr as a function of the 
fluence (DPA) for several facilities considering 2 FPY of operation. 
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Sic at tIFIR, ITER-LM. SM-3. FMIF, and EBli-I1 
RE bare/Hf cover. EBR row 1. SM-3 core. FMIF 10x10, ITER 1st 

Figure 1 1 .  Variation of the aluminum concentration (appm) in Sic as a function of the iluence 
(DPA) for several facilities considering 2 FPY of operation. 
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CALCULATIONS TO DEERMINE TIE m s i B n . i n  OF USING A BORON CARBIDE SHIEI.D 
FOR SPFXTRAI. TAILORING IN TIE 1 m R  FOR VANADIUM ALLOY I W l A l 7 0 N - K .  A. Lillie 
(Oak Ridge National Laboratory) 

OBIEcIlvE 

These calculatious are part of an effort to design a low temperature irradiation facility in HFIR for 
vanadium alloys. 

SUMMARY 

A neutron transport calculation has been performed to determine the feasibility of creating a shielded facility 
in the Be reflector of the HFIR. It was found that the B4C provides satisfactory spectral tailoring to reduce 
production of Cr below the tolerance limit for Cr in the original alloys. The shield would have to be 
replaced after eight cycles or 5 dpa, but the operations schedule for the HFIR makes it easier to replace the 
shield after seven cycles. Three shields would then have to be used in order to reach 10 dpa. l%is facility 
would provide the equivalent of a low-temperature fast neutron position in the HFIR for development and 
preliminary qualification of vanadium alloys for fusion devices. 

PROGRESS AND STATUS 

The irradiation performance of vanadium alloys for fnst wall and blanket suuctural alloys has primariy been 
investigated using fast reactor irradiation facilities. However, liquid metal cooled fast reactors do not have 
coolant temperatures below 350400'C. This creates a problem for evaluation of fracture and other 
mechanical properties for devices such as the ITER which will have fust wall and blanket structures 
operating as low as perhaps 2WC.  Research reactors operate with cwlant temperatures below l W C ,  but 
the thermal flux present in such reactors often produces undesirable transmutations. In the case of 
vanadium, the reaction 51V(u,y)52V followed by a beta decay of the 52V to 52Cr with a 3.75 minute half 
life causes significant alteration of the original alloy composition. 

To overcome this problem, experimental capsules containing V specimens must be surrounded with 
suitable thermal neutron shields. Previously performed simple hand calculations indicated that of the 
various materials which have large thermal neutron capture cross sections, only borou or toron compounds 
containing *OB are satisfactory. Pure elemental cadmium (Cd), gadolinium (Gd), and europium (Eu) or 
compounds containing these elements can provide sufficient thermal neutron shielding, however at the 
required small thicknesses (one to five mm) these elements bum up much too fast to be of any practical 
use. Hafnium (HO has too small a thermal capture cross section to be of any use. Since the hand 
calculations only considered thermal neutron bumup, the current investigation was undertaken to verify the 
simple hand calculations for a 3 mm thick B4C shield. 

JxscriDtion of calcu 

The analysis of the B4C shield was performed using the one-dimensional discrete ordinates radiation 
transport code ANISN.l A typical HFIR RB* (Instrumented Be reflector) position was modeled as an 
infmite 2.5 an radius cylinder (-2.97 inch diameter). The source term for all of the transport calculations 
was constructed by imposing the average of the beginning-of-cycle (BOC) and end-of-cycle (EOC) 
unperturbed fluxes at the HFIR core midplane at a RB* position on the outer boundary of the infinite 
cylinder. The unperturbed fluxes were obtained from previously completed two-dimensional calculations. 
These calculations were performed with the two-dimensional discrete ordinates code DORTZ using 
35 neutron energy group transport data taken from the ANSL-V cross section library3 to determine the 
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power shift within the HFIR core due to the presence of Hf shielded experiments in two of the RB' 
positions. The B4C shield had an inner radius of 2.2 cm and an outer radius of 2.5 cm (3 mm thickness). 
The volume within the center of the cylinder was t r e e d  as void. The transport data for B4C was taken 
from the 46 neutron energy group DABL69 cross section library.4 The transmutation (V to Cr, V to Ti, 
and gas production) and dpa cross sections were taken from 105 neutron energy group data derived from the 
RECOIL 

To determine the bumup of I% in the B4C shield, one-dimensional ANISN calculations were performed 
for a large number of 'OB atom densities to determine the bumup rate as a function of IoB atom density 
In addition, the fluences from these calculations (normalized to one HFIR full power day at 85 MW werc 
folded with the various V transmutation and dpa cross sections to determine the transmutation and dpa rates 
as a function of IoB atom density. The functional dependence of these quantities on 'OB atom density was 
then fitted and input to a small in-house bumup code to determine the time history of the IoB in the B4C 
shield and the Cr production and dpa level in vanadium. 

The results from these calculations are summarized in Table 1 

Table 1. V to Cr Transmutation and Required Full Power Days at 10 dpa Level Assuming 
the BqC Shield is Changed Out every 7 € F I R  Core Cycles 

Required Full 

at 85 Mw 
Configuration dpa Level Power Days Cr Production 

(% of V) 

No shield 10 345 15.5 

3 mm B4C shield 10 365 c0.12 

The fluence spectra per full power day in a HFIR RB* position with the 3 mm thick B4C shield are 
presented for several irradiation times in Fig. 1. As expected, with increased IoB bumup, i.e., increased 
irradiation time. the thermal fluence exhibits a rapid increase while the e p i t h d  fluence exhibits a slower 
increase and essentially no change occurs in the fast flucnce. 

The V to Cr uansmutation and dpa levels in the vanadium are given in Fig. 2 as a function of full power 
days (fpd). Even though the B4C shield is only needed for 154 fpd, i t . ,  seven cycles, it may be used for 
approximately 180 fpd to reach the 5.0 dpa level. At this dpa level, the produced Cr is still less than 0.2%. 
If this scenario is chosen, only two B4C shields would be needed to reach the 10 dpa level and the produccd 
Cr would still be less than 0.5 %. 

In producing the data in Table 1 and Figs. 1 and 2, a number of conservative approximations were 
employed. Fir% in determining the '% bumup, the bumup rate at the beginning of a fpd was employed 
for the entire fpd resulting in a slight overestimate of the bumup. Second, the V to Cr transmutation rate 
at the end of each fpd was employed to overestimate the Cr production, and third. the dpa rate at the 
beginning of each fpd was employed to underestimate the dpa level. In addition to these conservative 
approximations, the one-dimensional model produces overestimates of the bumup rate since only the 
maximum or HFIR midplane fluence was employed. Thus, the performance of a 3 mm thick B4C shield 
should be slightly better than that indicated by the results presented here. 

CONCLUSIONS 

Irradiation of vanadium alloys at temperatures of 25VC or even below may be conducted in the HRR in 
instrumented positions. Displacement levels of 10 dpa can be reached in about one full power year with 
transmutation-produced Cr at levels well below the tolerance on the original alloy composition for this 
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Fig. 1. Fluence spectra per full power day in HFIR RB* position iwth 3 mm B4C shield around 
experimental capsule. 

0 20 40 60 80 100 120 140 160 180 200 
HFIR full power days at 85 MW 

Fig. 2. Transumation and dpa in V with 3 mm B4C shield around experimental capsule in HF?R RL3* 
position. 
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element. This irradiation facility effectively becomes a low-temperature fast reactor position in a research 
reactor. 

FUTURE WORK 

Design will begin on this concept to investigate the thermal performance of such an irradiation facility. 
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TRANSMUTATION IN COPPER-BASE BRAZING MATERIALS - F. A. Garner, L. R. Greenwood 
and D. J. Edwards (Pacific Northwest Laboratory)" 

OBJECTIVE 

The objective of this effort is to determine the impact of transmutation on the performance of 
various brazes used to join copper alloys that are candidates for high heat flux service in fusion 
devices. 

SUMMARY 

Brazing compounds containing silver o r  gold will transmute during irradiation, forming significant 
amounts of either cadmium o r  mercury, respectively, in all neutron spectra of current interest to 
the fusion materials program. The impact of this transmutation on braze performance and on 
development of fission-fusion correlations has yet to be determined, but will be addressed in an 
irradiation experiment that was recently completed in FFTF-MOTA. A lesser amount of 
transmutation will occur in brazes containing tin, but no specimens containing brazes with tin have 
yet been irradiated. 

PROGRESS AND STATUS 

Introduction 

In addition to the development and testing of materials for high heat flux applications in fusion 
devices, consideration must be directed toward the development and testing of joining methods for 
these materials. Brazing is a traditional method for joining of copper alloys, and a CuAgSn braze 
is being considered as a compliant layer for the ITER first wall. The impact of neutron irradiation 
on the stability and performance of brazes has not previously been explored, however. 

An experiment that addresses the irradiation performance of brazes has just completed irradiation 
in FFTFIMOTA-2B. It involves the use of brazed TEM sandwiches and lapped minitensiles. The 
alloy employed was GlidCop CuA12S and the brazes were CuAg, CuAu, TiCuAg and TiCuNi.' 

As part of this study the radioactivation and transmutation aspects are being examined. Since the 
transmutation of copper bas been examined previously' and that of nickel is not very significant, 
this report examines the transmutation of Ag, Au, and Sn in FFTF, HFIR and STARFIRE. 

Results of Calculations 

Silver and gold will transmute strongly in almost all neutron spectrum of current interest. The 
main transmutation products in silver arise from (n,y) reactions. Ag-107 forms Ag-108, with a 2.4m 
half-life, which decays 97.2% of the time to Cd-108 and 2.8% of the time to Pd-108. The Cd-108 
isotope is stable but will transmute to Cd-109, with a half-life of 462d, decaying back to Ag-109. 
The Ag-109 isotope captures neutrons to produce Ag-110 (2%) and Ag-llOm (2SOd). The latter 

"Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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isotope i s  the maior source of  radioactivity i n  irradiated silver. The 25s ground state i s  produced 
at a rate about twenty times larger than the isomer, but both decay almost completely to Cd-110. 
although some forms Pd-110. The cadmium formed i s  rather stable, with most subsequent neutron 
captures leading to other stable isotopes o f  cadmium. The predictions shown i n  figures 1-3 assume 
that the Ag- l lOm has already decayed to Cd-110. In the STARFIRE spectrum there wi l l  he snme 
production of Pd-106 from Ag-107. Ag-109 wi l l  undergo a (n,2n) reaction, however, to form Ag-108. 
which then deca!s t o  Cd-108 and Pd-108. The nct ef fect  o f  these two reactions wi l l  be a slightly 
enhanced production of  palladium. 

The major  transmutatinn i n  gold comes from the (n,y) reaction of Au-197 to Au-198, which decays 
wi th a 2.7 day half-life to stable Hg-198. Further captures lead to other stable mercury isotopes. 
In the STARFIRE spectrum, the (n,2n) reaction leads to Au-196, which derays with a 6.2 day half- 
life, mainly to stable Pt-196 and weakly to Hg-196. Further reactions wi th Pt-196 always return 
to Au, and thus mercury i s  the main transmutant i n  al l  cases. Figures 1-3 also show the 
transmutation of gold. 

The transmutation o f  tin i s  rather low in all  three reactors (HFIR, FFTF, and STARFIRE) due to 
the predominantly low cross sections and the fact that most o f  the (n, y) capture reactions lead only 
to other tin isotopes. For example, Sn 115-117 have the largest cross sections; however. the 
reactions simply move up  the Sn chain unt i l  Sn-120. The main transmutation wi l l  be produced h? 
Sn-I12 to Sn-113 (1 15 d) w,hich eventually decays to In-113, which i n  turn may transmute hack  to 
Sn-114. However, Sn-l 12 i s  only 0.97"/. of natural tin; hence, the net transmutation production w i l l  

only yield tenths of a percent transmutant per year. 

There wi l l  also be some transmutation from Sn-120 and Sn-122 to Sh-I21 and Sb-123, both of which 
are stable. These can i n  turn transmute somewhat to tellurium. Sn-124 wi l l  produce 125-Sb (2.8y), 
which i s  the biggest concern for activation considerations due to i t s  long half-life. This wi l l  
eventually decay to Te-125, which i s  stable. None of these isotopes of  tin have significant thermal 
cross sections; hence, the transmutation rate wi l l  be low, reaching only tenths o f a  percent per year. 
wi th the largest transmutant rate occurring i n  HFIR. I n  STAKFIRE, the (n,Zn) reactions at 14 
MeV wi l l  produce similar amounts of In-113 and C d - I l l ,  as well as Sb-121 and Sb-123. 

Altogether. the net transmutation wi l l  be less than 1% per year, the highest rates being for  HFIR. 
The major long-lived activation products of concern are Sb-125 (2.8~) and Sn-113 ( I  15d). Sb-I25 
w i l l  be by far  the biggest problem, due to i t s  higher abundance and cross section, as well as i t s  
higher encrgy gamma rays and longer half-life. 

Discussion 

I t  i s  anticipated that significant formation o f  mercury o r  cadmium may degrade the performance 
of brazed joints i n  irradiated copper components. This possibility wi l l  soon be tested as examination 
proceeds on lapped minitensile specimens irradiated i n  FFTF. The lesser amount o f  transmutants 
formed i n  Sn-containing brazes may also impact the performance of  brazed joints, but  no 
i r radiat ion tests are available on this type o f  braze. 
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Figure 1.  Production of mercury and cadmium from gold and silver in FFTF at the midplane and 
at -66cm, which is the middle of the below-core basket in MOTA. 
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Figure 2. Production of mercury and cadmium from gold and silver in ITER. 
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Figure 3. I’roduction of mercury and cadmium from gold and silver in STARFIRE. 

FUTURE WORK 

Tensi le testing and fractographic examination on irradiated lapped minitensile specimens wi l l  
proceed. 
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ITER MA'IEIUAL PROPERTIES HANDBOOK - J. W. Davis (McDonnell Douglas Aerospace) 

OBEC'IWE 

The primary objective of this activity is to support the development of a Materials Properties Handbook for 
use during the Engineering Design Activity of ITER. A secondary objective is early identification of gaps 
in the material property database so that R&D to fill these gaps can be accomplished within the EDA time 
frame. 

SUMMARY 

In December the ITER Joint Central Team authorized the creation of a Materials Properties Handbook. 
This Handbook is a cooperative activity between the four parties of ITEX (Japan, the E.U., the RF., and 
the US.). The U.S. Home Team has been selected to coordinate the documentation, while all four Parties 
will provide data. During this period the effort focused on organizing this activity. developing a format for 
use by all of the parties. and demonstrating the ability to electronically transfer files between the four 
parties. First draft of the Handbook is scheduled for July. 

PROGRESS AND STATUS 

The performance requirements of many of the ITER components will put severe constraints on material 
selection. Large variations in material pper t i es  caused by emors in interpreting the data- could be the 
difference between these components working or not. Since material properties can come from a variety of 
sources, some developed from actual data, while others are extrapolations from similar materials, it is 
relatively easy to reach the wrong conclusions regarding a components life or operational capabilities with 
an incomplete or erroneous material database. To avoid this possibility it is important to design and 
analyze the ITER components using a uniform and verifiable database. 

Currently there are a number of a number of data books and databases available which contain information 
on materials of interest to fusion. Some of these are: the U.S. Material Handbook for Fusion Energy 
Systems, the E A  Fusion Materials Handbook, the JAERI Material Performance Database (JMPD), the 
E.U.'s High Temperature Materials Data Bank (HTM-DB) at Petten. and the Russian Federation's PFC 
materials database which is a PC Windows based system. Many of these databases have restricted 
distribution and cannot be used by all of the ITER participants or do not contain all of the materials of 
interest to ITER. In addition. since these data books are not funded by the ITER program there is no 
guarantee. that additional property information, not currently contained in these books. could be developed 
in a time frame to meet the ITER schedules. It was for these reasons that ITER decided to develop its own 
Materials Properties Handbook. The ITER Material Properties Handbook was formally created on 13 
December 1993 with the release of ITER Task Agreement S72TD 04 93-11-23 FU. The Handbook is the 
responsibility of the San Diego Joint Work Site of ITER. The U.S. is responsible for coordinating this 
activity along with equal participation among the four ITER p m e r s  (Japan, the E.U., the R.F. and the 
U.S.).in supplying information to the Handbook. 

While the Handbook was officially chartered in December of 1993 actual work did not begin until after the 
First Working meeting which was held at the ITER Joint Work Site in San Diego on February 7-9, 1994. 
The purpose of this meeting was to review the near tern data needs for ITER and to identify which of the 
ITER partners would be responsible for the preparation of tbe data pages. In establishing priorities for 
preparing the data it was agreed that the materials used in the divator, first wall and blanket, magnet, and 
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automatically extract attached fdes such as the Eudora mail system. Eudora is the preferred mail system for 
the ITER JCT and as a result they would prefer to have participants sending files to them using this 
program. Japan is working on the connection. Because of the difficulty in transferring atwhed files to 
non-Joint Central Team sites that cannot convert BinHex files or retrieve electronic files, the Director of 
the Joint Central Team directed that all Home Teams insure that their participating organizations must have 
this capability. Once everyone gets to using Eudora, 01 an Eudora "like system" communications should 
be simpler. However, even with this capability, the biggest problem will still be to get people to read 
their e-mail more frequently than once once a week or once a mouth, particularily for those not used to 
working on e-mail. 

d Format 

One of the goals of the Handbook program is to not only develop datapages for use on lTER but also to 
put this database in an e l e m n i c  format for easy retrieval. A key in establishing an electronic database is 
to develop an outline or format for designating the materials. Because it is difficult to change the 
numbering sequence once it is established one needs to provide for growth in the original outline. Table 2 
shows the organization of the Handbook. Since material specialists will be working on the ITER program 
it was decided to organize the Handbook by class of material (metals, ceramics. composites, gases, 
lubricants, etc.) and subdivide the headings by alloying element , phase, or common or commercial 
designation which would be familiar to malerial specialists. For future growth blanks or unassigned 
sections are identified as reserved. In the areas where a material system is identified but no material class is 
shown, such as femtic steels, indicates that a particular alloy within this class has not been identified by 
the ITER program at this time. 

l?uEmfk 

The next Working Group is scheduled for the July 11-15, 1994 in Garching, Germany. Prior to that 
meeting all participants are scheduled to provide data so that a draft of the Handbook can be presented at that 
meeting. In preparation for the meeting a manual is being developed describing the organization of the 
Handbook and the format for presenting the data. Currently it is anticipated that the participants can supply 
the data either in a spread sheet type of format such as in "Excell" or as an equation that can be plotted in a 
graphics routing and inported into Microsoft word for distribution electronically. Work will also continue 
on verifying the ability of all of the participants to transfer the fdes electronically. 
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Marerials code Material Description 
A MFTALS - 

AA Austenitic Steels 
AA-01 316 
AAM 316L 
AA-03 316 LN 
AA-04 316 SPH (RCC MRIS) 
A445 
AA-06 

AB 
AC 
AD 

AD41 
m-02 

JNl 
RF-2Wr-16Ni-6Mn 

Femtic I Maninsitic Steels 
Other Steels 
Nickel Base Alloys 

Inconel 625 
Incoloy 901 

AE 

AF 
AE-01 

AF-01 

AH I Reserved 
Al Reserved 
AJ I Copper and Copper Alloys 

Timium Base. Alloys 

Vanadium Based Alloys 
Ti-6N4V 

V-5 Cr-5Ti 

I AJ-03 I Cu-BeNi 
AJ-04 Dispersion Strengthened 
A 1-m I Ccmwr-Tin 

AN 

- 
'1 - 

AK-01 I Plasma Smyed 
AKM Sintered 

AL I Resaved 

RemVed 
Brazes 
Liquid Metals 

Lilhiurn 
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4.0 FUNDAMENTAL MECHANICAL BEHAVIOR 

No contributions. 
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5.0 RADIATION EFFECTS, MECHANISTIC STUDIES, 
THEORY AND MODELING 
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VOID SWELLING IN BINARY FE-CR ALLOYS AT 200 DPA - D. S. Gelles, (Pacific Northwest 
Laboratory)" 

OBJECTIVE 

The objective of this work is to determine lifetime limits for reduced activation ferritic alloys by 
providing a better understanding of the inherent swelling resistance of ferritic alloys. 

SUMMARY 

Microstructural examinations have been performed on a series of binary Fe-Cr alloys irradiated in 
the FFTF/MOTA a t  425°C to 200 dpa. The data represent the highest swelling levels reported in 
neutron irradiated ferritic alloys. The alloy compositions ranged from 3% to 18% Cr in 3% C r  
increments, and the irradiation temperature corresponded to the peak swelling condition for this 
alloy class. Density measurements showed swelling levels as high as 7.4%. with the highest swelling 
found in the Fe-9Cr and F e d C r  alloys. Microstructural examinations revealed that the highest 
swelling conditions contained well-developed voids, often as large as 100 nm, and a dislocation 
network comprised of both ;<111> and a<100> Burgers vectors. Swelling was lower in the other 
alloys, and the swelling reduction could he correlated with increased precipitation. These results 
are considered in light of the current theories for low swelling in  ferritic alloys, but no theory is 
available to complctely explain the results. 

PROGRESS AND STATUS 

Introduction 

The present effort is one of a series that follows a set of simple Fe-Cr alloys ranging from 3% to 
18% Cr in 3% Cr increments through a number of irradiation  experiment^.'^^ Irradiations have 
been performed both in the Experimental Breeder Reactor (EBR) -11'~' and the Fast Flux Test 
Facility Materials Open Test Assembly (FFTF/MOTA),'" and the present effort examines the alloys 
following irradiation in FFTFIMOTA to the highest dose attained, 200 dpa. The intent is to provide 
further understanding of the processes controlling void swelling in the ferritic alloy class. 

Void swelling due to radiation damage is found to be significantly lower in ferritic alloys than in 
austenitic alloys.'. 'Oar examp'' However, the cause of this difference in response is not yet clearly 
understood, Several theories have been proposed, but none have received completely general 
acceptance. Three recent papers summarize these theories, and may be referred to for details.'.' 
The most pertinent mechanisms are 1) the point defect bias to dislocations is inherently lower in the 
body centered cubic ferritic crystal structure,' 2) the presence of two competing dislocation Burgers 
reduces vacancy accumulation at voids,'.9 3) solute trapping of defects leads to increased 
recombination," and 4) the dislocation and void evolution produce populations that are not ideal 
for void swelling optimization in ferritic alloys."-'2 However, it is important to differentiate between 
the two stages controlling swelling response: void nucleation (or swelling incubation) and void 
growth (or steady state swelling). Many of the mechanisms defined above only provide an 

"Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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explanation for the delayed onset of stead! state swelling. For example, solute trapping nou ld  not 
he expeeled to ciintrnl steady state swelling heeause the solute nnu ld  eventoall) be segregated t o  
point defect sinks. The  present microstructural stud) i s  more pertinent to steady state snelling 
response. 

Experimental Prs,redure 

The International Nickel Company prepared alloys used for  this and previous studies. 
Cnmpositional iriipurities have previously been defined,’ hut i t  i s  no r th  emphasizing that the Fe-3Cr 
alloy has hehaveil anomaloiisly hecause i t  contains significantly more impur i ty  than nas originall! 
expected.‘ 

For the present crperimenl, specimens n e r e  put into transmissinn electron microscop! (TE.M) 
packet H4 and Iucated in  in-core weeper positions o f  the FFTFiMOTA from the heginning of c!cle 
1 and throughout the remaining operation n f  FFTF. The irradiation history for packet H1 n a s  as 
follons: 

M O T A  I B  hasket 2F-5 to 2.98~10” nicm’ at an a\erage temperature o f  431°C. 
M O T A  I C  basket 2F-5 to 6.98xIO** nicm’ at 420°C. 
M O T A  ID hasket 2F-5 i n  S.05x1t12’ nicm’ at 404°C:. 
M O T A  I E  basket ZF-2 i n  9 . 6 7 ~ 1 0 ~ ~  niem’ at 414°C. 
M O T A  I F  basket 2F-2 to 9.60~10” nicm’ at 405°C. 
MOTA I(; basket 2E-3 to 7.18xIO” nicm’ at 417°C:. 
MOTA 2 B  basket 3.4-5 to 6.35xlO” nicm’ at 133°C. 

Therefore, during that period, the specimens in  packet H 4  received a fluence o f  4.78~10” nicm’ at 
an average temperature o f  418 + 11°C. hereafter reported as 420°C. The dose achieved, calculated 
from reference 13, which i c  based on dosimetry measurenicnts from M O T A  IF, varies from 198 to 
201 dpa, depending on alloy composition. 

Microstructural examinations were performed on a .IEOI. J E W  1200EX scanning T E M  operating 
at 120 k V  and outfitted with a Tracor Northern energy dispersive x-ray fluorescence (EDX) detector 
and TN5500 computer and n i t h  a Gatan Electron energy l o s s  spectrometer. 

Kesults 

Swelling 

Results nf  density chanpc medSUrementS fnr simple fer r i t ic  allo) specimens irradiated at 420°C to 
200 dpa are provided in  Table I .  Table 1 contains dose estimates fnr edch alloy based on 
conversions from referencc 13. Table I also includes density ehange results for specimens irradiated 
i n  lower dose in  FFTFIMWIA experiments that were started later in  the reactor history.‘ As shonn 
from Table I, swelling values are 7.4% or less. The highest swelling value, 7.4’!’0, i s  found in  Fe- 
9Cr, and the next highest well ing, 7.0”h, i s  in  Fe-6Cr. I n  comparison, Fe-12 C r  swelled 2.8%. Fe- 
3Cr  snelled l.8%, and Fe-lsCr and Fe-I8Cr swelled 1.3’Xn. If these results are compared as a 
function of dose, assuming linear dependence hetneen data points at two doses, the highest we l l i ng  
rate i s  found for  Fe-9Cr. 0.097‘%,idpa. This value i s  somewhat higher than the value previously 
estimated from EBR-II data of O.Oh%/dpa~ where i t  tias fnund that swelling levels in Fe-12Cr 
reached 4.72”%, and swelling levels in  Fe-9C:r reached 4.14%, at 1.9~10” nicm’ or  91.2 dpa. 
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Microstructures 

Microstructural examinations revealed that al l  specimen conditions had developed void swelling in 
the form o f  uni form arrays o f  voids. The amounts o f  void swelling and the relative void sizes were 
in proportion to the density changes measured. Voids were uniformly distributed, except i n  a few 
instances where denuded zones o r  reduced densities were found adjacent to  grain boundaries, 
apparently associated wi th grain boundary migration. Also, examples were found in the Fe-18Cr 
alloy where larger voids were attached to needle shaped precipitates. Examples at  low magnification 
are provided in Figure 1. Of particular note are the wide range o f  void sizes and the array of 
precipitates in the Fe-3Cr specimen shown i n  Figure l a  and the needle shaped precipitate wi th two 
large voids attached in the Fe-18Cr specimen in the lower r ight o f  Figure If. I t  may be noted that 
a broad void size distribution that includes small sizes i s  an indication that steady state swelling has 
not yet been achieved. The precipitates seen i n  Figure l a  are due to impurities in the Fe-3Cr alloy. 
Figures Ib, I d  and l e  display surface etching effects in the form of large pits; these are believed to 
be artifacts arising from preparation difficulties and were ignored. 

Table 1. Swelling as measured by  density change for simple ferritic alloy specimens examined in 
this study wi th comparison o f  specimens irradiated to lower dose. 

Contrast experiments have been performed on each irradiated specimen condition to provide a 
detailed understanding of  the dislocation and void structures. Examples are shown for each of the 
alloys in Figures 2 through 7. In each case, a stereo pai r  using = 200 i s  shown in parts a) and b), 
dislocation contrast using = 0i 1 i s  shown in par t  c) and void contrast i s  shown in part d) for  a foi l  
near (011) orientation that i s  tilted near (012) for part b). Void shape analysis in the following 
description i s  based on figures included in reference 14. 

Figure 2 shows examples of the dislocation and void structures in Fe-3Cr following irradiat ion at 
420°C to 200 dpa. Figure 2a displays horizonal features i o  strong contrast consisting o f  a11001 
loops and dislocation l i ne  segments and more vertical features i n  lower contrast representing a l l  the 
! < I 1  I >  dislocations present superimposed on an array o f  voids in poor contrast. Examination o f  2 
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the stereo model from Figures 2a and 2b reveals that the a[1001 loops are steeply inclined. that 
the !<I Il;,dislucation segments form a network that sometimes includes a l l 00 l  segments. and that 
the toids are unifnrml! rlistrihutcd. Figure 2c shons a large number of loops that do not appear 
i n  Figure 2a that must therefore he of Burgers vector alOlOl and a[0011, distributed on planes 
approximately .Iso to the plane of the micrograph. Therefore, from this sequence, it can he 
demonstrated th.it the dislocation structure in Fc-3Cr after 200 dpa at 420°C i s  predominantl! 
a<100> i n  character. consisting primari ly of loops, hut a<100> and :<I I I >  dislocation segments a r e  
present iii the lot m n f a  dislocation nctwnrk. Figure 2d can h e  use i  to demonstrate that \aids var! 
nidely i n  s i x ,  that void shape i s  equiaxed with the predominant shape equally truncated hetneen 
euhes and doderxhedra (with a truncation factor between 0.4 and 0 .5 ) .  Also, the precipitation due 
to an unexpectedly high impur i ty  content i s  shonn l o  hc  i n  the form of dark equiaxed particle, 
(approximatel! :(I nm iii diameter) that a r e  uniformly distribuled. 

Figure 3 provides examples of  Ihe dislocation and void structures i n  Fe-hCr follow'ing irradiation 
at J20'C to 200 dpa. Figure 3a re\eals that the density of a [ l l l I l  I dislocations i s  I n n e r  than that i n  
Fe-3Cr, that milst dislocations are line segmentn. and that ! , < I l l >  dislocations a re  iinl! line 
segmenls. The htereo model froin Figures 3a and 3b shows a clear example of a dislocation node 
tonards the upper left. but i n  must cases, the dislocatiori segiiienls terminate at voids. Figure 3c 
shon3  a number of a[  1001 and a[0101 loops and dislocation segments that cannot be seen i n  Figure 
3a, hut again sczments tend tu end at voids. Therefore. the dislocatinn structure i s  a mixture n f  
a<100> antl : < I  I I:> disloc;itiuns primaril! i n  the h - m  o f a  nctrri irh n i t h  voids a l  the nodes. t igure  
3d shnws tha-t voids in Fc-OC'r are larger than in Fe-3Cr and that voids are doclecahedral with (100) 
truncations (corresponding to a truncation factor hetween 0.6 and  0.8). Ilowever, larger  voids are 
often elongated s o  that some nf the facets a r e  larger than nthers. Also. some of  the 3mallcr void, 
appear til he without signilicant truncation. hut lither small voids a r e  clearly facelted. 'Therefore. 
cnnsiderable variation i n  \n id  shape exists. 

Figure 4 e k e s  example5 of  the dislncation and void structures i n  Fe-YCr following irradiat ion at 
420'C to 200 dpa. Figure .la again reveals the presence of holh a1001 I and 3.1 I I> Burgers vectors. 
.The stereo model from Figures l a  and 4h shons that few a10011 loops are  p k e n t ,  and most of those 
are connected t o  the clisloc;ition network. Again. dislocation segments often terminate at viiids. .The 
images arc confused b? surface pits. and voids that arc connected to the surface, often with a 
mottled appearance. Figure 4, shiins a numher of iiicnmplete a[lOIl[ and a[OlOl loops and 
ilisloealion scgmenls that cannot h e  seen i n  Figure 3a. Therefnre, the dislocatinn structure i s  again 
a misture of a<lOW and !<:I I I:, dislneatiuns in the form uf a nctwnrk but with several part ial  loops 
and with voids zit s o m e  o f t h e  nndes. Figure I d  reveal5 that the truncation o f  the dodecahedral 
,aids is  even l e v  than in Fc-Wr (n i t h  a truncatiuii factor nf 0.X to 1.0) with considerahle \ar iat ion 
ill void aspect ratio and some variation i n  lacct delinition. 

Figure 5 prnvides examplcs of  the dislncation and vnid structurcs i n  Fe-I2Cr fnllowing irradiat ion 
at 420°C to 200 dpa. Figure Sa shows a somewhat different dislncation structure, consisting of  hoth 
small aJ001)  Iiiiips and large a1001) segments as well as large q - c l l l >  segments. The loops a r e  as 
small as I 5  nm i n  diaincter with man) features i n  strong contrast that arc even smaller. The stereo 
model from Figures Sa antl 5h v e r i f i e s  that the a[01ll I loops a r e  steeply inclined, and that the densit! 
nf sniall features i s  niucli higher than i n  alloys with lower chromium content. Figure ?e s h o w s  the 
a[100[ antl a[010[ loops and line segments not visible i n  Sa and Sh, but also reveals that the small 
fcatures remain i n  stronger contrast than the dislocation structure. Therefore, the strong contrast 
i s  due to precipitation, likely from chromium rich a' fnrniation. Figure 4d reveals that void shapes 
are dodecahedral !+ith slight cubic truncation (n i t h  a truncation factor 0.7 to O.Y), and larger voids 
a r e  often elongated. A contrast due to precipitation can h e  identified, indicating that particles a r e  
on the order of  5 nm and larger i n  diameter. 
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vacuum vessel would be given equal priority. Emphasis was to be placed on developing data for the 
marerials currently listed as reference in the EDA design. The priority in developing the data pages is 
shown in Table 1. Priority (1) indicates that the information is required by July 1994, while priority (2) 
indicated that information is needed in October 1994. In either case this does not mean that by these dates 
there has to be a completed data set for that material but rather some information must be contained in the 
Handbook on it To avoid duplication of effort it was agreed that for each material one Home Team would 
lead, shown in the table as (L) while the other Home teams could either support (S) or review the 
contributions (R). 

TABLE 1. Priorities and Assignments for the I’reparation of Data Pages 

316L L R 
316SPH L 
Inconel625 S S S L  
Beryllium, sintered and plasma sprayed S L S  
Cu-Cr-Zr, composition TBD L S S S  
Cryogenic properties of 316 LN L1 
inrninvqnx 1 1  

I Priority I Material I E.U. 1 JPN I R.F. I U.S.] 

NOTES: (1) To be supplied by Task Agreement of Super conducting Coils and Structures 
(2) Data to be for cryogenic temperature range of  4 K- 20 C 

In addition to assigning responsibility for the preparation of data pages it was also agreed that data would be 
exchanged electronically so that the dam could be imponed into the graphics routines and subsequently 
transmitted to the three ITER Working Sices (Garching, Naka, and San Diego). All of  the parties indicated 
that they are on the Internet system and could easily transfer files. 

Subsequent to the First Working Meeting, the U.S. activity on the Handbook was concentrated on 3 areas, 
electronic file transfer. organization of  the Handbook, and creation of a manual on data page preparation. 
The work on electronic file transfer has been the most challenging. A key part of data transmission is the 
ability to attach documents to the e-mail message. While it is relatively easy to send e-mail messages to 
organizations, it is not as easy to attach documents and then extract them from the body of the message. 
To determine the capabilities of each of the parlies, e-mail messages were sent with a Microsoft Word 
attachment. a Rich Text Format (which can be read by any word program), and a graphics tile. The results 
were mixed. The US. could read all of the files and also send the files back, Russia could read the attached 
files but couldn’t send attachments because they do not have a BinHex code. Europe is having difficulty 
retrieving attached files. Electronic mail files, without attachments, have been received from both the 
Ispra, Italy and the ECN, Netherlands sites. It appears that these sites, unlike Russia are unable to decode 
the BinHex format. We are able to place files in the microvax at Ispra using file transfer protocol @TP) 
but this is essentially a temporary solution in comparison to having a computer program that can 
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Figure 1. Void swelling at low magnification for a) Fe-3Cr, b) Fe-6Cr, c) Fe-9Cr, d) Fe-IZCr, e)  
Fe-ISCr, and f )  Fe-3Cr following irradiation at 420°C to 200 dpa. 
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Figure 2. Microstructures in Fe-3Cr irradiated at 420°C to 200 dpa as a stereo pair using = 200 
in a) and b), using g = Oil in e) and void contrast in d) for a foil near (01 1 )  orientation that is tilted 
near (012) for part b) 



67 

Figure 3. Microstructures in Fe-6Cr irradiated at 420°C to 200 dpa as a stereo pair using g = 200 
in a) and b), using g = 01 1 in e) and void contrast in d) for a foil near (01 1) orientation that is tilted 
near (012) for part b) 
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Figure 4. Microstructures in Fe-9Cr irradiated at 4 2 0 T  to 200 dpa as a stereo pair using = 200 
in a) and b), using g = Oil in c) and void contrast in d) for a foil near (011) orientation that is tilted 
near (012) for part b) 
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Figure 5. Microstructures in Fe-12Cr irradiated at 420°C to 200 dpa as a stereo pair using = 200 
in a) and b), using g = Oil in e) and void contrast in d) for a foil near (011) orientation that is tilted 
near (012) for part b) 
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Figure 6. Microstructures in Fe-15Cr irradiated at 4 2 0 T  to 200 dpa as a stereo pair using = 200 
in a) and b), using g = 01 1 in e) and void contrast in d) for a foil near (01 1)  orientation that is tilted 
near (012) for part b) 
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Figure 7. Microstructures in Fe-lSCr irradiated at 420°C to 200 dpa as a stereo pair using 
in a) and b), using 
near (012) for part b) 

= 200 
= 01 1 in c) and void contrast in d) for a foil near (01 I )  orientation that is tilted 
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Figure 6 gives examples of the dislocation and void structures in Fe-15Cr following irradiation at  
420°C to 200 dpa. Figure 6a shows again a somewhat different dislocation structure, consisting of 
small alOOl] loops and large ;<111> segments; large a10011 segments appear to be absent. The 
loops range in size from 7 to 20 nm in diameter, but again with many features in strong contrast 
that are even smaller. The stereo model lrom Figures 6a and 6b verifies that these features are 
evenly distributed through the thickness of the foil. Figure 6c reveals the dislocation line segments 
in better resolution, and several examples can be found of small loops at  a different inclination than 
found previously, probably of type :<111>. Therefore, Fe-15Cr contains a higher fraction of 9 <I 11> 
dislocations, both as line segments and small loops, than was found in alloys with lower chromium 
contents. Figure 6d shows that voids are dodecahedra with moderate (100) truncation 
(corresponding to truncation factors from 0.4 to 0.7) and that precipitation appears to be more 
dense, as would be expected for chromium rich precipitates. 

Figure 7 provides examples of the dislocation and void structures in Fe-18Cr following irradiation 
at  420°C to 200 dpa. This sequence is perhaps the most difficult to understand. However, Figure 
7a again shows a dislocation structure, consisting of small a[OOl] loops and larger a10011 and ; < I l l >  
segments. Many precipitates can also be seen. The stereo model from Figures 7a and 7b verifies 
that these features are evenly distributed through the thickness of the foil. Figure 6c shows 
configurations typical of all001 and arOlOl dislocations, but a few examples of small ;<111> loops 
can also be seen. Therefore, the dislocation structure in Fe-18Cr appears to contain predominantly 
a<100> loops but with dislocation segments of both a<100> and ;<ill>. From Figure 7d, the void 
shape is found to contain greater cubic truncation than seen previously (with truncation factors 
between 0.3 and 0.6). Precipitation is more extensive, with particle sizes of about 8 nm. 

Microstructural Analysis 

The void and dislocation microstructures have been analyzed quantitatively to determine void 
swelling, void density, void size distribution, and dislocation density. Table 2 summarizes the 
information. Void swelling is measured based on the average truncated void shape with input 
consisting of measurements in a <110> direction as  recommended in reference 14. Mean void sizes 
and void distributions are reported based on the equivalent sphere diameter for each truncated void. 

Dislocation densities are based on t h e i < l l l >  and a<100> dislocations visible using %= 200 contrast, 
but with the a<100> multiplied by a factor of three to correct for the invisibility of ai1001 and 
a[010] Burgers vectors. Figure 8 presents the void size distributions (reported as equivalent sphere 
diameters). Based on Figure 8, it is apparent that the enhanced density change as reported in Table 
1 is a consequence of enhanced void growth - the larger the largest voids, the higher the density 
change. 

Discussion 

The results obtained in this study can be used to provide the basis for discussions on two topics: I )  
the reason for the high swelling resistance of ferritic alloys and 2) the cause of differences in 
swelling response from irradiation in EBR-I1 and FFTFIMOTA. First, the present microstructural 
results of importance will be summarized. Then, discussion will be provided relating those and 
previous results on the Fe-Cr alloy series to the available explanations for swelling resistance. 
Finally, differences in response in different reactors will be considered. 
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Table 2. Summary of quantitative microstructural observations. 

Fe-YCr 1990 9 24 57 3 61x10 ' '  0 8 - 1 0  ~ I l I ~ l 8 4 x l O ' "  
nc100-98x1,l'" 

6Ali4 

6NH4 

Fc-I.?Cr 1996 3 76 40 8 70x10" 07.09 pili- 83x10" 
a ~ ' l 0 0 .  4 1x10'" 

Fe-ISCr 2004 2 21 24 9 185x10" 0 4 - 0 7  ?Ill.. R 6 x l O ' "  
1- IO,, , 9 " X l " " '  

6RH4 

Explanation for low swelling in ferritic alloys 

The present results provide confirmation from previous studies that void swelling develops i n  ferr i t ic  
alloys i n  much the same ways as i n  other crysta l  structures. Voids can nucleate uniformly along 
with two types of  dislocation loops, the voids can grow to sizes exceeding 200 nm, and the dislocation 
structure can evolve into a network. As had been shown i n  previous studies, two types of  Burgers 
vectors developed, a<100> and ;<I l l> .  The balance between these two Burgers vectors varies wi th 
composition, hut large changes i n  this balance do not appear to significantly reduce swelling, an 
ohsewation also made i n  a companion study.15 Also, i t  i s  shown that precipitation reduces swelling, 
for example i n  Fe-3Cr and i n  Fe-12Cr to Fe-18Cr. I t  may well be significant that dislocation 
populations i n  a' forming alloys include smaller loops along with a well developed dislocation 
network. For example, the enhanced dislocation densities that result from the small loop population 
may he responsible for reduced swelling. 

Many of the models that have been developed to explain swelling resistance i n  ferr i t ic alloys are 
really arguments concerning the incubation dose for swelling. I t  must be remembered that the 
modeling of swelling involves two stages, an incubation period followed by a steady state swelling 
period. The incubation period includes the void nucleation phase, and the steady state response only 
applies after the microstructure of voids and dislocations stabilizes. For the purposes of  this 
discussion, those models that argue that ferritic alloys should have longer incubation periods, such 
as those controlled by solute segregation or those that keep the incubation period indefinitely long, 
w i l l  he ignored. This includes models by L i t t l e  and Stow regarding segregation control," by Little, 
Rullough, and Wood based on point defect bias between the a<100> and 
;<111> Burgers vectors at the exclusion of  a bias to voids,' and by Odette and others based on low 
helium production, which delays void nucleation.5 

The models that remain under consideration are therefore 1) an inherent crystal structure effect: 
2) a sink strength effect,"." 3) a microstructural effect due to precipitation or  lath structure: 4) a 
bias effect on voids evidenced by changes i n  void shape due to segregation,' and 5) reduced 
dislocation mobility due to the presence of a<100> sessile dislocations.' 

Fe-IRCr 201 I 2 54 190 ~ I . O ~ I O ' '  0 3 - 0 6  1-1 I I , I 7x10'" 

acliJ(J_ x 1x10'" 
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The present results have provided the highest swelling found in neutron irradiated ferritic alloys, 
producing 7.4% a t  200 dpa with an estimated rate of O.l%/dpa in a simple Fe-9Cr alloy, which is 
free of precipitation and suhgrain lath structure. This swelling rate is still very low in comparison 
to l%/dpa in austenitic alloys’6 and Z%/dpa in  some vanadium alloys.” Considering the above 
models in reverse order, it can be noted that the present work has shown that the dislocation 
network eventually evolves to one where nodes between dislocations with different Burgers vectors 
become the voids themselves. In other words, such nodes do not actually exist because individual 
dislocation segments terminate a t  void surfaces. Thcrefore, the junction of a<100> and ; < l l  I >  
Burgers vectors, although sessile, cannot reduce the climb of the dislocation network, and ferritic 
alloys behave just like other systems where the voids eventually provide the sites for dislocation 
network junctions. Thc present work also shows moderate variation in void shape from one alloy 
to another with dodecahedral shapes dominating, whereas, a t  low dose, the void shapes were found 
to he octahedra, with (111) facets dominating: so that a large change in void shape has developed 
with increasing dose. Therefore, large changes in shape have occurred with increasing dose, hut a t  
high dose, the void shape is relatively constant. I t  is true that for the highest swelling rate condition, 
Fe-9Cr, the highest truncation factor is found, corresponding to voids of almost perfect 
dodecahedral shape. However, the variations in shape do not seem to correlate directly with a 
reduction i n  swelling response, and it appears unreasonable to expect that the f lux  of vacancies to 
a void surface will he significantly reduced by a segregated layer. (Instead, the consequence would 
be to increase recombination, in effect shifting the peak swelling temperature.) A model based on 
precipitation nr  lath dislocation substructure cannot apply to the present simple alloys with large 
grain size and negligible substructure before irradiation. 

The sink strength ratio model is worthy of more careful consideration. Table 3 has been prepared 
to summarize the sink strength ratio information that is available for Fe-Cr binary alloys in the 
present series of irradiations. Table 3 includes estimates for swelling rate based on density change 
measurements when they are available, but including TEM measurements, where the rate is defined 
assuming zero swelling at 0 dpa. Microstructural information for mean void diameter, void density, 
and total dislocation density (the sun1 of the a<100> and i < l  I 1 >  dislocation populations) is also 
given. Finally, the sink strength ratio, Q, is calculated based on the expression from reference 12: 

d 
2 

Q-LI4n--N 

where L is the total dislocation density, d is the mean void diameter, and N is the void density. The 
values for sink strength in Table 3 a re  found to vary from 0.4 to 10, hut the majority fall in the 
range 0.8 to 6. Therefore, most of these microstructures correspond to sink strength ratios close to 
1. It may be noted that the first four values for Q in Table 3 do not quite agree with those 
calculated in reference 12 where the values reported were between 1.5 and 5.4. 

The argument has been made that swelling resistance in ferritic alloys is a consequence of the fact 
that the maximum cavity growth rate occurs when Q I 1 ,  and that most microstructural 
measurements on ferritic alloys indicated that the cavity number density is low, leading to a high 
value for Q.“.” The results shown in Table 3 indicate that at least for the simple Fe-Cr alloys in 
the present experiment, Q values are indeed = I ,  and yet, swelling rates remain an order of 
magnitude below those of the higher swelling alloy classes. Therefore, ferritic alloys are indeed able 
to generate microstructural conditions conducive for high swelling response, but swelling rates 
remain low. 
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Figure 8. Void size distributions for Fe-Cr specimens irradiate at 420°C to 200 dpa. 
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Table 3. Evaluation of Sink Strength Ratio Values for Fe-Cr alloys for which steady state swelling 
rates can be estimated. 

Finally, a model based on the inherent atomic packing of the body centered cubic lattice is 
appealing. The model predicts that the bias for vacancies to accumulate at voids is due to the 
difference in bias factors for dislocations and voids, and that difference is greater in austenitic than 
ferritic alloys.' The present results provide the argument that swelling appears to develop normally 
in simple ferritic alloys, but the swelling rates obtained remain low, in agreement with model 
predictions. However, the model comes into question when trying to explain why alloys of V-5Fe, 
which are also body centered cubic, can develop swelling rates in excess of Z%/dpa." 

Therefore, it must be concluded that it is not yet clear why swelling rates in ferritic alloys are low. 

Different response in different reactors 

When the swelling results for Fe-Cr simple binary are compared following irradiation in different 
reactors, significant differences in response can be identified. Following irradiation in EBR-II to 
19 dpa at 425"C, swelling as high as 0.68% was found in Fe-9Cr and 0.63% in Fe-12Cr based on 
void measurements.' Following irradiation in EBR-II to 90 dpa at 425"C, swelling as high as 4.14% 
was found in Fe-9Cr and 4.72% in Fe-IZCr based on density change measurements.' In 
comparison, following irradiation in FFTF/MOTA to 139 dpa a t  420"C, swelling of only 1.54% was 
found in Fe-9Cr and 0.61% in Fe-IZCr based on density change measurements, as noted in Table 1. 
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Also, further irradiation in FFTF/MOTA to 199 dpa resulted in a swelling rate for Fe-9Cr that was 
similar to that found in EBR-11, but with continued lower swelling in Fe-12Cr compared to Fe-9Cr, 
2.83% versus 7.39%, based on density change measurements. Therefore, irradiation in 
FFTF/MOTA at 42OoC produces swelling response with a higher incubation and produces 
significantly less swelling in Fe-12Cr than Fe-9Cr. 

Comparison of the microstructures for Fe-12Cr in EBR-11 and FFTF/MOTA shows further 
differences. The a' development is much more extensive, and the dislocation structures are more 
complicated, for the FFTFlMOTA case. The present results indicated that precipitation produces 
the more complex dislocation evolution and leads to reduced swelling. Therefore, at least part of 
the difference is likely due to enhanced precipitation of a' io FFTF/MOTA. 

As FFTF and EBR-I1 are similar reactors with very similar neutron energy spectrums, it is unlikely 
that differences are a consequence of different dose o r  transmutation responses. A more likely 
explanation is an Uncertainty in irradiation temperature o r  differences in reactor temperature 
cycling history. The a' precipitation process is temperature dependent such that more precipitation 
is produced a t  lower temperatures. Therefore, the differences in response between Fe-9Cr and Fe- 
12Cr could be explained by assuming that the EBR-I1 temperature was underestimated, by 30°C 
o r  more. Note that temperatures io FFTFIMOTA were monitored by thermocouples. However, the 
EBR-I1 irradiation employed a weeper design at 425°C without thermocouples, and temperatures 
were usually estimated based on reactor sodium temperature measurements well away from the 
irradiation test assemblies. Nonetheless, an error as large as 30°C is unexpected. 

Although the difference in response as a function of composition can he explained by temperature 
uncertainty, the difference in swelling incubation cannot. Swelling incubation is a measure of how 
rapidly a steady state microstructure can develop. That microstructure is generated by nucleation 
of dislocation loops and voids and then growth and evolution of those features into steady state 
configurations. The nucleation process will govern that evolution, and nucleation is favored at lower 
temperatures. Therefore, any operation helow the irradiation temperature could promote nucleation 
and accelerate the approach to steady state swelling. It can be anticipated that the temperatures 
were maintained more constant during operation in FFTF/MOTA than in EBR-11. However, 
startup and shutdown operations were more rapid in EBR-I1 due to required intermediate power 
levels holds in FFTF. Such intermediate power level holds would provide slightly reduced weeper 
temperatures, but the differences are not expected to cause significant nucleation of new 
microstructure. Therefore, it is not yet clear that specific differences in reactor operations can be 
identified to explain the differences found in swelling incubation response in the different reactors. 
The irradiation of Fe-Cr simple ferritic alloys is being rerun in the most recent EBR-I1 irradiation. 
Those specimens will be examined to check for similar response. 

CONCLUSIONS 

Density change measurements and microstructural examinations have been performed on a series 
of Fe-Cr alloys following irradiation in the FFTF/MOTA at 42OoC to 200 dpa, and the results have 
been compared with results on specimens irradiated to lower dose and on similar specimens 
irradiated in EBR-11. The highest swelling of7.4%, corresponding to a swelling rate ofO.O97%/dpa, 
is found in Fe3Cr,  but swelling representative of steady state swelling is found in all alloys except 
Fe-3Cr. The microstructures in all conditions have been quantitatively analyzed, and estimates for 
the sink density ratios have been shown to he approximately 1. Comparison with previous 
experiments reveals that response is different in different reactors such that swelling is relatively 
lower in Fe-l2Cr and swelling incubation is larger for irradiation in FFTFIMOTA. Explanations 
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are proposed that suggest that EBR-I1 weeper temperatures were higher than expected, but no 
explanation is a\ailable to explain swelling incubation response. Comparison of microstructural 
features with those found at lower doses provided the unexpected result that void shapes shift from 
octahedra to dodecahedra as dose increases. Examination of proposed theories for the low swelling 
rates found in ferritic alloys provided no completely acceptable explanation. 

FUTURE WORK 

This work will be continued when appropriate specimens become available. 

REFERENCES 

1. D. S. Gelles. J. Nucl. Matl. 108-9 (1982) 515. 

2. D. S. Gelles and R. M. Meinecke-Ermi, "Swelling in Simple Ferritic Alloy Irradiated to High 
Fluence," in Alloy Development for Irradiation Performance Progress Report for Period Endinq 
September 1983, DOE/ER-0045/1 I ,  p. 103, 1984. 

3. D. S. Gelles, in Effects of Radiation on Materials: 14th International Symposium, Volume 1, 
ASTM STP 1046, N. H. Packan, R. E. Stoller and A. S. Kumar, Eds., ASTM, Philadelphia, 1989, 
13. 

4. Y. Katoh, A. Kohyama, and D. S. Gelles, "Swelling and Dislocation Evolution in Simple 
Ferritic Alloys Irradiated to High Fluence in FFTF/MOTA" to be presented a t  the 17th ASTM 
Symposium on Effects of Radiation on Materials to be held in Sun Valley, ID, June 20-23, 1994. 

5. G. R. Odette, J. Nucl. Matl. 155-7 (1988) 921. 

6. P. J. Maziasz and R. L. Klueh, in Effects of Radiation on Materials: 14th International 
Symposium, Volume I ,  ASTM STP 1046, N. H. Packan, R. E. Stoller, and A. S. Kumar, Eds., 
ASTM, Philadelphia, 1989, 35. 

7. E. A. Little, .I. Nucl. Matl. 206 (1993) 324. 

8. J. J. Sniegowski and W. C. Wolfer, "On the Physical Basis for the Swelling Resistance of 
Ferritic Steels," in Proc. of Topical Conf. on Ferritic Alloys for Use in Nuclear Energy Technoloeies, 
Eds. J. W. Davis and D. J. Michel (AIME Warrendale, PA, 1984). 

9. 
Proc. R. SOC. Lond. A372, p. 565, 1980. 

IO. E. A. Little and D. A. Stow, "Void Swelling in Irons and Ferritic Steels, Part 11," 
Matl. 87, p. 25, 1979. 

11. L. K. Mansur and E. H. Lee, J. Nucl. Matl. 179-81 (1991) 105. 

12. E. H. Lee and L. K. Mansur, Met. Trans. 21A (1990) 1021 

E. A. Little, R. Bullough, and M. H. Wood, "On the Swelling Resistance of Ferritic Steel," 



79 

13. F. A. Garner and L. R. Greenwood, "Calculation of Displacement Levels for Pure Elements 
and Most Multicomponent Alloys Irradiated in FFTF MOTA-lF," Fusion Reactor Materials 
Semiannual Progress Report for the Period Ending March 31,1992, DOE/ER-0313/12 (July 1992) 
54. 

14. D. S. Gelles, R. M. Claudson, and L. E. Thomas, in Electron Microscopy 1990, V. 4, (San 
Francisco Press, Inc., San Francisco, 1990) 844-845. Also see DOE/ER-O313/3 131 for figures at 
higher magnification. 

15. D. S. Gelles, "Microstructural Examination of Commercial Ferritic Alloys at  200 dpa," in 
DOEIER-0313/16, this report. 

16. F. A. Garner, J. Nucl. Matl., 122-3 (1984) 459. 

17. D. S. Gelles and J. F. Stubbins, "Microstructural development in Irradiated Vanadium Alloys," 
Fusion Reactor Materials Semiannual Progress Report for the Period Ending September 30, 1993, 
DOE/ER-0313/15 (February 1994) 115. 



80 

DATA BASE O N  PERMEATION, DIFFUSION, AND CONCENTRATION OF 
HYDROGEN ISOTOPES I N  FUSION REACTOR MATERIALS - J. L. Brimhall, 
E. P. Simonen and R. H. Jones, (Pacific Northwest Laboratory)* 

OBJECTIVE 

To  assess the current  status of the data base on permeation, diffusion and  solubility 
of hydrogen isotopes in selected fusion reactor  materials. Both gas-driven and  
plasma-driven permeation a re  considered. 

S U M M A R Y  

In evaluating fusion reactor performance, knowledge about permeation, diffusion and 
concent ra t ion  of hydrogen isotopes th roughout  t he  s t ruc tu re  is of cr i t ical  
importance. The data base on hydrogen isotope permeation in relevant fusion reactor 
materials is reviewed in this report. Comparisons a r e  made within alloys of the 
same type as well as with all the other  classes of alloys. Both gas-driven 
permeation (GDP) and plasma-driven permeation (PDP) a re  included. Data on G D P  
behavior in Fe and Ni alloys a r e  relatively consistent. In metals that  have a high 
solubility and/or a r e  hydride formers, e.&, V, Nb, Ti, there is much more variation 
in the data, and surface effects play a very dominant role. Permeation under  plasma 
conditions is less well understood as more variables enter the relationship, e.g., re- 
emission phenomena, internal concentration gradients, radiation effects, etc. The  
da t a  show tha t  materials do not necessarily rank  in the same o rde r  under  P D P  
conditions a s  under  GDP conditions. A summary of the  factors tha t  influence 
permeation and the relative magnitude of their effect is given in the report. 

TECHNICAL PROGRESS 

Compilation of Hvdrogen IsotoDe Permeation Data 

The  basic relationship for  gas permeation in metals is P = S x D. S is the  
solubility given by S,exp(-EJkT) where S,=K,dp for a diatomic gas and  D is the 
diffusivity given by D,exp(-Ed/kT). The permeation rate is then given by P=P,exp(- 
Ep/kT)  where P,=(S,)(D,,) and Ep=E,+Ed. Data on the activation energies and pre- 
exponential terms for  permeation, diffusion and  solubility of hydrogen isotopes in 
relevant fusion reactor materials a r e  compiled in Table 1. Diffusion, solubility and  
permeation da ta  a r e  listed separately as  most experiments determine one of the  
components in permeation hut  generally not all three. All possible data a r e  not  
listed but  only a sufficient representation to indicate the  range of values. In 
general, the more recent data  a r e  represented. The temperature and pressure ranges 
under  which the data were obtained a r e  also given where available. Some specific 
comments regarding the experiments or data are given in the table under  remarks. 
The  da ta  in Table 1 primarily represent GDP. Those instances where activation 

apacific Northwest Laboratory is operated for  the U S .  Department of Energy by 
Battelle Memorial Institute under Contract DE-AC06-76RLO 1830 
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energy was determined under  PDP a re  noted in the table. Reviews of t r i t ium 
technology related to fusion, which have included permeability values, have been 
published4146. This current review includes more recent data and presents a range of 
data  for  particular metals and alloys. 

; 

The following section discusses GDP permeation data for materials of interest. The 
extent of the data, expected reliability and/or uncertainties and the need for additional 
data  a r e  discussed. 

Austenitic stainless steel 

An extensive da t a  base exists on hydrogen isotope permeation and  diffusion in 
stainless steel. Le Claire1 compiled all the data u p  to  1982 and determined a 
consensus value given by: 

P = 2.33 x 10-2 exp(-.68/kT)cc-H~/cm~s~atm~/2. (1) 

Approximately 75% of the data agreed with this relationship within a factor of 50%. 
Differences in composition of the  various austenitic stainless steels had  little 
systematic effect on the permeation value. The data represent permeation through 
stainless steel with a “clean” surface. Results that  tended to show significantly 
lower permeation values were almost certainly due to an  inhibiting surface oxide. 
Much of these data were from earlier experiments where good surface control was not 
practiced. A few data sets fall significantly above the values given by equation 1 
and  these a r e  more difficult to rationalize. The  isotope effect in which the  
permeat ion is inversely proportional to the square  root  of the  mass has been 
confirmed through comparison of the various data sets. 

The temperature dependence of permeation is shown graphically in Figure 1. One 
curve represents the consensus activation energy of 0.68 eV as determined by Le 
Cla i re ’  and the other  represents the maximum activation energy reported of 0.84 eV4. 
Because there is generally a compensating effect of a low P, term with a lower 
activation energy, the absolute values a r e  not too different except near  very low 
temperatures. 

More recent measurements of hydrogen permeation in stainless steels have confirmed 
the expression of Le Claire. For example, the permeation of deuter ium in 316 
stainless steel was found to obey the relations: 

P = 3.4 x 10-2 exp(-.69)/kT, (2) 

which is very close to the equation given by Le Claire. The units for  P in all 
equations a r e  those given in equation 1. 
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Figure 1. 
and maximum activation energies. 

Hydrogen permeation in austenitic stainless steel based on the average 

Ferritic allovs 

Permeation in ferritic alloys has also been reviewed and compiled by Le Clairel. For 
pure a-iron, a consensus of the hydrogen permeation data produces the relation: 

P = 2.9 x 10-3 exp(-.36/kT) (3) 

Permeation in ferri t ic steel alloys falls between the values for  pure iron and the 
austenitic stainless steels. Researchers a t  ANLl l  have determined the following 
equation for tritium permeation in HT-9: 

P = 4.66 x 10-3(1/43) exp(- .48 /kT)  ( 4 )  

The 43 factor  accounts for  the atomic mass of tritium. I t  was stated tha t  the 
expression is for a ‘‘clean” surface and that the permeation should be reduced by a 
factor of 20 to 100 for an oxidized surface. 

Tri t ium permeation specifically was measured in several ferri t ic alloys and  the 





a i  

Nickel-base allovs 

Permeat ion rates  of hydrogen in nickel-base alloys a r e  very close to those in 
austeni t ic  stainless steels al though the  act ivat ion energies for diffusion a r e  
somewhat lower than in stainless steel. The permeation rate  is, however, lower than 
tha t  in pure  nickel. In  one study of hydrogen effects in Inconel alloys3, the 
activation energy for  permeation was 0.69 eV for  Inconel 600 and  0.56 eV for  
Inconel X, close to tha t  of pure Ni.. The temperature dependence is plotted in 
Figure 3 comparing pure nickel and Ni-base alloys. In  this case, the difference in 
the absolute rate is also about an order  of magnitude. 

P=.OSexp(-S7/kT) 
6 N i )  

1IT 

Figure 3. Comparison of hydrogen permeation in pure Ni and in a Ni-base alloy, 
Inconel 600. 

Refractorv metals: Vanadium. Niobium and Titanium 

Permeation in vanadium is strongly influenced by surface films. Van Deventer et 
al.20 determined hydrogen permeation in vanadium a t  relatively high pressures (0.01- 
0.3 a tm)  a n d  observed the permeat ion to decrease significantly with time. 
Permeation rates remain relatively high if the vanadium is flashed periodically a t  
high temperatures in hydrogen. This presumably reduces the oxide film. For  clean 
surfaces,  the  permeability was approximately 10-4 cc-H2/cm.s.atml/2 a t  300°C. 
Allowing for oxide film build-up reduces the permeability by about five orders  of 
magnitude.  
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I n  a study of the effect of surface bar r ie rs  on permeability in vanadium, the 
permeability did not t ruly follow a p1/2 dependeneel9 for  all pressures. The 
permeability was linearly dependent on pressure a t  low pressure and  square  root 
dependent on pressure a t  high pressures. The activation energy varied from 0.3 to 
0.73 eV with the activation energy increasing with decreasing pressure as  shown in 
Figure 4. The data indicated a sharp decrease in permeability a t  temperatures below 
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Figure 4. 
conditions. 

Hydrogen permeation in vanadium determined under low and high pressure 
Also shown is hydrogen permeation after sputter cleaning of the surface. 

400°C. E,, is computed to he 2.38 eV in this low temperature range which seems 
unrealistic. The permeation at  low pressure in Figure 4 is hypothetical in that  a p1'2 
dependence was assumed in order  to compare the data. The activation energy varied 
f rom specimen to specimen in this study, which was at t r ibuted to  variation in 
surface contamination Additional studies showed sulfur to also have an  inhibiting 
effect on hydrogen permeation in vanadium45. 

The most recent investigation of hydrogen diffusion in vanadium gives an  activation 
energy for  permeation of 0.245 eVzs. This result is also plotted in Figure 4. In  
the  experiment,  the surface was sputter-etched prior  to permeation, which can 
account for  the low activation energy and subsequent high permeation. There was 
little inhibiting effect from a surface film. In  this same experiment, the energy of 
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solution was determined to be -0.31 eV, which indicates an  exothermic reaction. 
However, the overall permeation still showed a positive activation energy. 

As is apparent  f rom Table 1, there is considerable variation in the activation 
energies f o r  permeat ion in vanadium. Stewardz4, in a review of hydrogen 
permeability in pure metals, proposed the following equation for  vanadium: 

- 
- P=.088exp(-.245/kT) 

Pure V (Sputter cleaned) - 
- 
- P=.008exp(-.91/kT) 

- 
1 . 0  1 .2  1 .4  1 .6  1.8 2.0 2.2x10 

P = 2.7 x 10-4 exp(.26/kT) 

Use of this relationship is questionable as it was derived from the product of the 
diffusivi ty a n d  solubil i ty which were de te rmined  in  completely s e p a r a t e  
investigations. 

According to  equation 5 ,  the  permeability should decrease a s  the  tempera ture  
increases, which is contrary to behavior observed in most experiments. 

The  effect of a surface oxide on the permeability in vanadium is shown graphically 
in Figure 5. The curve for the oxide is taken from Van Deventer et a1.20. At lower 
temperatures, permeability of hydrogen can he reduced by more than seven orders  of 
magnitude when oxide films are present. 

Figure 5. 
ion-sputtered surface 

Hydrogen permeation in vanadium comparing an  oxidized surface with an 

Vanadium does show an apparent anomaly in the permeation through the oxide layer. 
A fresh oxide layer is relatively porous to hydrogen and it takes a certain amount of 
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time for  the oxide layer to heal and  become impervious. Such surface behavior is 
not observed in similar metals like niobium and tantalum. 

Burge r  a n d  Morgan13 have reviewed the permeability of hydrogen isotopes in 
niobium, a metal chemically similar to vanadium. The temperature dependence of 
the permeation rate was considerably different a t  low temperatures compared to high 
temperatures. Results could not he interpreted as a simple diffusion-controlled 
process. 

Sputter cleaning of the surface was used in more recent permeation experiments from 
which the temperature dependencies shown in Figure 6 were derived. Also shown is 

Surface oxide films were observed to have a dominant effect. 

r 
- 
- 
- . 

P=.43exp(-.44/kT) 
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Figure 6. Hydrogen permeation in niobium illustrating the  different activation 
energies in different temperature regimes. 

the curve based on high temperature permeation experiments. Sputter  cleaning was 
much more effective in increasing the permeation rate than vacuum annealing of the 
surface. Sput te r  cleaning was also more effective a t  higher temperatures. The  
permeability decreased a t  a faster rate helow 400°C as indicated by the dotted line in 
Figure 6, hut  there was no the authors to establish an  activation energy 
helow 400' C. This behavior is similar to that  observed in vanadium. In  these 
part icular  experiments, the authors  concluded that  both adsorptionldesorption and 
hulk diffusion processes controlled permeation hut  that  the former were dominant.  

attempt by 
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The equations for  permeation show the expected negative temperature dependence 
(positive activation energy). Steward, however, gives an  expression for  niobium 
which shows a positive temperature dependence for  hydrogen permeability similar to 
that  for  vanadiumz4. However, it was also calculated from independent measurements 
of solubility and diffusion and must he suspect. 

There a r e  extensive studies of the behavior of hydrogen in titanium, most of which 
deal  with solubility effects. Under  most conditions, permeat ion is essentially 
surface controlled except a t  very high temperatures. Because of the surface effects, a 
square root dependence is not observed. An expression of the type: 

P = 4.7 x 10-4 x p x exp(.65/kT) cc-Hz.atm/cmz.s ( 8 )  

has been proposed for  hydrogen permeation in  titaniumJ3. This equation was 
determined for  data obtained over the temperature range 400-800°C and  a pressure 
range of 5 x 10-6 to 2 x 10-3  atm(0.5-200 Pa). Titanium also shows a negative 
activation energy for  solution of hydrogen similar  t o  vanadium a n d  niobium. 
Tritium and  deuterium have been observed to segregate near  the surface regions in 
t i t a n i u m 4 8 .  The  permeation of tritium in elements such as ti tanium is fur ther  
complicated by the fact that hydrides (tritides) a r e  stable. 

Molvbdenum. Bervllium and Tunesten 

The most recent data for pure molybdenum show a permeation rate similar to that  of 
stainless steel although the solubility of hydrogen is greater  in  molybdenum36. 
TZM, which is molybdenum alloyed with titanium and zirconium, showed a higher 
permeation activation energy than pure molybdenum3*. Even though the  amount of 
Ti and  Z r  in TZM is small, it is sufficient to cause the solution reaction to be 
exothermic. This study also indicated tha t  the diffusion activation energy was 
significantly greater for  deuterium than for hydrogen. I t  is generally believed that  
the isotope effect is only important in the pre-exponential term. Figure 7 shows the 
temperature dependence for  several reported activation energies. Permeation in the 
TZM alloy is not appreciably different from pure Mo. 

Hydrogen isotope behavior in beryllium appears  to be poorly understood a t  the 
present time. No direct measurement of permeation has been made but reported 
values of activation energy for  diffusion range from 0.19 to 1.0 eV 39.414249. 
Activation energies for  solution ranged from zero to 1.0 eV39. 40. A recent study of 
diffusion in  beryllium concludes tha t  the diffusion behavior is very dependent on the 
puri ty of the material being tested". The activation energy of 0.29 eV for  extra 
high pu r i t y  was somewhat lower t han  the  0.36 eV f o r  commercial puri ty.  
Tempera ture  dependence of permeation has been calculated from the  available 
diffnsivity and solubility data and is shown in Figure 8. These curves a r e  drawn 
merely to show the wide disparity in results. Definitive experiments have yet to be 
done on permeation behavior in beryllium. 

Only high temperature permeation experiments have been carried out on tungsten. 
Permeation curves representing the range of reported activation energies a r e  shown in 
Figure 9. Although the reported permeation activation energies a r e  close, there is a 
large difference in the reported diffusion and solution activation energies as  noted in 
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solubility data in Table 1. 

Calculated hydrogen permeation curves for Be based on diffusion and 



93 

Figure 9 .  Hydrogen permeation in tungsten showing the range of reported 
activation energies. Permeation in stainless steel is shown to illustrate the much 
lower permeation in tungsten 

Table 1. Extrapolating the curve with the lowest activation energy in Figure 9 to 
lower temperatures indicates extremely low permeabilities a t  temperatures less than 
400°C.  

Overall Comoarison o f  Materials 

The temperature dependence of permeation for all the selected materials is compared 
in Figure 10 using the relationships shown in the preceding figures. Beryllium is 
not  shown as interpretation of the data is still quite uncertain. Since titanium did 
not show the square-root pressure dependence, the permeation is plotted for  a 
particular pressure, 1 atm. The temperature dependence can he compared in this case 
but the units of permeation can not he compared directly with the other materials. 
All of the curves shown are based on GDP experiments. The iron base, nickel base 
a n d  molybdenum alloys show s imi lar  permeat ion behavior ,  a l though a t  low 
temperatures, permeation in the ferritic alloys is more than an order  of magnitude 
greater than in stainless steel. Permeation in niobium and vanadium is more than 
three orders of magnitude greater than in stainless steel. 
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Figure 10. Comparison of hydrogen permeation for selected fusion reactor 
materials. 
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Permeation behavior in elements of the class vanadium, niobium, titanium shows 
the most scatter in the data. To represent these alloys, conditions most applicable 
to fusion were used to construct the curves. Surface behavior has such a dominant 
effect tha t  it is apparent ly difficult in these materials t o  evaluate the inherent  
solutionldiffusion behavior that  constitutes permeation. Most studies related to 
fusion have been on vanadium and  show tha t  if no surface film is present,  
permeation will he very high. 

Effect of Radiation on Permeation 

Particle irradiation 

Only a few reports have been foun thi ive measure permeation during radiation. 
Polosuhin et  al.9 have measured hydrogen permeability in stainless steel during 
reactor  irradiation. The temperature ranged from 200-800°C in a pressure of 0.7 
MPa. The  neutron flux was 1.6 x 1014 nlcmz-s. Permeation increased during 
neutron irradiation and the effect of the irradiation was greater a t  lower temperatures. 
The  da ta  of Polosuhin et al. a r e  shown in Figure 11 relative to the consensus 
permeation curve compiled by Le Claire' .  Polosuhiu et  al. also claimed tha t  
hydrogen diffusion in stainless steel was grea ter  in the presence of neutron 
irradiation and in fact the enhancement due to radiation was greater for  diffusion than 
for  permeation. 

I n  an  apparent  contrary result, Dobrozemsky and  Schwarsingerso observed that  
hydrogen diffusion in stainless steel during irradiation in-reactor was slower than 
without irradiation by about 10%. In  some earlier experiments, these same authors  
had claimed an  enhancement of permeation and diffusion due to irradiations' .  They 
postulate that  any radiation enhanced permeation is related to a surface effect rather  
than hulk effect. Earlier work by the same authors  indicated irradiation-induced 
desorption of hydrogen from the surface of stainless steel. 

Enhanced diffusion of deuterium through a stainless steel membrane was observed 
when bombarding with carbon ions 5 2 .  The enhancement was very small, however, 
amounting to only several percent. 

Some post-irradiation studies have also been done. The diffusivity of hydrogen in 
stainless steel after neutron irradiation to 1 x 1017 nIcm2 a t  100°C was about  113 
that  of unirradiated stee153. The difference was in the pre-exponential term as the 
activation energy was the same. Solubility of hydrogen, however, was lower by two 
orders of magnitude in the irradiated material. Repulsion of the atomic hydrogen by 
the radiation defects such as self-interstitials was proposed a s  a mechanism. 

Pre -i r rad ia t ion  of molybdenum with neutrons decreased subsequent hydrogen 
permeability by about 20% with about a 10% increase in the activation energy3'. 
The  dose was low, 3 x 1015 to 1 x 1017 nlcm2, and a very low hydrogen content was 
used. No plausible explanation of the results was given. Neutron irradiation was 
found to have no effect on tritium diffusion in zirconium; however, the  dose of 
1014 nlcm2 was extremely 1 0 ~ 5 4 .  

Absorption and  desorption rates  of hydrogen from titanium were greater  a f te r  
i rradiat ion to 6 x 1021 n l c d  a t  45O-60O0C, al though the act ivat ion energies 
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Figure 11. Hydrogen permeation in stainless steel under concurrent neutron 
irradiation. 
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were similar  to unirradiated titaniumss. This was believed to he due to an  excess 
solubility of hydrogen in i rradiated titanium. I t  was claimed tha t  u p  to 100 
hydrogen atoms per defect could exist in the irradiated material 

Gamma irradiation 

The evidence is sparse, but several studies indicate that gamma radiation has a very 
small or no effect on hydrogen isotope permeation in metals. One study by Causey 
et al.56 shows no effect a t  all from gamma radiation. Another study by Longhurst57 
shows a slight increase in the permeation rate  during gamma irradiation. If the 
surfaces a r e  highly oxidized, the data become very scattered and any effect is difficult 
t o  detect. This indicates that  gamma irradiation primarily affects surface-related 
phenomena.  

Plasma Driven Permeation (PDP) 

In  this phenomenon, the hydrogen isotope is ionized and implanted into the material 
to a depth dependent on the energy and mass of the ion. I t  is a process which has 
direct application to fusion energy. Once the isotope is implanted in the material it 
can diffuse out through either surface. Diffusion out through the  implantation 
surface is more often referred to as  re-emission. Permeation is specifically reserved 
for  migration and release from the opposite o r  downstream surface. A number of 
reports have addressed the issue of plasma effects in tritium permeation in fusion 
reactorsl2, 41, 58-60. 

PDP is different than GDP in that  no surface reaction process is required a t  the 
upstream surface to dissolve the hydrogen isotope. In  typical gas-driven permeation 
experiments, the gas molecules must dissociate a t  the surface, dissolve into the 
metal s t ructure as an  atomic species and  subsequently diffuse through the material. 
At the other surface, the process must he reversed with the atoms recombining and 
escaping from the surface. Although the gas is driven into the matrix in PDP, 
recombination to the molecular form a t  the exit surface can still he important in 
eontrolling the  overall permeability. PDP is also complex, in tha t  there is an  
internal  concentration gradient and  radiation damage is occurring simultaneously 
with the implantation of the hydrogen isotope. 

As mentioned above, the recombination rate a t  an  exit surface can he significant in 
PDP. Basked* has calculated the surface recombination rate constants and predicted 
the  regime over which recombination or diffusion will he ra te  controlling. In 
general, for  endothermic metals (Fe, Ni, Mo) diffusion is ra te  controlling at low 
temperatures and in exothermic metals (Ti, Nh, V) recombination is rate  controlling. 
The  concepts have been fur ther  developed and estimates of tritium inventory and 
release through the first wall have been made4L 58 .  One of the results of the analyses 
is that  Ep under PDP for  endothermic metals should he closer to 1/2(Ed+E,) rather 
than equal to Ed+E, as is the case for  GDP. However, an attempted fit of the data 
available a t  that time to verify this relationship was not g00d41. 

As the hydrogen or tritium ion is driven into the metal, the solubility term, S, in 
the permeability relationship, P= S x D, should he less of a factor and the activation 
energy should be closer to that for  diffusion. The hydrogen diffnsivities of the 
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selected materials have been plotted in Figure 12 using data from Table 1. The 
relative values can he compared to the permeabilities in Figure 10. An average was 
used when more than one value of activation energy was available. Some distinct 
differences a r e  observed when rat ing materials  on diffusivities compared  to 
permeabilities. The diffusivities of hydrogen in niobium and vanadium a r e  much 
higher than those in stainless steel o r  nickel base similar to tha t  observed for  
permeahilities. However, the diffusivity in ferritic alloys is much higher than in 
stainless steel and comparable to vanadium. Molybdenum also shows a significantly 
higher diffusivity relative to stainless steel. Two curves a r e  shown for  diffusivity 
in titanium. The higher diffusivity (smaller E D )  is for  P-Ti and is comparahle to 
vanadium and niobium. a -T i  apparently has a significantly lower diffusivity. 

A Russian study directly compared hydrogen permeation under both GDP and  PDP 
c o n d i t i o n s 6 1 .  Permeation was always greater  under  PDP conditions hut  the 
magnitude of the effect depended on the material. Permeation under glow discharge 
conditions with energies up to 500 eV (PDP) was more than two orders of magnitude 
greater than GI)P in molybdenum a t  temperatures <450"C. However, in nickel, PDP 
was only a factor of two greater than GDP. These results a r e  shown graphically in 
Figure 13. This trend is similar to that observed when comparing diffusion rates 
with permeation rates in that  the diffusion rate relative to the permeation rate was 
greater in molybdenum than in nickel. These studies demonstrate that comparisons 
of permeabilities in materials based on C D P  experiments can be quite different than 
those based on PDP experiments. 

More recent data  seem to show that  the activation energy for  PDP is closer to that 
for diffusivity alone. In  pure iron, an  activation energy of 0.13 eV was reported for  
a P D P  experimentlo. which is close to tha t  of 0.15 reported for  the diffusion 
act ivat ion energy1-7. Some specific experiments were done on molybdenum which 
showed the temperature dependence of diffusivity using atomic hydrogen was the 
same a s  t ha t  for the permeability using gaseous hydrogen62. However, in pure  
nickel, the activation energy for  permeation was 0.14 eV'7 in an  implantation 
experiment ,  whereas the  activation energy f o r  diffusion was repor ted  to  be 
20.4 eV3-18. There was no apparent  explanation for  the very low value in the 
implantation experiment. More definitive experiments on other materials need to he 
done.  

In  PDP, a permeation spike is generally observed in which there is a rapid initial 
increase to a maximum followed by a slower decrease to steady state 41,63364. The 
initial increase is attributed to normal diffusion through the specimen. The decrease 
occurs when re-emission becomes significant. As more hydrogen is re-emitted, there 
is less t ha t  permeates through the specimen. This re-emission increases as  the 
surface is cleaned by the implanting ion. Such an explanation is consistent with the 
observation that  the permeation decreases with increase in ion energy up to several 
hundred  eVhs. Higher energy ions become more efficient as sputter cleaning of the 
surface occurs. In  one experiment, the plasma was doped with CH4 which increased 
the  permeat ion  rate65. The  explanation was tha t  the carbon collects a t  the  
bombardment surface, thereby retarding re-emission, and  hence permeation through 
the specimen is increased. 
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conditions. Glow discharge (500 eV) used in PDP experiments. 

Hydrogen permeation in Mo, steel and  Ni under (a)-GDP and  (b)-PDP 

This spike phenomenon is temperature dependent. In  experiments using 20 keV D 
ions, the spike effect was most pronounced in the temperature range 2O0-42O0C66. I t  
was less a t  100" C and not observed a t  all a t  700" C. The reasoning is that a t  low 
temperature,  diffusion is limiting permeation and a t  very high temperatures ,  the 
thermally-induced surface desorption is comparable to radiation-induced desorption. 

PDP studies on different alloys have shown variation in behavior. The permeation 
spikes have been observed in stainless steel, hcc ferr i t ic  alloys, vanadium and  
molybdenum67. At steady state, approximately .02% of the implanted deuterium was 
permeating through stainless steel and about .09% permeating through HT-9. I n  
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vanadium, however, about  15% of the implanted deuterium permeated through the 
material .  This  reflects the  much higher diffusivity of hydrogen isotopes in 
vanadium. The diffnsivity did appear  to slow down with time in vanadium which 
was attributed to hydride formation. I t  was estimated that there was about 2000 ppm 
of deuterium in vanadium a t  steady state. 

A complicating factor with PDP is the simultaneous radiation damage tha t  can be 
introduced if the energy of the ionized atoms is high enough. Most of the effort has 
been centered around the role of trapping by the radiation-induced defects. It is 
believed by some that radiation-induced traps have no effect on the eventual steady 
state permeation rate  but do control the time to reach steady state41. This is an 
important issue as the time to reach steady state could exceed the life of the reactor. 
The  Russian study61 at t r ibuted the greater  effect of PDP in molybdeuum to 
differences in the type of radiation damage and the way hydrogen interacts with 
radiation defects. 

I n  a study of PDP of deuterium in stainless steel, pre-bombardment with He ions 
retarded subsequent deuterium permeation68. The effect saturated after a certain He 
concentration level was reached. Simultaneous He ion bombardment also reduced the 
permeation rate. The ra te  decreased rapidly initially and  then slowly decreased. 
When the He beam was cut off, the permeation increased although it did not reach 
the pre-irradiation values. The reasoning was as follows. The initial decrease is due 
to  t rapping a t  vacancies and He-vacancy complexes. The slow decrease is due  to 
t rapping a t  loops, bubbles, clusters, etc. The increase in permeation when the He 
beam is cut  off results from the removal of the vacancy traps. I t  could not he 
definitely resolved whether the reduction in permeation due to pre-implantation of He 
was due solely to implanted He or to the residual radiation damage. 

S t rong  binding of deuter ium atoms to He bubbles in stainless steel has been 
proposed based on another study@'. The experiments were done a t  low temperature 
(200" C) and the t rap  strength was estimated a t  0.22 eV. The binding was similar to 
free surface absorption although the bubbles were only of 1 nm in size. There was 
also a suggestion of deuterium-vacancy binding. 

In  the Russian study mentioned earlier61, additional radiation damage was introduced 
by simultaneous bombardment  with inert  gas ions during the PDP experiments. 
Simultaneous bombardment with inert  gas ions increased the permeation ra te  in 
molybdeuum but actually decreased the rate  in nickel. It was postulated that  the 
high sputtering rate of nickel due to the inert ions caused a high re-emission rate  of 
hydrogen. A high re-emission rate  results in a low permeation rate. Molybdenum 
has  a low sputtering ra te  so re-emission was less and  the  enhancement of the  
permeation due to irradiation more than compensated for the low re-emission. 

CONCLUSIONS 

There a r e  many factors that  will influence permeability in actual operation of a 
fusion reactor. Factors will he more or less important depending on the particular 
material. Table 2 lists the important factors in the permeation of hydrogen isotopes 
along with a brief explanation of how these factors affect permeation and the relative 
magnitude of the effect. 
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For  the common iron and nickel-based alloys as well as for  some refractory metals 
such as molybdenum and tungsten, permeabilities and permeation behavior a r e  fairly 
well established. Metals such as vanadium, titanium and  niobium have a high 
inherent permeability, but the permeation rate  is generally dominated by the surface 
film. a wide divergence in the reported 
permeability values. The permeation da ta  on beryllium also show much variation 
for  reasons not well understood. More studies need to be done on beryllium to get 
reliable data. The data base on PDP i s  limited and fragmented, primarily because 
many different types of experiments have been done. The proper choice of activation 
energy f o r  PDP is not well established. Based on available da ta ,  rankings of 
materials  based on GDP experiments may be misleading for  fusion application, 
par t icu lar ly  for materials  in which the solubility is the dominant  effect in  
permeation. For  some materials such as vanadium, permeability is very high under 
both GDP and PDP conditions. 

FUTURE WORK 

This review of the da ta  on permeation of hydrogen isotopes in fusion materials is 
considered to  be complete with this report. 

For  this reason, these materials can show 
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Table 2 Factors Influencing Permeation 

Surface Condition 

Finite surface film 

Surface CompositionlStructnre 

Surface roughness 

Radiat ion 

Trapping by defects 

Radiation enhanced diffusion 

Spu t t e r ing  

IsotoDe Uotake 

Solution from gas phase 

Ion implantation 

Allov Chemistrv 

Overal l  Composition 

Hydride formation 

Impurity Trapping 

Environmental Effects 

Pressure effects 

Temperature 

Isotoae ComDosition 

Influence 

R e t a r d s  pe rmea t ion ,  pa r t i cu l a r ly  s t r o n g  in 
materials with high inherent permeability 

Affects recombination rate, k. Strong influence in 
P D P  

Effect not well studied, probably affects k 

T rans i en t  inf luence,  r e t a r d s  pe rmea t ion  by 
increasing time to reach steady state 

Apparently not a strong effect except possibly a t  
low temperatures and  for  stainless steel 

Has strong effect by removing surface film 

Dependent on gas pressure 

Independent  of pressure, reduces o r  eliminates 
soluhility term 

Not strong as long as there is no phase change 

May be strong, eventually decreases permeability 

Not well known, effects may be neutral over long 
t ime  

Solubility dependent on pressure, not important in 
P D P  

Arrenhins temperature dependence, mechanism can 
change in different temperature regimes 

Competition effects between isotopes not  well 
studied but may be important. Mass effect is well 
known 
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6.0 DEVELOPMENT OF STRUCTURAL ALLOYS 

6.1 Ferritic Martensitic and Bainitic Steels 
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DEVELOPMENT OF LOW-CHROMIUM, CHROMIUM-TUNGSTEN STEELS FOR FUSION -- 
R. L. Klueh and D. J. Alexander (Oak Ridge National Laboratory) 

OBIuJ I lvE  

The goal of this study is the development of reduced-activation ferritic steels. 

SUMMARY 

High-chromium (9-12% Cr) Cr-Mo and Cr-W ferritic steels are favored as candidates for fusion 
applications. In the early work to develop reduced-activation steels, an Fe-2.25Cr-2W-O.25V-O.lC steel 
(designated 2 1/4Cr-2WV) had better strength than an Fe-9Cr-2W-O.ZV-0.07Ta-O.lC (9Cr-ZWVTa) steel 
(compositions are in weight percent). However, the 2 1/4Cr-2WV had less-than-adeqnate impact 
toughness, as determined by the ductile-brittle transition temperature and upper-shelf energy of a Charpy 
impact test. Because low-chromium steels have some advantages over highduomiurn steels, a program to 
develop low-chromium steels is in progress. Microstructural analysis indicated that the reason for the 
inferior impact toughness of the 2 1/4Cr-2WV was the granular-bainite microstructure obtained when the 
steel was normalized. Properties can be improved by developing an acicular bainite structure by increasing 
the cooling rate after austenitization. Alternatively, acicular hainite can be promoted by increasing the 
hardenability. Hardenability was changed by adding small amounts of boron and chromium to the 2 1/4Cr- 
2WV composition. A combination of B, Cr, and Ta additions resulted in low-chromium reduced-activation 
steels with mechanical properties comparable to those of 9Cr2WVTa. 

PROGRESS AND STATUS 

Inaoducu 'on 

Ferritic steels have been candidate structural materials for fsst wall and blanket structures of fusion power 
plants since the late 1970s when fast-reactor irradiation showed them to be more swelling resistant than 
austenitic stainless steels. They also have higher thermal conductivity and lower thermal expansion 
coefficients than austenitic steels, thus providing improved resistance to thermal stresses for a fusion power 
plant operating in a pulsed mode. The first femtic steels considered in the US. program were Sandvik 
HT9 (nominally 12Cr-1Mc-0.25V-0.5W-O0.5Ni-0.2C, here designated 12Cr-1MoVW) [l] and modified 9Cr- 
1Mo steel (9Cr-lMo-0.2V-O.06NbO.lC, designated 9Cr-1MoVNb) [21. To a lesser extent, 2 1/4Cr-lMo 
(2.25Cr-1Mo-0.1C) was also considered [31. All compositions are in weight percent. 

During the mid 198Os, fusion programs throughout the world began to emphasize the development of 
"low-activation" or "reduced-activation" femtic steels [4-61. The difference between these steels and 
conventional steels is how rapidly the induced radioactivity in the reduced-activation steels decays. For that 
reason, the steels have also been referred u) as fast induced radioactivity decay (RRD) steels [4]. In FIRD 
or reduced-activation steels, alloying elements that produce long-lived radioactive isotopes during neuuon 
irradiation are eliminated or replaced. Elements that must be eliminated or minimized include Mo. Ni, Nb, 
Cu. and N. In the FIRD steels, tungsten replaced molybdenum to produce Cr-W steels as alternatives to 
the Cr-Mo steels; small amounts of tantalum replaced the niobium. 

Just as work on conventional steels emphasized high-chromium Cr-Mo steels, development of reduced- 
activation steels has concentrated on chromium levels between 7 and 10 wL% [4-61. Initial studies at Oak 
Ridge National Laboratory (ORNL) were on steels with 2.25 to 12% Cr [7-91. Of the original eight 
ORNL steels studied (Table l), a 2 1/4Cr-2WV steel had the highest strength [71. However, the impact 
toughness of 2 1/4Cr-2WV, as measured in a Charpy test, was inferior to that of a 9Cr-2WVTa steel [9]. 
The 9Cr-2WVTa had comparable tensile properties [41 and superior Charpy impact properties [9] to those 
of Wr-1MoVNb and I2Cr-1MoVW. 
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Table 1. Nominal Compositions for Fast Induced-Radioactivity Decay Steel Development P~O~EUII  
Steel Nominal Chemical Compositiiona (wt %) 

Cr W V Ta C 

2 II4CrV 
2 1/4Cr - IWV 
2 U4Cr - 2w 

2.25 
2.25 
2.25 

1 
2 

0.25 
0.25 

2 1 / 4 0  - 2WV 2.25 2 0.25 
5Cr - 2WV 5 2 0.25 

0.1 
0.1 
0.1 
0.1 
0.1 

9Cr - 2WV 9 2 0.25 0.1 
9 0  - 2WVTa 9 2 0.25 0.07 0.1 
12cs - 2wv 12 2 0.25 0.1 
aBalance iron 

An important property for ferritic steels is the effect of irradiation on impact toughness. Charpy specimens 
of the 9Cr-1MoVNb and 12Cr-IMoVW steels irradiated to 13 dpa at W C  in the Experimental Breeder 
Reactor (EBR-11). a fast reactor, showed increases in the ductile-brittle-transition temperature ( D B W  of 52 
and 124'C, respectively [IO]. The 90-2WVTa irradiated to 13 dpa in the Fast Flux Test Facility 0. 
also a fast reactor, developed an increase in DB'IT of only IYC [I I]. 

Despite the excellent behavior of the 9Cr-ZWVTa there are advantages for low-chromium steels [12]. It 
might he possible lo use a low-chromium steel without a post-weld heat treatment, an important 
consideration for a complicated structure, such as a fusion power plant. A hainitic steel might also be used 
without tempering. an economic advantage. Finally, a low-chromium steel would conserve chromium, a 
strategic material. 

Although relatively modest shifts in DBTI occurred for 9Cr-1MoVNb and I2Cr-IMoVW after irradiation 
in the fast reactors EBR-I1 and FFTF, much larger shifrs (>200'C) were observed when irradiated in the 
High Flux Isotope Reactor (HFIR), where displacement damage is accompanied by transmutation helium 
formation in the steels [13]. Helium is produced by an h a )  reaction of nickel with the thermal neutrons in 
the mixed-spectrum of HFIR. By irradiating nickel-doped and undoped steels in HFIR and EBR-11, the 
difference in behavior in the two reactors was attributed to the larger amount of helium produced during 
irradiation in HFIR. Helium was concluded to promote intergranular fracture 1131. This result is 
important, because the high-energy neulrons from the fusion reaction will produce large amounrs of 
transmutation helium in the f i s t  wall of a fusion power plant. 

To minimize the effect of helium in austenitic stainless steels, microstructures were developed with a high 
number density of fine precipitates 1141. For such a microstructure, the transmutation helium formed 
during irradiation is trapped at the matridprecipitate interface of the tine precipitates. Because of the large 
number of precipitates, the helium is widely distributed, and the high number density of small bubbles that 
form suppresses swelling. Elevated temperature helium emhrittlement is also inhibited because the 
precipitates prevent helium from migrating to grain boundaries [15]. A similar process might be effective 
in the ferritic steels to minimize the effect of helium on the shift in DBlT. 

The 9Cr-2WVTa has a fairly low number density of precipitates, which are mainly relatively large M23C6, 
with a lesser number of smaller MC particles [Fig. I(a)] 181. Figure I@) compares the high number 
density of fine precipitates in the 2 1/4Cr-2WV to the precipitates in 9Cr-2WVTa The high density of 
fine precipitates in the 2 1/4Cr-2WV are vanadium-rich MC precipitates [XI. The precipitate number 
density and type of precipitates in 9Cr-2WVTa are similar to those in 9Cr-1MoVNb and I2Cr-IMoVW, 
which showed the effect of helium on properties when irradiated in IVIR [13.161. The M23C6 precipitates 
are generally large and of low number density. MC particles are present in the high-chromium steels. but 
in much lesser amounts than the M23C6. The number of precipitates in these steels is probably too small 
to be effective in trapping the helium during irradiation. Figure I(b) indicates that it may be possible to 
develop a high density of precipitates in a low-chromium steel. Of course, to be successful it will also be 
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Fig. 1. A comparison of the precipitate microstructures of (a) 9Cr-ZWVTa and (b) 2 1/4C4-2WV steels 
after a normalizing and tempering heat treatment 
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necessary to develop a steel with improved impact toughness in the unimdiated condition over that for 
2 114Cr-2WV. 

Exmimental Procedure 

Eight electroslag-remelted heats of FIRD steel with the nominal compositions in Table 1 were prepared by 
Combustion Engineering, Inc., Chattanooga, Tennessee. These steels were used in the original ORNL 
studies on reduced-activation steels [7-91. and the results from those previous studies are the basis for the 
work discussed in this paper. The tensile and Charpy tests on those steels were primarily on specimens 
taken from 0.76-mm-thick sheet [8] and 15.9-mm-thick plate 191, respectively. 

For the present study, 450-g vacuum arc-melted button heats were made. Table 2 lists melt compositions 
and designations of the steels. which were variations of 2 114Cr-2WV. Material from the 2 1/4Cr-2WV 
heat was used as starting stock, and Ta, B. and Cr were added, with desired additions being 0.07% Ta, 
0.005% B. and 0.25% Cr. Table 2 also includes melt compositions for 2 1/4Cr-2W, 2 1/4Cr-2WV, and 
9Cr-2WVTa from the original study (71, since these will be used for comparison. Although the original 
heats were designated as 2 1/4Cr steels (they were. patterned after 2 1/4Cr-lMo steel), the actual chromium 
compositions of 2 114Cr-2W and 2 1/4Cr-2WV were 4 4  wt. % (Table 2). 

Table 2. Chemical Composition of Steels 
Steel C Si Mn P S Cr V W Ta B 

2 114Cr-2WVTa 0.10 0.12 0.40 0.016 0.006 2.41 0.24 2.03 0.05 
2 114Cr-2WVB 0.090 0.12 0.38 0.015 0.007 2.37 0.24 2.04 0.005 
2 I/4Cr-2WVTaB 0.092 0.12 0.38 0.015 0.008 2.36 0.24 2.04 0.05 0.005 
2.60-2WVTa 0.11 0.11 0.39 0.014 0.009 2.59 0.25 2.02 0.05 
2.6Cr-2wvTaB 0.11 0.11 0.39 0.014 0.008 2.60 0.25 2.07 0.05 0.004 
2 1/4Cr-2W 0.11 0.15 0.39 0.016 0.006 2.48 1.99 
2 114Cr-ZWV 0.11 0.20 0.42 0.016 0.006 2.41 0.24 1.98 
9Cr-2WVTa 0.10 0.23 0.43 0.015 0.005 8.72 0.23 2.09 0.07 

Half of each 12.1 x 25.4 x 127 mm ingot was hot rolled to 6.4 mm and half to 0.76 mm. Tensile 
specimens 44.5-mm long with a reduced gage section of 20.3 x 1.52 x 0.76 mm were machined from the 
0.76-mm sheet; gage lengths were parallel to the rolling direction. One-third size Charpy specimens 3.3 x 
3.3 x 25.4 mm with a 0.51-m-deep 30' V-notch and a 0.05- to 0.08-mm-root radius were machined from 
the 6.4-mm plate. Specimens were taken along the rolling direction with the notch transverse to the 
rolling direction. 

Normalized-and-tempered specimens were tested. The 0.76-mm sheet tensile specimens were heat treated 
directly, and the Charpy specimens were taken from the heat treated 6.4-mm plate. All of the new heats, as 
well as the 2 1/4Cr-2WV and the 9Cr-2WVTa were normalized by austenitizing 0.5 h at 1050%, followed 
by a rapid cool in flowing helium. The 2 1/4Cr-2W was austenitized 0.5 h at 900'C. A higher 
austenitizing temperature was used for the steels with vanadium and tantalum to ensure dissolution of V- 
and Ta-rich carbides. Material for the Charpy specimens of 2 1/4Cr-2W. 2 1/4Cr-2WV. and 9Cr-2WVTa 
were heat treated in two different forms: as 15.9-mm plate [9] and as 113-size Charpy specimens. 
Specimens heat treated in the latter geometry will be used for comparison with the new steels heat treated 
in the 6 . 4 - m  plate. All steels were tested after tempering 1 h at 700'C and 1 h at 75WC. 

Room temperature tensile tests were conducted in vacuum on a 44-kN-capacity Instron universal testing 
machme at a nominal swain rate of 4.2 x Charpy tests were carried out in a pendulum-type impact 
machine specially modified to accommodate subsize specimens [171. The absorbed energy values were fit 
with a hyperbolic tangent function to permit the upper-shelf energy (USE) and ductile-brittle transition 
temperature (DB'IT) to be evaluated at the energy midway between the upper- and lower-shelf energies. 
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RESULTS AND DISCUSSION 

Charpy properties of the 2 1/4Cr-2W, 2 1/4Cr-2WV, and 9Cr-2WVTa steels from the original eight ORNL 
heats of steel were determined on specimens taken from normalized-and-tempered 15.9-mm plate. After this 
heat treamenf the 2 1/4Cr-2WV contained 120% polygonal ferrite and 80% hainite, the 2 1/4Cr-2W 
contained 100% bainite, and the 9Cr-2WVTa contained 100% martensite [71. Microstructures of the 
normalized-and-tempered Q76-mm-thick tensile specimens were 100% bainite for the 2 1/4Cr steels and 
100% martensite for the 9Cr-2WVTa steel [71. Properties for these steels in these heat-mated condition are 
given in Table 3. 

Table 3. Tensile and Charpy Impact Propetties of Three of the Original Steels 
and a Ta-Mcdified Low-chromium Steel 
Room Temperature Tensile Strength (MPA) 

Tempering Elongation DB?T Use 
Steela TEUlperatUre YS UTS (%) (“c) 0 

(“0 
Charpy Specimens of Original Heats Heat Treated as 15.9 mm Plate 

2 1/4Cr-2W 700 594 677 9.5 -48 9.6 
2 114Cr-2WV 750 684 758 9.8 
9Cr-2WVTa 750 645 784 1.9 

0 9.7 
-78 9.7 

Charpy Specimens of Original Heats Heat Treated as 3.3 mm Bar 

2 114Cr-2W 700 594 677 9.5 -56 11.5 
750 554 626 13.2 -71 10.1 

2 114Cr-2WV 700 889 978 7.5 -9 7 .O 
750 684 758 9.8 -52 11.0 

9Cr-2WVTa 700 823 955 6.6 4 3  7.5 
750 645 784 7.9 -80 10.1 

Mechanical Property Data for Tantalum-Modified 2 1/40-2WV Steel 

2 1/4Cr-2WVTa 700 908 979 7.9 - 10 9.2 
750 621 716 10.6 -65 13.8 

aNominal compositions: Cr, Mo, and W as indicated in designation: V=0.25%, Ta=0.07% 

It was concluded that the inferior impact toughness of the 2 1/4Cr-2WV (Table 3), as measured by the 
ductile-brittle transition temperature (DBlT), was caused by the ferrite in the micIosuucture [181. Table 3 
also gives the Charpy properties after the three steels were heat treated in the 1/3-size Charpy geometry 
(3.3-mm-square bars) to produce 100% bainite in the 2 1/4Cr-2WV. The 2 114Cr-2W and 9Cr-2WVTa 
were again 100% bainite and 100% martensite, respectively. Although the Charpy properties of 2 114Cr- 
2WV improved after this heat treaanent, the pmpenies were still not equivalent to those of 2 1/4Cr-2W and 
9Cr-2WVTa. which showed little change after being heat treated in the smaller geometry (compare the 
properties after similar tempering treatmenu--7oo’C for 2 114Cr-2W and 750’C for 2 1/4Cr-2WV and 9Cr- 
2WVTa). 

Tantalum e f f e a  

It was originally concluded that the 9Cr-2WVTa had better Charpy properties than 9Cr-2WV (tensile 
properties were similar) because the grain-refining effect of the tantalum [7-91. Therefore, a 2 1/4Cr- 
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2WVTa heat with 4.05% Ta was produced. The Charpy properties of the 2 1/4Cr-2WVTa were an 
improvement over those for 2 1/4Cr-2WV. but the strength was not as good after the 750'C temper 
(Table 3). Tensile and Charpy impact properties were also not as good as those for 9Cr-2WVTa. 

Microstructure of 2 1/4C r-2W and 2 1 / 4 0  - 2wv 

In addition to adding tantalum to uy to improve the toughness of the 2 1/4Cr-2WV, the difference in the 
microstructures of the 2 1/4Cr-2WV and 2 1/4Cr-2W steels were investigated lo determine the source of the 
Charpy property differences. Transmission electron microscopy (TEM) examination indicated a difference 
in the bainitic microstructures of the normalized-and-tempered 2 1/4Cr-2W and 2 1/4Cr-2WV after the heat 
treament in 15.9-mm plate (Fig. 2) [18]. Although both microstructures were tempered bainite. the 
microstructures, especially the precipitates, appeared different. Indications of an elongated substructure and 
precipitates appeared in the 2 1/4Cr-2W [Fig. 2(a)]. giving evidence of a lath-like microstructure prior to 
tempering. Precipitates in the 2 1/4Cr-2WV were globular and often appeared to form in patches Fig.  2 
(b)]. The reason for these differences was attributed to the different kind of bainite that formed in the two 
steels when they were normalized [ 181, a difference associated with bow rapidly the steels were cooled from 
the austenitizing temperature [19,20]. 

To demonstrate the effect of cooling rate, pieces of tested standard-size Charpy specimens (10 x 10 mm bar) 
and pieces of 1/3-size Charpy specimens (3.3 x 3.3 mm bar) were austenitized in a helium atmosphere of a 
tube furnace and cooled by pulling into the cold zone of the furnace. An austenitization treatment of 0.5 h 
at 9 W C  was used for the 2 1/4Cr-2W and 0.5 h at 1050'C for the 2 1/4Cr-2WV. To speed the cooling of 
the small specimens, they were cooled in flowing helium. The large specimens were cooled in static 
helium to further slow the cooling rate relative to the small specimen. 

Optical metallography indicated both steels were 100% bainile after both the fast and slow cools, although 
there were differences in appearance. as shown in Fig. 3 for 2 1/4Cr-2WV. The specimen given the fast 
cool appeared more acicular. Similar observations were made for 2 1/4Cr-2W. 

Bainite, which is generally defmed microstructurally as carbides in a femte matrix that transformed in the 
temperature range -250-550'C, was originally thought to consist of only two morphological variations, 
upper and lower bainite. These bainites were defmed according to the temperature of formation and can be 
differentiated by the appearance of the carbide particles relative to the axis of the bainitic femte plate or 
needle. Upper bainite forms as a collection of ferrite plates or laths with carbide particles parallel to the 
plates. Lower bainite consists of femte plates or needles with carbides forming within the ferrite at about a 
60' angle to the axis of the plate or needle. 

Important variations from these classical bainites exist as fust pointed out by Habraken [191. He found 
morphological variations in the bainite transformation products that differed from upper and lower bainite, 
although they formed in the bainite transformation temperature regime. Such "nonclassical" bainites 
formed more easily during continuous cooling than during an isothermal transformation [19201, where 
classical bainites generally formed. 

Habraken and Economopoulos [20] contrasted the morphologies of the nonclassical bainite structures 
formed during continuous cooling with classical bainites obtained during isothermal transformation. 
Classical upper and lower bainite form when transformed in different temperature regimes of the bainite 
transformation temperature region, as defined on an isothermal-transformation (lT) diagram [Fig. 4(a)l [ZO]. 
This means that the bainite transformation region of an IT diagram can be divided into two temperature 
regimes by a horizontal line, above which upper bainite forms and below which lower hainite forms. For 
the nonclassical bainites. Habraken and Economopoulos [20] showed that a continuous cooling transfor- 
mation (CCT) diagram could be divided into three vertical regimes Fig. 4(b)]. Three different nonclassical 
bainite microstructures form wbeu m l i n g  rates are such as to pass through these different zones. A steel 
cooled rapidly enough to pass through zone I produces a "carbide-free acicular" structure, which consists of 
side-by-side plates or laths [20]. When cooled through zone 11, a carbide-free "massive or granular" 
structure results, generally referred to as granular bainite [20]. It has been determined that granular bainite 
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consists of a femte matrix with a high dislocation density that contains martensite-austenite (M-A) 
"islands" [20]. Since Hahraken's "pseudo bainite" microstructures developed by cooling thmugh zone 111 
were not observed in this study, they will not be discussed. 

To visualize the formation of granular bainite, Habraken and Economopoulos [19] concluded there was a 
dehomogenization during cooling from the austenitizing temperature. Dehomogenization was supposed to 
have occurred above the Bs temperature, the bainite start temperature, giving carbon-enriched and carbon- 
depleted regions. (The possibility of dehomogenization above the Bs temperature for the formation of 
carbondepleted and carbon-enriched regions has since been challenged [21], although there is no doubt that 
the regions exist after cooling from the austenitization temperature [19]). In the hainite-transformation 
temperature regime, the carbon-depleted zones transform to carbide-free bainitic ferrite with a high 
dislocation density. The high-carbon regions do not transform to bainite. hut some of the retained austenite 
transforms to martensite if the steel is cooled below the Ms temperature. Thus, the high-carbon regions 
give rise to the M-A islands withim the bainitic ferrite. 

Microstructures observed by TEM on the different-sized specimens of normalized 2 1/4&-2W and 2 1/4Cr- 
2WV are shown in Figs. 5 and 6, respectively. The slowly cooled specimens are shown in Figs. 5(a) and 
6(a) and are characteristic of granular bainite [19,20]; the dark areas are the M-A islands. Micrographs of 
the specimens cooled rapidly Figs. 5@) and 6(b)] are characteristic of carbide-free acicular bainite [19,201. 
When granular bainite is tempered, large globular carbides form in the high-carbon M-A islands, whereas 
elongated carbides form on lath boundaries of acicular bainite [221, just the types of morphology observed 
when 2 1/4Cr-2W Fig. 2(a)l and 2 114Cr-2WV Fig. 2(b)l were tempered. 

Experimental work on a 3Cr-1.5Mo-0.25V steel indicated that tempered carbide-free acicular bainite has a 
higher impact toughness (low DB?T and high USE) than granular bainite after a low-temperature or short- 
time (constant temperature) tempering treatment [221. Further, optimum strength and toughness were 
obtained for the carbide-free acicular bainite under modest tempering conditions, after which further 
tempering had little effect on toughness. Considerably more tempering (longer time or higher temperature) 
was required for the granular bainite. which meant optimum properties were achieved at a lower strength. 
This could explain the difference in the effect of tempering on the DB'IT of 2 1/4Cr-2W (carbide-free 
acicular) and 2 1/4Cr-2WV (granular bainite) when tempered at 700 and 750'C. Only a small difference in 
DB'IT was observed for the 2 1/4Cr-2W when tempered 1 h at 7 W C  and 1 h at 750'C, compared to a 
relatively large diffcrence for the 2 1/4Cr-2WV (Table 3). 

No CCT diagrams are available for the reduced-activation steels under discussion. Figure 4 is schematic, 
but even when CCX diagrams are available, details on the three cooling zones must be determined 
experimentally. The reason for the large amount of proeutectoid ferrite in 2 1/4Cr-2WV and not in 
2 1/4Cr-2W of the 15.9-mm plates was attributed to the difference in cooling rates caused by the different 
austenitization temperatures 171. (A temperature of 1050'C was used for the 2 1/4Cr-2WV to assure dis- 
solution of the vanadium carbide; 9 W C  was used for the 2 1/4Cr-2W). If the interpretation of the effect of 
microstructure is correct, it would appear that the toughness of the 2 1/4Cr-2WV could be improved if the 
steel was cooled more. rapidly, perhaps by quenching instead of normalization (air cooling). 

Another possibility to promote carbide-free acicular bainite is by improving the hardenability. 
Hardenability is defmed as the relative ability of a steel to avoid forming the soft ferrite phase when cooled 
from the austenitizing temperature. Increasing hardenability has the same effect as increasing the cooling 
rate: it moves the transformation of femte to longer times so the steel can be cooled more slowly and still 
obtain a bainite microstructure. 

Hardenability can be changed by changing chemical composition. For example, more carbon could be 
added, although carbon generally has a negative effect on DB'IT. Small amounts of boron (0.003-0.005%) 
also improve hardenability [23,24]. Data at the top of Table 4 can be used to compare properties of 
2 1/40-2WVTa with a 2 1/4Cr-2WVB steel containing -0.005% B. hoperties for the 2 1/4Cr-2WV and 
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Fig. 6. Photomicrographs of bainitic microsmctures of normalized 2 114Cr-2WV steel after (a) slow cool 
and (b) fast cool from 1050T. 
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Table 4. Tensile and Charpy Impact Properties of Ferritic Steels Modified 
to Increase Hadenability Compared to Original Heats 

Room Temperature Tensile Strength (MPA) 
Temperingb Elongation DBm US3 

Steel8 TemphlR YS UTS (%) (“0 0 
(“0 

New Reduced-Activation Chromium-Tungsten Heats 

2 1/4Cr-2WVTa 

2 1/4Cr-2WVB 

2 1/4cf-2wvTaB 

2.6Cr-2WVTa 

2.6cr-2wvTaB 

2 1/4cr-2w 

2 1/4Cr-2WV 

9Cr-2WVTa 

9Cr-lMoVNb 

12Cr-lMoVW 

700 908 979 7.9 
750 621 716 10.6 

700 804 889 8.6 
750 598 691 10.7 

700 876 951 7.6 
750 664 739 9.6 

700 826 897 8.6 
750 636 700 7.8 

700 823 904 8.4 
750 623 702 9.1 

Original Reduced-Activation Chromium-Tungsten Heats 

700 594 677 9.5 
750 554 626 13.2 

700 889 978 7.5 
750 684 758 9.8 

700 823 955 6.6 
750 645 784 7.9 

Chromium-Molybdenum Steels 

700 670 815 7.8 
750 541 656 9.6 
760 

700 
750 653 806 10.4 

-10 9.2 
-65 13.6 

-21 8.1 
-90 11.5 

-30 7.7 
-78 11.7 

-54 7.7 
-103 10.9 

-60 8.0 
-94 11.1 

-56 11.5 
-77 10.2 

IO 8.4 
-78 12.7 

-43 7.5 
-80 10.1 

22 7.9 
-22 8.7 
-57 8.8 

2 5.2 
-36 6.5 

780 549 716 9.9 4 6.0 
aNominal compositions: Cr, Mo. and W as indicated in designation: V=0.25% Ta0.07%, Nb=O.06%. 
B-0.005%: nominal comaosition of W in 12C4-1MoVW is 0.5%. 
bAll tem&ng times &e 1 h except fa 2.5 h at 780°C for the 12Cr-1MoVW. 

9Cr-2WVTa steels are also shown. The propzties of 2 1/4Cr-2WVB showed an improvement in Charpy 
behavior over the 2 1/4cr-2WV and 2 1/4Cr-2WVTa--the steels without boron. Also shown in Table 4 are 
results for 2 1/4Cr-2WVTaB, a steel containing a combination of 0.005% .B and 0.05% Ta. This 
combination produced a steel with impact properties comparable to those of the 2 1/4Cr-2WvB. but with 
greater strength. Therefore, increasing hardenability gave the steels improved impact properties over those 
for 2 114Cr-2WV (also shown in Table 4). and the 2 1/4Cr-2WVTaB bas comparable tensile properties. 
After the 750’C temper, the tensile and impact properties of the 2 1/4Cr-2WVB and 2 1/4Cr-2WVTaB 
steels were similar to those for 9Cr-2WVTa (shown in Table 4). 
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The optical microstructures showed the effect of boron on hardenahility (Fig. 7). The 2 U4Cr-2WVTa 
steel contained a finer prior-austenite grain size than the 2 1/4Cr-2WvB steel. However, much more 
acicularity is evident in the microstructure of the 2 1/4Cr-ZWVB steel Fig. 7(b)]. indicating the effect of 
boron on promoting tbe formation of carbidefree acicular bainite and thus, hardenabiiity. From Fig. 7(a) it 
is not possible to determine whether the light-etching constituent is tempered granular bainite or whether 
this is polygonal ferrite. The former is felt to be the case (note the light-etching material in Fig. 3 in a 
steel that TEM showed to be essentially 100% granular bainite). TEM is required to verify this; TEM 
results will be reported separately. 

Adding more chromium can also improve hdenabii ty .  An addition of 0.25% Cr, 0.07% Ta. and O.W5% 
B was attempted to the 2 1/4Cr-ZWV composition. The Fmal composition indicated that about 0.2% Cr, 
0.05% Ta, and 0.004% B was present to produce 2.6Cr-2WVTa and 2.6Cr-2WVTaEi steels. Optical 
microstructures of these two steels are shown in Fig. 8. An increase in acicularity for these steels is 
obvious (compare Figs. 7 and 8). The acicularity in the boron-containing steel Fig. 8(a)] also appears 
greater than the steel without boron Fig. 8m)l. These changes are taken as evidence that the improved 
hardenability promoted carhide-free acicular hainite formation during the normalizing heat treatment 

The strengths of the new 2.6Cr steels are slightly below those for 9Cr-2WVTa and 2 1/4Cr-2WV 
(Table 4). Both 2 . 6 0  steels shbwed an improvement in Charpy properties over the 9Cr-2WVTa 
(Table 4). If a further improvement could be achieved at the 7 W C  tempering temperature, it would result 
in a steel with both increased strength and toughness compared to gCr-ZWVTa, which is tempered at 
750'c. 

Table 4 also shows data for the 9Cr-IMoVNb and IZCr-lMoVW, tbe conventional Cr-Mo steels considered 
for fusion. Even after a 750°C temper, the Charpy data for 9Cr-1MoVNh and I2Cr-IMoVW are. not as 
good as those for the 2.6Cr steels after a 7 W C  temper. Tempering temperatures of 760 and 780'C are 
used for the 9Cr-1MoVNh and 12Cr-lMoVW steels, respectively [2]; the tensile and Charpy data after such 
a standard temper are shown in Table 4. Even when these higher tempering temperatures are used, 
however, the Charpy properties of the 2.60 steels are better than those for 12Cr-IMoVW tempered at 
780'C. and equivalent to those for the 9Cr-1MoVNb tempered at 760'C. Under these tempering 
conditions, the 2.6Cr steels tempered at 7 W C  have a substantially higher strength than the two high- 
chromium Cr-Mo steels. 

The above results verified that changing hardenability by varying composition can improve the Charpy 
impact properties of the 2 1/4Cr-2WV steel. Only minor changes were attempted in the composition. 
Further changes in composition should be possible to optimize the properties. Such optimization studies 
are in progress. 

SUMMARY AND CONCLUSIONS 

A program to develop low-chromium, reduced-activation steels is underway. This program is based on 
observations on the mechanical properties of a 2 1/4Cr-ZWV steel in the original reduced-activation steels 
tested at ORNL. Although tbii steel had the best strength properties of the steels tested, Charpy impact 
properties were inferior to those of 9Cr-ZWVTa and 2 1/4Cr-2W steels. Microstructural studies indicated 
that the inferior impact properties of the 2 1/4Cr-2WV relative to the 2 1/4Cr-2W were due to the type of 
bainite formed in the two steels. The 2 1/4Cr-2WV contained granular bainite, and the 2 I/4Cr-2W 
contained acicular hainite. Acicular bainite formation can be enhanced by increasing the cooling rate during 
the normalizing heat treahnent or by increasing the hardenability. Additions of boron and chromium were 
made to the 2 1/4Cr2WV composition to increase hardenability. The resulting steels had improved impact 
toughness compared to the 2 1/4Cr-ZWV, and the mechanical properties were equivalent to those of the 
9Cr-2WVTa 'Ilese preliminary studies indicate that further improvement in the mechanical properties 
should be possible. 
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Fig. 7. Optical microstructures of normalized-and-tempered (a) 2 1/4Cr-ZWVTa and (a) 2 1/4Cr-2WVB 
SieelS. 
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Fig. 8. Optical microstructures of normalized-and-tempered (a) 2.6Cr-2WVTa and (b) 2.6Ci2WvTaB 
steels. 
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MICROSTRUCTURE-MECHANICAL PROPERTIES CORRELATION OF IRRADIATED 
C 0 " T I O N A L  AND REDUCED-ACTIVATION MARTENSITIC STEELS - R. L. Klueh 
(Oak Ridge National Laboratory), Ji-Jung Kai (National Tsing Hua University, Taiwan), and 
D. J. Alexander (Oak Ridge National Laboratory) 

OBJECTIVE 

The goal of this study is the development of reduced-activation ferritic steels 

SUMMARY 

Tensile, Charpy, and transmission electron microscopy specimens of two conventional steels, 
modified 9Cr-1Mo (90-1MoVNb) and Sandvik HT9 (12Cr-IMoVW), and two reduced-activation 
steels, Fe-Kr-2W-0.25V-O.lC (Kr-ZWV) and Fe-9Cr-2W-0.25V-0.07Ta-O.lC (Kr-ZWVTa), were 
irradiated in the Fast Flux Test Facility. Before irradiation, M23C6 was the primary precipitate in 
all four steels, which also contained some MC. Neutron irradiation did not substantially alter the 
M23C6 and MC. No new phases formed during irradiation of the 9Cr-2WV and 9Cr-ZWVTa hut 
chi-phase precipitated in the 9Cr-IMoVNb and chi-phase and a' precipitated in the 12Cr-1MoVW. 
Irradiation-produced dislocation loops were observed in 9Cr-2WV, 9Cr-ZWVTa. and 12Cr-1MoVW. 
The irradiation-produced microstructural changes caused the steels to harden, as measured by the 
change in yield stress. Hardening was correlated with a change in the Charpy impact properties of 
9Cr-lMoVNb, 120-1MoVW. and 9Cr-2WV. Although in-adiation caused a yield stress increase of 
the 9Cr-2WVTa similar to that for 9Cr-2WV and 9Cr-lMoVNt1, the change in Charpy properties 
was considerably less for Wr-ZWVTa. This difference in Charpy behavior of the 9Cr-2WVTa with 
that of the 9Cr-2WV and 9Cr-1MoVNb was attributed to differences in the fracture stress- 
temperature relationship and/or the flow stress-temperature relationship between the 9Cr-ZWVTa 
and the other two 9Cr steels. 

PROGRESS AND STATUS 

Ferritic and martensitic steels are being developed for service in future fusion power plants [l]. 
Originally, the primary candidates for fusion applications in the U. S. Department of Energy 
Fusion Materials Program included the conventional Cr-Mo steels 2 1/4Cr-lMo, 90-1MoVNh 
(modified ~ C I - ~ M O ) ,  and 120-1MoVW (Sandvik HT9). In recent years, a program to develop 
reduced-activation femtidmartcnsitic steels has been in progress. 

All steels in the first wall and blanket structure of a fusion power plant will become highly 
radioactive from transmutation reactions that are caused by high-energy neutrons from the fusion 
reaction interacting with elements in the steel. Reduced-activation or fast induced-radioactivity 
decay (FIRD) ferritic steels are steels in which the induced radioactivity decays quickly to low 
levels. Such steels can be more readily disposed of or recycled after the reactor service lifetime than 
conventional alloys [2]. A FIRD alloy cannot contain molybdenum and niobium, important 
constituents in the conventional Cr-Mo steels. Experimental FIRD steels have been developed 
based on chromium compositions of conventional Cr-Mo steels with molybdenum replaced by 
tungsten and niobium replaced by tantalum t11. 

Eight FIRD steels were examined in the Oak Ridge National Laboratory (ORNL) reduced-activation 
steel development program (Table 1) [3-5]. These included steels with 2.25, 5, 9, and 12 wt% Cr. 
The four 2 .250  steels were bainitic, the 5 and 9Cr steels were martensitic, and the 12Cr steel was 
25% Gfemte, with the balance martensite [4]. The 2 1/4Cr-2WV steel was the strongest, followed 
by 9Cr-2WVTa and the 9Cr-2WV [3]. Based on the ductile-brittle transition temperature (DBTT) 



129 

and the upper-shelf energy (USE) determined in a Charpy impact test. the impact toughness of the 
2 1/4Cr-2WV steel was inferior to that of the two 9CI steels [ 5 ] .  The 9Cr-2WVTa steel had the 
best impact toughness in the unirradiated condition. 

Tab le  1 Nominal compositions f o r  O W L  farc induced-radioac~ivity  
decay s r e e l s  

steel -a 1 w t  % )  

2 1/4crv 2 .25  0 . 2 5  0 . 1  
2 1/4cr-1w 2.25 1 0.25 0 . 1  
2 1 /4c r - zw  2 . 2 5  2 0 . 1  
2 1/4cr-zw 2 . 2 5  2 0.25 0 . 1  
5Cr -2W 5 2 0 . 2 5  0 . 1  
9Cr -2W 9 2 0.25 0 . 1  
9Cr-2WTe 9 2 0 . 2 5  0.07 0 . 1  
1 2 c r - 2 w  1 2  2 0.25 0 1  

a Balance iron. 

C r  u V Ta C 

Neutron irradiation of ferritic steels causes an increase in strength, an increase in the DBlT, and a 
decrease in the USE. AU eight steels were irradiated in the Fast Flux Test Facility (FFm, and data 
on the tensile and Charpy impact properties after irradiation to 7 and 13-14 dpa at 365°C have been 
reported [6-81. For the eight FIRD steels in Table 1. the 9Cr-2WVTa was superior to the other 
seven. The small shift in DBTT in the 9Cr-2WVTa of only 4 and 15°C after irradiation to 7 and 13 
dpa, respectively, was the smallest shift ever observed for any conventional or reduced-activation 
femtidmartensitic steels irradiited to these conditions [7,81. 

Irradiated specimens of 9Cr-2WV and 9Cr-2WVTa have now been examined by Uansmission 
electron microscopy (TEM). For comparison, irradiated specimens of 9Cr-1MoVNb and 12Cr- 
lMoVW were also examined. A detailed analysis of the TEM observations is to be presentcd 
separately [91. In this report, an attempt will be made to correlate TEM observations with 
mechanical properties for the 9Cr-2WV and 9Cr-2WVTa reduced-activation steels and the 9Cr- 
lMoVNb and 12Cr-1MoVW conventional steels. 

ExDerimental 

Melt compositions of the 9Cr-2WV, 9Cr-ZWVTa. 9Cr-lMoVNb, and 12Cr-IMoVW are given in 
Table 2. Normalized-and-tempered steels were irradiated with normalization carried ou t  by 
austenilizing in a helium atmosphere, followed by a rapid cool in flowing helium. lke 9Cr-2WV, 
9Cr-2WVTa and 12Cr-1MoVW were austenitized at 1050°C for 0.5 h and the 9Cr-lMoVNb at 
1040°C for 0.5 b. Tempering of the 9Cr-2WV and 9Cr-2WVTa was for 1 h at 750°C. the 9CI- 
lMoVNb for 1 h at 760°C and the 12Cr-1MoVW for 2.5 h at 780°C. The 750°C tempering 
temperatures for the reduced-activation steels were determined in previous studies [4], and the 
tempering temperatures for the Kr-1MoVNb and 12Cr-1MoVW are the standard temperatures for 
these steels. 

T a b l a  2 Chemical composition of  steels tested 

Stee l  c S i  Mn P S C r  Mo Ni V W Nb N 

9Cr -2W 0 1 2  0 . 2 5  0 . 5 1  0.014 0.005 8 . 7 3  0 . 2 5  2 .09  
9Cr-ZVIPIa 0 . 1 0  0 . 2 3  0 .43  0 .015  0.005 8 . 7 2  0 . 2 3  2 .09  
9Cr-lHoVNb 0 092 0 . 1 5  0.&8 0 .012  0.004 8.32 0.86 0 . 0 9  0 . 2 0  0.06 0.054 
12Cr-1HoW 0.20 0 . 1 7  0 . 5 1  0 .016  0.003 1 2 . 1  1 . 0 4  0 5 1  0 . 2 9  0 . 6 1  0 .027 
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Standard 3-mm-diameter disks punched from 0.25-mm-thick sheet stock were irradiated in FFTF at 
-420°C to =7.8 x IOz6 dm2. -36 dpa More details on the TEM studies have been published 191. 

Sheet tensile specimens (445- long with a reduced gage section of 20.3 x 1.52 x 0.76 mm) and 
miniature 113-size Charpy specimens (3.3 x 3.3 x 25.4 mm with a 0.51-mm-deep 30" V-notch and 
a 0.05- to 0.08-m-root radius) were irradiated. Details on the tensile and Charpy specimens have 
been published [6,71. 

There were some differences in irradiation conditions for the mechanical properties specimens and 
the TEM specimens, and irradiation conditions for all specimens are summarized in Table 3. 
Tensile and Charpy specimens of the 9Cr-2WV and 9Cr-2WVTa steels were irradiated to -7 and 13- 
14 dpa at 365°C. Tensile specimens of the 9Cr-1MoVNb and I2Cr-1MoVW steels were irradiated 
to -7 dpa at 365°C. Charpy specimens of 9Cr-1MoVNb and 12Cr-1MoVW were irradiated as 
follows: (1) both steels to 4-5 dpa at 365°C (2)  I2Cr-1MoVW to 10 dpa at 365°C. and (3) both 
steels to 35-36 dpa at 420°C. 

Table 3. Irradiation conditions for martansicie steels irradiaced in FFTF 

TEPl Specimens 
9 C r - Z W  35 dpa ac 420.C 
9Cr-2WVTa 35 dpa at 420'C 
9 c r - l M o m  35 dpa at 420'C 
1ZCr-lNoW 3 5  dpa at 420'C 

Tensile Specimens 
9 C r - 2 W  7 and 14 dpa at 365'C 
9Cr. 2 W a  7 and 14 dpa at 365'C 
9Cr-lHoVNb I dpa ac 365'C 
12Cr- l H o W  7 dpa at 365'C 

Charpy Specimens: 
9 C r - 2 W  14 dpa at 365'C 
9Cr-ZWVTa 13 dpa at 365'C 
9Cr- lHoVNb 
12Cr- lNoW 

5 dpa at 365'C and 36 dpa ac 420-C 
4 and 10 dpa at 365'C and =35 dpa at 420'C 

RESULTS 

DetaiIs on the effect of irradiation on tensile and Charpy behavior have been published [6-8,10,111. 
To aid the discussion of the correlation of properties with microstructure, a brief summary of the 
mechanical properties observations will be presented. Results are given in Table 4. 

Figure 1 shows the yield stress for the four steels before and after irradiation tn =7 dpa at 365°C. 
Results for 7 dpa are shown because no data are available for 9Cr-1MoVNb and 120-IMoVW at 
14 dpa  Data are available for 9Cr-2WV and 9Cr-2WVTa after 14 dpa (Table 4); based on the 
observed variations, these results indicate that hardening saturates with fluence by 7 dpa. Figure 1 
shows that the increase in yield stress (Aoy) for 9Cr-2WVTa afkr 7 dpa was slightly less than for 
the other two 9Cr steels. However, after irradiation to 14 dpa, there was little difference between 
( A q )  for 9Cr-2WV and 90-2WVTa (Table 4). Therefore, it appears that the yield stress in the 
uninadiated condition and the change in yield stress after irradiation for the Wr-ZWV, 9Cr-2WVTa, 
and 9Cr-IMoVNb steels were similar. The I2Cr-IMoVW steel showed the largest increase, being 
over twice chat of the 9Cr steels. 
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Fig. 1. Yield stress of 9Cr-ZWV. 9Cr-ZWVTa, 9Cr-lMoVNb. and 12Cr-1MoVW steels as 
normalized and tempered and alter irradiation in FFF at 365°C. 

Table 4 .  Irradiation effeccs on impact proper'cier of marfensiric sfeel.' 

Steel specimen DBIT* A D B X  Upper-Shelf A W E  Aoy 
Designation Condition' ('0 ('c) ~nergy (J) (m) ( m a )  

m i a c e d  at 965.C 
9Cr-2WV N6T - 6 0  8.4 

I (7) 8 68 6 . 4  - 2 4  161 
I (14) -31 29 6.3 - 2 5  141 

I (7) .84 4 8.6 -23 125 
I 113) -73 15 8.5 -211 147 

9cr-zYVTa NhT -88 11.2 

. .  
9Cr- lnoVNb NhT - 64 10.5 

12CT.MOW N6T - 3 5  7.6 
I ( 5 )  -19 45 1.6 -38 153 

I 1 4 )  95 130 3 . 4  - 5 5  364 
I iio) 105 140 3.2 -58 

Irradiared st 420'C 
9Cr - lnoVNb NbT .64 10.5 

1136) -25 39 8.2 - 2 2  133 ~,~ . 
12cr- M O W  NhT - 3 5  7.6 

I(35) 72 in7 4.1 -46 199 

* One-chird sire Cherpy specimens were LeSced. 
N6T - -  Normalized and tempered: I -. Irradiated: dpa In parentheses. 
Evaluated ac an energy level halfway between the upper and lover shelves. 
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Charpy specimens of the 9Cr-2WV and 9Cr-2WVTa steels were irradiated at 365°C to =7 and 13-14 
dpa [7,81. Specimens of the 9Cr-1MoVNb steel were irradiated to 5 dpa [lo], and specimens of the 
12Cr-1MoVW steel to 4 and 10 dpa (Table 4) [10,11] . There was little change in the shift in 
D B l T  (ADB'IT) in going from 7 to 13-14 dpa for the reduced activation steels, and little difference 
in going from 4 to 10 dpa for the 12Cr-IMoVW, indicating that ADB'IT probably saturated with 
fluence by 4 dpa 

Charpy specimens of the 9Cr-1MoVNb and 12Cr-IMoVW steels were also irradiated in FFTF at 
420°C to 35-36 dpa [lo], similar to the irradiation conditions of the T!3M specimens (Table 4). 
Hardening occurred at this higher temperature just as it did at 365°C and there was an increase in 
DB'IT. Although the ADBTI was smaller after irradiation at 420"C, the difference was small. 

Detailed discussion of microstructural changes, swelling. experimental verification of precipitates, 
etc., will be presented in a future report [9]. This paper will concentrate on TEM observations that 
affect mechanical properties. The important mechanical properties observations were that irradiation 
caused an increase in strength, as measured in a tensile test, and a decrease in impact toughness. as 
observed by an increase in DBf l  and a decrease in USE measured in a Charpy test. Microstructural 
features that cause such changes will be emphasized 

The normalized-and-tempered microstructures of the four steels were 100% tempered martensite. 
Prior-austenite grain sizes determined by metallography indicated that 9Cr-1MoVNb and 9 0 -  
2WVTa steels had the smallest grain sizes (estimated average grain diameters of 22 and 32 pm, 
respectively), followed by the 120-IMoVW (45 p), and the 9Cr-2WV (65 p), There was little 
difference in the average lath sizes estimated by TEM. 

Figures 2-5 are TEM micrographs that show the lath and precipitate structure in the unirradiated 
Figs. 2(a), 3(a), 4(a), and 5(a)l and irradiated [Figs 2(b). 3(b), 4(b), and 5(b)l conditions. Most of 
the precipitate in the microstructure of all four steels before irradiation was M23C6. The 1 2 0 -  
lMoVW contained about twice as much M23Cg as the other steels 191. because it contained twice 
as much carbon (0.2% vs. 0.1% for the three 9Cr steels). The 9Cr-1MoVNb. 9Cr-2WV. and 
9Cr-ZWVTa contained comparable amounts of M23Cg precipitate. 

The only other precipitate observed in the unirradiated condition was MC. Negligible amounts were 
detected in the I2Cr-lMoVW, and although present in larger quantities in the other steels, it was 
much less abundant than M23Cg. In 9Cr-2WV, the MC was vanadium rich, and in the 
9Cr-2WVTa it contained both V-rich and Ta-rich particles. The 9Cr-lMoVNb contained V-rich and 
Nb-rich MC. The average size and number density of the MC particles in the 9Cr-1MoVNb and 
9Cr-2WVTa were similar, but the 9Cr-2WV steel contained somewhat less MC than the 
9Cr-2WVTa. A comparison of the number of small MC particles relative to the larger number of 
large M23Cg precipitates is evident in the photomicrographs of Figure 6 for 90-2WVTa 

Irradiation affected the microstructure in several ways, depending on the steel. Figures 2(h), 3(h), 
4(b), 5@), and 6(b) show photomicrographs of the irradiated structure for comparison with the 
unirradiated microstructure Figs. 2(a), 3(a), 4(a), 5(a), and Ha)]. 

The simplest changes caused by irradiation occurred in the tungsten-containing steels. Lath size 
grew from about 0.3 to 0.4 pn in the 9Cr-2WV and from 0.3 to 0.45 pn in the 9Cr-2WVTa. 
Irradiation had only a minor effect on the M23Cg and MC in these two steels. The number density 
Of ~ 2 3 C 6  particles in the 9 ~ r - 2 ~ ~  was estimated at -2.9 x 1013/cm3 (average diameter 0.16 pn) 
and that in the 9Cr-2WVTa at -3.9 x 1013/cm3 (0.15 p). The MC particles grew slightly and 
the number density decreased slightly during irradiation to about 1 x 1012/cm3 (60 nm) for the 
9Cr-2WV and 5.6 x lOI2/cm3 (36 nm) for the 9Cr-2WVTa. 
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Fig. 2. Electron micrograph of 9Cr-ZWV (a) in the nomubzd-and-tempercd condition and (b) after 
irradiation at 420°C to -36 d p .  

Fig. 3. Electron micrograph of 9Cr-2WVTa (a) in the normalized-and-tempered condition and 
(b) after irradiation at 420°C to -36 dpa. - 
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Fig. 4. Electron micrograph of 9Cr-lMoVNb (a) in the normalized-and-temP+3& condition and 
(b) after irradiation at 420°C to -36 dpa. 

Fig. 5. Electron micrograph of 12Cr-1MoVW (a) in the normalized-and-tempered condition and 
@) after irradiation at 4 2 0 T  to -36 dpa. 
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Fig. 6. High-magnification electron micrographs of 9Cr-2WVTa that indicates the relative 
abundance of MzCg (large panicles) and MC precipilates (a) as normalized and tempered 
and (b) after irradiation at 420°C to -36 dpa Arrows indicate examples of the small MC 
particles and the smaller number density of these panicles relative to the larger M23C6. 

Fig. 7. Electron micrographs of dislocation loops observed in (a) 9Cr-2WV and (b) 9Cr-2WVTa 
irradiated to -36 dpa at 420'C. 
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Fig. 7 shows the dislocation loops in 9Cr-2WV and 9Cr-ZWVTa that formed during irradiation. 
Average loop size was estimated 10 be 40-1M) nm at a density of -3 x 1015/cm3 for both steels. 
The only other observation was void formation: 25 nm voids formed at densities of 0.5 x 
1013/cm3 and 3 x 10'3/cm3 in the 9Cr-2WV and 9Cr-ZWVTa. respectively [91. 

No noticeable change in lath size occurred in the two molybdenumcontaining steels: the lath size 
of the 9Cr-1MoVNb remained at 0.45 pn and the 120-IMoVW remained at 0.5 m. For the 
9Cr-lMoVNb. the number density of MC particles was relatively unchanged at -7.3 x 1013/cm3, 
but the size increased from 4 0  to 50-100 nm. Essentially no MC was found in the 120-1MoVW. 
similar to the uninadiated condition. 

The major difference between the Cr-Mo and Cr-W steels was the irradiation-induced precipitates 
that formed in 9Cr-1MoVNb and 12Cr-IMoVW, but not in 9Cr-2WV and 9Cr-2WVTa. Two new 
phases precipitated in the 12Cr-1MoVW. a high number density (1.5 x 10"%m3) of 4-8 nm 
particles formed within the laths and were tentatively identified as chromium-rich a' (Fig. 8). and 
particles -15 nm in diameter at a number density of -6 x 1014/cm3 formed mainly on lath 
boundaries and were identified as chi-phase [9]. For the 9Cr-lMoVNb. only the chi-phase was 
observed, and it formed primarily in the matrix. These chi-phase particles were 10-15 nm in 
diameter at a number density of =9 x lO14/cm3 (Fig. 9). 

Fig. 8. Electron micrograph of the fine 
precipitates observed in the irradiated 12Cr- 
lMoVW that were tentatively identified as 
a'. 9Cr-1MoVNb. 

Fig. 9. Electron micrograph showing the 
voids, chi-phase precipitates, and low 
dislocation density (no loops) in irradiated 

An estimated 5 x 10"'/cm3 (=lOOnm diameter) dislocation loops were observed in 1'20-1MoVW. 
which is almost an order of magnitude less than in the tungsten-containing steels. The loop density 
in 9Cr-1MoVNb steel was negligible, with only a few dislocation lines present (Fig. 9). On the 
other hand, the lZCr-1MoVW steel contained very few voids (-5 x 1012/m3) compared to the 9Cr- 
lMoVNb (4 x 1014/cm3) [9]. Examples of the voids in 9Cr-1MoVNb are visible in Fig 9. 
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Although most of the mechanical property test specimens were irradiated at 365°C and the TEM 
disks were irradiated at 4204C, similar irradiation-produced microstructural changes are expected at 
the two temperatures [121. Furthermore, as indicated by a comparison of the Charpy properties for 
the 9Cr-1MoVNb and 120-1MoVW steels irradiated at 365 and 420°C (Table 4), the relative 
Charpy behavior is similar at the two temperatures. Tensile specimens of 9Cr-1MoVNb and 12Cr- 
lMoVW irradiated at 420°C [lo] also show relative hardening changes similar to those observed 
after irradiation at 365°C. At the 365T  irradiation temperature, the precipitate particles, dislocation 
loops, and voids will be finer and form at a higher number density [121, leading to the higher 
hardening and larger changes in Charpy properties observed at the lower temperature. Thus, because 
similar irradiation processes are expected at 365 and 420"C, the comparison between microstructure 
and properties made in this paper should be valid. 

A comparison between the mechanical properties and microstructure of 12Cr-1MoVW and the three 
9Cr steels will be made fxst followed by an examination of the differences among the 9CI steels. 
In the unirradiated condition, there was little difference in the yield stresses of the four steels 
(Fig. 1). However, there were differences in the Charpy behavior: the DBTT of the 120-IMoVW 
was considerably higher and the USE considerably lower than for the three 9Cr steels. 

The difference in the unirradiated Charpy properties of the 9Cr-lMoVNb and 120-1MoVW steels 
was previously attributed to the difference in carbon concentration (0.1% in the 9Cr-1MoVNb and 
0.2% in the 120-IMoVW) [lo]. Twice as much carbon resulted in twice as much carbide in the 
12Cr-IMoVW when the steels were tempered [91, in agreement with previous observations when 
9Cr-1MoVNb and 12Cr-1MoVW were compared [131. The larger amount of carbide can enhance 
crack formation in 12Cr-lMoVW. thus leading to the inferior fracture behavior [lo]. The same 
argument applies to the 120-1MoVW relative to the 9Cr-2WV and 9Cr-2WVTa, since both 
contain 0.1% C and half as much carbide as the 120-IMoVW [9]. 

Inadiation had a much larger effect on the tensile and impact behavior of the 12Cr-IMoVW than on 
the three 9Cr steels. To examine this difference, consider again the difference between the 9Cr- 
lMoVNb and 12Cr-1MoVW steels. Relative changes in the tensile and impact properties of these 
two steels afm irradiation were similar at both 365 and 4 2 0 T  (the temperature at which the TEM 
disks were irradiated) [lo]. Both steels contained similar amounts of chi-phase after irradiation. The 
primary irradiation-produced microstructural differences were the high number density of a' 
precipitates and the presence dislocation loops in 12Cr-IMoVW that were not present in 9Cr- 
1MoVNb. The hardening caused by these two constituents in the 12Cr-1MoVW could produce the 
larger increase in yield s u e s  in the 12Cr-IMoVW. which could then produce the larger ADBTT for 
12Cr-1MoVW over that of the 9Cr-1MoVNb. Similarly, the a' and chi-phase can account for the 
difference in the irradiated properties of the 12Cr-1MoVW and the 90-2WV and 9Cr-2WVTa steels, 
All three of these steels contain dislocation loops, with the density greater in the 9Cr-2WV and 
9cr-2wvTa 

To understand the differences among the three 9Cr steels, consider fust the differences between the 
9Cr-2WV and 9Cr-2WVTa, which in the unirradiated condition had similar yield stresses but 
different Charpy properties. Irradiation caused comparable hardening, but a smaller ADBTT and a 
smaller decrease in the USE for the 9Cr-2WVTa than the 9Cr-2WV. Since the only differences 
between the two steels is the tantalum in the 9Cr-2WVTa, this difference must cause the difference 
in Charpy behavior before irradiation. Tantalum refines the austenite grain size [7], which can 
affect the DBTT. The only other difference in the two steels to account for the difference in Charpy 
properties is the tantalum in solid solution. (The tantalum-containing steel had about twice as 
much MC, but the small amounts of MC did not appear to affect the strength before irradiation. and 
the MC would not be expected to lower the DB'IT). Based on the amount of tantalum-rich MC 
carbides present, it was calculated that well over 50% of the tantalum remained in solid solution. 
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The ADBTT of the 9Cr-2WVTa (4°C) after =7 dpa at 365°C was much smaller than the shifts for 
9Cr-2WV (WC)  and 9Cr-lMoVNb (45"C), given that the difference in Aay was minimal (Table 4). 
This means that the ADB'IT for the Wr-2WVTa was not as affected by hardening as the other two 
9Cr steels, because a much larger ADBlT would be expected if it was due to the change in yield 
stress alone. 

Figures 10 and 11 offer a possible explanation for this behavior. A schematic diagram of flow 
curves as a function of temperature are shown in Fig. 10 for two steels before and after irradiation. 
Fracture stress, assumed to be the same for both steels, is also shown, and the DB'IT is taken as the 
intersection of the fracture stress curve with the flow stress curve. In the unirradiated condition. Fig. 
10 shows two steels with flow stresses (yield stresses) that approach each other at elevated 
temperatures (the irradiation temperature), but diverge at low temperatures. thus giving Steel 1 a 
lower DB'IT (Ti0) than Steel 2 (TzO). The curves after irradiation are drawn for a yield stress 
change that is the Same for both steels, bay1 = Aay2. Also shown is the ADB'IT for the two 
steels, and although the same change in yield stres occurred for both steels. Steel 1, with the 
lowest DB'IT before irradiation, had a smaller ADBTT than Steel 2. This follows from the shape of 
the flow curves. 

Fig. 10. Schematic diagram that 
illustrates how two steels with the 
same fracture stress and a similar 
yield stress at an elevated 
temperature (the irradiation 
temperature) can show the same 
increase in yield stress due to 
irradiation and still have different 
shifts in DBTT due to the 
irradiation. 

v1 v) 

E 
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FLOW STRESS 

STEEL1 --- 
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c . A D B T I I -  

t ADBTl2 

Fig. 11. Schematic diagram that 
illustrates how two steels with the 
same yield stress-temperature 
relationship and show the same 
increase in yield stress due to 
irradiation but have different 
fracture stresses can have different 
shifts in DB'IT due to the 
irradiation. 
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Alternatively, if the flow curves for the two steels were the same, but the fracture stresses were 
different, the same conclusion follows (Fig. 11). In this case, the steel with the highest fracture 
stress develops the smallest ADBlT,  which in Fig. 11 is again Steel 1. 

A comparison of the yield stress behavior from roam temperature to 600°C for 9Cr-2WV and 
9Cr-2WVTa gives no indication that the flow stress of the two steels would be substantially 
different at low temperatures. or that the flow stress of the 9Cr-2WVTa would he less than that of 
the 9Cr-2WV (the opposite is indicated by the low-temperature data [4]). Therefore, it appears that 
the effect depicted in Fig. 11 offers the most likely explanation for the superior DB'IT of the 
9Cr-2WVTa prior to irradiation and the smaller ADEIT after irradiation. Ibis, despite the two 
steels having similar yield stresses before and after irradiation. Data on the effect of tantalum on 
fracture stress are required to verify this possibility. 

Before irradiation, the yield stresses of 9Cr-1MoVNb, 9Cr-2WV, and 9Cr-2WVTa were similar. 
The Charpy properties of 9Cr-1MoVNb and 9Cr-2WV were similar before and after irradiation. 
mdiation hardening in the 9Cr-1MoVNb was attributed to chi-phase (an Fe-Mo intermetallic 
compound), while hardening in the 9Cr-2WV and 9Cr-2WVTa was due to the dislocation loops. 
These must have produced equivalent increases in yield stress. From the microstructural 
observations, no obvious reason for the difference in the Charpy behavior of 9Cr-1MoVNb and 
9Cr-2WVTa could he detected. Therefore, the difference must involve the one s l e d  containing 
molybdenum and niobium and the other tungsten and tantalum. This difference in chemical 
composition also manifests itself by the bigher tempering temperature (760OC) required for the 
9Cr-1MoVNb to obtain a satisfactory strength-toughness balance compared to that of the steels 
confaining tungsten (750'C). 

Although the above discussion involved considerable speculation, some interesting inferences 
follow from the observations. First the major difference in irradiation hardening between the 
120-IMoVW and the 9Cr steels involves the formation of a' in 12Cr-1MoVW. The a' is a high- 
chromium phase that does not form in the 9Cr steels. A similar Observation on a' in l2Cr steels 
was made by Dubuisson et al. [141. Thus, even if the carbon concentration of a 12Cr steel was 
lowered to improve the unhadiated Charpy behavior, post-irradiation properties would probably 
remain worse in the 12Cr steel. 

A second observation involves the difference between molybdenum and tungsten in the 9Cr steels. 
Molybdenum-rich chi-phase formed in irradiated 9Cr-IMoVNb. whereas no new phases formed in 
9Cr-2WV and 9Cr-2WVTa. This new phase and the lack of significant dislocation-loop formation 
in 9Cr-lMoVNh constituted the major difference in the steel with molybdenum and those with 
tungsten. "be absence of significant loop formation in the 9Cr-IMoVNb may mean that the faster- 
diffusing molybdenum allowed loops to grow rapidly and anneal out, but the loops remained in the 
9Cr-2WV and 9Cr-2WVTa because of the slower-diffusing tungsten. The diffusion coefficient of 
molybdenum in ferritic steels is =1000 times greater than that of tungsten at 400°C under 
nonirradiation conditions (irradiation will enhance diffusion) [15]. A somewhat similar observation 
applies to a comparison of the loops in the 12Cr-1MoVW and the two tungsten-containing steels. 
There were about an order of magnitude less loops in the 12Cr-1MoVW and they were larger than 
those in the two tungsten-containing steels. The difference in loop concentrations between the 
120-IMoVW and the 9Cr-1MoVNb may have been that loop evolution in the 120-IMoVW had 
to compete with a' formation, and this could delay loop growth in this molybdenum-containing 
steel. Chi-pbase is not postulated to play a role, since it is also present in the 9Cr-lMoVNb steel, 
where no Imps were observed. 

In the final analysis, the excellent resistance to irradiation-produced changes in impact behavior of 
9Cr-2WVTa compared to the other two 9Cr steels is caused by quite minor differences in 
microsmcture. The better impact properties of the 9Cr-2WVTa are caused by a slighlly different 
fracture stress-temperature relationship or flow stress-temperature relationship for this steel before 
irradiation, which must somehow be caused by the small tantalum addition. 
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SUMMARY AND CONCLUSIONS 

The microstructures of 9Cr-2WV. 9Cr-2WVTa, 9Cr-lMoVNb, and 12Cr-1MoVW in the 
n o d i - a n d - t e m p e r e d  and irradiated conditions were correlated with changes in tensile and Charpy 
impact behavior caused by neutron Wiation.  Irradiation caused an increase in strength, an increase 
in DB'IT, and a decrease in USE. TEM specimens were examined after irradiation in Ibe FFfF to 
=36 dpa at 420°C. Irradiation of mechanical property specimens was in FFTF to -14 dpa at 365°C. 
A major objective was to determine the source of the excellent post-irradiation properties of the 
9cr-2wvTa. 

The following summarizes the observations and conclusions: 

1. Before irradiation, the microstructures of the four steels were tempered martensite containing 
M23C6 and MC precipitates. The steels bad similar yield stresses, but the Charpy properties 
of the 120-IMoVW steel were inferior to those for the 9Cr steels, because of the higher 
carbon concentration of the 12Cr-IMoVW. The 9Cr-2WVTa steel had a lower DB'IT and 
higher USE than the other two 9Cr steels. No microsnuctural explanation is available for why 
tantalum affected the steel in this way. 

During irradiation of the 12Cr-1MoVW steel. small dislocation loops formed. along with 
precipitates identiried as a' and chi-phase. These irradiation-induced precipitates and dislocation 
loops caused the 120-1MoVW steel to develop the largest increase in yield stress and the 
largest change in impact properties of the four steels. 

3. The only irradiation-induced microstructural change in the 9Cr-1MoVNb steel was the 
formation chi-phase. Therefore, mechanical properties changes for the 9Cr-1MoVNb were 
significantly less than for the I2Cr-IMoVW. 

4. Irradiation caused no new precipitate phases to form in the 9Cr-2WV and 9Cr-2WVTa steels, 
although a relatively high density of dislocation loops formed. A similar density of loops in 
the two steels caused comparable hardening, as measured by yield stress. However. the 
9Cr-2WV developed a larger change in Charpy impact properties than the 9Cr-2WVTa No 
microstructural changes were detected to quantitatively account for h i s  difference. The change 
in yield stress and impact properties of the irradiated 9Cr-2WV were similar to those for 
irradiated 90-1MoVNh. 

5 .  In the absence of microstructural differences to account for the superior impact properties of 
9Cr-2WVTa over 9Cr-2WV and 9Cr-lMoVNb, the differences were attributed to a different 
fracture stress-temperature relationship or flow stress-temperature relationship for the 
9Cr-2WVTa and the other two 9Cr steels. 

2. 
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CONSEQUENCES OF NO POSTWELD HEAT TREATMENT ON T H E  FRACTURE 
TOUGHKESS O F  LOW ACTIVATION MARTENSITIC STEELS - Huaxin Li (Associated Western 
Universities, Northwest Division), D. S. Gelles and R. H. Jones (Pacific Northwest Laboratory)’ 

OBJECTIVE 

The objective of this work is to provide guidance on the design of components using martensitic 
steels. 

SUMMARY 

Fracture toughness has been measured for two conditions of low activation martensitic steel F-82H, 
the first, a fully tempered condition and the second, completely untempered. In the fully tempered 
condition, F-82H has a J,, toughness of 284 kJ/m’ (K,< = 263.8 MPadm), but in the untempered 
condition, the J,, toughness is 18.4 kJ/m’ (K,c = 64 MPadm ). The consequences of not tempering 
a r e  discussed in light of these measurements. 

PROGRESS AND STATUS 

Introduction 

Designers using martensitic steels are  often tempted to avoid tempering welds to simplify 
fabrication. Tempering requires complex postweld heat treatments. Metallurgists usually 
recommend that  welds be tempered to reduce embrittlement. Untempered martensitic steels are  
known to be extremely brittle. However, the issue has not been quantified in terms of usable design 
parameters. 

The  present effort is based on efforts to determine fracture toughness in the low activation ferritic 
alloy F-82H as  a function of loading mode.’ That work showed that F-82H has very high toughness, 
as high as  500 kJ/m’ for mode I J-integral toughness (JlC) and a tearing modulus of (360 
kJ/m’)/mm. However, it is difficult using the J-integral approach to measure fracture toughness 
in very brittle materials. Instead, a stress intensity factor (K,c) approach must be used, and fatigue 
precracking is preferred. Therefore, it was necessary to alter procedures to provide specimens with 
sharp  cracks, and for the tempered condition, a thicker specimen geometry was employed in 
comparison with previous work to ensure a plane strain condition and therefore valid data. 

Experimental Procedure 

The F-82H plate used in this study, as well as in previous fracture toughness studies,’ was supplied 
by Nippon Kokan Steel Company (NKK) of Japan. The chemical composition of the plate (as 
provided by NKK in wt%) is: 7.71Cr-2.1 W-0.18V-0.04Ta-0.096C-0.003P-0.003S. Specimens used 
in this study were machined in a T-L orientation as specified in American Society for Testing and 
Materials (ASTM) standard E399-90. The fully heat treated condition used 1000°C/20 hiair cooling 

“Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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(AC), 1100"C/7 min/AC, and 7OO0C/Z h/AC in order to provide homogenization, normalization and 
tempering. The untempered condition added a further treatment of 1 lOO"C17 min/AC. 

Specimen geometries a re  shown in Figure 1, with the fully tempered specimen shown i n  Figure l a  
at a thickness of 14 mm and the untempered condition specimen shown in Figure I h  at a thickness 
of 15 mm. Side grooves were included in the J specimen hut not shown in Figure l a  with a 
resultant thickness reduction of 10% on each side, for a total of 20%. Fatigue precracking followed 
heat treatment and produced cracks of approximately 1.5 mm. For the fully tempered condition, 
J,, was determined using the single specimen technique following ASTM procedure E813-89. and 
K,, testing for the untempered condition followed ASTM procedure E399-90. 

Dimension: mm 
Dimension: mm 

21.0 +y+ 
Figure 1. Specimen geometries for fracture toughness testing, a) J,, in fully tempered F-82H 
with a thickness of 14 mm and h) K,, in nntempered F-82H with a thickness of 15 mm. Side 
grooves for the J,, specimen geometry a re  not shown. 

Results 

The results of fracture toughness testing are  provided in Table 1, which contains values for J,, 
and K,, for each condition with conversion based on the expression: 

where J,, is the critical J integral expression for fracture toughness, K,, is the critical stress intensity 
factor and v is Poisson's ratio. The tearing modulus for the fully tempered condition was (270 
kJ/m2)/mm. Table 1 also provides hardness values for comparison. 
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Specimen 
Condition 

Fully tempered* 

Untempered' 

Table 1. Fracture Toughness Measurements on F-82H as a Function of Heat Treatment Condition. 

K,' J K  Hardness 

(MPadm) (KJ/m*) 

(263.8) 284 R, = 83 

64.3 (18.4) R, = 35 

HEAT TREATMENTS (with AC = air  cooled, R T  = rnom temperature) 
A = 100OoC/20 hrlAC to RT + 1100/7 minlAC to RT + 700/2 hr/AC 
B = A + I lOO"Ci7 miniAC to R T  
( ) indicates conversion to value given was made using equation (1) 

From Table 1, i t  is apparent that J,, is reduced by as much as an order of magnitude when 
comparing the untempered with the fully tempered condition. However, it may be noted that the 
level of fracture toughness measured for the untempered condition is comparable to values obtained 
for lower shelf response of fully tempered material (details to be provided in the next semiannual 
report). 

Discussion 

The fracture toughness value obtained for fully heat treated F-82H in the present work is lower than 
the value that  was previously obtained.' The two experiments had two differences in specimen 
condition: thickness and notch acuity. The specimen thickness was increased from 7.6 to 14 mm 
in the current study, and the notch was changed from an electric discharge machining (EDM) notch 
of radius 0.051 mm to a fatigue precracked notch that  is much sharper. I t  is appropriate to identify 
which factor may have been responsible for the reduction in toughness values. Because F-82H was 
found to be much tougher than expected, the data given in reference 1 for the 0 degree crack angle 
did not satisfy the thickness requirements for standard J,, determination, necessitating the use of 
a thicker specimen in the current work. 

The  earlier tests gave a J,, value of 430 kJ/m2 and a tearing modulus of (360 kJlm']/mm using a 
7.6 mm thick specimen.' This is a factor of two higher than the toughness obtained in the present 
test. However, subsequent testing of a 14 mm thick J,, specimen with only an EDM notch gave 395 
kJ/m' for J,, and (348 kJim'Jlmm for the tearing modulus. Therefore, the reduction in toughness 
is a result of the change in notch acuity. Also, although earlier tests did not satisfy ASTM 
standards, the earlier data provide a reasonable estimate for fracture toughness in F-82H. 

The finding that  notch acuity affects the determination of J,r emphasizes that  specimens should be 
precracked whenever possible to provide the most conservative estimate of toughness. This is 
similar to recent results showing that ductile to brittle transition temperature (DBTT) based on 
absorbed energy in Charpy specimens is a function of the ratio of notch depth to notch root radius 
that  is independent of specimen size.' 
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The  results of this work can be used to estimate the consequences of not tempering F-82H welds in 
a different way. The critical crack length a, for failure in a component is related to K,, by the 
expression: 

where a is the stress applied to the Component. Since the fracture toughness, K,,, is reduced by a 
factor of 4 when welds a re  untempered, the critical crack length is reduced by a factor of 16. 
Therefore, flaw discrimination procedures must be improved by a factor of 16 to maintain safety 
margins in welded components if the components a re  untempered. However, it may be noted that, 
after a welded component has been put into service, diffusion is sufficient to relax internal stresses 
and promote carbide precipitation, and the fracture toughness of the weldments can be expected 
to improve dramatically. 

CONCLUSIONS 

The  fracture toughness (K,J of an untempered weld of F-82H is 64 MPadm (JrC = 18.4 kJ/m’) 
corresponding to a reduction in toughness of a factor of 4 in comparison with the  fully heat treated 
condition. This equates to a requirement for improvement in flaw discrimination by a factor of 16 
if no postweld heat treatment is used. 

FUTURE WORK 

F-82H fracture toughness results for low temperature tests will be provided in the next semiannual 
report. 
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MICROSTRUCTURAL EXAMINATION OF COMMERCIAL FERRITIC ALLOYS AT 200 DPA - 
D. S. Gelles, (Pacific Northwest Laboratory)” 

OBJECTIVE 

The  objective of this work is to determine lifetime limits for ferriticiMartensitic alloys. 

SUMMARY 

Microstructures and density change measurements a re  reported for Martensitic commercial steels 
HT-9 and Modified 9Cr-1Mo (T9) and oxide dispersion strengthened ferritic alloys MA956 and 
MA957 following irradiation in the FFTF/MOTA at  420°C to 200 DPA. Swelling as determined by 
density change remains below 2% for all conditions. Microstructures a re  found to be stable except 
in recrystallized grains of MA957, which are  fabrication artifacts, with only minor swelling i n  the 
Martensitic steels and a‘ precipitation in alloys with 12% or more chromium. These results further 
demonstrate the high swelling resistance and microstructural stability of the ferritic alloy class. 

PROGRESS AND STATUS 

Introduction 

Reduced activation ferritic alloys appear to be promising first wall and structural materials far 
commercial fusion reactors. This expectation is based in part on limited experiments using reduced 
activation alloys, hut also on a large number of experiments using commercial ferriticlMartensitic 
alloys. The present effort investigates the high dose limit of the commercial steels by examining the 
effect of irradiation in a fast reactor at the peak swelling temperature to a very high dose, not likely 
to be exceeded for many years. 

The  materials being examined include two classes, Martensitic stainless steels in the 9 to 12% C r  
range and oxide dispersion strengthened (ODS) alloys made by the mechanical alloying process. The 
Martensitic steels a re  HT-9 and Modified 9Cr-1Mo (now designated as T9), and the ODS alloys are  
MA956 and MA957. The original candidate ferritic alloy for fusion structural materials applications 
was HT-9, an  Fe-1ZCr-1Mo-0.2C-WV steel. Due to better irradiation embrittlement expectations, 
T9, an  Fe-9Cr-IMo-O.IC-VNb steel, was considered an  alternative to HT-9. Mechanical alloying, 
a process using high energy hall milling procedures, is expected to provide a ferritic alloy option 
with applications to significantly higher temperatures,’.’ albeit with worst ductile to brittle transition 
temperature response. The first ferritic alloy to he manufactured commercially using mechanical 
alloying was MA956, an  Fe-20Cr-4AI-0.5Ti-0.5Y,O,. A similar alloy with lower chromium, MA957, 
was invented for radiation damage resistance.’ It  may be noted that results of microstructural 
examination have been reported previously for identical specimens of HT-9 to the lower dose of 1 10 
dpa,’ and the density measurements for HT-9 and T9 a t  200 dpa have already been reported? The 
International Nickel Company kindly provided the two experimental batches of MA957 for 
irradiation before commercial production was available. 

‘Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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The present experiment is based on specimens included in early Fast Flux Test FacilitylMaterials 
Open Test Assembly (FFTFlMOTA) irradiation tests. The tests were continued until the shutdown 
of the reactor. Specimens were in weeper positions operating a t  temperatures on the order of 
420”C, the temperature range found to result in peak swelling for the ferritic alloy class. As a 
result, examination of these specimens allows the opportunity to evaluate the ferritic alloy class a t  
extremely high dose, in order to assess life limiting conditions for Martensitic and ODS steels. 

Experimental Procedure 

The alloy compositions and heat treatments are provided in Table I .  As indicated in the 
identification (ID) codes, specimens of HT-9 and T9 were included in transmission electron 
microscopy (TEM) packet FL whereas specimens of MA956 and MA957 were in TEM packet H4. 
TEM packets FL and H4 were located in in-core weeper positions of the FFTFlMOTA from the 
beginning of cycle 4 and throughout the operation of FFTF. The irradiation history for packet FL 
was as follows: 

MOTA IB  basket IE-4 to 2.21x1O2’ nlcm’ (all tluences are  given as E > 0.1 MeV) a t  an 

MOTA 1C basket 2C-4 to 7 .25~10’~ nlcm’ a t  425°C. 
MOTA 1D basket 2C-2 to 5 .46~10’~  nlcm’ at  406°C. 
MOTA IE basket ZC-2 to 9.59~10” nlcm’ a t  403°C. 
MOTA I F  basket ZC-1 to 9.58~10” nlcm’ a t  406°C. 
MOTA IG basket 3A-1 to 7.96~10” n/cm* at 431°C. 
MOTA 2 8  basket 3A-4 to 6.38~10” nlcm’ a t  433°C. 

average temperature of 407°C. 

Table 1. Compositions of commercial ferriticlMartensitic alloys 

* HEAT TREATMENTS with AC = air  cooled, RT = room temperature 
A = 1O4O0Cll br/AC to RT + 760/1 hr/AC 
B = 1OOO”ClZO hr/AC to RT + 110015 minlAC to RT + 700/2 hr/AC 
C = 1050l5 minlAC to RT + 760l0.5 hr/AC 
D = 133OOCll hr/AC 
E = 11OO”Cll hr/AC 
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Therefore, during that period, the specimens in packet FL  received a fluence of 4.84~10” nicm’ a t  
an average temperature of 416 i 13T, hereafter reported as 420°C. The irradiation history for 
packet H4 was as follows: 

MOTA I B  basket 2F-5 to 2 . 9 8 ~ 1 0 ’ ~  n/cm2 a t  an average temperature of 431°C. 
MOTA IC  basket 2F-5 to 6 . 9 8 ~ 1 0 ~ ’  nicm’ a t  420°C. 
MOTA ID basket 2F-5 to 5.05x10” nicm’ a t  404°C. 
MOTA I E  basket 2F-2 to 9.67~10” n/cm’ a t  414OC. 
MOTA IF basket 2F-2 to 9 .60~10~’  ulcm’ at 405°C. 
MOTA IG basket 2E-3 to 7.18~10” nicm’ a t  417OC. 
MOTA 2 6  basket 3A-5 to 6.35~10” nlcm‘ at 433°C. 

Therefore, during that  period, the specimens in packet H4 received a fluence of 4.78~10” nicm’ a t  
an  average temperature of 418 f I I T ,  hereafter reported as 420°C. The dose achieved, calculated 
from reference6 which is based on dosimetry measurements from MOTA lF, varies from 200 to 202 
dpa, depending on alloy composition. 

Microstructural examinations were performed on a J E O L  J E M  l2OOEX scanning T E M  operating 
a t  120 kV and outfitted with a Tracor Northern energy dispersive x-ray fluorescence (EDX) detector 
and TN5500 computer and with a Gatan Electron energy loss spectrometer. Determination of 
precipitate compositions from extraction replicas involved computer analysis of EDX spectra which 
included analysis for tungsten. 

Results 

Swelling 

Results of density change measurements for commercial alloy specimens irradiated a t  420°C to 200 
dpa a re  provided in Table 2. Table 2 contains dose estimates for each alloy based on conversions 
from reference! As shown from Table 2, swelling values are  in the range 0.09 to 1.76%. The 
highest swelling values are  for T9 and one of the heats of MA957. All others are  at about I %  or 
less. Therefore, commercial ferritic steels are  extremely resistant to radiation induced void swelling. 

Table 2. Swelling as measured by density change for commercial ferriticlMartensitie alloy 
specimens. 

However, significant variation can exist between different heats o r  different heat treatments of the 
same steel. Both in the case of MA957 where two different batches of materials a re  compared, and 
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HT-9 where the same steel in two different heat treatments is compared, swelling varies between 
less than 0.25% and over 1%. 

Microstructural examination 

Microstructural examinations revealed that following irradiation at 420°C to 200 dpa, all specimens 
contained cavities, typical of void swelling. However, large regions in each of the MA957 specimens 
contained negligible cavitation, and the cavitation present in those regions is expected to be a 
remnant of the mechanical alloying process. In contrast, there were regions in the MA957 
specimens where significant void swelling and dislocation evolution had developed. The T9 and HT- 
9 conditions developed void structures typical of martensitic steels. These void structures consisted 
of void arrays between lath boundaries and void free regions on, and adjacent to, the boundaries. 

Low magnification examples are provided in Figure 1. Figure 1 shows Martensite lath boundary 
structures in irradiated T9 and HT-9, and subgrain structures selected to show the most typical 
regions for irradiated MA956 and MA957. The example for T9 in Figure l a  is found to contain a 
fairly uniform array of voids within laths and a moderate density of blocky carbide precipitate 
decorating suhgrain boundaries. Figures l h  and l e  for HT-9 show structures with significantly 
more hlocky precipitation decorating boundaries and a lower density of sightly larger voids. It may 
also he noted that the foil shown in Figure l e  was attacked non-uniformly by the electropolishing 
electrolyte, indicating that some large scale compositional variation may develop at high dose. 
Figure Id provides an example of MA956 that shows a uniform structure, containing voids but with 
several very large precipitate particles and a typical wavy grain boundary. No evidence of suhgrain 
structure was found in this material. Figures l e  and I f  provide examples of the fine subgrain 
structure retained in MA957. Cavitation in these subgrains is very limited. However, precipitation 
can be noted throughout. The precipitation is expected to include both yttria and a', a body 
centered cubic phase rich in chromium. Many examples can he found where subgrain boundaries 
are denuded of precipitation. The denuded regions are typically about 15 nm wide. Also, it should 
be noted that Figure If has been selected to show a region at the lower right containing a well 
developed array of voids. Further discussion of these features will follow. 

Figure 2 provides examples (at higher magnification) of the microstructure found in T9 following 
irradiation at 420°C to 200 dpa. Figures 2a, 2b, and 2c provide different imaging conditions for 
the same region to define the dislocation structures. Figures 2a and 2b use g = 200 and 110 
respectively for an (001) foil orientation, and Figure Zc provides a view of the voids in absorption 
contrast. By comparing Figures Za and Zb, it can he shown that the dislocation structure is 
comprised of ac100> loops and a network o f ? < l l l >  dislocation segments. Figure 2d gives another 
example of g = 110 contrast for a foil near (hO1) with similar dislocation development. However, 
Figures 2e and 2f show a third region in g =  200 and Oli contrast for an (011) foil. In this case, the 
dislocation structure is predominantly of Burgers vector ?<111>. This difference may he a result 
of the nearby suhgrain boundaries, which provided dislocation sources. However, the void structure 
appears similar in all three areas, indicating that Burgers vector variations have only small effects 
on void evolution. 

Figure 3 provides examples at higher magnification of the microstructures found in irradiated HT-9 
following a 700°C temper. The microstructures are typical of HT-9 irradiated at 420"C, and show 
well developed precipitate arrays decorating suhgrain lath boundaries, non-uniform void arrays 
within laths and a fine precipitate on boundaries and within laths. An area is shown in dislocation, 
void and precipitate contrast, Figures 3a and 3h in = 200 and 011 contrast, Figure 3c in void 
contrast, and Figure 3d in = 'h[333) for a foil near 011. From these figures, it can be shown that 

2. 
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Figure 1. Microstructures at low magnification ofCommercial Ferritic Alloys Following Irradiation 
at 420°C to 200 dpa (a) T9, (b) HT-9 heat treated at 700"C, (e) HT-9 heat treated at 760% (d) 
MA956, (e)  MA957 heat T88793 and ( f )  MA957 heat T88794. 
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Figure 2. Dislocation and Void Microstructures for T9 irradiated at 420°C to 200 dpa showing an 
(001) foil orientation in a) 200 contrast, and b) l i 0  contrast, c) a second area in 110 Contrast and 
a third area in an (011) foil orientation io d) 200 contrast, e) Oli contrast and f) void contrast. 
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Figure 3. Microstructures of HT-9 tempered at 700°C and irradiated at 4 2 0 T  to 200 dpa showing 
an (011) foil orientation in a) 200 contrast, b) Oli contrast, c) void contrast and d) dark field 
precipitate contrast. 
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the dislocation structure is predominantly of type ;<111>, but with a low density of ac100> loops, 
and that voids vary in shape between cubes with {Oll) truncation and even truncation between 
cubes and dodecahedra. Figure 3d is intended to show the precipitation that is found in irradiated 
HT-9 and has previously been called G-phase by the author. The precipitate is 10 nm in diameter 
within laths, but somewhat larger on subgrain boundaries. Irradiation hardening found in HT-9 
can be attributed to this phase. However, comparison of Figures 3c and 3d reveals that not all 
precipitates are imaged in Figure 3d; the smaller ones do not appear. These smaller precipitates 
are expected to be a'. 

Figure 4 provides similar examples for irradiated HT-9 following a temper at 76OOC. Two areas 
are shown in dislocation and void contrast, Figures 4a and 4e in &? = 200 contrast, Figures 4h and 
4f in O l i  contrast, and Figures 4c and 4d in void contrast for foils near (001) and (011) orientations, 
respectively. From these figures, it can be shown that dislocation structures contain both a<100> 
loops and !<111> network segments, but where subgrain boundaries are present, the a<lOO> 
dislocation density is significantly reduced. Also, voids vary in shape, but are generally evenly 
truncated between cubes and dodecahedra. Evidence for the fine precipitate noted in Figure 3 can 
be found. 

Figure 5 provides an example of the microstructures found in MA956 following irradiation at 4 2 0 T  
to 200 dpa. The same region is imaged in = 200,0li, and absorption contrast (to show voids) for 
a foil near an (011) orientation. The dislocation images are difficult to interpret, but the presence 
of both a<100> loops and i < l l l >  network segments can be identified. The voids in Figure 5c are 
found to vary in shape, but the dominant configuration is cuboidal with (111) octahedral facets. 
Comparison with other void images in this report will confirm that the voids in MA956 are 
different, showing clear (111) facets. Figure 5c also reveals the presence of precipitation, typical of 
a', as expected for an alloy with 19% Cr. The complex dislocation imaging and variability in void 
shape are likely due to the a' formation. However, it is noteworthy that again, no evidence of 
subgrain structure can be identified. 

Figures 6 and 7 give examples of the microstructures found in the experimental batches of MA957 
following irradiation at 420°C to 200 dpa. Figure 6 shows three areas in batch T88793 with varying 
levels of void swelling. Figure 6a gives an example where no voids are present; only a mottled 
background due to precipitation can be seen. The precipitation is expected to include both a' and 
yttria (Y,03), and based on experience imaging the yttria in unirradiated MA957 where particle 
diameters are about 2 nm, the precipitation apparent in Figure 6s is expected to be a'. Figure 6b 
shows an area containing two subgrains that have developed voids on the order of 40 nm in 
diameter. One of the void arrays is linear, indicating that void nucleation was heterogeneous. 
Figures 6c and 6d show an area in an (011) orientation using 200 and 011 contrast, respectively. 
Comparing these images indicates that a few a<100> loops are present, but the dislocation structure 
is comprised mainly of ;<111> dislocation segments (and a' precipitates complicate the analysis). 
Voids are generally evenly truncated between cubic and dodahedral shapes. Figure 1 provides a 
similar comparison for a large grain near (011) orientation, with adjacent subgrains that contain 
no voids. Figures 7a and 7b show dislocation imaging in the large grain using = 200 and O l i ,  
respectively, and Figure 7c provides void contrast. From this sequence, similar observations can be 
made: the dislocation structure consists predominantly of I 4 1  1> dislocation segments, and voids 
are evenly truncated between cubic and dodecahedral geometries. 

A summary of microstructural observations is tabulated in Table 3. From Table 3, it can be shown 
that the swelling was measured as high as 5% in isolated regions, that the dislocation structure 
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Figure 4. Dislocation and Void Microstructures for HT-9 tempered at 760'C and irradiated at 
420°C to 200 dpa showing (011) foil orientations for two areas in a) and e) 200 contrast, b) and f) 
011 contrast and e) and d) void contrast, respectively. 
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Figure 5. Example of the Microstructures found in MA956 following irradiation at 420°C to 200 
dpa showing a region with foil orientation (011) in a) ZOO contrast, b) in Oli contrast, and e) in void 
contrast. 
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Figure 6. Precipitate, void and dislocation microstructures in MA957 heat T88793 following 
irradiation at 420°C to 200 dpa for a) a region containing no voids, b) a region containing a 
moderate void density and for a region in (011) orientation containing a well developed void array 
in e) 200 contrast and d) 011 contrast. 
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Figure 7. Microstructures in MA957 heat T88794 following irradiation at 420°C to 200 dpa for a 
grain containing voids in (011) orientation in a) 200 contrast, b) Oli contrast and c) void contrast. 
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MA9J7 206.0 3.5 35.4 8.6~10" truncated between original ODs I M C ~ ~ C  rctsined, s400> & ;<I) 1) 
loops and PI 1 I> network in ~cryrWlircd rcgmnr dodecahedra and cubes 

contains both !<111> and a<100> Burgers vectors, and voids are generally truncated between 
dodecahedra and cubes. The void truncation notation is intended to mean that the (100) and (110) 
facets are about equal in size. 

Discussion 

The results of this work are highly encouraging. Commercial ferriticlMartensitic alloys are 
demonstrated to have the high dose swelling resistance and microstructural stability that had been 
predicted.' Although precipitate identification is incomplete, the phases present seem to match those 
found at  lower dose. The Martensite lath structure is also retained. Swelling is found in both 
Martensitic stainless steels, but the levels of swelling are very modest, and the swelling is not 
expected to alter mechanical properties significantly. Blocky precipitation on prior austenite and 
subgrain boundaries is enhanced compared to the preirradiation condition, and some degradation 
of properties can be envisioned, such as Charpy impact. Also, in a fusion 

Table 3. Summary of microstructural observations. 

sc100> loops uld primarily 

environment, transmutation of iron to manganese will encourage further FeCrMn chi phase 
development. Therefore, intermetallic precipitation is expected to be the metallurgical process 
controlling properties and life limits a t  high dose. 

Results of radiation damage resistance of ODS ferritic alloys are  even more encouraging. Evidence 
was apparent in both MA956 and MA957 for a' precipitation, and in regions where recrystallization 
had occurred before irradiation in MA957, void development was extensive. But both these 
problems can be overcome by suitable alloy design. The ODS alloy microstructures, when properly 
manufactured to provide a uniform oxide dispersoid in a subgrain structure, appear to be 
completely radiation damage resistant to doses as high as 200 dpa. 

Other observations are worthy of further emphasis. Regions were found in both Martensitic alloys 
where comparable void development had occurred, but the dislocation structures were quite 
different. Apparently, void swelling is unaffected by whether the dislocation structure contains a 
significant a<100> component. Possible explanations for low swelling in ferritic alloys were based 
on the presence of two different Burgers vectors so that either a net bias was developed between the 
two components, or, as one of the components was sessile, point defect absorption would be limited. 
The present results indicate that either the Burgers vector distribution has little effect on swelling, 
o r  the magnitude of swelling is independent of differences in dislocation response in isolated regions. 
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Two instances were found where either heat-to-heat variations or heat treatment variations led to 
differences in density change. I t  i s  possible to provide an explanation for both situations. In the 
case of  MA957, swelling was generally restricted to large recrystallized regions. Therefore, it i s  
likely that the differences in density change in the two hatches of MA957 were a result of different 
volume fractions of recrystallized regions, with batch T88793 containing more recrystallization. No 
attempt has been made to verify this. However, the differences in HT-9 are due to heat treatment, 
such that the lower tempering temperature resulted in lower swelling. Lower tempering 
temperatures result in  finer distributions of carbide precipitation and less complete relaxation of 
the dislocation structures generated from the Martensite transformation. Both of these differences 
can he expected to delay the onset of swelling. Also, precipitation will be less complete at the lower 
tempering temperature so that during subsequent irradiation, further precipitation can occur that 
would create densification, offsetting the swelling due to void growth and producing a lower total 
density change measurement. The lower swelling found in HT-9 following the lower tempering 
temperature i s  likely a combination o f  these factors. 

CONCLUSIONS 

Alloys HT-9 in two heat treatment conditions, T9, MA956, and two experimental hatches of  MA957 
have been irradiated in the FFTF/MOTA at 420°C to 200 dpa and then measured for density 
change and examined by transmission electron microscopy. Al l  alloys are found to be highly 
radiation resistant. 

1. Swelling as measured by density change was less than 2%. 

2. Al l  specimens contained cavities, but in the ODS alloys, large regions were found with negligible 
cavitation, probably a remnant from mechanical alloying. Voids i n  the Martensitic steels were non- 
uniformly distributed within laths. Recrystallized regions, manufacturing defects in the MA957 
specimens, contained the greatest swelling. 

3. Dislocation evolution included both i < l l l >  and a<100> Burgers vectors, and similar swelling 
response was found in regions with different Burgers vector distributions. 

4. Voids were generally truncated between dodecahedra and cubes. Some variation in shape was 
found as a function of size. 

5. Variations in swelling were found from heat-to-heat variation in MA957 and from heat treatment 
variation in HT-9. 

6. Microstructural changes from irradiation to high dose are not expected to significantly change 
mechanical properties. The l i f e  limits are expected to arise due to embrittlement from phase 
separation (a') and intermetallic phase precipitation (chi and Laves) governed to some extent by the 
transmutation of iron to manganese. 

FUTURE WORK 

This work i s  a continuing effort. 
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EFFECT OF HYDROGEN ON THE FRACTURE TOUGHNESS OF A FERRlTICflMARTENSlTlC 
STAINLESS STEEL - Huaxin Li (Associated Western Universities--Northwest Division), R. H. Jones 
(Pacific Northwest Laboratories). J. P. Hirth (Washington State University--Pullman) and D. S. 
Gelles (Pacific Northwest Laboratories)' 

OBJECTIVE 

The purpose of this research is to investigate the effect of hydrogen on mixed-mode fracture 
toughness of a reduced activation ferriticlmartensitic stainless steel (F-82H). 

SUMMARY 

Effects of hydrogen (H) on the mixed-mode 1/111 critical J integrals (.IMc:) and tearing moduli (T,) 
were examined for a ferritidmartensitic stainless steel (F-82H) a t  ambient temperature. A 
determination of J,, was made using modified compact-tension specimens. Different ratios of 
tensionlshear stress were achieved by varying the principal axis of the crack plane between 0 and 
55 degrees from the load line. A specimen with 0 degree crack angle is the same as a standard 
mode 1 compact tension specimen. Specimens were heat-treated at lOOO~C/ZO h/air cooled (AC)- 
11OO~Cl7 minlAC-700"ClZ hlAC. The specimens were charged with H at a hydrogen gas pressure 
of 138 MPa a t  3 0 0 ~ C  for two weeks, which resulted in a H content of 6 ppm(wt), as measured with 
the "inert gas fusion" technique. J,, and T, values were determined with the single specimen 
technique. The 
preliminary results from J integral tests showed that introducing H decreased J,, and T ,  values 
as compared to those without H. However, the presence of H did not change the dependence of J,, 
and T ,  values on the crack angles. Both mode I J and T values (J,c and T,) exhibited the highest 
values. Both the minimum J,, and T, values occurred at a crack angle between 35 and 55 degrees, 
corresponding to the load ratio (aiii/q) of 0.7 to 1.4. 

Crack lengths were calculated by means of partial unloading compliances. 

PROGRESS AND STATUS 

Introduction 

Traditionally, mode I fracture has been used to study elastic-plastic fracture mechanics. However, 
in recent years, mixed-mode fracture has become a focus of many studies because many observed 
failures included shear components 11-91, Fracture characteristics have been found to differ from 
one another when subjected to mixed-mode Ill11 loading, depending on the microstructure, strength, 
and toughness level of materials. In low-toughness high-strength alloys, such as 0.29C-0.83Cu steel, 
and 1.25C bainitic steel 17-10], mode 111 contributions to mode I loading had little or no effect on 
the overall value of J,, the mode I component of the J integral for mixed-mode crack initiation, and 
tended to increase J,,, the total J integral for mixed-mode crack initiation. In tougher materials 
(such as a high-purity rotor steel (HPRS) 15,61, which failed primarily by a microvoid nucleation 
and growth mechanism) mode 111 contributions lowered the J,, values considerably from their 
mode I values. The J,, values passed through a minimum at  a position between mode I and mode 
111 on a plot of JMC vs crack inclination angle. More generally, materials can be divided into three 

'Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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c a  t c g o r i c s  
a c c o r d i n g  t o  
t h e i r  p r o c e s s  
z o n e  s i z e  
(p resen ted  by 
J,&) and the 
ratio of J,, (at 
crack angle of 45 
degrees) to J,,, as 
shown in Fig. 1 
[ I  I]. According 
to Ref. 11, the 
m a t e r i a l s  i n  
Region I a re  
b r i t t l e  a n d  
sensitive to mode 
I loading and, 
c o n s e q u e n t l y ,  
mode I fracture 
toughness is the 
lowest one as 
comparing with 
mixed-mode 1/111 

2 

f r a c t u r e 
t o  u g h n e s s , 
therefore, mode I 
f r a c t u r e 
toughness should 
he used for design; Those in Region I1 are  tough and sensitive to mixed-mode VI11 loading, mode 
I fracture roughness is the highest one, the minimum J,,, is recommended as a design criterion; 
For the materials in Region 111, mode I fracture toughness can be used for designing. O u r  results 
1121 on the fracture toughness of F-82H steel showed that the steel is a tough material and is 
classified in Region 11 in Fig. 1 io that the presence of mode 111 stress component lowers its fracture 
toughness significantly. Howcvcr, the minimum upper shelf fracture toughness is still higher than 
those for most tough materials. 

Structural  materials in fusion reactors will he exposed to hydrogen from the plasma and (n, 4) 

reactions. For a tough material, the introduction of hydrogen (H) was found to decrease the overall 
mixed-mode fracture toughness 16,131. Hence, an investigation of the combined effects of mixed 
mode loading and hydrogen on fracture toughness of F-82H steel is necessary to determine its 
suitability for fusion applications. 

Fig. I .  J,C/J,, versus J,,/o, for different materials; where J,, is the mixcd- 
mode l / I l I  J integral at a crack angle of 45 degrees; J,, is mode I J integral; 
oy is yield strength. The materials in Region I, I I  and 111 are  brittle, tough 
and ductile materials, respectively. 

Material and Experimental Methods 

1. Material and Hydrogen-Charging 

The F-82H plate used in this study was supplied by Nippon Kokan Steel Company (NKK) in Japan.  
The chemical composition of the plate (as provided by NKK) is (by wt%): 0.096C-7.71Cr-2.1W- 
0.18V-0.04Ta-0.003P-0.003S. Specimens used in this study were cut in the orientation of T-L as 
specified in ASTM E399-90 and were given a heat-treatment of IOOO"C/20 hiair cooling (AC), 
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1 100°C/7 minlAC, and 700°C/2 hlAC. The resulting microstructure was tempered martensite. The 
mean intercept grain size was 25 p m  (ASTM #7.5). The heat-treatment resulted in a yield strength 
(oJ of 648 MPa, ult imate tensile strength (aut.) of 735 MPa, elongation o f  16.7%, and reduction of 
area of 70%. 

H-charging was done at  Sandia National Laboratories, Livermore, CA. The specimens were charged 
w i th  H at  a hydrogen gas pressure o f  138 MPa at  300C for two weeks, which resulted in a H 
content of 6 ppm(wt). H contents were measured wi th  the "inert gas fusion" technique. A copper 
(Cu) coating was applied immediately after H-charging. The specimens wi th  Cu coating were stored 
a t  -60°C. Before performing J testing, a specimen was warmed u p  to 24 C. J testing took about 60 
minutes. H-loss dur ing J testing was negligible because o f  a low H diffusit ivity i n  
ferriticlmartensitic stainless steel a t  24°C 1141 and the added barr ier  of the Cu coating. 

2. Experimental Methods 

The details o f  the experimental methods were reported i n  Ref. 13. Only  the important portions o f  
experimental methods are summarized here. 

The geometry o f  modified compact-tension (MCT) specimens used for mixed-mode lilll testing i s  
schematically shown in Fig. 2. The magnitude of the mode 111 components can be varied by a 
change o f  crack slant angle @. A n  angle o f  0 degree represents mode 1 loading and the geometry 
of a 0-degree specimen becomes the standard compact-tension (CT) specimen as specified in A S T M  
standard E813-89. As Q increases, the contribution o f  mode I11 components increases. The crack- 
incl ination angles used i n  this study were 0, IS, 25, 35, 45, and 55 degrees. Side grooves o f  20"h 
reduction o f  total thickness were incorporated i n  a l l  specimens. These side grooves can increase the 
tr iaxial i ty a t  the edges o f  a growing crack and constrain the advancing crack i n  the original crack 
plane. The calculation o f  the J integrals in mixed-mode l l l l l  requires a measurement both o f  the 
vertical displacement (6,) and the horizontal displacement (8,) o f  the load points. A pa i r  o f  knife 
edges was secured to the front face o f  a specimen. A standard crack opening distance (COD) cl ip 
gage was positioned on the kni fe edges. The 
load-line 6,s were calculated from the front 
face 6"s wi th  the method proposed by Saxena 
and Hudak, Jr. 1161. We found that the 6, 
increased w i th  6, i n  a linear mode Il,3l. Hence 
6,s were calculated approximately f rom the 

Dimension: mm 

relation 6, =a x S,, where a = 6,,,, /6,,,,. 6.35 DIA. 
7 FyF A n  electric discharge machine (EDM) was used 

to make thin cuts wi th  a small radius (radius 
= 0.051 mm) and approximately 1.3 m m  long. 
The cuts were used as a substitute for a pre- 
fatigued-crack (PFC) because a PFC tends to 
grow out o f  the original crack plane in mixed- 

after final heat-treatment. The single-specimen 
technique was used i n  this study, which allows 
a J-R curve (J vs crack extension Aa) to be 
generated wi th  one specimen. Dur ing testing, 

Ill 

Ill 
mode specimens. The E D M  cuts were made Ill 

the specimen was frequently and partial ly Fig. 2. The geometry o f  a modified compact 
unloaded, and the pa r t i a l  unloading tension specimen. 
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compliances were used to calculate the corresponding crack lengths following the procedure 
described in E813-89 and Ref. 15. Values of J matching those crack lengths were also calculated 
by means of Eq. (1) in the next section. At least 20 pairs of 
J-Aa data were used to construct a J-R curve. 

Data Analysis 

The mode I integral J, and mixed mode lllll integral J, were calculated from the area under the 
load vs load-line-displacement curve by means of Eq. (1) 117): 

where 
B,,, = 0.8Blcos4, (the net crack front width excluding the 10% side grooves on each side) 

B = the overall specimen thickness 0 = t h e  crack-inclination angle 
b, = W - a, (the initial unbroken ligament) W = the specimen width 
a, = the initial physical crack length. 

T o  construct J-R CUNCS and determine critical J values (J,, and J,,), ASTM E813-89 was used. 
The slope of the blunting line for mixed mode 11111 was calculated using Eq. (2): 

where mi = (ay + a",,) and miii = (ay + au,,)12, which are  the blunting line slopes for pure mode I and 
mode 111, respectively. When @ equals 0 and 90, miiiii is equal to mi and miji, respectively. A best 
straight line was also constructed from the J-Aa data between the upper and lower exclusion lines, 
and the slope of the straight line was taken as the unnormalized tearing modulus (T, o r  T,) for each 
specimen. The critical mode 1 and mode 111 J components (Jic and Jiiic) in mixed-mode specimens 
could also be calculated in terms of the corresponding resolved loads and displacements. The 
calculations of the resolved mode I and mode 111 load and displacement and the determinations of 
Jj, and Jiiic have been reported in detail in Ref. 6, 7, and 15. 

Results 

I .  The  Critical J Values 

The preliminary results for the effect of H on J, ,  (the total critical mixed-mode J values) a re  shown 
in Fig. 3. In the limit of Q = 0 , J , ,  is equal to J,,, while for O< Q <90 degrees J,, represents the 
total critical J values under mixed-mode loading. Crack angles reported here are  0, 15, 45, and 55 
degrees. Each of the data points presented in Fig. 3 were obtained from a single specimen. The 
results from specimens without H are  also included for comparison. From Fig. 3, one can see that 
the introduction of H into F-82H steel decreased its overall fracture toughness considerably, 
independent of crack angle. However, the presence of H seemed not to change the trend of the J-@ 
curve. J,, is still the highest J value, and the minimum J,, occurs at  a crack angle between 35 to 
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Fig. 3. The dependence of critical total J integrals of F-82H on crack inclination angles and 
the effect of hydrogen on J integrals. 

55 degrees, where the ratio of otii/oi is between 0.7 and 1.4. The change of J,, with 0 is similar to 
that for the specimens without H, which follow a polynomial function of order 2. The effect of H 
on JMC of F-82H is similar to that for another tough steel, HPRS 16,131, where the addition of H also 
lowered the overall JMc. However, the minimum J,, for H charged F-82H steel is around 100 
kJ/m*, higher than the value of 64 kJ/m’ reported for the HPRS 16,131. 

2. The Tearing Modulus (T,) 

The introduction of H also reduced the resistance to crack growth, i.e. lowered the overall mixed- 
mode tearing moduli (T,) from relative tests performed without H. The unnormalized tearing 
moduli corresponded different crack angles are shown in Fig. 4. From Fig. 4, one can see once 
again that H does not change the dependence of T, on crack inclination angles. The variation of 
T, with Q, is also found to obey a polynomial function of order 2, similar to the curve of the steel 
without H (see Fig. 4). 

3. Fractography 

The crack fronts of all specimens remained in their initial orientation during J testing. Preliminary 
results from two fracture surfaces showed that internal H in F-82H steel did not induce 
intergranular o r  cleavage facets. While the two specimens exhibited a microvoid-coalescence type 
of fracture, qualitatively, it appears that the size of microvoids might be smaller than those without 
H. A more detailed and 
quantitative study on fracture surfaces is underway. 

Discussion 

Addition a of a mode 111 component to mode I loading has been found to increase, decrease, or have 
little o r  no effect on the J,,, depending on the toughness of the materials. For brittle materials, 

A smaller microvoid size usually corresponds to lower J,, and T,. 
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Fig. 4. The dependence of total tearing moduli on crack inclination angles and the effect of 
hydrogen of tearing moduli. 

such as glass 1181, 0.29C-0.83Cu steel and 1.25C bainitic steels [4,8-101, where fracture was 
controlled by tensile stress and the local crack-opening displacements, the addition of mode 111 
components had little o r  no effect on the J,, (mode I J component of J,,), but tended to increase 
Jwr For tough steels, such as HPRS, which failed primarily by microvoid coalescence, the presence 
of shear strain in the crack plane associated with mode 111 loading produced incompatibility stresses 
at the particle interfaces in the trajectory of the crack, causing decohesion o r  particle fracture (shear 
damage). This process led to enhanced void formation that limited the mode 1 plastic flow field and 
caused premature separation of voids by mode I stress. Accordingly, tough materials exhibited a 
lower fracture toughness for a mixed-mode crack than for mode I crack. For those materials with 
intermediate toughnesses, such as AIS1 1090 steel, the addition of a mode 111 component decreased 
J,, moderately, and had little effect on J,,,. 

As was discussed in Ref. 12, F-82H steel is a very tough steel and very sensitive to incompatibility 
stresses at  particle interfaces caused by the mode 111 component. Under mixed lode loading, J,,, 
decreased as the mode 111 load component increased, reaching a minimum at a crack angle between 
40 and 50 degrees. 

The issue remains of the mechanism for the degrading effect of H in steel of the type of F-82H 
where H degrades the properties but leaves the ductile fracture mechanism unchanged. A variety 
of studies of such steels in plain strain tension 117-281 have shown that  H promotes the onset of 
plastic instability in the form of shear localization. In  relatively pure, single phase materials, this 
may be the consequence of a lowered flow stress for dislocation glide 129-311 n r  a tendency for 
increased coplanarity of slip 1321. In  multiphase engineering materials, the effect instead is 
associated with localized damage in the form of enhanced void formation by particle decohesion and 
cracking 131-361 and of enhanced void growth and agglomeration 133-351. Voids also enhance shear 
localization 136-381. Thus, the H enhances void formation, which enhanced shear localization, which 
in turn enhances further void formation because of incompatibility effects. This autocatalytic 
phenomenon leads to failure a t  loner  strains in the presence of H. 
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Preliminary fractographic analysis indicates that H plays a similar role in reducing J,, in H- 
charged F-82H. The in-plane shear formed by mode I l l  loading causes damage in the Corm of void 
initiation. In the presence of H, the initiation of damage ensues a t  a lower strain. Even under mode 
I loading, the presence of J reduced the mode I stress level a t  which particle decohesion and void 
nucleation occurs. Hence, both J,, and T, Cor F-82H are  decreased at all crack angles. 

CONCLUSION 

The presence of H reduced both J,, and T, for F-82H, independent of crack slant angles. But H 
did not change the dependence of J,, and T, on crack angles. Both J,, and T, exhibited the highest 
values and the minimum J,, and T, were attained a t  a crack angle between 35 and 55 degrees, 
where the ratio of uLj& is between 0.7 and 1.4. The Jmi, remained high, about 100 kJ/m’. 

FUTURE WORK 

Further research is in progress to evaluate the remaining specimens charged with H, the effect of 
mixed-mode loading on the ductile-brittle-transition temperature, and effects of irradiation on J,;.. 
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FRACTURE TOUGHNESS OF IRRADIATED CANDIDATE MATERIALS FOR ITER FIRST 
WALLlBLANKET STRUCTURES - D. J .  Alexander, J. E. Pawel, M. L. Grossbeck, 
A. F. Rowcliffe (Oak Ridge National Laboratory), and K. Shiba (Japan Atomic Energy Research 
Institute) 

OBJECTIVE 

The purpose of this work is to determine the effect of irradiation at low temperature (less than 
300°C) and to damage levels of about 3 dpa on the mechanical properties, in particular the 
fracture toughness, of candidate materials for ITER first walliblanket structures. 

SUMMARY 

Candidate materials for first wallhlanket structures in ITER have been irradiated to damage 
levels of about 3 dpa at nominal irradiation temperatures of either 90 or 250°C. These specimens 
have been tested over a temperature range from 20 to 250°C. The results show that irradiation 
at these temperatures reduces the fracture toughness of austenitic stainless steels, but the 
toughness remains quite high. The toughness decreases as the test temperature increases. 
Irradiation at 250°C is more damaging than at 90°C, causing larger decreases in the fracture 
toughness. Ferritic steels are embrittled by the irradiation, and show their lowest toughness at 
room temperature. 

PROGRESS AND STATUS 

Introduction 

Work is under way at Oak Ridge National Laboratory (ORNL) to evaluate the fracture toughness 
of candidate materials for first wallhlanket structure applications in the International 
Thermonuclear Experimental Reactor (ITER). A variety of austenitic stainless steels are being 
examined, as well as several additional materials. Specimens were fabricated from material in 
several different conditions, including annealed or cold worked, as well as weldments. These 
specimens have been irradiated in the High Flux Isotope Reactor (HFIR) at ORNL. To date, 
three capsules have been designed, fabricated, and irradiated to dose levels of approximately 
3 dpa; this approaches the expected accumulated dose at the end of the physics or basic phase of 
operation of ITER. The helium concentration generated as a result of transmutation of nickel was 
about 50 appm; this is in the range expected for the ITER first wall blanket and shield structure 
after a neutron exposure of about 3 dpa. These capsules were designed for irradiation 
temperatures of either 60 to 125°C (capsules HFIR-JP-18 and -19) or 250 to 300°C (HFIR-JP-17) 
[l-31. All of the capsules have been successfully irradiated and disassembled. Some of the 
results of earlier testing have already been presented [4,5]. This report presents the final results 
for all of the fracture toughness tests. 
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weld wire 

JPCA 
weld wire 

ExDerimentd Procedure 

Four major alloy types were included in this experiment: American and Japanese type 316 steels 
(designated US316 and 1316, respectively), a European type 316L steel (EC316L), and the JPCA 
alloy. The compositions of the alloys are given in Table 1. Specimens of the alloys were tested 
in solution annealed (SA) or cold-worked (CW) conditions. The J316 material was also tested 
after a thermomechanical treatment in which it was strained, aged, and recrystallized (J316 SAR). 
There were a total of 12 variants of the austenitic materials in composition and thermomechanical 
treatment, including several weldments. The EC316L was welded using 16-8-2 filler metal (see 
Table 1) and gas tungsten arc (GTA) welding with argon cover gas. Both the plate and the filler 
wire were provided by Joint Research Centre-lspra from the European Fusion Stockpile. The 
JPCA and 1316 plate material were supplied by the Japan Atomic Energy Research Institute. The 
JPCA specimens were welded with filler wire with a composition similar to the base metal (see 
Table 1) for both the case of GTA welding and electron beam (EB) welding. The US316 
material was from the U.  S .  fusion program standard heat. Two ferritic steels were also included 
in this experiment, HT-9 and F82H. 

Table 1. Specimen alloy composition 

Bal 16.06 14.39 0.23 2.44 1.77 0.35 0.057 0.0095 

~~ _____ ~ 

Commsition 

In order to utilize the HFIR target region for the irradiations, the specimen size was severely 
limited. Therefore, a small disk compact specimen 12.5 mm in diameter was selected for the 
fracture toughness experiments. Techniques were developed for generating the J-integral- 
resistance (J-R) curve using either unloading compliance (UC) or potential drop (PD) to monitor 
crack extension [6,7]. Initial trials showed that either method could be used to develop useful 
fracture toughness data from these small specimens [6-81. As a result of the success of the 
laboratory trials, it was decided to use the unloading compliance technique for testing the 
irradiated specimens. 

The disk compact specimens [designated DCV)] were 12.5 mm in diameter by 4.63 mm thick. 
All specimens were fabricated from the middle of the thickness of the parent plate of material, 
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with the notch oriented so that crack growth would occur parallel to the rolling direction 
(T-L orientation). The specimens were fatigue precracked at room temperature and side grooved 
10% of their thickness on each side, prior to irradiation. Filler pieces were inserted in the 
loading holes and in the notches to reduce disturbances in the flow of cooling water over the 
specimens in the capsules and to improve the uniformity of heat transfer across the specimens. 

Capsules JP-18 and -19 completed their irradiations in October 1991, and capsule JP-17 
completed its irradiation in February 1992 [3]. After disassembly of the capsules, the inserts in 
the individual specimens were pushed out of the loading holes using an arbor press and punch. 
The filler in the notch was removed with the aid of a hammer and a thinned screwdriver blade. 

Tests were conducted in general accordance with American Society for Testing and Materials 
standards E 813-89, Standard Test Method for J,,, A Measure of Fracture Toughness, and 
E 1152-87, Standard Test Method for Determining J-R Curves. The equations in E 1152-87 were 
used for the J calculations. The specimens were tested with a computer-controlled testing and 
data acquisition system 191. Tests in the laboratory used an 89-kN capacity servohydraulic test 
machine. In the hot cell, a 445-kN capacity servohydraulic testing machine with an 22-kN load 
cell was used. All tests were run in strain control. The displacements were measured with an 
"outboard" clip gage that seated in grooves machined on the outer edge of the specimen along 
the load line [6,7]. This arrangement provided very good load-displacement and UC results. 
Test temperatures from 90 to 250°C were maintained within k 2 " C  of the desired temperature 
with a split-box furnace that enclosed the specimen and the grips during the test. Temperature 
was monitored throughout the testing with a thermocouple that was held in contact with the 
specimen by a spring-loaded clip. Tensile data from specimens included in the capsules were 
used for calculations in the J-R analyses [IO]. Estimated values were taken from literature data 
when necessary. 

After testing, the specimens were heat tinted by placing them on a hot plate and beating them 
until a noticeable color change had occurred. The specimens were cooled to room temperature 
and then broken open. The initial and final crack lengths for the unirradiated specimens were 
measured with an optical measuring microscope. For the irradiated specimens, photographs of 
the fracture surfaces were fastened to a digitizing tablet to measure the crack lengths. 

Materials with very high toughness and low yield strength, such as the annealed austenitic 
stainless steels, proved to be more difficult to test than materials with lower toughness such as 
HT-9. The soft, tough materials showed enormous crack-tip blunting before stable crack growth 
began. This resulted in gross changes in the specimen geometry, and so the crack length 
predictions were not very accurate. The J-R curve was much steeper than the calculated blunting 
line. In these cases, the data were used to calculate a blunting line. A straight line was fit by 
eye through the initial portion of the data points, and a second line was drawn parallel to the first 
but offset by an amount corresponding to a crack extension of 0.2 mm. The candidate toughness 
value I, value was then determined from the intersection of the data with this offset line. In 
cases where the data rose very steeply, the test was terminated before there was enough crack 
growth to cross the second exclusion line (drawn corresponding to a crack extension of 1.5 mm 
as defined in the ASTM standards). As a result, no tearing modulus value could be calculated. 
Materials with lower toughness, such as the cold-worked austenitic stainless steels, behaved in 
a much more conventional manner. For these materials, the data followed the calculated blunting 
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line quite closely, so no additional construction was required. These specimens also showed very 
good agreement between the measured and predicted final crack lengths. 

Results and Discussion 

The results of the testing are given in Tables 2 to 6. These tables also include the tensile values 
used in the analyses. The critical stress intensities calculated from the candidate J values for the 
various alloys are summarized in Figs. 1 to 12 as a function of test temperature. These figures 
show that the toughness of the austenitic steels is very high. In general, the toughness decreases 
as the test temperature increases, but remains very high. 

Both before and after irradiation, the fracture toughnesses of the solution annealed materials, as 
shown in Figs. 1, 3, and 6, are generally very high (K, > 150 M P d m )  in the test temperature 
range. The toughness decreases slightly as the temperature increases, but remains very high, 
even after irradiation and testing at 250°C. The EC316L and J316 annealed steels show only a 
slight decrease in toughness (about 50 M P d m )  after irradiation. The JPCA annealed material 
undergoes a larger decrease in toughness (about 100 M P d m )  after irradiation (Fig. 6). Even 
in this case, the toughness is still high, with a K, value of 150 M P d m  (Table 4). The range of 
fracture toughness values of these materials is in the upper range of previously reported data from 
a variety of steels, reactor environments, and test methods [ 11-13]. The US316 material has the 
lowest toughness both before and after irradiation (Fig. 10). This heat of material was air melted 
and contains an unusually high volume fraction of nonmetallic inclusions which are likely to 
promote rapid microvoid growth and coalescence. 

The fracture toughness of the cold-worked material is generally lower than that of the annealed 
material by about 75 M P d m ,  both before and after irradiation. Even so, the fracture 
toughnesses of the cold-worked JPCA and J316 materials remain high. It is important to note 
that the uniform elongations of these materials, tested at 90°C, are less than 1% [lo], while the 
fracture toughness and tearing modulus values are still high. The toughness of the cold-worked 
US316 material, which had the lowest toughness of the austenitic steels in the solution annealed 
condition, was by far the lowest toughness values of the set, about 65 M P d m .  This material 
also bad very low values of tearing modulus (Table 5). 

Electron beam welds of JPCA and GTA welds of JPCA and EC316L proved to be very tough, 
both before and after irradiation. The JPCA GTA velded material had approximately the same 
toughness as the JPCA SA material (K, = 240 M P d m )  after irradiation and testing at 90T,  
while the IPCA EB-welded material had an even higher toughness. 

As pointed out above, the unirradiated EC316L material contained ferrite stringers running along 
the rolling direction of the plate. However, it was found that specimens with the crack 
propagation direction parallel to the direction of the delta ferrite stringers had essentially the same 
toughness as specimens with the crack propagation perpendicular to the stringer direction. 

The austenitic steels in the annealed condition can be ranked from best to worst as follows: 1316 
annealed; EC316L annealed; JPCA annealed; J316 SAR; US316 annealed. The JPCA annealed 
and the J316 SAR are very similar. For the cold-worked alloys, the ranking from best to worst 
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is: 1316 CW; IPCA CW; US316 CW. For the weldments, the ranking is: JPCA EB weld; JPCA 
weld: EC316L weld. These rankings hold for both unirradiated and irradiated material. 

The I-R curves for specimens of EC316L, J316, and JPCA, all in the annealed condition, are 
shown in Figs. 13 to 15. The J316 material shows the smallest degradation in toughness and the 
IPCA alloy shows the greatest decrease. After irradiation, the I-R curves have a lower slope, 
which reflects the lower values of tearing moduli given in Tables 2 to 4. The toughness level 
decreases with increasing test temperature. 

The fracture toughness of the ferritic materials is also reduced by these irradiations. The F82H 
alloy is more resistant to damage than the HT-9 material. Both of these alloys show high 
toughness at high test temperatures (250°C) with lower toughness at 25°C (Fig. 12). The HT-9 
specimen irradiated at 250°C fractured in a brittle manner when tested at room temperature. The 
loaddisplacement trace was linear, and the value of the fracture toughness (33 M P d m )  is so low 
that it satisfies the specimen thickness validity criteria for plane strain fracture toughness, despite 
the very small specimen size. The F82H specimen irradiated at 250°C and tested at 25°C also 
shows a lower toughness than when tested at 250°C, but the loaddisplacement curve shows 
considerable non-linearity and the final fracture, although unstable, occurs at a high toughness 
level of 153 MPadm. 

CONCLUSIONS 

Specimens of several austenitic stainless steels have been irradiated in HFIR to about 3 dpa at 
nominal irradiation temperatures of 90 or 250°C. Irradiation reduces the fracture toughness. 
Irradiation at 250°C is more damaging than at 90°C. The fracture toughness decreases with 
increasing test temperature, for all the austenitic materials. The annealed materials have higher 
toughnesses than the cold-worked materials. The toughness of the cold-worked materials is still 
high, with the exception of the US316 material. The welds also have high toughnesses. For the 
ferritic materials, the specimens irradiated at 250°C and tested at room temperature fail in an 
unstable manner. The F82H has a much higher toughness than the HT-9 alloy. 

FUTURE WORK 

No further fracture toughness testing is planned at this time, although there are many additional 
specimens that could be tested. Some specimens will be selected for fractographic examination. 

ACKNOWLEDGMENTS 
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LOW TEMPERATURE RADIATION-INDUCED SEGREGATION RELATIVE T O  
IASCC AND ITER - E. P. Simonen, R. H. Jones, L. A. Charlot and S. M. 
Bruemmer (Pacific Northwest Laboratory) 

OBJECTIVE 

To evaluate low temperature segregation implications for  ITER and irradiation 
assisted stress corrosion cracking (IASCC). 

SUMMARY 

Radiation induced segregation a t  grain boundaries in stainless steel has been 
evaluated as a function of temperature. Segregation caused by ion irradiation was 
measured and compared to temperature-dependent model predictions. The model was 
subsequently used to extrapolate predictions to ITER operating conditions. For ion 
irradiation, segregation was found to extend to  temperatures below 400'C which 
implies that  segregation is expected a t  temperatures less than 200°C fo r  ITER 
irradiation damage rates. The model predictions were in accord with C r  depletion 
levels and profile widths as measured using FEG-STEM examination of ion irradiated 
grain boundaries. The model was further shown to be consistent with measured 
depletion levels a t  grain boundaries in 316 stainless steel irradiated in a light-water 
reactor a t  288OC. The findings of this study suggest that chromium depletion and 
hence IASCC may be a concern for stainless steel structures irradiated in ITER high- 
temperature water environments. 

TECHNICAL PROGRESS 

Background 

Radiation-induced C r  depletion a t  grain boundaries in stainless steel has been 
implicated as contributing to IASCC in high temperature water]-2. Radiation causes 
changes in grain boundary composition as compared to bulk composition because of 
flow of point defects to grain boundaries. In addition to C r  depletion, depletion of 
Fe and Mo and enrichment in Ni and Si have been measured. Cracking susceptibility 
has been reported for austenitic stainless steels irradiated a t  288°C to doses above 1 
dpa. The cracking can be induced either by post-irradiation, slow-strain-rate tests or  
by in-situ straining during irradiation. Because C r  depletion is a well known cause 
for  thermal sensitization of stainless steels, the observation of Cr depletion in 
IASCC susceptible alloys has suggested an  IASCC mechanism similar to thermal 
sensitization. Although C r  depletion correlates with cracking susceptibility, other 
irradiation-induced processes may also contribute to cracking such as irradiation 
hardening and change in deformation modes. 

Radiation-induced segregation a t  grain boundaries in austenitic steels for ITER may 
be a concern for  water cooled structures.3 Segregation behavior a t  temperatures 
below 288'C, and a t  high damage levels above 10 dpa, has not been characterized. 
The aim of the present study is to examine the temperature dependence of 
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segregation using Ni++ irradiation and field-emission-gun, scanning transmission 
electron microscopy (FEG-STEM). Measured ion and neutron responses are  
compared to inverse-Kirkendall segregation predictions. The rate theory model is 
then used to project behavior for ITER irradiation temperatures, dose rates, and 
doses. 

Descrintion of Segregation Model 

Perks et al.4 have developed a model for radiation-induced segregation based on the 
production, migration and interaction of point defects with major solute elements. 
Radiation produces vacancies and interstitials in the matrix and a fraction of these 
defects migrate to grain boundaries. The flow of defects and the differential 
interaction of major alloying elements with the defects results in nonequilibrium 
solute profiles at grain boundaries. In particular, slow diffusing N i  enriches and 
fast diffusing Cr depletes a t  grain boundaries. Inverse Kirkendall diffusion 
accounts for a flow of solute induced by defect diffusion to grain boundaries in 
contrast with conventional Kirkendall diffusion which accounts for a flow of defects 
induced by solute diffusion down a concentration gradient. Perks et al. were 
successful a t  predicting solute composition profiles a t  irradiated grain boundaries 
using differential diffusion rates measured during annealing and hence concluded that 
the segregation coupling was related to the  vacancy defect flow. 

The flow of defects and solutes can be described by a set of coupled reaction rate 
equations for Fe, Cr, Ni, vacancies and interstitials. Continuity equations account 
for solute diffusion during irradiation and are described by 

Similarly, production, migration and annihilation of vacancies and interstitials are 
described by 

dC, = - d[c, (dk,a&) dx - D, =] dCv + K + K’ - R, - R, 
dx k dt 

and 

Solute species are indicated by the index, k, and vacancies and interstitials are 
represented by v and i, respectively. Of main interest are the coupling parameters, 
dk,vori. Other parameters shown are the diffusivities, D, the production rates, K 
(displacement) and K’ (thermal), and the loss rates by mutual recombination R, and 
by annihilation a t  sinks, R, ~~ i. The thermodynamic factor, a, is assumed to be 
unity. The coupling parameters assumed in the present calculations were the same 
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as those proposed by Perks et al. 
correlation factor for Fe, C r  and Ni were 1.46, 2.22 and 0.872, respectively. 

The product of the relative jump rate and vacancy 

The effect of irradiation on grain boundary microchemistry in a microcrystalline 
stainless steel was characterized as a function of temperature using N i + +  ion 
irradiation and FEG-STEM analysis. Irradiations were conducted to 10 dpa a t  
temperatures ranging from 250 to 550'C. The displacement rate was 5 x 10-3 dpds.  
The irradiation procedure and sample descriptions have been described previouslys. 
Specimens were analyzed using a Vacuum Generator HB501 dedicated STEM and an  
energy dispersive X-ray spectrometer with a through thickness resolution of 3 nm. 
The microcrystalline stainless steel samples were prepared by sputter deposition and 
had grain sizes of about 700 nm. The matrix Fe, Cr  and Ni concentrations were 56, 
19 and 23 wt%. A single 304% specimen was ion irradiated a t  250'C to a dose of 
10 dpa. 

Model Predictions and ExDerimental Results 

Model predictions were based on reference parameters recommended by Perks et al.4 
and for a damage efficiency for producing freely migrating defects of 0.03 for ions. 
The measured temperature dependence of the ion-induced C r  depletion profile was 
used to calibrate the temperature dependent aspect of the model. A comparison of 
predicted grain boundary C r  concentrations with measured C r  concentrations is 
shown in Figure 1. Similarly, predictions of full width of the C r  depletion profile 
a re  shown compared to measured widths in Figure 2. The predictions based on the 
reference choice of parameters overpredicted the grain boundary Cr  concentration and 
underpredicted the width of the C r  depletion profile, particularly a t  and below a 
temperature of 400'C. Alternatively, a reduction in the assumed vacancy migration 
energy from 1.29 eV to 1.15 eV was found to improve the model fit to the measured 
grain boundary C r  concentration and depletion profile width as shown in Figures 1 
and 2. 

The predicted grain boundary concentrations have been convoluted to take into 
account the FEG-STEM beam profile. The through thickness beam profile was 
assumed to have a normal distribution with 85% of the beam intensity within a 3 
nm diameter. Predicted depletion widths were based on the distance from the 
boundary a t  which the concentration achieved a level of 1 wt% below the matrix 
concentration. 

The adjusted model was also used to compare predicted and measured C r  depletion 
magnitudes for conditions appropriate for light-water-reactor irradiation of 316SS a t  
288'C. Jacobs et al.6 reported a total of 26 measurements of grain boundary C r  
concentration in a variety of 316 SSs. The alloys were all irradiated a t  288°C to a 
dose of about 3 dpa in a boiling-water-reactor. A histogram of measured grain 
boundary C r  concentration is shown in Figure 3. An example profile, noted in 
Figure 3, is shown in Figure 4 and is compared to the model prediction assuming a 
vacancy migration energy of 1.15 eV and a damage efficiency for producing freely 
migrating defects of 0.01. The damage efficiency was selected to reasonably fit the 
example profile. 



197 

20 I 1 I I I I 

f Matrix 
Ion \ 

4 
L Matrix\' 

5 1  I I I I I I -I 
0 100 200 300 400 500  600 700 

Temperature, OC 

Figure 1. Grain boundary C r  concentrations a t  10 dpa are shown as a function of 
tempera ture .  Inverse Kirkendall mechanism predictions a r e  compared to  
measurements using Ni++ irradiation and FEG-STEM grain boundary analysis. 
Microcrystalline stainless steel was used except a t  250'C for  which a conventional 
wrought 304% specimen was used. 
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Figure 2. Calculated full width of the Cr depletion profile (defined as 1 wt% 
less than hulk Cr) is compared to measured values for ion irradiation to 10 dpa as a 
function of temperature for the adjusted assumption of vacancy migration energy. 
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Figure 5. Predicted temperature and dose dependence of grain boundary C r  
concentration for ITER irradiation dose rates. A vacancy migration energy of 1.15 
eV and a damage efficiency of 0.01 were assumed. 

The predicted low-temperature behavior for ITER conditions is also shown in Figure 
1 and in Figure 5. A vacancy migration energy of 1.15 eV was assumed based on 
the model calibration to the temperature dependent ion data and a damage efficiency 
of 0.01 was assumed based on the model calibration to neutron data a t  288'C. The 
difference in dose rate between ions, 5 x 10-3 dpds, and ITER, 3 x 1 0 7  dpa/s,7 
causes an expected downward temperature shift of about 200'C in the Cr depletion 
predictions for ITER compared to ion irradiation. For the ITER predictions, the 
assumed alloy compositions were 71, 16, and 13 wt% for Fe, Cr, and Ni, 
respectively. 

Discussion of Low Temoeratu re Effects 

Measured Cr grain boundary concentration as a function of temperature indicates that 
significant segregation occurs a t  temperatures from 300 to 400'C for the case of 
high-rate ion irradiation. When these temperature dependent observations are 
projected to the case of low-rate neutron irradiation, segregation is predicted to occur 
a t  neutron temperatures below 300°C as shown in Figures 1 and 5. When the 
reference parameters were assumed, the predicted Cr grain boundary concentrations 
were overestimated compared to measured ion values. Changing the assumed vacancy 
migration energy from 1.29 to 1.15 eV improved the comparison of model and 
measured grain boundary Cr concentrations as well as for depletion profile widths. 
The lesser activation energy resulted in increased vacancy mobility such that vacancy 
loss by mutual recombination is reduced. A larger fraction of vacancies survive 
recombination and succeed in migrating to grain boundaries. Migration of a large 
number of vacancies to grain boundaries is a necessary condition for radiation- 
induced Cr depletion. 
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Measured grain boundary C r  concentrations for ion irradiations greater than 400'C 
were higher than expected from the kinetic model. Model predictions indicate that 
the grain boundary Cr concentrations should not increase with increasing temperature 
until temperatures a re  above 600'C. The irradiated grain boundaries a t  and above 
500°C may have experienced some migration dur ing  irradiation. Detailed 
examination of profiles indicate a degree of asymmetry suggesting some grain 
boundary migration. A moving boundary is expected to disturb steep concentration 
gradients, although this effect has not been quantified. 

Observed C r  depletion a t  288'C and a t  3 dpa is predicted to occur at lower 
temperatures and at higher dpa as shown in Figure 5. The calculations suggest that 
the depletion may occur even to temperatures less than 1OO'C. The model 
predictions indicate the need to evaluate grain boundary concentrations after high- 
dose, low-temperature irradiation to establish the magnitude of irradiation effect on 
grain boundary microchemistry. 

Conclusiong 

Significant depletion measured a t  temperatures below 400'C for ion irradiation 
strongly suggests tha t  significant segregation measured a t  288°C for  neutron 
irradiation should persist a t  temperatures below 288'C. A rate theory model has 
been used to account for temperature and dose rate differences between ion irradiation 
measurements and ITER irradiation predictions. Ion irradiation clearly shows that 
radiation-induced C r  depletion does not vanish a t  reduced temperatures as low as 
5O'C. The model was shown to be consistent with the temperature dependence for  
ion-induced segregation profiles and  to be consistent with neutron-induced 
segregation a t  288'C. Therefore, grain boundary compositions a re  expected to be 
affected by irradiation below 200°C and should be evaluated to  assess possible 
concerns for IASCC in water-cooled ITER designs. 

FUTURE WORK 

Tempera tu re  dependencies for  ion-induced segregation and  neutron-induced 
segregation will be further  evaluated using rate  theory models for  segregation. 
Mechanisms fo r  tempera ture  dependent defect processes on low-temperature 
irradiation response will be related to potential ITER irradiation and structural  
material requirements. 
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SWELLING AND STRUCTURE OF VANADIUM ALLOYS IRRADIATED IN THE DYNAMIC 
HELIUM CHARGING EXPERIMENT. H. M. Chung, B. A. Loomis, H. Tsai, L. Nowicki, J. Gazda, 
and D. L. Smith (Arponne National Laboratory) 

OBJECTIVE 

The objective of this work is to determine the effects of dynamically charged He on density change, void 
distribution, and m i c r o ~ t r ~ c t ~ r a l  evolution of V 4 C r 4 T i  irradiated in the Dynamic Helium Charging 
Experiment (DHCE). 

SUMMARY 

Combined effects of dynamically charged He and neutron damage on density change, void distribution, and 
microstructural evolution of V 4 C r 4 T i  have been determined after irradiation to 18-31 dpa at 425400OC in 
the Dynamic Helium Charging Experiment (DHCE). For specimcns irradiated to = I 8  dpa at 600°C with an 
estimated He/dpa ratio of 3-9 appm He/dpa (a range similar to the fusion-relevant ratio of =5 appm Heldpa), 
only a few microvoids were observed at the interface of the grain matrix and some Ti(O,N,C) precipitates. No 
microvoids were observed either in the grain matrix or near grain boundaries. It seems that most of the 
dynamically produced He atoms are trapped in the grain matrix without significant void nucleation or growth. 
In this group of DHCE specimens, density changes were similar to those of non-DHCE (negligible He 
generation) specimens for a comparable lluence and irradiation temperature. Significant numbers of 
microvoids in the grain matrix and on localized grain boundaries were present only in specimens irradiated to 
=31 dpa at 425°C in high-tritium capsules, in which an excessive amount of helium was generated (estimated 
He/dpa ratio of 10-35 appm). Discontinuous regions of void segregation on grain boundaries were observed, 
and void number4ensity was significantly lower than in other alloys irradiated in  tritium-trick experiments. 
The grain-boundary voids seem to have heen produced by decay of tritium segregated to grain boundaries in 
the specimens at the onset of irradiation in high-tritium capsules (an artifact effect similar to tritium charging 
at 40OOC in a tritium-trick experiment), rather than by segregation of He produced in the grain matrix. 
Density changes of the specimens were significantly higher than those from non-DHCE irradiations. 
Microstructural evolution in V 4 C r 4 T i  was similar for DHCE and non-DHCE irradiations, except for void 
number-density and distribution. As in non-DHCE specimens, irradiation-induced precipitation of ultrafine 
TigSi3 was observed for irradiation at 6Oo0C but not at 425°C. 

INTRODUCTION 

Recent attention in the development of vanadium-base alloys for application in fusion reactor structural 
components has focused on V-4Cr-4Ti, an alloy reported to exhibit an excellent combination of mechanical 
and physical properties before and after irradiation.'-h An unresolved issue in the performance of the alloy, 
however, has becn the effects of fusion-relevant simultaneous generation of He and neutron-displacement 
damage (at a ratio of =5 appm He/dpa) on density change and void swelling behavior. Helium effects 
determined for other vanadium-base alloys by means of less fusion-relevant simulation approaches such as 
t~itium-trick,~-' cycIotron-injecti~n,~~-~ and boron-doping 8-21 techniques have been inconsistent with 
regard to concentration of He voids on grain boundaries and the concomitant propensity for intergranular 
fracture. In the unique Dynamic Helium Charging Experiment (DHCE)?2-24 a fusion-relevant He-to-dpa 
damage ratio is closely simulated by utilizing transmutation of controlled amounts of 6Li and a tritium-doped 
mother alloy immersed i n  6Li + 7Li. This report describes initial results of microstructural characterization 
and density measurements of V 4 C r 4 T i  specimens irradiated to 18-31 dpa at 425400°C in the DHCE. 

' Work supported by the Office of Fusion Energy, U S  Department of Energy, under Contract W-31-109-Eng-38. 
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MATERIALS AND PROCEDURES 

VACrATi specimens (ANL ID BL47)  were retrieved from DHCE capsules after irradiation to 18-31 dpa at 
425400°C in the Fast Test Flux Facility (FFTF).z4 Elemental composition of the V 4 C r 4 T i  alloy before 
irradiation is given in Table 1. Table 2 provides a summary of the irradiation parameters, tritium inventories, 
and estimated He/dpa ratios; the data are based on calculations by Greenwoodz5 for the present time, i.e., 
=2 yr after the end of irradiation. The retrieved TEM specimens, containing He, tritium, and hydrogen and 
exhibiting neutron displacement damage, were cleaned ultrasonically in alcohol prior to density measurements 
and microstructural analysis. Most of the TEM disks were not annealed at 400°C for 1 h, a customary 
degassing procedure to expel tritium and hydrogen from Charpy-impact and tensile specimens. A limited 
number of TEM disks were examined after degassing but none indicated any appreciable difference in void 
distribution and microstructural characteristics from nondegassed specimens that should contain tritium and 
hydrogen in addition to He. The irradiated specimens were jet-thinned for TEM in a solution of 15% sulfuric 
acid-72% methanol-13% butyl cellosolve maintained at -5'C. TEM was conducted with a JEOL 1OOCX-I1 
scanning transmission electron microscope operating at 100 keV, or with a Philips CM-30 transmission 
electron microscope operating at 200 keV. Density change was determined from specimen weights measured 
in air and in research-grade CC14. 

Table I .  Preirradiation elemental composition of V 4 C r 4 T i  (ANL ID E-7) irradiated in DHCE 

Nominal Composition Impurity Composition (wppm) 

Alloy ID (wt.%) 0 N C Si S P Nh Mo 

BL-47 VA.ICr4 .3Ti  350 220 200 870 20 <40 <IO0  < I O 0  

MICROSTRUCTURE AND VOID DISTRIBUTION 

Microstructural characteristics of the DHCE specimens irradiated to -18 dpa at 600°C in a low-tritium capsule 
(Capsule 5C1, 16 Ci of tritium charged, estimated He of 60-200 appm at this time) are shown in Fig. 1. 
These specimens contained few voids, except at interfaces between the grain matrix and a limited number of 
Ti(0,N.C) precipitates (Fig. 1A). In Fig. IA, a total of I O  voids =30 nm in size are visible near four 
Ti(O,N,C) precipitates of a total of 25 precipitates present. In the bright-field image in Fig. 1B are visible 
dense dislocation loops, line dislocations, ultrafine TigSij precipitates, and large blocky Ti(0,N.C) 
precipitates. No microvoids are visible near the grain boundaty shown in Fig. 1B. These microstructural 
characteristics are similar to those observed in non-DHCE specimens irradiated under similar conditions 
(-28 dpa, 600"C, Fig. ID). Morphologies of TigSij precipitates obtained from specimens irradiated in DHCE 
(-18 dpa, 600°C) and non-DHCE (=28 dpa, 600°C) experiments shown in dark-field images of Figs. IC and 
lE, respectively, are also similar. 

For DHCE specimens irradiated to 31 dpa at 425°C in high-tritium Capsule 4D2 (70 Ci of tritium charged), 
the numberdensity of He microvoids (size =5 nm) in the grain matrix was significantly higher than that for 
the specimens irradiated i n  low-tritium Capsule 5C1. Numberdensity near some grain boundaries in 
specimens irradiated in Capsule 4D2 was higher than in the grain matrix, although it was still significantly 
lower than those observed in other alloys irradiated in tritium-trick experiments?-lZ This is shown in 
Fig. 2A. However, the void density near most grain boundaries was similar to that in the grain matrix. 
Specimens irradiated in Capsule 4D2 were also characterized by extremely thin (=5 nm) shells of voids that 
surround some Ti(O,N,C) precipitates (Fig. 2B). For specimens irradiated to 31 dpa at 425°C i n  the high- 
tritium Capsules 4D1 (99 Ci of tritium charged), numberdensities of He microvoids (size =5 nm) in the grain 
matrix and near grain boundaries were similar, except for very limited portions of some grain boundaries. 
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This is shown in Fig. 2C. The number-density in the grain matrix was similar to that in specimens irradiated 
in Capsule 4D2. Because charged tritium and calculated He contents were similar for specimens irradiated in 
Capsules 4D1 (99 Ci and 40&1000 appm) and 4D2 (70 Ci and 300-800 appm), similar void-swelling 
behavior is expected 

Figure 1. Microstructure of V-4Cr-4Ti irradiated a f  600°C f o  -18 dpa in DHCE (Capsule 5CI): ( A )  voids 
near Ti(O,N,C): ( E )  dislocations, dislocation loops, and Ti5Si3; (C) dark-field image of Ti5Si3. 
(0) and ( E )  are similar f o  ( E )  and (C), respecfively, but from non-DHCE specimens irradiated at 
600% to =28 dpa. 
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Figure 2. Microstructure of V-4Cr-4Ti irradiated at 425OC io =.Z/ dpa in DHCE (Capsules 402  and 401):  
(Ai  void.7 neur grain boundao. 402: ( E )  void shells surrounding Ti(0,N.C). 402;  (C) similar void 
 distribution.^ i n  grain matri-r and near grain boundaries, 401; and (0) low-magnification of grains 
und Ti(O.N,C), 401 

As i n  non-DHCE specimens? TiSSii did not precipitate during irradiation at 425°C in the DHCE. If TigSi3 
precipitation wds indeed significant for 425°C irradiation, void swelling at this temperature would have been 
suppressed significantly as in non-DHCE specimens of V-l8Ti and V-2OTi irradiated at 420"C.26 

Because of the high level of initial tritium charged i n  Capsules 4DI and 4D2, a significant amount of tritium 
should have transferred from the mother alloy to liquid 1.i at 42YC and to the V-4Cr4Ti specimens soon 
after startup of irradiation. High diffusivity of tritium at 425OC should result in an equilibrium partitioning 
among thc mother alloy, Li, and the specimens at a relatively early period before accumulation of appreciable 
dpa and He in  the specimens. Initial tritium contents in  V 4 C r A T i  specimens are estimated to he as high as 
several thousand appm in Capsules 4D1 and 4D2 at the heginning of irradiation (i.e., 425OC, =O dpa). During 
tritium-trick charging at high concentration in vanadium alloys at =4OO"C, tritium is suspected to segregate 
preferentially near grain boundaries even before irradiati~n.~-'* A similar situation seems to have occurred in 
DHCE specimens irradiated at 425°C in high-tritium Capsules 4D1 and 4D2. Thus, for specimens irradiated 
in these capsules, which were designed tn produce an intentionally high He a p p d d p a  ratio of = I O  instead of a 
fusion-relevant ratio of 5 He appmidpa, an unintended artifact effect seems to have been introduced. However, 
grain-boundary accumulation of He voids was limited to local regions and was not as pronounced as in 
tritium-trick specimens. Because of these limitations, no intergranular separation was observed in specimens 
fractured at low t e~npcra tu res .~~  
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However, density changes measured for DHCE specimens irradiated at 425°C in high-tritium capsules 
(4D1 and 4D2) are significantly higher than those of nix-DHCE specimens. The estimated ratio of He 
generation to displacement damage for specimens irradiated in thesc capsules is =1&35 appm He/dpa, a value 
significantly higher than the fusion-relevant ratio. The relatively large density change for these specimens 
seems to he consistent with the high number-density of He voids visible in Figs. 2A-2C. 

CONCLUSIONS 

1 .  For specimens irradiated to = l X  dpa at 600°C with an cstimated ratio of He generation to displacement 
damage of -3-9 appm Hcidpa, similar to a fusion-relevant ratio of =5 appm Heidpa, only a limited 
number of microvoids were observed at the interface between the grain matrix and some Ti(0,N.C) 
precipitates. No microvoids were ohservcd either in the grain matrix or near grain boundaries. Most of 
the dynamicall>, produced He atoms seem to he trapped in the grain matrix without significant void 
nucleation or growth. Density changes in DHCE and non--DHCE (negligible He generation) specimens 
of V4Cr-4Ti  were similar (<0.6%). 

Moderatc numher-dcnsities of microvoids were observed in the grain matrix and on localized regions of 
grain houndarics in DHCE specimens irradiated to =31 dpa at 4 2 5 T  in high-tritium capsules, i n  which 
an excessive amount of Hc was generated (estimated He/dpa ratio of I s 3 5  appm). Discontinuous regions 
of  void segregation on grain houndaries wcrc ohserved, and void nurnber4ensity was significantly lower 
than in other alloys irradiated in tritium-trick experiments. Thc grain-boundary voids seem to have been 
produccd from decay ( i f  tritium that segregated to grain boundaries in the specimens at the onset of 
irradiation in the high-tritium capsules (an artifact effect similar to the tritium charging at 400°C in a 
tritium-trick experiment). rather than hy segregation of He produced in the grain matrix. Density changes 
of  these specimens werc significantly higher than those from non-DHCE irradiations. 

Microstructural evolution in V 4 C r 4 T i  was similar for DHCE and non-DHCE irradiations except for 
void number-density and distribution. As in non-DHCE specimens, irradiation-induced precipitation of 
ultrafine TigSi3 w s  observed at 600 hut not at 425’C. 

2 .  

3. 

FUTURE WORK 

Microstructural characteristics, void-swelling behavior, and density change of V-4Cr-4Ti specimens irradiated 
in three other DHCE capsules will he determined. Similar analyses will he conducted for V, V-STi, V-7Cr- 
5Ti, and V-3Ti-1Si alloys irradiated i n  the DHCE. 
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EFFECT OF DYNAMICALLY CHARGED HELIUM ON MECHANICAL PROPERTIES 
OF V-4Cr4Ti '  H. M. Chung, B. A. Loomis. H. Tsai, L. Nowicki, D. E. Busch, and 
D. L. Smith (Argonne National Laboratory) 

OBJECTIVE 

The objective of this work is to determine the effect of dynamically charged helium on ductile-brittle 
transition temperature (DBTT) of V 4 C r 4 T i  alloy, based on miniature specimens irradiated to 18-31 dpa at 
425400°C in the Dynamic Helium Charging Experiment (DHCE). 

SUMMARY 

V-4Cr-4Ti has been reported to be virtually immune to irradiation embrittlement under conditions of 
negligible helium generation; DBTl's determined from one-third-size Charpy-impact specimens irradiated in a 
non-DHCE experiment were <-200OC. The effects of dynamically charged helium and tritium, and of neutron 
damage, on DB'M of the alloy were determined after irradiation in the Dynamic Helium Charging Experiment 
(DHCE). TEM disks irradiated to 18-31 dpa at 425400°C were fractured by repeated bending in a low- 
temperature bath. Miniature specimens were used because no Charpy-impact specimens were included in the 
DHCE experiment. Ductile-brittle transition behavior was determined from quantitative SEM fractography. 
Brittle fracture surface morphology was not observed at >-12O"C rcgardlcss of the level of dpa damage or 
helium and tritium content in the alloy. Predominantly brittlexleavage fracture morphologies were observed 
only at -196OC in some specimens irradiated to 31 dpa at 425°C and in which the estimated helium and 
tritium contents were highest. This indicates a DBTT between -175 and -200°C in specimens containing the 
highest levels of dpa damage, helium, and tritium in the DHCE experiment. No intergranular fracture was 
observed. 

INTRODUCTION 

Recent attention has focused on V-4Cr-4Ti for fusion reactor structural components because of its 
excellent combination of mechanical and physical properties before and after irradiation.14 However, no data 
have been reported on effects of simultaneous generation of helium and neutron displacement damage under 
fusion-relevant conditions (i.e., =5 appm Heldpa ratio), although helium cffects on other vanadium-base 
alloys have been investigated by simulation techniques such as tritium-trick?-' cyclotron-injection,'2-16 
and h0ron-doping.l~-~9 In the Dynamic Helium Charging Experiment (DHCE),20-22 the fusion-relevant 
hel ium-tdpa damage ratio is closely simulated by utilizing slow transmutation of controlled amounts of 6Li 
and a tritium4oped mother alloy immersed in 6Li + 'Li. 

MATERIALS AND PROCEDURES 

Vanadium-alloy specimens were retrieved from DHCE capsules after irradiation to 18-3 1 dpa at 
425-600°C in the Fast Test Flux Facility (FFTF)z2 Summaries of DHCE capsule loading and irradiation 
parameters are given in Tables 1 and 2. respectively. The specimens contain helium, tritium, and hydrogen 
and have undergone neutron displacement damage. Concentrations of the elements are being measured as a 
part of the postirradiation examination (PIE); estimated He contents and He/dpa ratios are given in Table 2, 
based on extensive calculations by G r e e n ~ o o d . ~ ~ - ~ ~  

'Work supported hy the Office of Fusion Energy, U.S. Department of Energy, under Contract W-31-109-Eng-38 
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TEM disks of the V J C r 4 T i  alloy retrieved from the DHCE capsules were sorted, identified, and 
cleaned ultrasonically in a bath of alcohol prior to PIE (i.e,, density measurement, TEM microstructural 
analysis, bend test, and quantitative SEM fractography). Chemical composition of the alloy is given i n  
Table 3. Some disks were annealed at 400°C for 1 h in vacuo at 2 x Pa to expel tritium and hydrogen 
before bend testing. However, most specimens were tested without degassing, and hence should contain 
considerable tritium and helium. 

Table I .  Summary of Capsule-Loading Parameters of the Dynamic Helium Charging Experiment (DHCE) 

He (appm) to dpa 

Capsule Temp. Total Weight (n) of 6Li Chargeda (for assumed kw)d 
Irradiation Fraction Initial Tritium ratio at EOF 

ID No. eo Vanadiuma Specimenb Lithium (%) (Ci) (mmol) 0.01 0.03 0.10 
4D1 425 1.5468 5.86 0.765 5.0 99 1.70 3.8 - 23.2 
4D2 425 1.5536 5.38 0.765 4.5 70 1.20 2.8 7.3 17.4 
5E2 425 1.5657 5.38 0.670 1.0 26 0.45 2.1 - 12.5 

5D1 500 1.5727 5.77 0.938 6.5 73.5 1.26 4.4 - 29 
5E1 500 1.5651 5.82 0.952 1.0 57 0.98 3.1 - 20.2 

5C1 600 1.5656 5.82 0.808 8.0 16.4 0.28 1 . 1  2.9 6.7 
5C2 600 1.5466 5.95 0.955 8.0 18 0.31 1.1 - 6.8 

a Letter from C. E. Johnson to K. Pearce, April 23, 1991, I mmol = 58.3 Ci. 
Excluding tritium-charged mother alloy. 
Beginning of irradiation May 21, 1991; end of irradiation (EOI) March 19, 1992; 203.3 effective-full-power days. 

ations for the DHCE Experiment,” L. R. Greenwood, April 30, 1993. 
d Equilibrium ratio (by weight) of tritium i n  vanadium alloy to that in the surrounding liquid Li. “Revised Calcul- 

Fracture behavior of TEM disks was determined by repeated bending in low-temperature baths of liquid 
nitrogen or mixtures of dry ice and acetone. Temperature of the surrounding liquid was measured with a 
calibrated thermocouple. Approximately one-third of each side of a disk specimen was firmly held by two 
grips in the test bath and the middle portion of the disk was bent repeatedly unti l  fracture. Thus, the 
specimen constraint was similar to that in a four-point bend test. Depending on irradiation conditions and 
test temperature, 2 to 62 bends were required to produce fracture in the specimens at -196 to 50°C. At a 
given test temperature, cold-work accumulated in the specimen with the number of bends. After fracture, 
morphology of the fracture surface was examined quantitatively by SEM. A few dozen SEM fractographs 
were taken at -300 X, and a composite of the whole fracture surface was made. Four types of fracture 
morphology were observed: cleavage, quasicleavage, ductile-dimple, and fibrous ductile fracture. From the 
fracture surface composite, the percentage of ductile-fracture morphology was measured for each specimen 
with a planimeter. 

RESULTS AND DISCUSSION 

As reported p rev i~us ly? .~  brittle fracture of V 4 C r 4 T i  did not occur at temperatures >-196”C in 
impact tests on one-third-sire Charpy specimens in the nonirradiated condition or after irradiation to 24-34 
dpa at 425-600OC in the non-DHCE experiment (Le., negligible He/dpa ratio). Consistent with this 
behavior, only ductile fracture was observed from the present multiple-bend tests on nonirradiated TEM disks 
of the alloy in a similar temperature range. This is shown in Fig. 1. 
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Table 3. Composition of V 4 C r 4 T i  alloy (ANL ID B M 7 )  irradiated in DHCE experiment 

Nominal Composition Impurity Composition (wppm) 

Alloy ID (wt.90) 0 N C Si S P N h M o  

BL47 V A . I C r 4 . 3 T i  350 220 200 870 20 c.40 <IO0 <IO0  

The percentage of fracture surface of DHCE-irradiated T E M 4 s k  specimens at 600OC and 425OC with 
ductile-fracture morphology is plotted as a function of test temperature in Figs. 2 and 3, respectively. For 
comparison, similar results obtained for nonirradiated and irradiated non-DHCE specimens (containing 
negligible amounts of He, T, and H) are also shown in the figures. As indicated, the percentage of brittle- 
cleavage morphology in specimens from Capsule 5CI (600"C, 18 dpa, and 16.4 Ci of tritium charged) was 
higher for tcsts at -196°C than for specimens from Capsule 5E2 (425OC, 18 dpa, and 26 Ci of tritium charged) 
despite the highcr irradiation temperature and the lower level of tritium charged in the former capsule. 
However, actual tritium release during processing of the two capsuleszh was higher for Capsule 5C1 than for 
5E2. This is shown in Fig. 4. 

The results in Figs. 2 and 3 show that the percentage of brittle cleavage measured from fracture surfaces 
produced at -196°C generally was more pronounced in specimens retrieved from high-tritium capsules (e.g., 
4DI and 4D2) than in specimens retrieved from low-tritium capsules (c.g.. 5E2 and X I ) .  However, at 
>-125°C, all specimens exhibited only ductile fracture. Thc results in Figs. 2 and 3 indicate that the DBTTs 
for specimens irradiated at 600 and 425°C are between -225 and -200"C, and -200 and - I  7 5 T ,  respectively. 

- 1  2 12 

c 

0 
" 

0 0 0 
@a0 m W 

0 0 
0 

V-4.1 Cr-4.3Ti 
unirradiated 

o CVN, 118size 

+ 
TEM disk, single impact, no fracture 
TEM disk, multiple bend until fracture 

ductile morphology i 
O L '  1 ' I ' 1  ' 1 2  1 ' 1 ' 1 ' 1 ' 1 ' 1 0 

-200 -1 00 0 100 200 
T e s t  Temperature  ("C) 

Figure 1. Ductile behavior of nonirradiated VdCr -4T i  from impact tesis of 
one-ihird-size Charpy specimens (CVN)  and multiple-bend tests of 
TEM disks 
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Figure 4. Comparison of tritium release measured during processing, and 
amount of tritium charged in each DHCE capsule before 
irradiarion 

Helium microvoids were negligible in specimens retrieved from Capsule 5C1 (16.4-ci tritium charged 
and irradiated to I 8  dpa at 6OO0C), and only a few He bubbles were observed at the interface between the grain 
matrix and some Ti(O,N,C) precipitates that are normally present in V-Ti and V-Cr-Ti alloys.27 For 
specimens irradiated to 31 dpa at 4 2 5 T  (retrieved from Capsules 4D1, 99 Ci tritium charged and 4D2, 70 Ci 
tritium charged), the number-jensity of He microvoids in the grain matrix was higher than that for spe.cimens 
from Capsule 5C1. The numberdensity near grain boundaries was somewhat higher than in the grain 
matrix,*' although it  was still significantly lower than those observed in other V-base alloys irradiated in 
tritium-trick  experiment^.^-" Because of the high level of initial tritium charged in Capsules 4D1 and 4D2, 
significant tritium should have transferred from the mother alloy to liquid LI at 425°C. and to the specimens 
soon after the startup of irradiation hut before accumulation of appreciable dpa and helium. Initial tritium 
contents in V-4Cr4Ti  specimens loaded in Capsules 4D1 and 4D2 in this situation (425OC, =O dpa) are 
estimated to be as high as several thousand appm. At such high levels, tritium has been known to segregate 
preferentially near grain boundaries during tritium-trick charging of V alloys at =400°C.7-1 ' 
A similar situation seems to have occurred in specimens irradiated at 425°C in Capsules 4D1 and 4D2 
containing high tritium levels (70-99 Ci). These capsules were designed to produce an intentionally high He 
appm/dpa ratio of = I O  instead of the fusion-relevant ratio of 5 He appddpa. However, an unintended side 
effect of tritium accumulation at specimen grain-boundaries seems to have occurred. Despite this, 
intergranular fracture was not observed in any of the irradiated specimens shown in Figs. 2 and 3. An example 
of mixed ductile and cleavage-fracture-surface morphologies, observed for specimens irradiated at 425°C to 3 I 
dpa (Capsule 4D2), is shown in Fig. 5 .  
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Figure 5. Example of mixed ducrile and cleavage fracture surface 
mnrphologies ohsened in specimens irradiated at 425°C to 
31 dpa and testedut -196OC 

CONCLUSIONS 

Effects of dynamically charged helium, neutron damage, and retained tritium on DBTT of V A . I C r 4 . 3 T i  
alloy were determined after irradiation in the Dynamic Helium Charging Experiment (DHCE). TEM 
disks irradiated at 425-600°C to 18-31 dpa, which contain 10G900 appm helium (estimated) and an 
unknown amount of tritium, were fractured by repeated bending while submerged i n  low-temperature 
baths. Ductile-brittle transition temperature. based on quantitative SEM fractography of ductile and 
brittle fracture surface morphologies, was between -175 and -2OO’C in specimens irradiated at 425°C to 
3 I dpa and <-2OO0C in  specimens irradiated at 600°C to 18 dpa. 

Neither partial nor predominantly intergranular fracturc was observed in any of the specimens irradiated 
under the most severe conditions of the experiment. Predominantly cleavage fracture was observed at 
-196°C in some specimens irradiated at 4 2 5 T  to 31 dpa in which the levels of helium (estimated to he 
400-900 appm) and tritium were highest. 

FUTURE WORK 

Similar bend tests will he conducted on broken tensile specimens (0.76 mm thick) after tensile tests at 
room temperature and at thc irradiation temperatures (425400OC). 

REFERENCES 

I .  B. A. Loomis, L. Nowicki. and D. L. Smith, “Effect of Neutron Irradiation on Tensile Properties of V- 
Cr-Ti Alloys,” in p t ,  DOE/ER-0313/15, Oak Ridge 
National Laboratory, Oak Ridge, TN (1994), pp. 219-222. 

B. A. Loomis, H. M. Chung, L. Nowicki, and D. L. Smith, “Effects of Neutron Irradiation and 
Hydrogen on Ductile-Brittle Transition Temperatures of V-Cr-Ti Alloys,” ibid.. pp. 253-257. 

2 .  



219 

3. H. M. Chung, B. A. Loomis, L. Nowicki, J .  Gazda, and D. L. Smith, “Irradiation-Induced Density 
Change and Microstructural Evolution of Vanadium-Base Alloys,” ihid.. pp. 223-23 1. 

H. Matsui, M. Tanno, J. Gazda, and H. M. Chung, “Microstructural Stability of V-4Cr-4Ti During 
Neutron Irradiation,” ihid., pp. 240-246. 

H. M. Chung, J. Gazda, L. Nowicki, J .  E. Sanecki, and D. L. Smith, “Effccts of Fabrication Variables 
on Impact Properties and Microstructure of V-Cr-Ti Alloys,” ihid., pp. 207-21 8. 

H. M. Chung, B. A. Loomis, and D. L. Smith, “Thermal Creep Behavior of V-SCr-STi and V-IOCr- 
5Ti Alloys,” in Fusion Reactor Materials. Semiannual. Pro& ReDort, DOE/ER-0313/14, Oak Ridge 
National Laboratory, Oak Ridge, TN (1993). pp. 309-317. 

D. N. Braski, i n  Influence of Radiation on Material Properties, ASTM-STP 956 (1986), pp. 271-290. 

D. N. Braski, J. Nucl. Mater. 141-143 (1986) 112.5. 
D. N. Braski, in Reduced Activation Materials for Fusion Reactors, ASTM-STP 1047 (1988). 
pp. 161-178. 

IO .  H. Matsui, M. Tanaka, M. Yamamoto, and M. Tada, I.  Nucl. Mater. 191-194 (1992) 919. 
11. M. Satou, K. Abe, and H. Matsui, J.  Nucl. Mater. 191-194 (1992) 938. 

12. W. van Witzenburg, A. Mastenhroek, and J. D. Ellen, 1. Nucl. Mater. 103-104 (1981) 1187. 

13. M. P. Tanaka, E. E. Bloom, and I. A. Horak, J.  Nucl. Mater. 114 (1981) 895. 

14. M. L. Grossheck and J. A. Horak, in Influence of Radiation on Material Prooerties, ASTM-STP 956 
(1986), p. 291. 

15. J.  M. Vitek, D. N. Braski, and J. A. Horak, J .  Nucl. Mater. 141-143 (1986) 982. 

16. W. van Witzenhurg and E. de Vries, in Effects of Radiation on Materials. ASTM-STP I125 (1990). 

17. L. L. Horton and K. Farrell, J. Nucl. Mater. 122-123 (1984) 687. 

18. H. Kawanishi and S. Ishino, in Reduced Activation Materials for Fusion Reactors, ASTM-STP 1047 

19. H. Kawanishi, Y. Arai, and S. Ishino, J. Nucl. Mater. 191-194 (1992) 933. 

20. D. L. Smith, H. Matsui, L. R. Greenwood, and B. A. Loomis, J. Nucl. Mater. 155-157 (1988) 1359. 
21. D. L. Smith, B. A. Loomis, H. Matsui, M. L. Hamilton, K. L. Pearce, J. P. Kopasz, C .  E. Johnson, 

R. G. Clemmcr, and L. R. Greenwood, in Fusion Reactor Materials. Semiannual. Proe. Re”. DOEER- 
0313/10, Oak Ridge National Laboratory, Oak Ridge, TN (1991). p. 159. 

H. Tsai, H. M. Chung, B .  A. Loomis, and D. L. Smith, “Status of Dynamic Helium Charging 
Experiment (DHCE),” in Fusion Reactor Materials. Semiannual. Pro% Reoort, DOEER-03 13/15, Oak 
Ridge National Laboratory. Oak Ridge, TN (1994), pp, 247-252. 

23. L. R. Greenwood “Revised Calculations for the DHCE Experiment,” Pacific Northwest Laboratories, 
April 30, 1993. 

24. Letter from L. R. Greenwood to H. Matsui, “Tritium Calculations for the DHCE Experiment,” 
Novemher 20, 1993. 

25. Letter from L. R. Greenwood to H. M. Chung, “DHCE Calculations with Range of Tritium 
Equilibrium Constants,” May 4, 1994. 

26. H. Tsai. R. V. Strain, H. M. Chung, and D. L. Smith, “Status of Dynamic Helium Charging 
Experiment (DHCE),” in this report. 

H. M. Chung, H:C. Tsai, L. Nowicki, J. Gazda, and D. L. Smith, “Swelling and Structure of 
Vanadium Alloys lrradiated in the Dynamic Helium Charging Experiment,” in this report. 

4. 

5 .  

6. 

7. 

8 .  
9. 

(1988), pp. 179-189. 

22. 

27. 



220 

STATUS OF THE DYNAMIC HELIUM CHARGING EXPERIMENT* 
H. Tsai, R. V. Strain, H. M. Chung, and D. L. Smith (Argonne National Laboratory) 

OBJECTIVE 

The objective of the dynamic helium charging experiment (DHCE) is to investigate the effects of concurrent 
helium production and fast-neutron irradiation on the physical and mechanical properties of vanadium-based 
alloys for fusion blanket applications. A major task in this reporting period was to disassemble the tritium- 
hearing DHCE capculcs to retrieve irradiated specimens for examination and testing. 

SUMMARY 

Seven DHCE capsules containing vanadium-alloy specimens were irradiated in the MOTA-2B vehicle in FFTF 
to -20-29 dpa. In this and the previous reporting periods, equipment and procedures were developed at Argonne 
National Laboratory-East to disassemhle these capsules. Six of the seven capsules have been disassembled. 
(The seventh capsule was processed in April 1994, immediately following this reporting period.) Effluence of 
tritium into the cell exhaust was <2% of the total inventory. No contamination incidents occurred during the 
DHCE disassembly work. Initial testing of the retrieved specimens is under way. 

PROGRESS AND STATUS 

Introduction 

Because helium generated in vanadium-based structural materials from (n,a) reactions may affect the physical 
and mechanical properties of these materials for fusion reactor applications, the potential effects of enhanced 
helium generation to levels comparable in fusion reactors must he studied. This was achieved in the DHCE in 
the FFTF MOTA-2B by doping the lithium bond in the capsules with tritium, which diffused into the 
specimens and subsequently decayed in-situ into helium. Tritium doping was performed by placing a piece of 
tritiated vanadium foil i n  the capsule during assembly. Additional tritium generation from the (n,T) reactions 
with 6Li in the lithium bond replenished the tritium lost to diffusion leakage through the capsule wall. 
A detailed description of the DHCE capsules is provided in Refs. 1-3. 

In processing the irradiated DHCE capsules to retrieve the specimens, the main challenge was to contain the 
tritium, which ranged between 17 and 99 Ci per capsule, in the capsules. Because of the induced radioactivity 
in the capsule material (molybdenum-based TZM alloy), capsule disassembly was performed remotely in a hot 
cell. 

System Descridion 

The basic approach adopted for capsule disassembly was to use liquid ammonia (-33°C bp) to dissolve the 
lithium bond, alcohol to rinse the retrieved specimens, and chemical getters (containing a reactive metal alloy) 
to trap the released tritium gas. The system, built specifically for these tasks, consisted of a capsule-puncture 
jig, a chamber for ammonia dissolution and alcohol rinsing, two stages of cold traps at liquid-nitrogen 
temperature to remove (by condensation) the ammonia and alcohol vapors from the process gas stream, and two 
or three chemical getters in series. The capsules were processed one at a time. Except during capsule loading 
and unloading, the entire system was isolated from the cell atmosphere and maintained under a purge of high- 
purity (99.999%) nitrogen gas. Nitrogen was selected mainly for its compatibility with the tritium detectors 
because, unexpectedly, helium gas. the first choice, caused the ionization chambers in the tritium detectors to 

*Work supported by the Office of Fusion Energy. U.S. Department of Energy. under Contract W-31-109-Eng-38 
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arc. The puncture jig and the dissolution chamber were located inside the hot cell; the remainder of the system 
was out-of-cell in a nearby vented cabinet. Flow meters, pressure gauges, thermometers, and tritium monitors 
were deployed at various locations in the systcm to provide operational data. A schematic representation of the 
system, showing two getters, is shown in Fig. 1. 

The equipment most critical to successful operation was the remotely operated dissolution chamber. The final 
design incorporated a counterbalanced top cover capable of maintaining hermeticity up to =3 x I O  Pa ( 5  psi) 
positive pressure, a translucent (for viewing purposes) chamber body that could be slid back and forth to 
facilitate removallreplacement of used ammonia and alcohol beakers, a feed line that permitted the loading of 
liquid ammonia directly from a supply cylinder without breaking the hermeticity, a heater in the base to 
evaporate excess liquid ammonia, and all necessary purge lines. 

Procedures 

The major steps used for the disassembly of the capsules were as follows: 

4 

1 .  

2. 

3 .  

Puncture the capsule in the puncture jig and sweep the released gas to the tritium getters before venting. 

Open the capsule with a tubing cutter to expose the contents inside. 

Load the opencd capsule into a wire-mesh specimen basket and attach the specimen basket to a support 
rod in the dissolution chamber. 

After thoroughly purging the chamber, load liquid ammonia directly from a supply cylinder into a beaker 
in the chamber. Lower the specimen basket into the ammonia to dissolve the lithium bond that encased 
the specimens. Condense all evaporated ammonia in the gas stream with the cold traps and send the 
swept gas to the tritium getters. 

When lithium dissolution is complete, raise the specimen basket above the ammonia and evaporate the 
residual ammonia in the beaker. Condense the ammonia vapor and trap the tritium gas as in Step 4. 

Open the dissolution chamber and remove the used ammonia beaker with the reaction residues (a thin 
crust possibly containing azide, amide, and hydroxide). 

In the same enclosed chamber but with a new beaker, load alcohol into the beaker and use alcohol to 
remove the surface residues on the specimens. Condense the evaporated alcohol as in Step 4 and send the 
swept gas to the tritium getters. 

8. Repeat the rinsing or specimens in clean alcohol in the open atmosphere of the cell 

9. Completely evaporate the residual alcohol remaining in the beakers from Steps 7 and 8. 

10. Allow the cold traps to return to room temperature and vent the contents (condensed ammonia and 
alcohol) in preparation for the next capsule. 

4. 

5.  

6. 

7. 

Steps 2, 3 ,  6, 8, and 9 involved operations in the open atmosphere of the cell. Tritium releases during these 
operations were monitored with a monitor located in the cell exhaust duct (T5, see Fig. I ) .  The releases were 
found to he small and well within the allowable limits. Step 10 was also performed under fully monitored 
conditions, with monitors T2 and T4, shown in  Fig. 1. Because tritiation of ammonia or alcohol was 
minimal, the releases werc also small and well within allowable exhaust limits. The total tritium release from 
these operations to the cell exhaust was <2% of the tritium content of the capsules. 

Prior to the processing of the DHCE capsules, two dry runs, with low-tritium capsules (COBRA-IA capsules 
V575 and V680 for the first and MOTA capsule V673 for the second) were completed. In the first dry run, the 
second-stage tritium getter overheated, evidently because the portable tritium monitor was deployed between the 
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two tritium getters to monitor the performance of the first getter. The monitor had a built-in recirculating 
pump to sample the process gas in the line. Apparently, the recirculating system contained an unforeseen air 
leak, which introduced oxygen to the line and caused an excessive reaction with the getter alloy. This situation 
was rectified by relocating the tritium monitor downstream of all getters, and the affected getter was replaced 
before the second dry run. The relocated monitor is shown as T3 in Fig. I .  After this modification, no further 
overheating occurred. The overheating did not cause a tritium release hecause the structural integrity of the 
affected getter was not breached. Any tritium release would have been small hecause of the insignificant 
tritium content of V575 and V680 capsules. 

RESULTS AND CONCLUSIONS 

Six of the seven DHCE capsules were processed in this reporting period. The seventh, i.e., capsule 4D1, was 
processed immediately after this reporting period, on April 4, 1994. The sequence of processing was generally 
in ascending order of tritium content of the capsules to gain experiencc and avoid a large inadvertent tritium 
release should an error develop in either the hardware or the procedures during the processing of the rirst 
capsules. 

Tritium removal for the first DHCE capsule, 5C1, was suhstantially more difficult than the dry runs. The 
cause of the difficulty was apparently an insufficient opening of the capsule for the ammonia to dissolve the 
lithium. In the interest of protecting the test specimens to the maximum extent possible, only two cuts, one 
at each end of the capsule, were made. The elongated capsule geometry (120 mm long x 9 mm ID) and the 
tightness of specimen packing in the capsule were such that prolonged and repeated rinsing was necessary to 
remove the lithium bond. Although all specimens were eventually successfully retrieved, the strain on the 
equipment and operators was substantial. After the 5C1 operation, the procedure was modified to include a 
third cut, near the middle of the capsule, where the specimens were still protected by the coiled vanadium 
mother alloy. A further advantage of this third cut was that the brittle TZM capsule would invariably split 
longitudinally and create more contact surfaces for dissolution. With this modification, all remaining capsules 
were processed with minimal difficulties. 

It was necessary to replace the reactive metal cartridges in the tritium getters twicc during the experiment. The 
apparent lack of capacity of the cartridges was possibly the result of contamination of the reactive metal by 
ammonia and alcohol vapors that escaped the cold traps upstream of the getters. In any future work, a third- 
stage cold trap will be added to improve condensation efficiency. Rcplacernent of the tritium-bearing reactive- 
metal getter cartridges in a fume hood was straightforward and caused no  contamination. 

Tritium concentrations in the process gas were measured by tritium monitors in the system. The recorded data 
were integrated to yield the estimated quantities of gaseous tritium released during each of the major steps of the 
operation. The results are summarized in Table I .  In all cases, most of the tritium release (up to =50-60% of 
the total inventory in the capsule) occurred during the ammonia dissolution process (Step 4). All other 
releases, such as those from plenum gas venting, alcohol rinsing, or venting of the condensers, were 
substantially smaller. Much of the unaccounted-for tritium activity is apparently contained in the reaction 
residues formed at the bottom of the ammonia beaker after evaporation. These heakers will be carefully 
disposed of by approved procedures in the near future. 

Radiographs of the assembled capsules before irradiation show that some of the tensile specimens in the DHCE 
capsules were not fully immersed in the lithium bond, apparently because of interference with the tritiated 
mother alloy coil, and jam-packing of the specimens. During capsule disassembly, the elevated positions of 
these specimens were generally confirmed visually. For future in-reactor experiments, both specimen packing 
density and internal capsule design should be reviewed to ensure proper lithium bonding of all specimens. 
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Table 1. Integrated tritium activity measured during the processing of DHCE capsules 

Tritium Activity (Ci) 

Capsule I d .  Tritium Capsule Ammonia Alcohol Ammonia 
No.' Temp. ("C) Content Puncture Dissolved Evaporated Rinse Venting Total 

5 c  1 600 16 <0.001 2.0 1.1 1.4 0.03 4.5 
5E2 42.' 26 <0.001 I .7 0.4 1.2 0.06 3.4 
5 c 2  600 18 <0.001 11.4 0.6 0.2 0. I 12.3 
SEI 500 57 <0.001 = I 9 5  1.1 3.4 0.1 =24.1 
4D2 42.5 70 <0.001 33.0 2.8 2.3 0.3 38.4 

4D 1 425 99 <0.001 37.3 5.9 2.8 0.3 46.3 
SD 1 son 74 <0.001 N D ~  ND ND ND ND 

'The order of the processing sequence. 
2ND: No data, due to malfunctioning of the tritium detector. 
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Fabrication of Vanadium AUoy product Forms for Specimen Prepamtion - M. L. Grossbeck, 
T. K. Roche, W. S. Eathefly, F. F. Dyer. and N. H. Rouse (Oak Ridge National Laboratory) 

This project was undertaken to determine the proper methods of working and heat mating vanadium alloys 
and to prepare the proper thicknesses of sheet and plate of vanadium alloys in order to machine test 
specimens. 

SUMMARY 

The alloy V-5Cr-STi (Teledyue Wab Chang heat 832394) was received in the form of a 6.35 mm plate and 
was rolled to 3.81 mm plate and 0.76 mm sheet. The 3.81 mm plate was used for Charpy impact 
specimens and the 0.76 mm sheet was used for tensile specimens and welding experiments. Since 
interstitial impurities are important strengthening and embrittling agents in refractory metals, all anneals 
had to be done in ultraaigh vacuum furnaces. 

PROGRESS AND STATUS 

Vanadium alloys have received renewed attention for application to the International Thermonuclear 
Experimental Reactor (ITEX). The high thermal conductivity and low coefficient of thermal expansion of 
vanadium result in low thermal stresses as opposed to those of stainless steels which lead to high thermal 
stresses and resultant thermal fatigue. Vanadium alloys (V-Cr-Ti) have low neutron activation properties 
and do not form long-lived radionuclides. Both of these properties make vanadium alloys attractive for 
fusion reactor application. 

In order to perform Phase I design, the physical and mechanical properties of the particular vanadium alloys 
to be used must be available. It has been proposed to use a V 4 C r 4 T i  alloy for fust wall and blanket 
structures of the ITER.' The work described here was carried ont wing a V-5Cr-5Ti alloy (Wah Chang 
heat number 832394). This material is also referred to as alloy BL63 by researchers at Argonne National 
Laboratory (ANL). Previous studies at ANL showed that the V-5Cr-5Ti alloy (BL63) had inferior Charpy 
impact properties compared to a V4Cr-4Ti alloy (BL47). It was suggested that these inferior properties 
could be related to the presence of CI contamination arising from the Ti sponge material used in the 
production of alloy BL632 

This work was undertaken to provide material for a variety of physical and mechanical property 
measurements. The physical properties that were investigated were Poisson's ratio, Young's modulus, 
Lame constants, thermal conductivity. thermal expansion, and specific heat. The mechanical properties 
were fatigue and Charpy impact. The results of these tests and measurements are reported in this 
volume.3.4 

The following discussion applies to the group Vb metals, V, Nb, and Ta. This group of metals is 
characterized by very high melting points, 1890°C for vanadium up to 2996OC for tantalum. However, 
despite their otherwise excellent high temperature properties, these metals form stable oxides which are 
volatile at temperatures where the metals would otherwise be useful. It is the oxidation properties of these 
metals which precludes their use at high temperatures in an air environment. The oxide V2O5 has the 
additional but fascinating property that it has a melting point of 675OC so that the surface of vanadium 
becomes wet and drips oxide when heated in air above this temperature5 Not only is surface oxidation 
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important, but dissolved oxygen as well as other interstitials are potent hardeners in these metals. The 
effect of small concentrations of interstitials is shown in Fig. 1 where the anbrittlmg effect of interstitials 
is illustrated for vanadium6 

V 
a 

Fig. 1. Effect of 0, N, and C on the total elongation of vanadium at room temperature (from Kainuma 
et al.. J. Nucl. Mater 80 (1979). 339. 

In a fusion reactor, vanadium alloys would be in contact with liquid lithium which forms more stable 
oxides than vanadium, and oxygen would partition almost entirely in the Li. Nitrogen is still a 
consideration. In fabrication of vanadium alloys, ultra-high vacuum must be used for all high-temperature 
heat treatments. However, such precautions only slow the dissolution of oxygen and nitrogen. This is 
illustrated in Fig. 2 where the oxygen concentration in solution in vanadium in equilibrium with external 
oxygen is p l ~ t t e d . ~  As can be seen from the prohibitively high vacuums, and resulting high 
concentrations in solution, it is not possible to eliminate oxygen absorption during processing and 
application of the metal in high-temperahue systems. It is only possible to slow the process by reducing 
the rate at which atoms impinge on the surface and by keeping the time at high temperatures to a 
minimum. 

Since the concentration of interstitials in solid solution determines the hardness of the matrix and often 
leads to embrittlement, getters can be used in design of refractory metal alloys. In the present alloy, V- 
5Cr-5Ti. titanium serves this purpose. Previous studies have shown that the primary precipitates 
identified in vanadium alloys are Ti(O.N,C), titanium oxycarbnitrides8 In this case, more relevant than 
the interstitial concentration in equilibrium with an external gas is the concentration in equilibrium with an 
internal phase. This depends on the temperature as well as the particular precipitate. Therefore, the 
temperature of the last heat treatment received by the alloy determines the interstitial concentration 
quenched into the matrix. Of course, a slow cool would result in a different concentration than a rapid 
quench. This is one reason that the properties of refractory metal alloys are very sensitive to heat 
treament 

Hydrogen is also important in determining properties. In particular, hydrogen severely embrittles vanadium 
alloys under the proper conditions. The relative effects of interstitial embriolement are illustrated in Fig. 3 
where a tensile ductile-brittle transition temperature is plotted as a function of concentration of H, 0. N, 
and C g  The embrittling effect of hydrogen can be clearly seen from the data presented. Information on the 
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nature of hydrogen embrittlement can be obtained from Fig. 4 where the temperature and concenmtion 
dependence is shown.10 The relationship between the brittle transition temperature and the appearance Of 
hydride can be seen. It is clear at the lower concenmtions of hydrogen that emhrittlemenl occurs at a 
temperature above that of hydride formation. The transition temperature can be compared with the hydride 
solvus measured by resistivity shown in Fig. 5.11 It can be seen that the ductilebrittle transition 
temperature is slightly above the hydride solvus temperature. This can be understood in terms of stress- 
induced hydride formation 2t the tip of a moving crack. This phenomenon was studied in niobium where 
the formation of stressinduced hydride was confiied.12 

The ease with which hydrogen can be invoduced into refractory metal alloys is remarkable. A method used 
routinely at Argonne National Laboratory to introduce hydrogen is polishing in water followed by a 
homogenization heat treatment.13 The surface oxide appears to function as a barrier to hydrogen, but if it 
is removed by polishing, scratching, or chemical etching, hydrogen may be introduced from an aqueous 
medium, moisture in air, or an acid. Whenever possible, a high temperature outgassing heat treatment 
should be employed prior to testing or use of vanadium alloys. In the present evaluation program, grinding 
and elemdischarge machining (EDM) were not used so as not to inuoduce locally high concentrations of 
hydrogen sufficient to nucleate cracks which would remain even after an outgassing treatment. The 
tolerance of vanadium alloys to normal machining operations remains to be investigated further. 

Exoerimental Procedurt 

From the above considerations it is apparent that extreme precautions must be taken in handling vanadium 
alloys. All high temperature anneals must be conducted in UHV furnaces, and hot rolling operations must 
be followed by pickling to remove oxide. The process began with 6.35 mm thick plate of V-5Cr-5Ti of 
Teledyne Wah Chang Albany Corp. heat 832394. Two strips were sheared 63.5 mm x 305 nun. This 
plate was received in the annealed condition: however, it was labeled as 50% worked when received. As a 
result, the processing began with annealing. The steps are shown in Fig. 6. Annealing was done at 
1125'C for one hour in a resistance heated furnace. The base pressure was in the low lC5 Pa range prior 
to heating. During the anneal, the pressure rose into the low to mid l e  Pa range. All plates and sheets 
were wrapped in Ta foil. Analysis for interstitial impurities was conducted following all annealing and 
some rolling steps. The results of the analyses are also shown in Fig. 6. It is clear that no significant 
interstitial contamination resulted from the processing. 

Rolling was done at 25C~300"C with a maximum reduction of 5 %  per pass. As can be seen from Fig. 6, 
deformation did not exceed 50% prior to annealing. Before each anneal, the material was pickled in 30% 
"03 - 10% HF - 60% H 2 0  for five minutes to remove oxide and ferrous metal contamination from the 
rolls. The major product forms produced were 3.56 mm plate for C h q y  impact specimens and 0.76 mm 
sheet for tensile specimens. AU products were fluorescent dye checked for surface cracks prior to fabrication 
of specimens. 

Chemical Analvsis 

Chemical analyses were of three types. The frst was analysis for the interstitial elements: inert gas fusion 
analysis for 0, N, and H, and high temperature combustion analysis for C. These analyses were conducted 
by Leco Corp., St. Joseph, MI. The second analysis was glow discharge mass spectrometry used for the 
major elements and substitutional impurities. The third was neutron activation analysis which was focused 
primarily on the element chlorine. The results are provided in Fig. 6 and Tables 1-2. 
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Table 1. Chemical Analysis for V-50-5Ti (Heat 832394) Excluding Gaseous Impurities 
Glow Discharge Mass Spectrometry Ingot Analysis by Vendor 

ImLimJ ImLiQnZ 
% ppm % ppm % ppm 

Al <300 190 210 
B <5 <5 cr 4.2 4.3 
Fe <450 
Hf 13 
Mo 
Nb 
Ni 

360 
<75 
13 

4.6 

4 0  <50 

P <25 <30 <30 
S 8* 30 20 
Si <310 300 310 
Ti 5.4 5.1 5.1 
U <1 <I 
V bal bal bal 
W 26 
zr <I00 

*High temperature combustion analysis 

Table 2. Chemical Composition Determined by Neutron Activation Analysis (wt  ppm) 
Fit Irradiation Second Irradiation 

Element Conc !?AI Conc Err 
Na 1.8 0.04 0.06 0.02 
K 1.7 1 

Mo 
w 

170 60 
1.7 0.03 1.5 0.04 
0.6 0.04 
330 
29 

40 
0.1 

350 
27 

80 
0.1 

Au <0.005 <.007 
Hf 20 2 
Ta 10 1 

Table 1 shows the result of glow discharge mass analysis for major elements and substitutional impurities. 
Since standards were not used, the results are accurate to about f30%. Also included in the table are the 
results of the ingot analysis provided by the vendor. Considering the limits of error, close agreement is 
apparent for elements that appear in both analyses. 

Results of analyses for gaseous interstitials appear in Fig. 6. Carbon was monitored during processing in 
order to guard against contamination from the rolling process. Oxygen was monitored carefully to control 
contamination during the high temperature anneals. As can be seen from Fig. 6, the oxygen concentration 
slowly increased during the processing by about 10%. Contamination of this magnitude is almost 
unavoidable during processing on this scale. Nitrogen, a slower diffuser, did not increase significantly 
during the processing. Hydrogen was very low following all high temperature anneals as expected because 
of its very high diffusivity and low partial pressure in the vacuum systems. 
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Fig. 4. Ductility of vanadium containing hydrogen as a function of test temperature. Cross-hatched 
vertical band indicates the temperature range of visual observation of hydride (from Owen and 
Scott, Met. Trans. 3 (1972) 1715. 
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Fig. 5. Effect of oxygen on the solubility limit of hydrogen in vanadium. 0 Wire, hydrogen charged 
electrolytically after UHV treatment. 0 Hydrogen charged electrolytically after oxygen addition 
(-1300 at. ppm). Sheet, charged with hyrcdrogen gas. 0 Sheet, charged with hydrogen gas 
after oxygen addition (-3200 at. ppm). A Sheet, charged with hydrogen gas after oxygen addition 
(-3200 at. ppm), 17 h wait for equilibrium at each temperature. (a) “ h e ”  vanadium, (b) 2000 at. 
ppm additional oxygen, (c) 4ooo at. ppm additional oxygen, (e) 6ooo at. ppm additional oxygen 
(from Westlake and Ockers, Met. Trans. 6a (1975). 399. 
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ORNL-DWG 94-9367 

PROCESSING STEPS SHOWING INTERSTITIAL 
CONCENTRATIONS AS DETERMINED BY 

VACUUM FUSION ANALYSIS (wt. ppm) 

CONCENTRATION 
CONDITION (wppm) 

ANNEAL 

46% RA 

ANNEAL 

SPECIMENS 

ANNEAL swmw O N H  
373 58 0.2 

0.050 38% RA 

ANNEAL 

0.030 4OYo RA 

ss-3 I !  
TENSILE 

SPECIMENS 

Fig. 6. Processing history of V-SCr-5Ti. Condition refers to the reduction during rolling. Interstitial 
concentrations correspond to the step in the flow sheet where they are positioned. SW and DW 
refer to single and double Ta wrap. 
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The analysis for chlorine requires some introduction. Inferior impact properties of V-5Cr-5Ti oyah Chang 
Heat 832394) have been attributed to contamination by chlorine introduced through the Ti sponge used in 
its production.2 To further investigate this mechanism, Auger electron spectrometry was used to search for 
chlorinmntaining precipitates on fracture surfaces.14 In addition, neutron activation analysis was used to 
determine the concentration of chlorine in the alloys. 

In neutron activation analysis, the experimenter must select irradiation and decay times to favor detection of 
the W i d  elements. In this research. the analysis was optimized for chlorine although other elements were 
accurately measured and reported, as shown in Table 2. Two irradiations were ma& the fust was made 
using a conventional acetone wash prior to irradiation. As can be seen in Table 2, Na and CI were present 
in nearly equal concentrations. This raises the suspicion that the elements are from NaCl from finger 
prints on the surface. The samples were subsequently washed with both acetone and high-purity water and 
reirradiated. The fust irradiation was made for 300 s and the second for 60 s. Gamma spectra were 
acquired for about 90 minutes after each irradiation. 

Vanadium forms 52V by the reaction 51V(n,y)52V with a half-life of 3.7 minutes. The cross section is 
4.9 barns, and the gamma energy is 1434 keV. Chlorine forms 38Cl by the reaction 37Cl(n,y)38Cl. 'Ihe 
half-life is 37.2 minutes, thus there is only a short window of time when the 52V has cooled enough and 
before the 38Cl has decayed too much. when the 38Cl can be measured. The decay time was refined 
following the fust irradiation, but C1 could be measured at concentrations below 1 ppm in both cases. The 
errors listed in Table 2 are exclusively counting errors expressed approximately at the 95% confidence 
limit. Experience has shown that elements with stable isotopes that activate with "llv or near Uv" cross 
sections can be measured by absolute neutron activation analysis using the ORNL system with 
uncenainties of only a few percent. Overall errors due to factors other than counting statistics (is.  sample- 
to-sample flux differences, counting geometries. etc.) are no larger than 5-10 %. This conclusion has been 
reached after the analysis of numerous standard reference materials from NIST having certified trace element 
concentration. Elements such as Cr. Zn, Hf. and Ta that yield long-lived radionuclides were not measured 
after the second irradiation because the induced activities were already present in larger amounts from the 
first irradiation. 

As can be seen from Table 2, the CI concentration dropped by a factor of 5 to 10 following the cleaning 
and second irradiation. In addition, the C1 concentration no longer correlates with the Na concentration. 
The buk C1 concentration was measured to be about 0.2 ppm. For comparison, V-4Cr4Ti (BL.47). V- 
5Ti (BL46), and commercial Ti sponge were also analyzed. The CI concentrations were determined to be 
~ 0 . 8 ,  0.35, and 34 ppm, respectively. The analyses show that Ti sponge is indeed high in C1, but the 
vanadium alloys under study have nearly the same trace concentrations of C1. 

CONCLUSIONS 

1. Plate of 3.6 mm thickness for Charpy specimens and sheet of 0.76 mm thickness were prepared from 
6.35 mm plate of V-5Cr-5Ti. 

2. The oxygen concentration in the alloy was increased by only about 10% during the processing, and the 
carbon and nitrogen were not measurably altered. 

3. It was determined that chlorine concentrations did not diffm significantly among the vanadium alloys 
studied and were below ppm concentrations in all cases. 

FUTURE WORK 

Techniques have now been worked out to fabricate vanadium plate and sheet on a laboratory scale. With 
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satisfactory control of interstitial impurities; these techniques will be used to fabricate specimens for 
irradiation environments. 
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WELDING DEVELOPMENT FOR V-Cr-Ti ALLOYS - G. M. Goodwin and J. F. King (Oak Ridge 
National Labaatory) 

OBJECITVE 

A vanadium smcture, cooled with liquid helium, is the favored concept for an advanced breeding blanket for 
ITER. The objective of this task is to develop the metallurgical and technological basis for the welding of 
thick sections of V-Cr-Ti alloys. 

SUMMARY 

Welds have been produced and chmcterized using the gas-tungsten arc (GTA) and electron beam (EB) 
welding processes. 'Ihin sheet (0.75 nun) welds were made with Uuee levels of interstitial contamination, 
and hardness and tensile properties were found to k strongly affected by oxygen pickup. Thick-section 
(6 nun) welds have k e n  produced using both processes. and no embrittlement is experienced when high 
purity atmosphere is maintained. Metallographic examination shows a narrow. but coarse grained, heat 
affected zone for the GTA welds. Transition joint welding development between vanadium alloy and 
stainless steel has shown encouraging results. 

PROGRESS AND STATUS 

Introduction 

The weldahility of a V-Cr-Ti alloy is being characterized. The reactive nature of vanadium alloys causes 
concerns with welding the potentially large components of the ITER system, and the selection of weld 
processes and procedures will have strong economic impact on component fabrication. Several welding 
processes are being evaluated, with the primary consideration being the effect of interstitial pickup on 
mechanical properties. 

The starting material was an annealed plate, 7 mm thick, of alloy BL63 containing 4.6 wt % Cr, 5.1 wt % 
Ti, 440 wppm 0 . 2 8  wppm N, 73 wppm C, and 310 wppm Si. This material was also used to fabricate 
0.75 nun thick sheet by warm rolling at -3WC with intermediate anneals at 1125°C. Both gas-tungsten 
arc (GTA) and electron beam (EB) processes are king investigated. 

i&ults 

Parameters established for full penetration autogeneous gas-tungsten arc welds in 0.75 nun sheet were 
90 amperes direct current electrode negative, 10.6 d s e c  travel speed, and 1.1 nun arc length. Sensitivity 
to hot cracking was measured using the Sigmajig test, which gave a threshold cracking stress of 138- 
172 MPa. This level of cracking resistance is similar to some stainless steels, and indicates that hot 
cracking is unlikely to be a problem, except possibly in thick sections under high restraint. 

Welds were then produced in argon using three levels of contamination: conventional gas shielding in the 
ambient environment, and 2% and <lo ppm oxygen in an armosphere chamber. Tensile specimens were 
punched from the sheets with the weld bead located at the middle of the 12.7 nun gage length. Tests were 
performed on a Gleeble thermomechanical simulator at strain rates of 1.6 x 7.9 x lo-*, and 1.6 per 
second. As s w e d  in Table 1, increasing strain rate typically increased yield and ultimate strength and 
decreased total elongation by roughly 50%. Specimens made in the high purity atmosphere (<lo ppm 
oxygen) all failed in the base metal while the other two environments (2% oxygen and conventional 
practice) resulted in all failures at the weld centerliie with less than 5% total elongation. Microhardness 
measurements showed the high purity atmosphere welds to be approximately 200 dph at all locations, 
whereas the contaminated welds were hardened to levels of 650 dph in the heat affected zone and lo00 dph 
in the fusion zone. Additional testing will be required to determine more specifically how much oxygen 
can be tolerated, and what types of shielding techniques will be required. 
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Fig. la. Fusion zone and heat affected zone of a multipass GTA weld in V-SCr-5Ti. 

400pm , 50X 

Fig. lb. Columnar grains in the fusion zone near the fusion line. 
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Welds have also been produced in 6 mm thick plate using both the EB and GTA processes. Autogeneous 
full penetration bead-on-plate EB welds were produced using 15 mA at 150 kV and a travel speed of 
8.5 d s .  Multipass single-vee groove GTA welds were made. using filler metal from the same heat, 
either sheared from 0.75 mm sheet, or machined from the thicker plate. The chamber atmosphere was 
maintained at less than 50 ppm water vapor plus oxygen throughout the welding operation. Using a 
welding current of 100 to 160 amperes, 8 to 10 passes were required to fdl the 75" included angle groove. 
As was the case with the thin sheet welds produced in a high quality atmosphere, microbardness traverses 
across the weldment showed approximately 200 dph at all locations, indicating minimal interstitial 
embrittlement. Metallographic examination of a weld cross section (Fig. 1) shows large columnar fusion 
zone grains, and a narrow, but coarse grained. heat-affected zone. 

In anticipation of the need for rransition joints in the fust wall/divertor structure, dissimilar metal welds 
have been produced between V-5Cr-5Ti and type 304L stainless steel. Initial results using type 308 filler 
metal look promising. Lap joints between 0.75 mm vanadium alloy sheet and 0.88 mm thick type 304L 
sheet were made with 1.13 mm diameter fdler material in the glove box in pure argon. 

and 0uU1 'ne of Weld Deve lonment Plan 

The reactive nature of vanadium alloys with some elements at elevated temperature causes concerns with 
welding the potentially large components of the ITER system. Vanadium alloys have high solubilities for 
carbon, oxygen, nitrogen, and hydrogen, which dissolve interstitially. These elements can significantly 
effect the mechanical properties of these alloys. The weldability and weldment properties of vanadium and 
its alloys have not been studied extensively and it is important to have a basic understanding of weldability 
for potential lTER applications. The effect of alloy composition on weldability and weldment properties 
needs to be established. Joining processes must be identified that can be adapted to welding large, thick 
section components in both fabricating shops and during installation at the reactor site. Since little 
welding experience with vanadium alloys has been documented in the literature, it is essential that this 
technology be developed. 

The effects of various concentrations of interstitial elements on vanadium alloy weld metal mechanical 
properties, including tensile and impact energy, will be determined. Weldments will be produced in a 
vacuum inert-gas purged glove box that bas welding amosphere monitoring instrumentation for oxygen, 
nitrogen, hydrogen. and water vapor. The environment in the chamber will be varied from high purity 
argon IO argon containing intentionally higher concenmtions of oxygen and nitrogen for a series of 
weldments produced by the gas tungsten arc process. Weld metal from these test plates will be examined 
by metallography and evaluated by microhardness measurements and Cbarpy V-notch testing. Weldment 
specimens will be tested both as-welded and after postweld heat treatment. Postweld heat treatment 
temperature will be evaluated to determine the effect on shifting the DBlT of weld metal. Postweld heat 
treatments near 400°C will be evaluated to remove hydrogen. Higher temperatures around 950°C will react 
the oxygen with the titanium. provide stress relief to the weldment, and remove the hydrogen. The 
concentration and distribution of the various alloying elements and the interstitial element conraminants in 
the weld metal will be determined for some of these specimens. 

Weldability evaluations and weldment mechanical property determinations will be made for available alloys 
of the experimental compositions planned for the ITER program. These results will provide useful 
information for establishing vanadium filler metal compositions. It will be determined if a matching 
composition filler metal provides adequate properties and weldability or if a modified composition is 
desirable. 

Comparisons of gas tungsten arc weld metal properties will be made to electron beam welded vanadium 
alloys. The electron beam welds produced in a high vacuum environment are not exposed to the interstitial 
contaminants found in weldments produced by the arc process. For experimental purposes, welding 
parameters can be adjusted to produce weldments with grain sizes varying from fme grain to coarse grain as 
in multipass arc welds. The effect of weldment grain sue on mechanical properties will be assessed. If it 
is determined that more extensive investigations are needed, the Gleeble thermomecbanical test equipment 
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will be utilized to produce similar microstructures in test coupons. This equipment has the capability of 
reproducing weld heating and cooling rates typical of the various welding processes in bulk specimens to 
pmduce varying grain sizes. Subsequent testing can then determine the effects of grain sizes on mechanical 
properties 

The vanadium welding technology derived from this study will be necessary to support the selection of the 
applicable welding processes for fabrication of the ITER components. Determination of the requirements 
for welding environment purity, weldment properties, and heat treatments will be essential to both 
specifying the welding processes and developing the welding procedures. The economics of component 
fabrication will depend heavily on the findings of this effort. Three welding processes currently have the 
highest potential for joining the vanadium alloy componenB proposed for the ITER project. These are the 
gas tungsten arc (GTAW), electron beam (EBW). and laser beam (LBW) welding processes. For the EBW 
process. interstitial contamination is avoided, hut at a high price; welding systems cost in excess of $1 
million and even the largest chambers available will not hold the full-sized ITER components. Fit-up of 
parts must be excellent and machining tolerances very tight. Properly applied, however, the EBW process 
should give the best possible weldment properties. With both of the gas-shielded processes, GTAW and 
LBW. the potential for interstitial pickup exists. The extent of protection offered is determined by the type 
of shielding, e.g. local trailing shields, flexible enclosures, or rigid chambers, both pumped and continuous 
flow. In general, the cost increases as shielding quality improves. Other welding processes may be 
identified for specific applications as the design process continues. 
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Heat ID 

ORNL 14272 
WC 832394 

CHEMICAL AND MECHANICAL INTERACTIONS OF INTERSTITIALS IN V-5%Cr-5%Ti - 
J. H. DeVan, J. R. DiStefano. and J. W. Hendricks (Oak Ridge National Laboratory) 

Concentration ( ~ 1 % )  Concentration (wt ppm) 
Cr Ti Fe 0 N C Si 
4.0 5.6 0.11 3211 512 204 1100 
4.2 5.4 <oms 427 52 40 4 0 3  1 

OBJECTIVE 

A vanadium alloy structure cooled with liquid Lithium is the favored concept for an advanced breeding 
blanket for ITER. The objective of this task is to determine the kinetics of reactions of vanadium alloys 
with hydrogen and oxygen as a function of alloy composition and TMT. 

SUMMARY 

Gas-metal reaction studies of V-5Cr-5Ti were conducted to determine the kinetics of reactions with H2 and 
02. respectively, at 400-5WC. Reaction rates were determined through weight change measurements and 
chemical analyses, and effects on mechanical properties were evaluated by room temperature tensile tests. 
Exposure to hydrogen at pressures between l o 4  to l o 2  torr lowered the tensile ductiIity in the case of 
coarse-grained specimens but had little effect on finer-grained specimens. Similarly oxygen uptake at 
SWC. at concentrations as low as 200 ppm (by weight), significantly lowered the dncrility of the coarser- 
grained but not the finer-grained material. 

INTRODUCnON 

Materials and procedures 

Interactions of the V-5Cr-5Ti alloy with hydrogen were investigated using an ultra-high vacuum Sievert's 
apparatus to control the hydrogen pressure and temperature at conditions prototypic of the ITER plasma- 
first wall interface and the divertor. High punty hydrogen was admitted to the apparatus through a 
controllable leak valve at the same rate that it was extracted by a turbomolecular pump, and the pressure at 
the specimen was fixed within tbe range lorr. Exposure temperatures were 400 and 500T  
with times ranging from 24 to 150 hours. A similar apparatus was used to make controlled oxygen 
additions to the alloy. In this case the alloy was exposed at S W C  for a specified period (typically 4-24 h) 
to pure oxygen at 1-2 x tom, and then was heat treated under ultra-high vacuum to flatten the oxygen 
concentration gradient. Reaction rates were determined through weight change measurements and chemical 
analyses, and effects on mechanical properties were evaluated by m m  temperature tensile tests. 

Two different heats of the V-SCr-5Ti alloy were investigated. The f i s t  was the Teledyne Wah Chang 
Albany heat 832394 (ANL designation BL63), and the second was a small 350 g heat that was drop cast 
and rolled to sheet at Oak Ridge National Laboratory (OM-). Compositions are listed in Table 1. The 
compositions of major components are comparable for the two heats, but iron, silicon, carbon, and 
nitrogen contents are higher in the ORNL beat. Small tensile specimens (SS-3), nominally 0.76 nun 
thick with 1.5 mm x 7.6 nun gage sections, were machined or stamped from 40% warm-reduced sheet 
stock of the alloys. The specimens were then vacuum annealed for 1 h at 1125'C. 

to 
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RESULTS AND DISCUSSION 

Despite significant differences in grain size, discussed below, both heats showed quite similar room 
temperature elongations, which were consistently in the range 29+1 percent. Aging under vacuum (<lo-* 
torr) at 5 W C  produced no significant change in room temperature elongation over times exceeding those of 
the gas exposures (up to 200 h). V-5Cr-5Ti tensile specimens were exposed to Hz at SOOT at pressures 
from torr and were chemically analyzed for hydrogen following tensile testing at room 
temperature. For any given exposure condition, the uptake of hydrogen was similar for the two heats of V- 
5Cr-5Ti and was strongly affected by the rate at which the specimens were cooled from 5 W C  to room 
temperature. As shown in Figure 1, specimens left in the furnace zone and slowly cooled under the 
hydrogen exposure pressure showed significantly higher hydrogen concentrations than companion 
specimens moved quickly to a cold zone in the upper part of the furnace at the same hydrogen pressure. 
The hydrogen concentration of the faster cooled specimens was quite similar to that for pure vanadium at 
5 W C  (based on published data).' Although the hydrogen concentrations of the two heats were comparable 
far a given H2 exposure, the effect on room temperature ductility was quite different between the heats, as 
shown in Table 2. The ORNL heat showed no effect of hydrogen on ductility up to concentrations of 20 
ppm (by weight), and, unless the oxygen content also increased, ductility decreased only slightly at 
hydrogen concentrations approaching 80 ppm. In contrast, the effect of hydrogen on the ductility of beat 
832394 was generally greater for a given concentration and varied from one group of specimens to another. 
The difference in the ductility response showed a strong correlation with grain size differences between the 
heats. Although there were no apparent differences in the annealing treatments prior to testing (1 h at 
1125T). the resultant grain size of heat 832394 was much coarser (ASTM 5-6) than the OFWL heat 
(ASTM 9). Heat 832394 also showed variations in grain size between groups of specimens fabricated from 
the same sheet stock but annealed at different times. Again. the coarser the grain size of the specimen, the 
greater the effect of hydrogen on the ductility. For example, a specimen of ASTM grain size 5 ,  with 20 
ppm hydrogen and a very minor uptake of oxygen, exhibited a ductility of only 3.1%, while a specimen 
with ASTM grain size 6 with 47 ppm hydrogen showed a ductility of 6.8% (Table 2). The hydrogen 
embrittlement mechanism and the role of grain size has not been established, but it does not appear to 
relate to hydride formation, based on microscopic examinations of specimen cross sections and fracture 
surfare?.. 

to 
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Fig. 1. Hydrogen concentration of V and V-5Cr-5Ti as a function of hydrogen pressure at 500°C. 
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Table 2. Room Temperature Tensile R o p d e s  of V-5Cr-5Ti Alloys after Exposure to Hz at 500°C 
ASTM Yield Ultimate 
Grain H Content 0 Content Strength Strength Elong 

Heat Size (wt ppm) (wt ppm) W a )  W a )  (%) 
ORNL 9 0.3* 324 376 456 30.8 
ORNL 9 16 423 429 515 28.6 
ORNL 9 I1 458 49 1 568 21.7 

832394 26  1* 421 410 490 34.7 
832394 26 16 526 482 509 24.6 
832394 26 47 654 511 465 6.8 

832394 s5 1* 410 391 48.3 25.3 
832394 55  2 399 463 55 1 22.3 
832394 5 5  20 445 432 455 3.1 

*Unexposed specimens 

The two V-5Cr-5Ti heats were exposed to oxygen at 1 ~ 1 0 - ~  and 2 ~ 1 0 . ~  torr, respectively, to establish rate 
of oxidation at SOOT and define appropriate boundary conditions for oxygen doping. Reaction rates with 
oxygen under these conditions were slightly greater for the ORNL finer grained heat; however, the effect of 
a given oxygen uptake on room temperature ductility was much less for the Tier grained heat. Table 3 
compares the oxygen uptake by the two heats after 24 h in 1 x D 6  torr oxygen and after 4 h in 2 ~ 1 0 - ~  torr 
oxygen. The former exposure increased the oxygen content by 600-900 ppm (by weight), and the latter 
exposure, by approximately 200-300 ppm. In the as-oxidized condition, the tensile elongation of the 
ORNL heat decreased from 29% to 24% after the 24 h treatment However, after further aging for 96 h in 
vacuum at 5WC, the elongation dropped to 18%. The elongation of the ORNL heat was not affected by 
the initial 4 hour oxidation treatment at 500'C. but further aging for 100 h at 500'C decreased its 
elongation from 29 to 24%. Under the same conditions, the elongation of heat 832394 with ASTM grain 
size 5 was reduced from 29% to 7% by the 24 h oxidation treament, and further aging for 96 h at 5 W C  
resulted in fracture with essentially no yielding. The 4 h oxidation treatment at 2 ~ 1 0 . ~  torr reduced its 
elongation to 24%, and funher annealing in vacuum for 100 h at 5 W C  again resulted in brittle fracture. 
Reducing the grain size of heat 832394 from ASTM 5 to ASTM 6 significantly increased the ductility for 
the same uptake of oxygen. The ductility of this finer grained material after the 4 h oxidation treatment and 
subsequent aging at 5 W C  was essentially the same as that of the ORNL heat. 

Exposure to oxygen at 5 W C  for either 4 or 24 h resulted in near-surface pickup of oxygen, the specimen 
interior remaining relatively uncontaminated. Further annealing for 96-100 h at 5WC distributed the 
oxygen more uniformly over the specimen cross section. In this condition even the small amount of 
oxygen picked up in the 4 h exposures (which actually was less than the residual oxygen content of the 
alloys) substantially affected ductility, particularly in the case of coarse-grained material. It appears that 
oxygen introduced by the 5WC oxidation and aging treatment was retained in an interstitial, solid solution 
form, unliie the residual oxygen in the as-received specimen, which was present as an oxide precipitate. 
This conclusion was borne out by vacuum heat treating the SWC-aged specimens for 4 h at 950'C. As 
shown in Table 3, the 950'C heat treatment essentially restored the ductility of a coarse-grained specimen 
of heat 832394, the elongation increasing from 0.7% before heat treatment lo 24% after heat treabnent. At 
the higher temperature oxygen was able to react with the titanium in the alloy to form an essentially 
insoluble precipitate, and its effect on ductility in this form was much less than in the interstitial form 

In the as-received condition, regardless of the grain size, the tensile specimens showed classic cupkone 
fracture morphologies and relatively large reductions in area Higher magnification revealed that the failure 
mode was transgranular ductile tearing. However, in the case of the coarser-grained specimens with low 
ductiliry after hydrogen or oxygen uptake, the fractures were predominantly intergranular. 



243 

Table 3. Room Temperature Tensile Properties of V-50-5Ti after Exposure to 0 2  at 500°C 

Heat Conditions h e a l i n g  Content Strength Strength Elong 
02 Exposure Post-Oxidation 0 Yield Ultimate 

(torr) @) @) (“0 
ORNL Control 96 500 324 423 506 29.6 
ORNL 1 x10-6 24 Asoxidized 1100 410 481 23.7 
ORNL 1 x 10-6 24 96 500 1180 427 485 18 
o m  2 x 10-6 4 As-oxidizd 624 405 506 28.5 
o w  2 x 10-6 4 100 500 673 433 538 23.8 
ORNL 2 x  10-6 4 100 500 6% 379 485 28.8 

+4 950 

832394 Control 96 500 410 402 506 28.3 
832394 1 x 10-6 24 Asoxidized 996 397 411 7.1 
832394 1 x 10.6 24 96 500 1070 409 431 0.3 
832394 2 x 10-6 4 As-oxidized 637 393 444 15.5 
832394 2 x 10-6 4 100 500 668 401 437 0.7 
832394 2 x 10-6 4 100 500 616 350 456 25.9 

FUTURE WORK 

Transmission electron microscopy will be used to investigate the mechanical and chemical nature of the 
grain boundaries before and after the ingress of hydrogen and oxygen in both the fine-grained and coarse- 
grained materials. The combined effects of hydrogen and oxygen doping at 5WC on rmm temperature 
ductility will also be investigated. 

REFERENCES 

1. E. Fromm and E. Gebhardt, , Springer-Verlag, BerlinlHeidelberg 
(1976). 
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THE RELATIONSHIP BETWEEN RECRYSTALLIZATION TEMPERATURE, GRAIN SIZE, AND 
THE CHARPY IMPACT PROPERTIES OF V-Cr-Ti ALLOYS - M. L. Grossbeck, A. F. Rowcliffe, and 
D. J. Alexander 

OBJECTIVE 

A vanadium structure, cooled with liquid lithium is the favored concept for an advanced breeding blanket for 
ITER. The objective of thii task is to define the processing parameters for optimal alloy performance in 
the V-Cr-R alloy system. 

SUMMARY 

It is shown that the blunt notch Charpy impact properties of a V-5Cr-5Ti alloy are extremely sensitive to 
the grain size distribution developed during the final annealing treatment. Ductile behavior down to liquid 
nitrogen temperatures can be induced, for example, by a treatment at 950°C. rather than annealing at 
1125°C. It is proposed that the resistance to irradiation-induced shift in DBTI reponed by Argonne 
National Laboratory (ANL) researchers for the V4Cr-4Ti alloy is related primarily to the exceptionally 
fme-grained microstructure developed during the low temperature processing mute adopted for this alloy. 

PROGRESS AND STATUS 

Because of their potential ability to accommodate higher heat loads than austenitic stainless steels, and their 
more favorable radio-activation properties, vanadium alloys are being developed for advanced blanket 
options for lTER. For many years a vanadium alloy containing I5 wt % Cr and 5 wt % Ti was the 
reference alloy in the US .  alloy development program. However, data generated in the late 1980's 
indicated that this alloy was pmne to radiation-induced brittle fracture behavior at potential reactor operating 
temperatures.l Subsequent work by Loomis and coworkers* demonstrated that alloys containing a 
combined Cr and Ti content in the range 3 to 9 wt % were more resistant to both hydrogen and radiation- 
induced embrittlement. Further work, focusing on Charpy impact studies on a range of compositions, led 
to the recommendations of an alloy for structural applications in a fusion reactor with a composition of V- 
5Cr-5Ti (wt%) containing -400 wppm 0, -200 wppm N, and -900 wppm Si? In mid-1993, researchers 
at ANL pmpsed this alloy as the primary candidate for the development of an advanced blanket option for 
ITER. Under the 1994 ITER task agreements, major efforts were initiated in the U.S. and Russia, with 
supporting studies in the EC and Japan, to address critical issues in fabrication, welding, compatibility, 
insulator coatings, and irradiation performance of vanadium alloys (ITER R&D Task T13). The ANL 
recommendation for an alloy based upon V-SCr-5Ti was modified later in 19934 on the h i s  of miniature 
Charpy V-notch (MCVN) impact data for a set of ten V-Cr-Ti alloys with titanium ranging from 1 to 15 
wt % and chromium ranging from 5 to 15 wt %. Data were presented for annealed alloys with and without 
hydrogen charging; MCVN data were also presented for V-Cr-Ti alloys following irradiation to 34 to 44 
dpa at -420°C. The data presented (and reproduced here as Fig. 1) showed a very strong dependence of the 
ductile-to-brittle transition temperature (DBTT) on chromium concentrations for annealed, hydrogen 
charged, and for neutron irradiated alloys. Based on these findings, Loomis et aL4 recommended the 
selection of a V4Cr4Ti alloy as having a near-optimal combination of physical and mechanical propenies 
for structural applications in a fusion reactor. It was speculated that the extremely low DBTI of the V- 
4Cr4Ti alloy (heat BL47) may be related to a high volume fraction of non-coherent particles of the type 
(Ti(NC0)). A later report by Chung et aL5, cast doubt on the hypothesis that fracture behavior is a 
sensitive function of Cr concentration in alloys containing 3 to 5 wt % Ti. Large variations in DBTI 
occurring within a relatively small band of Cr and Ti concentrations (3 to 5 wt 9%) were investigated. I t  
was shown that the alloys with relatively high DBlTs (V-SCr-3Ti and V-5Cr-5Ti) were characterized by 
high density precipitation of complex vanadium compounds containing C1, S. Ca. Na. and K. It was 
suggested that (a) the formation of these deleterious compounds is favored in alloys containing significant 
levels of CI. and (b) the absence of a DBlT in the V-4Cr4Ti alloy tested down to liquid nitrogen 
t e m p t u r e s  was related to the use of higher quality raw materials low in C1, S .  P, Ca, Na, and K. It was 
also noted that the effect of post-fabrication annealing temperature on DBTT behavior was secondary, and 
that ductile behavior at liquid nitrogen temperatures could not be induced by laboratory annealing of the 
V-5Cr-5Ti and V-5Cr-3Ti alloys5 
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Fig. 1. Data of Loomis et a14 on the effects of Cr concentration, hydrogen concentration, and irradiation 
on the Charpy impact pmpxties of vanadium alloys containing 4 to 5 wt % Ti. 

The present work was undertaken to investigate further some of these ideas. Using the V-5Cr-5Ti alloy 
(heat BL63). two hypotheses were addressed. Firstly. a search was made for evidence that the presence of 
C1 plays a role in the fracture behavior of the beat BL63 material. This topic is dealt with in a companion 
anicle in this document6 Secondly, the ANL finding that post-fabrication annealing temperature has only 
a secondary effect on fracture properties was re-examined, since it is well known that in other refractory 
metal alloy systems, recovery/reuystallization treabnents have a very strong influence on DB'IT. 

The starting material was in the form of an annealed plate -7 mm thick from Teledyne Wah Chang heat 
832394, (ANL designation BL63). The chemical analysis of heat BL63 provided by the manufacturer was 
4.6 wt 46 Cr. 5.1 wt 46 Ti. 440 wppm 0. 28 wppm N, 73 wppm C, and 310 wppm Si. An overcheck 
carried out at O m  gave impurity concentrations of 364 wppm 0. 52 wppm N. 35 wppm C, and 
1 wppm H. This material was used to fabricate 113-size CVN specimens (MCVN) according to the 
processing schedule shown in Table 1. Chemical analyses were carried out at several stages to check 
interstitial contamination. Rolling was carried out in air at 250 to 300"C and annealing carried out with Ta 
gettering in a vacuum of Pa. Further discussion of processing methods may be found in a 
companion article in this document? 

to 



246 

Table 1. Processing Schedule for V-SCr-5Ti (Heat BL 63) 
Chemical Analysis (wpum) 

Stage C 0 N n 
7 mm thick plate 35 364 52 1.1 

1 
Acetone clean 

.1 
Etch 5 min. (0.6 H20, 0.3 "03, 0.1 HFJ 

J. 
Ta foil wrap, anneal, c1 0-4 Pa 

1125'C3, 1 h 
.L 

Etch min 
J 

Roll at 250 to 300°C 
12 to 1 3  passes to, 3.6 mm (46% RA) 

.L 
Machine CVN L-T orientation 

-1 
Clean in Pet.Ether, Acetone 

1 
Etch 5 min. 

4 
Anneal 1125"C/1 O25"C/95O0C 

Ta foil, c104 Pa 
J. 

Test 

37 374 50 0.5 

42 384 5 4  0.6 

The impact specimens were third-size Charpy specimens, 3.33 by 3.33 by 25.4 mm long. They contained 
a 30"-included angle notch that was 0.51 mm deep with a root radius of 0.08 mm. All specimens were 
oriented so that m k  extension was parallel to the rolling direction (L-T orientation). To prevent hydrogen 
pickup during fabrication, no water-based coolants were used, nor was electrodischarge machining 
employed. 

The third-size specimens were tested in a semiautomated pendulum-type impact testing system modified for 
testing subsize s p e c i m e ~ s s * ~  Gas from liquid nitrogen was used for cooling and a hot air gun for heating. 
After testing, the results were fitted with a hyperbolic tangent function to allow the DBTT and the upper- 
shelf energy (USE) to be determined. The lower-shelf energy was fixed at 0.2 I. The DBTT was 
determined at an energy level midway between the upper- and lower-shelf energy levels. 

A few specimens were fatigue precracked prior to testing to determine the effect of a sharp crack as 
compared to a blunt notch. These specimens were precracked on a servohydranlic test machine operating in 
stroke control at 30 Hz with a sinusoidal waveform. The initial load was approximately 267 N. As the 
crack grew from the notch the load decreased. The final load was typically about 133 N. The stress 
intensity was estimated using the formulae for three-point knding.10 The span (S) was 22.9 mm, so the 
ratio of span to width ( S / W )  was 6.87. Therefore, it was necessary to extrapolate between the given 
solutions for S / W  values of 8 and 4. The initial maximum value of the stress intensity was calculated to 
be 9.9 MPadm, for a crack to width ratio ( a W  of 0.15. For the final crack length of half the specimen 
width (aW = 0.5) the maximum stress intensity was determined to be 12.9 MPadm. Recracking required 
about 100,ooO cycles. 
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MCVN Impact Testing 

Based upon rhe fabrication schedule shown in Table 1, four sets of MCVN specimens were fabricated. One 
set was tested in the 46% warm worked condition: the other three were given anneahg treatments of one 
hour at 1125OC. 2 hours at 1050T. a 2 hours at 950°C. The absorbed energy versus temperature data are 
shown in Fig. 2. The four thermomechical treatment conditions gave rise to four different types 
of fracture behavior. For the warm-worked material, absorbed energy increased with increasing test 

Fig. 2. Blunt-notch MCVN data for alloy BL63 in various TMT conditions. 

temperature without any indication of a transition regime. At all temperatures, fracture occurred by a 
mixture of ductile tearing and cleavage. The elongated and banded nature. of the. as-rolled grain smcture was 
evident in the fracture surface. Fig.  3). Annealing for two hours at 950°C resulted in a large increase in 
absorbed energy so that specimens fnrctured in a completely ducrile manner with bending and only partial 
separation of the two halves. although there was some decrease. in absorbed energy in going from -100 to 
-196°C. In this ThTT condition, alloy BL63 was extremely resistant to brittle cleavage failure under the 
loading conditions and notch geomeuy of this test. Annealing at 1O5O0C for two hours resulted in the 
appearance of conventional DBlT behavior, with a transition temperature in the vicinity of -120°C. 
Annealing at 1125°C for one hour resulted in a large upward shift in transition temperature to around 
+75"C. In the transition region, the fracture surfaces contained a high proption of intergranular cleavage 
fracture (Fig. 4). whie transgranular fracture dominated the lower shelf region. 

The test results for the pre-cracked specimens for alloy BL63 following annealing at 1125OC for one hour 
are shown in Fig. 5. The results for the standard notch are included for comparison. Recracking resulted 
in a large increase in the transition temperature. from 76OC to 289"C, and a large deaease in the upper-shelf 
energy, from 8 J to 3.7 J. For example, a shift in the DBlT of 30°C and a drop in the USE by a factor of 
3 have been observed for Wid-size specimens of HT-9 as a result of fatigue precradcing." The present 
results show a shift in DBlT of 161'C and a decrease in USE by a factor of 4.4, indicating that this alloy 
is very notch sensitive following the high temperature annealing treament. 
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Fig. 3. SEM of fracture surface of alloy BL63 in the warm worked condition. 

Fig. 4. SEM of transition region fracture surface of alloy BL63 in the 1125T annealed condition. 
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Fig. 5. Comparison of blunt-notch and prermcLed Cbarpy impact data for alloy BL63 in the 1125'C 
annealed condition. Absorbed energy values have been adjusted fa the smaller ligament area remaining 
afterpre-aaclring. 

Microstructure 

Optical rnetauography showed that warm rolling to 46% reduaion in thickness produced a layered plate-like 
grain struclme with bands of dispersed phases, probably titanium oxy-carbonitrides, strung out in the 
rolling direction Fig. 6a). The Vickers hardness number in this condition was -221 DPH. Annealing at 
950°C for two hours resulted in partial recrystalliizatiou and a reduction in hardness to -164 DPH. The 
microstructure (Fig. 6b) contained small (4 to 8 pn) recrystallized grains dispersed within the original 
elongated grains which contained a recovered dislocatiour structure. 

The two hour anneal at 1050°C p m d n d  complete reaysulllization and a hardness value of -174 DPN. 
The original elongated grain srmcture was not completely eliminated. Bands of smaller-than-average grains 
(10-20 pn) occurred in association with the bands of precipitate particles together with larger elongated 
grains in the range 50-100 pm dia Fig. 7a). TEM examination showed a moderate dislocation density 
associated with the particle bands. A fmely distributed phase precipitated on many of the new grain 
boundaries after recrystallization during the subsequent furnace cool to room temperahue; this phase has not 
yet been identified. Annealing the warm-worked structure at 1125T for one hour resulted in a more 
uniform and more qui-axed grain structure, although the average grain size was not much greater than that 
produced at 105OOC (Fig. 7b). The hardness of the annealed structure was -175 DPH. 
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Fig. 6a. Optical micrograph of alloy BL63 in the 46% warm-rolled condition. 

, 100vm , 200x 

Fig. 6b. Optical micrograph of alloy BL.63; warm-rolled 46% and annealed at 950°C for 2 hours. 
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Fig. 7a. Optical micrograph of alloy BL63; warm-rolled 46% and annealed at 1050°C for 2 hours. 

, 100m I 2oox 
Fig. 7b. Optical micrograph of alloy BL63; warm-rolled 46% and annealed at 1125°C for 1 hour. 
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The m m  temperature yield stress data reported by Gazda et show a trend of increasing yield stress 
with increasing Cr plus Ti concentration. A subset of their data is reproduced in Fig. 9 showing a linear 
increase in yield stress with Cr concentration. This increasing strength with Cr concentration might be 
expected to result in some dependency of DB'IT on composition. However, the data in Fig. 8 strongly 
suggest that factors relating to the final recrystallization temperature are more dominant than Cr 
concentration and are probably instrumental in producing the previously reported4 sharp discontinuity in 
behavior at around 4 to 6 wt % Cr. 

A remarkable feature of the data reported by the ANL researchers is the radically different response to 
irradiation between these two groups of materials (Fig. 8). For the alloys annealed at the higher 
temperatures, irradiation at 42OoC to -30 dpa induced a large increase (-250T) in DB'lT, whereas the 
alloys annealed at 1 l00OC or below showed ductile behavior in postirradiation MCVN tests down to liquid 
nitrogen temperatures. For both groups of alloys, the mm-temperature yield stress increased by over 
100% as a result of radiation hardening (Table 3): however. this level of hardening was insufficient to 
induce brittle fracture in the alloys with the lower annealing temperatures. It is particularly significant that 
alloy BLA7 retains its resistance to brittle fracture even when the mom-temperature yield stress is increased 
to 800 MPa by radiation hardening. 
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Table 3. Summary of ANL Data for RT Yield Stress and D B n  of Vanadium Alloys 
mtd at 420°C U, -30 dpa) 

Heat Cr Ti uninadiated Inadiated ADBlT 
ID wt 90 wt 90 YS (M!=Ja) YS (MPa T 

0 BL 62 3.1 - 290 - 

BL 46 4.6 - 330 690 0 

BL 47 4.1 4.3 370 800 0 
BL 54 5.1 3.0 330 - - 
BL 43 9.2 4.9 440 1060 210 

EL 24 13.5 5.2 550 - 250 

BL 41 14.5 5 .O 570 1180* 250 

Current Data 

The above discussion of previously reported ANL data indicates a possible strong influence of final 
annealing temperature on the fracture behavior during blunt-notch MCVN testing. The data reported bere 
on the effects of final annealing temperature on the unirradiated MCVN properties of heat BL63 clearly 
demonstrate the importance of TMT on fracture behavior. It has been shown that MCVN properties of 
alloy BL63 can be. varied from brit& behavior at room temperature to ductile behavior at all temperatures 
down to -150°C simply by changing the final annealing temperature. 

Following the 1125°C Ireatment, the blunt notch transition temperature is -75'C. The precracked MCVN 
data show that the material is very notch-sensitive in this condition. Recracking of the specimens was 
difficult. The fmt  attempt made at a maximum load of 311 N resulted in permanent deflection of the 
specimen. At a lower loading of 267 N. about 10,OOO cycles were required. The fact that a crack would 
grow at such a low stress intensity indicates very limited resistance to fatigue crack growth in this 
condition. Patches of cleavage facets were observed in the pre-crack region, indicating that this alloy is 
susceptible to static fracture mcdes at very low stress intensities at room temperature. In fact, very low 
room-temperature static fracture toughness values for this alloy in this TMT condition have been reported 
by Li et al.I3 

Recovery and partial recrystallization at 950°C of the heavily deformed microstructure of alloy BL63 
produces a highly ductile behavior very similar to that of the EL47 alloy. A sample of this latter alloy in 
the form of a MCVN specimen was supplied by ANL. The manufacturer's records showed that the 
processing history of heat BL47 was significantly different from that of heat BL63. The 120 nun dia ingot 
was exmded in a 64 mm square section following a solution treatment at 1150°C. Warm rolling was 
carried out at -400'C. However, the significant processing change was the introduction of inter-pass 
annealing treatments of 2 hours at 105OOC rather than at 1100 to 1150°C. The final recrystallization 
treatment was at 1050°C for 4 hours. Optical microscopy of this material showed a very fme-grained equi- 
axed microstructure containing bands of fine grains (2 to 5 pm) associated with stringers of particles that 
presumably became aligned during hot extrusion (Fig loa). Tbese bands were separated by regions of 
coarser grains (15 to 20 pn) where the precipitate density was relatively low (Fig. lob). Thus, the 
microstructures of the BL63 (after annealing at 950°C) and EL47 alloys, which are associated with highly 
ductile behavior, are similar in that they both contain a bimodal grain size distribution and bands of 
undissolved particles. In the case of the BL47, the microstructure is fully recrystallized and nearly q u i -  
axed. In the case of the BL63. the microstructure produced by the 950'C for 2 hours treatment contains 
small recrystallized grains mixed with larger grains containing a recovered dislocation cell structure; both 
types of grains are elongated in the working direction. It should be noted that the repeated working and 
1050°C anneal cycles adopted for alloy EL47 produced a much finer grain size distribution than that 
developed in alloy BL63 by single, final anneal at 1O5O0C. 
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Fig. 1Oa Optical micrograph of alloy BL47 annealed at 1050°C for 4 hours. 

Fig. lob Optical micrograph of alloy BL47 annealed at 1050°C for 4 hours. 
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It is well hown that the DBTT of BCC metals such as W and Mo can be improved by the introduction of 
dislocations tbrough plastic working. It has also been shown that postirradiation ductility in V-15Cr-li 
can be improved by cold-~orking.'~ It has been suggested that when the dislocation density is low, 
plasticity and blunting of the tip of a loaded crack may be prevented. At higher dislocation densities. when 
dislocations lie closer to any given crack tip, lattice resistance is exceeded by the crack tip field; 
dislocations move and multiply, thus blunting the crack.15 The 950T trement of the BL63 alloy results 
in a material with a fairly high dislocation density compared with the material annealed at 1050°C. 
However, this is not believed to be a critical factor in the high toughness of the BL43 alloy under these 
testing conditions since the BL47 alloy does uot coulain a recovered microstructure and has a low overall 
dislocation density. Based upon current evidence, it is concluded that highly ductile behavior in these 
alloys is associated with a small average grain size andor a bimodal. banded grain size distribution. 
Differences in Cr and Ti concentration and the presence of <1 wppm C1 do not appear to be very 
significant. At the present time, we do not have sufficient information on the distribution of the 
interstitial elements 0. N. and C between particles and solid solution. It is possible that annealing at 
temperatures S1O5O0C. besides reducing grain size, also leads to precipitation of a greater fraction of the 
interstitials in the form of titanium oxy-carbonitrides. thus lowering the concenlration of 0, C, and N in 
solid solution. 

It is clear that f a  recrystallimtion mbnents at temperalum that lead to a coarse qui-axed grain sau~tltre 
should be avoided. The large increase in DBTT that occurs in BL63 when the final heat treament is 
increased frmn 1050 to 1125°C may be the. result of other phenomena since the average grain size increase 
is relatively small. Recently. H. Li et al.I3 reponed brittle failure in room temperature fracture toughness 
tests of alloy BL63 following an anneal at 1125°C for one hour. Such behavior is consistent with the 
blunt notch CVN data reported here. Fracture surfaces contained a relatively large proportion of 
intergranular separation and preliminary Auger electrou spectroscopy analysis showed significant 
enrichment of sulfur at grain boundaries.6 Jones has suggested the possibility that above some critical 
processing temperature (-lloO°C), a sulfur-amtaining compound dissociates and releases elemental sulfur 
which segregates to grain boundaries, and that the subsequent brittle behavior is initiated by grain boundary 
separation.16 

CONCLUSIONS 

In summary, the results presented here indicate that for alloys containing 4 to 5 wt % of Cr and of T i  
fracture properties are very sensitive to the final recrystallition mbnenr The resistance of alloy BL47 
to irradiation induced shifts in D B m  is believed to be related to the exceptionally fine-grained 
mimstructure developed during the low-temperature processing route adopted for this alloy. It is probable, 
however, that other factors, in addition to the small grain size are involved; lower temperature anneals may 
also affect the concentration of grain boundary segregants. particularly sulfur. The distribution of C. 0. 
and N between solid solution and precipitate phases is almost certainly altered by the final annealing 
temperature and by the subsequent rate of cooling. Finally, it should be pointed out thar although the 
microstructures produced by low temperature annealing are very resistant to cleavage fracture during blunt- 
notch MCVN testing, fracture resistance in the presence of sharp cracks remains to be evaluated. 
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ROOM TEMPERATURE ELASTIC PROPERTIES OF V-5Cr-5Ti -W.A. Simpson (Oak Ridge National 
-tory) 

OBJECI?VE 

The objective of this task is the measurement of the thermal and physical properties of a V-5Cr-5Ti alloy. 

SUMMARY 

Elastic moduli were measured for a specimen of the alloy V-SCr-5Ti in the annealed condition using pulse- 
echo techniques. The value of Young's modulus was determined to be 125.6 GF'a, the shear modulus was 
determined to be 45.9 GPa and the Poisson's ratio to be 0.367. 

PROGRESS AND STATUS 

Considerations such as thermal stress and thermal fatigue life require accurate values for physical properties 
such as thermal expansion, thermal conductivity, and Young's modulus. Thermal stress and thermal 
fatigue is necessary the determine the design lifetime for fust wall and blanket svUcIures. It is also 
necessary Io have accurate physical properties Io compare the projected performance of candidate alloys. 
Sufficiently accurate data are required that data for pure vanadium cannot be used with making at least some 
measurements on the actual candidate alloys. This is the reason for the present measurements. 

Exmime ntal Procedm 

A small coupon of V-5Cr-STi 6.35 mm in thickness was obtained for ultrasonic nondestructive 
determination of the elastic moduli. Because of the relatively low attenuation of this alloy for elastic 
waves in the frequency range 5 to 10 MHz, simple digital pulse-echo techniques were applied. The 
compressional wave velocity at 10 MHz and the transverse wave velocity at 5 MHz were measured using a 
digital oscilloscope for data acquisition and impulse excitation to the appropriate ultrasonic transducer. The 
density of the coupon was determined to be 6028 kg/m3. 

KwdkS 

The measured values for this sample were 6.023 + 0.013 lrmls and 2.760 i 0.006 lank for the 
compressional and transverse wave velocities, respectively. Employing the usual linear equations relating 
elastic wave velocities and elastic moduli, the mechanical properties were calculated to be: Young's 
modulus 125.6 * 0.4 GPa, Shear modulus 45.9 i 0.2 GPa, and Poisson's ratio 0.367 i 0.001. 

Discussion 

Young's modulus for pure vanadium from room temperature to 1900 K and shear modulus from room 
temperature to about 950 K have been determined by Farraro and McLe1lan.l They give the following 
relations for the modulus values as a function of temperature: 

Ey = ((1.28 - 9.61 x 

G = ((0.488 - 8.43 x 

x T) + 0.040) x 1011 N/mz 

x T) i 0.011) x N/mz 

Ey is Young's modulus, G is the shear modulus, and T is the temperature in Kelvin. At 300 K the value 
for % is 125 GPa and the value for G is 46.3 GPa. Both of these values agree with the measured values 
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for V-5Cr-5Ti within the limits of error given by Farraro and McLellan. It is also apparent from the data 
of Farraro and McLellan that the moduli have a weak temperatwe dependence. Although a few high 
temperature measurements may be necessary, room temperature values are probably sufficient for most 
comparison studies and even most design studies. It is also apparent that the values are pure vanadium are 
very close to those of the alloy. 

SUMMARY AND CONCLUSIONS 

1. Values of room temperature elastic moduli and Poisson’s ratio have been determined for the alloy 
V-5Cr-5Ti. 

2. The values for elastic moduli do not differ significantly from those of plrre vanadium. 

3. The weak temperature dependence of elastic moduli over the range of first wall and blanket 
temperatures for next generation devices such as ITER will permit the use of m m  temperature values 
for many calculations. 
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Thermophysical Ropenies of V-5Cr-5Ti - W. D. Porter, R. B. Dinwiddie, and M. L. Grossbeck 
(Oak Ridge National Laboratory) 

OBJFLXIVE 

Measurements of thermal expansion, specific heat, and thermal conductivity were made in order to provide a 
single source of data to support design efforts of vanadium alloy structures in fusion devices. 

SUMMARY 

Measurements of thermal expansion of V-5Cr-STi have been made from room temperature to 6Oo'C. and 
specific heat and thermal conductivity have been measured over the range of 100 to 6Oo'C. In each case, 
the results have been fitted to a polynomial expression to provide a convenient form for design studies. 

PROGRESS AND STATUS 

Vanadium alloys offer a significant advantage over stainless steels in increased thermal conductivity which 
leads to lower thermal stress. However, thermophysical properties such as thermal conductivity have been 
reported only for pure vanadium and a few alloys containing higher concentrations of chromium and 
titanium. The present study provides the necessary data for the ITER candidate vanadium alloys. 

Linear Thermal Expanfwn 

Exmimental Methods 

The alloy V-5Cr-5Ti from Teledyne Wah Chang heat 832394. designated BL-63 by Argonne National 
Laboratory, was used for the measurements. The specimen was a rectangular solid 25.0 x 5.84 x 5.84 mm. 
It was used in the condition as received from Teledyne Wah Chang. annealed at 11WC. 

Measurements were made using a differential push-rod dilatometer that measures the linear thermal 
expansion. The thermal expansion of a test specimen is determined relative to that of a standard reference 
specimen. The two samples are placed side by side in a furnace, and two alumina push rods, that extend 
from the furnace to a thermally isolated linearly variable displacement transducer (LVDT), bear on the 
samples. The difference in expansion between the two specimens results in the differential movement of 
the push rods, thus allowing the linear thermal expansion of the unknown sample to be determined. The 
advantage of such a device is that instrument expansion is cancelled out. The dilatometer is of the 
horizontal configuration with push rods and sample holder constructed of high density alumina A sapphire 
rod with a length of 25 mm was used as the reference material. Differential changes in length between the 
sample and the reference are transmitred to the LVDT mounted on an Invar rod using s e p t e  pairs of leaf 
springs for the coil and core. The leaf springs provide frictionless movement of the LVDT and also 
mainlain a push rod load of 25-30 g on the sample and reference. The LVDT is housed in an enclosure that 
is maintained at 40'C by means of water circulated from a constant temperature bath. A 
platinum/platinum-lO% rhodium type S thermocouple was used to monitor the sample temperature. The 
accuracy of the expansion measurements was determined to be better than f2% over the range of 20 to 
1450'C by means of verification tests using sapphire and tungsten reference materials in the sample and 
reference positions. 

Oxidation of the sample during the dilatometer runs was minimized by evacuating the system using a 
mechanical vacuum pump followed by back filling with titanium-gettered helium. This process was 
repeated three times prior to the dilatometer run. During the test a helium flow rate of 5 d m i n  was 
maintained at a slight over pressure of 20.7 kPa. 



261 

Expansion measurements were made using a computerized data acquisition system while the sample was 
heated and cooled at a me of 3'c/mio. Tbe sample was healed to a maximum temperature of W C .  Data 
sets were stored a1 30 sec intervals. Afler the initial heating and cooling cycle, the sample was heated a 
second lime and dam were collected during heating only. 

Results for the linear thermal expansion measurements appear in Table 1. The data are plotted as a 
function of templure in Fig. 1 where a least squares fit curve is also shown. The polynomial expression 
desaibing the expansion is as follows: 

ALL, = -179.97570689 + 9.0363848739 T + 0.0015407532037 T2 

where ALL, is the incremental thermal expansion in parts per million relative to the value at 20'C and T 
is the temperature in degrees Celsius. The instantaneous coefficient of expansion, expansivity, is shown in 
Fig. 2. 

Table 1. Linear Thermal Expansion of V-5Cr-5Ti AUoy Referenced to 20"C* 
Tmperatllre Specimen Exp. Average CTE Instantaneous m 

(ppm) (Ppmpo (ppmPC) 

20 
40 
60 
80 
100 
120 
140 
160 
180 
200 
220 
240 
260 
280 
300 
320 
340 
360 
380 
400 
420 
440 
460 
480 
500 
520 
540 
560 
580 

0 
184 
368 
553 
739 
927 
1116 
1306 
1497 
1690 
1884 
2079 
2275 
2473 
2672 
2773 
3074 
3277 
3487 
3687 
3894 
4103 
4312 
4523 
4736 
4949 
5164 
5381 
5598 

9.1 
9.2 
9.2 
9.2 
9.2 
9.3 
9.3 
~ .. 
9.3 
9.4 
9.4 
9.4 
9.4 
9.5 
9.5 
9.5 
9.6 
9.6 
9.6 
~ ~. 
9.7 
9.7 
9.7 
9.8 
9.8 
9.8 
9.9 
9.9 
9.9 
10.0 
10.0 

9.1 
9.2 
9.2 
9.3 
9.3 
9.4 
9.5 
9.5 
9.6 
9.1 
9.7 
9.8 
9.9 
9.9 
10.0 
10.1 
10.1 
10.2 
10.3 
10.3 
10.4 
10.5 
10.5 
10.6 
10.7 
10.7 
10.8 
10.9 
11.0 

6M) 5818 10.0 11.0 
*Calculated values using fitted equations 
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The results of the measurement appear in Fig. 4. A least squares fit to these data result in the following 
relation: 

Cp = 0.57551 - 21.094lT Jlg-K 

where C, is the specific heat at constant pressure, and T is the temperature in Kelvin. This empirical 
expression is only valid over the range of the measurements. 

Values of specific heat for pure vanadium are also plotted in Fig. 43 At fust it appears that the curves for 
the alloy and pure vanadium are very different in functional form. However, the ordinate is greatly 
expanded so that very small differences are magnified. Over a larger temperature range, the expected T3 
dependance at low temperature and the slow increase with increasing temperature at higher temperatures is 
apparent as shown in Fig. 5 for pure vanadium. 

Them1 Conductivify 

It is necessary lo know thermal conductivity in order to calculate thermal stresses and to design a heal 
removal blankeL However, direct thermal conductivity measurements, especially at high temperatures, are 
difficult, time consuming, and they require relatively large specimens. Thermal conductivity, k, may be 
calculated from measurements of thermal diffusivity. a. specific heat, C,, and bulk density, p, by using 
the relationship k=apCp. This method for obtaining thermal conductivity is relatively fast and requires 
only a small amount of material. The laser flash thermal diffusivity 0) technique, used for elevated 
temperatures in this study, and the xenon flash technique, used for the room temperature measurements, 
have been used extensively to study a wide range of materials including glasses, plastics, metals, ceramics, 
composites, crystals, and foams. 

Two different systems were employed in obtaining thermal diffusivity at rmm temperature and at elevated 
temperatures. The elevated temperature system employs the LFI'D technique. A small disk shaped 
specimen 12.45 x 1.9 mm thick was placed in an evacuated tube furnace, as shown in Fig. 6. and oriented 
with its flat surfaces perpendicular to the furnace axis. A neodymium glass laser was used to supply a high 
intensity. short-duration, pulse of thermal energy to one face of the test specimen. The intensity of the 
beam was controlled by varying the laser power supply and by use of attenuating filters. The resulting 
temperature rise of the other face of the test specimen was monitored as a function of time by an indium 
antimonide infared (IR) detector and stored in computer memory. The thermal diffusivity was then 
determined from a numerical analysis of the IR detector output. 

The xenon flash system used for room temperature measurements was very similar in principle to the 
elevated temperature system. A shon pulse (<1 ms) of heat was applied to the front face of the specimen, 
and the temperature change of the rear face was measured with an infared detector. The system was, of 
course, optimized for rmm temperature measurements. The system is illustrated by the sketch in Fig. 7. 

The results of the measurements are shown in Fig. 8 where thermal conductivity has been calculated from 
the relation given above. k=apCp. Also plotted in Fig. 8 are data for pure vanadium which fall within the 
limits of error for the V-5Cr-5Ti Thermal conductivity increases slightly with temperature 
following the Wiedemann-Franz law relating thermal conductivity with electrical conductivity. Thermal 
conductivity of V-5Cr-53 may be expressed by: 
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Fig. 4. Specific heat for V-50-5Ti as a function of temperature. Data for pure vanadium are also shown 

r, VOl. 4, 
Plenum Press, New York (1970)). 
for comparison (Y.S. Touloukian and E.H. Buyco, 

Fig. 5 .  Specific heat of pure vanadium over a wide temperature range ( Y . S .  Touloukian and E.H. Buyco, 
Vol. 4 Plenum Press, New York (1970)). 
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S V S T E Y  - 
M- a > “NO OPTIONAL 

FILTERS 
50-JOULE 

Fig. 6. Laser flash thermal diffusivity apparatus used for elevated temperature measurements. 

Fig. 7. Xenon flash thermal diffusivity system used for room temperature measurements. 
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k = 0.0086029 T + 27.827 W h - K  

where Tis the temperature in Kelvin. 

CONCLUSIONS 

1. Linear t h d  expansion 

= A I L ,  = -179.97570689 t 9.0363848739 T + 0.0015407532037 

where ALL,, is the incremental thermal expansion in parts per million relative to the value at 2o’c 
and T is the temperature in degrees Celsius. 

2. Spedficheat 

= Cp = 0.57551 - 21.094K J/g-K 

where C, is the specific heat at constant pressure and T is the temperature in Kelvin. 

3. Thermal conductivity 

= k = 0.0086029 T + 27.827 W/m-K 

where Tis the temperature in Kelvin. 

FUTURE WORK 

The requirements for physical property measurements will be guided by the needs of the designers of the 
ITER and other fusion devices. At the present time, no more measurements are planned until needs are 
expssed. 
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Atom Probe Field Ion Microscopy Characterization of Vanadium-TiIanium- Chromium Alloys - 
M. K. Miller (Oak Ridge National Laboratory) 

OBJECTIVE 

This research was performed to help determine the underlying reasons for the differences in mechanical 
properties between two vanadium alloys of close composition: V-5Cr-5Ti and V4Cr4Ti. 

SUMMARY 

The atom p m k  field ion microscope was used to examine two V-Cr-Ti alloys (V- 5Cr-5Ti and V X r a T i )  
which have been shown to have very diffexent fracture properties. The alloys were examined for clustering 
to detect the presence of small precipitates as well as to determine the distribution of solute elements in the 
matrix. The elements Ti, Cr. and Si were examined and no clustering of any of these three elements was 
found. 

PROGRESS AND STATUS 

Introd- 

Vanadiumchromium-titanium alloys of composition in the range of V-(4-5)Cr-(4-5)Ti are being considered 
as candidates for fusion reactor fust wall and blanket materials. Two alloys in this range are being 
investigated: V4Cr4Ti melted by Teledyne Wah Chang Corp. and designated BL-47 by Argonne National 
Laboratory (ANL). and V-5Cr-5Ti also melted by Teledyne Wah Chang Corp. as Heat 832394 and 
designated BL-63 by ANL. The fracture properties, as determined by Charpy testing. have been 
demonstrated to be very different with V4Cr4Ti having a ductile to brittle transition temperature (DBW 
about 1 W C  lower than V-5Cr-5Ti.l Since much of the fracture occurs intergranularly, depending upon 
test temperature, precipitation and segregation are king examined. In order to study these phenomena, an 
exploratory atom probe field ion microscopy (APFIM) characterization of two vanadium- 
titanium-chromium alloys was performed. The main emphasis of this characterization was to detect the 
presence of ulaafine. scale precipitates and determine the distribution of the solute elements in the matrix. 

The atom probe field ion microscopy characterization was performed on two alloys: V-4Cr-4Ti (BL-47) 
and V-5Cr-5Ti (BL-63). The field ion specimens were prepared by fust cutting -0.5 mm by -0.5 mm 
square bar from the bulk material and then elecIrop&himg those blanks into sharp needles with the use of 
a standard two stage procedure.* The conditions used were as follows: stage 1 - an electrolyte of 25% 
perchloric acid in glacial acetic acid, and stage 2 - an electrolyte of 2% perchloric acid in 2-butoxyethanol. 
Both stages were performed at room temperature with an applied voltage of 20 to 25 V. The 
characterization was performed in the ORNL energy-compensated atom probe field ion micro~cope.~ This 
instrument has sufficient mass resolution to fully separate all the isotopes of the elements present in this 
material. Field ion microscopy was performed with the use of neon as the imaging gas and with a 
specimen temperature of approximately 60 K. 

Good quality field ion micrographs were produced as shown in Figs. 1 and 2 for the BL-47 and BL-63 
alloys, respectively. No evidence. of ultrafiie scale precipitates is evident in these micrographs and no 
evidence was found in mole extensive field evaporation sequences through the matrix. The dark lenticular 
aeas evident in the micrograph of the BL-63 alloy, Fig. 2, were identified as vanadium hydrides by atom 
probe selected area analysis. These hydrides were frequently observed in the V-5Cr-5Ti alloy (BL-63) but 
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Fig. 1. Field ion micrograph of V4Cr4Ti (BL-47). 

Fig. 2. Field ion micrograph of V-5Cs-5Ti (BL-63). The dark lenticular areas are vanadium hydrides. 
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were not observed in the V-4Cr-4Ti alloy (BL-47). However, it is likely that these features were introduced 
during the electropolishing process and the difference between the two alloys may not be representative of 
the hulk materials. 

Analysis of the composition profiles also failed to reveal the presence of any ultrafke scale precipitates. 
The ion-by-ion data was also examined to determine the distribution of the major solute elements. Two 
different statistical methods were used. In the Johnson and Klotz method, the numbers of AA, AB, and BB 
pairs in the ion-by-ion data chain are examined and compared to those expected in a random solid solution? 
In the mean separation method, the variance of the separation of like solute atoms (e.& Ti atoms ) are 
compared to the expected variance from a random solid s ~ l u t i o n . ~ * ~  The Johnson and Klotz method was 
developed for concentrated solid solutions, whereas the mean separation method is more appropriate for 
dilute solid solutions. The results of these analyses are shown in Table 1. The numbers shown are the 
significance of the results and are the number of standard deviations from a random solid solution. 
Therefore, the result is considered to be a random solid solution if the result falls within the range (-2 > 
significance < 2). All values determined in these two materials fell within this range and therefore no 
evidence was found for clustering of titanium, chromium, and silicon. 

Table 1. Clustering Analyses of V-4Cr-4Ti (BL-47) and V-5Cr-5Ti (BL-63) 
Significance Significance 

Alloy Element (Johnson & Klotz) (Mean Separation) 

V G 4 T i  (BL-47) Ti -0.71 1.60 

Cr -0.08 0.55 

Si 0.93 -0.32 

V-50-5Ti (BL-63) Ti 1.11 0.45 

Cr 0.91 1.09 

Si - -0.73 

CONCLUSIONS 

No evidence was found for ultrafine scale precipitates or clustering of the titanium, chromium, or silicon in 
BL-47 or BL-63. 
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Analysis of Grain Boundaries in a V-5Cr-5Ti Alloy Using Auger Electron Spectroscopy - D. N. Braski and 
M. L. Grossbeck (Oak Ridge National Laboratory) 

OBJFCITVE 

The objective of this research was to investigate the mechanism of intergranular embrittlement associated 
with the relatively high ductile to brittle transition temperature (DBlT) in a V-5Cr-5Ti alloy. 

SUMMARY 

A V-5Cr-5Ti specimen was fractured in-situ below its DBTT and the fracture surfaces analyzed by Auger 
Electron Spectroscopy ( A E S ) .  About 70% of the fresh fracture surfaces were intergranular while the 
remainder were characteristic of cleavage fracture. Sub-mimn-sized particles appeared to cover most of the 
grain boundary surfaces along with a few larger particles. Only one of these larger particles, probably a Ti- 
V sulfiddphosphide combination, contained C1, at a level of only a few at.%. On the other hand, S ,  which 
is known to cause embrittlement in many alloy systems, was detected on virtually all of the grain boundary 
surfaces. 

INTRODUCTION 

Recent research has led to the selection of low Cr-Ti vanadium alloys in the range of V-(4-5Cr-(4-5)Ti. 
The heat 832394 of V-SCr-5Ti melted by Teledyne Wah Chang Albany Corporation (also referred to as 
alloy BL63) has been shown to have a high ductile--brittle transition temperature (DB'IT) compared to an 
alloy of composition V-4Cr-4Ti.l In addition, it was found in the present study that in the transition 
temperature region, the fracture process is dominated by intergmular failure. These observations suggest 
that precipitation on or segregation to grain boundaries may be playing an important role. Previous 
investigators have observed chlorine-containing precipitates on grain boundaries and have attributed the 
poor fracture properties to chlorine.2 The bulk concentration of chlorine was measured as part of this 
investigation and found to be below the 1 ppm leveL3 Nonetheless, it was considered necessary to 
investigate composition and structure of the grain boundary surfaces. A small bar of the annealed material 
was fractured in-situ and the fracture surfaces analyzed by AES. 

EXPERIMENTAL 

An S S - 3  (thickness of 0.76 mm and gage section 7.62 mm in length) tensile specimen of V-SCr-STi from 
Heat#832394 was annealed for 1 hr at 1125'C and prepared for in-situ fracture by: (a) making two opposed 
cuts in the gage section with a slow-speed diamond saw, @) himming off excess material with heavy duty 
wire cutters so that the SS-3 specimen would fit into a fracture holder with a 3 mm dim. opening, and 
(c) securing the notched S S - 3  gage section in the holder using copper shims and a set screw. The holder 
was then inserted into a PHI 660 Scanning Auger Microprobe and pumped at a vacuum level of 4 x10-* Pa 
(3 x10-lo torr) for three days. The specimen was then cooled to --130'C with the liquid nitrogen cold 
stage and then fractured, in bending, using a built-in impact mechanism. The fracture process had no effect 
on the chamber pressure. The fresh fracture surfaces were analyzed immediately using an accelerating 
voltage of 10 kV and beam current of 15 nA. A beam aperture of 0.41 mm was used which produced a 
analysis spot size of =200 nm in diameter. Qualitative analysis was conducted using Auger spectra from the 
Handbook of Auger Electron Spectroscopy? and quantitative analysis was performed using the PHI 
software and sensitivity factors. The accuracy of the elemental analyses is estimated to be =+5 at. %. 
Scanning electron micrographs were taken of the areas of interest and of those that were analyzed. 
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RESULTS 

The fracture surface that was analyzed is shown at low magnification in Fig. 1 and at slightly higher 
magnification in Fig. 2. The surface was estimated to be about 70% intergranular and 30% cleavage 
fracture. A few areas, probably <1%, showed some ductile tearing. Immediately after fracture, 20 to 25 
particles lying on the grain boundaries and at triple point intersections were surveyed. One such area of 
intergranular fracture is illustrated in the micrograph in Fig. 3. Only one of these particles was found to 
contain C1. It is marked as Particle #3 in Fig. 3 and is shown more clearly at higher magnification in 
Fig. 4. The C1 content of this particle was measured to be =l at. % as shown in Table 1. This small 
amount of C1 detected by Auger generally agrees with a value of 1 ppm determined by neutron-activation 
a n a l ~ s i s . ~  Besides CI. a small amount of S was detected along with moderate amounts of TI, V, and C. 
This analysis not only represents that for Particle #3 but also reflects some of the adjacent grain boundary 
surface. The two compositions are combined because a portion of the analyzing beam extends beyond the 
edges of the small particle and excites Auger electrons from surrounding material. If the particle is thin 
enough, it is also possible for some electrons to scatter through the particle and excite material surrounding 
it. Analysis of the g.b. surface near Particle #3 produced values of V, Ti, C, and S that were nearly 
identical to the particle itself, except that no CI was detected. 

Table 1. AES Data (appm) 
Sputter 
Time Feature Fin. V Ti Cr C S P c1 

1 - 0 Part.#3 3&4 27 39 - 27 6 
- - 0 g.b. sfc 4 22 43 - 28 7 

17 Part.#3 4 13 16 - - 2 6 3 

- - - 17 kut.-A 5 65 14 4 17 
17 Part.-B 5 65 16 1 18 
17 cleavage 6 89 8 3 

- - - 
- - - - 

Additional information was obtained for Particle #3 and other areas by removing some of the outer layers of 
material by argon ion-sputtering. After sputtering for 17 min. (abut 300 nm of material was removed), 
mostly V was detected for Particle #3, with smaller amounts Ti, S,  P, and -3 at.% C1 (Table 1). Since S, 
P, and C1 were not detected on the adjacent g.b. surface (Table l), it would appear that these elements are 
concentrated in Particle #3. Note that sputtering removed the C that was present in Particle #3 after 
fracture showing that it was probably just a part of a coating. 

Figures 5 and 6 show typical grain boundaries which appeared to contain a large number of small (<1 pn) 
particles. A few larger particles were also observed, e.g. the cubeshaped particle in the center of the grain 
boundary surface in Fig. 6. Numerous other particles were surveyed after sputtering which contained C and 
are assumed to be some type of metallic carbides; the compositions of two “carbide” particles, “A” and “ B  
in Fig. 7, are given in Table 1. As mentioned before. none of these particles appeared to contain (3- or S 
and P. for that matter. 

Finally, the cleavage fracture area in Fig. 8 was analyzed to check the bulk composition of the alloy (see 
Table 1). Remembering the L5 at.% accuracy of the technique, it was found that the bulk composition of 
8 and 3 at. % for Ti and Cr, respectively, compares favorably with the expected 5Cr-5Ti, by weight 
composition. (Note: since the atomic weights for V. Ti. and Cr are nearly the same, wt. % sa t .  % for the 
alloy .) 
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Fig. 1. Macro view of fractured specimen of V-5Cr-5Ti. 

Fig. 2. Fracture surface of the specimen in Fig. 1.  Numbers refer to regions analyzed by AFS 
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Fig. 3. Portion of fracture surface between positions 2 and 3 of Fig. 2 showing precipitates on the grain 
boundary. Particle #3 is a CI-containing precipitate referred to in the text. 

Fig. 4. Higher magnification view of the region of Particle #3 in Fig. 3 following 30s sputtering. 
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Fig. 5. Grain boundary surface showing < 1 p size precipitates believed to be. carbo-oxy-nitrides. 

Fig. 6. Grain boundary surface showing < 1 pm size precipitates as well as cuboid precipitates determined 
to be. metallic carbides. 
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Fig. 7. Grain boundarj surface showing precipitates. The precipitates marked " A  and "B" were analyzed 
and the data reponed in Table 1. 

Elg. 8. Cleavage fracture surface used for comparison with grain boundary surfaces. The analysis appears 
in Table 1. 
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DISCUSSION 

Impact testing of the annealed V-5Cr-5Ti below its ductile-brittle transition temperature (DBm resulted in 
fracture along a substantial number of grain boundaries. Most boundaries appeared to contain a large 
number of submicron-sized precipitate particles while only a few had several moderately-sized particles (>1 
p). Only one of about 25 larger particles that were analyzed (Panicle #3) contained a measmble amount 
of Cl. Because of the disappearance of C in Particle #3 after sputtering, it would appear that the particle 
may be a complex sulfide or phosphide of Ti with small amount of C1. Schober and Braski3 found both li- 
sulfides and Ti-phosphides as minor precipitates in three different vanadium alloys containing between 
3 and 20 wt. % Ti. The major precipitate in the alloys was given as T ~ O , ~ ~ V ~ , O ~ N ~ ~ ~ . ~ C , O ~  The more 
numerous particles along the V-5Cr-5Ti grain boundaries in this investigation could, indeed be Ti-V 
carbides a carbo-oxy-nitrides, but more work is needed to make a reliible identifcation. The main point is 
that these, more numerous particles, do not appear to contain CI. which other investigators speculate to be 
the primary cause for elevated D B T s  in V-SCr-STi.* Because only extremely small amounts of Cl were 
detected it seems unliiely that the observed brittle intergranular fracture below the DBlT was caused by 
this element. It would seem more likely that the weakening of the grain boundaries was caused by S. 
Sulfur was detected on all of the grain boundary surfaces analyzed in this and also in a previously analyzed 
V-5CrSTi specimen and is notorious for its embrittlmg effects in many different alloy systems. Sulfur was 
segregated on grain boundary surfaces as evidenced by its disappearance after sputtering. It would be 
interesting to look at other beats of V-50-5Ti with different values of DBlT to see if S segregation can be 
correlated to toughness. 

CONCLUSIONS 

Auger electron spectrometry of grain boundary and cleavage fracture surfaces in V-5Cr-5Ti showed large 
concentrations of sulfur on the grain boundaries. A chlorine-containing precipitate was observed but only 
one, consistent with the measured chlorine concentration in the alloy. Numerous sub-micron size 
precipitates, that may be Ti-V c a r b  oxy-nitrides, were observed in grain boundary surfaces. The role of 
sulfur in the fracture requires funher investigation. 
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FRACTURE TOUGHNESS OF V-5Cr-5Ti ALLOY AT ROOM TEMPERATURE AND 100°C - 
Huaxin Li  (Associated Western Universities--Northwest Division), R. H. Jones (Pacific Northwest 
Laboratories)’ and J. P. Hirth (Washington State University--Pullman) 

OBJECTIVE 

The  purpose of this research is to investigate the mode I and mixed-mode 11111 fracture toughness 
of a V-SCr-5Ti alloy a t  room temperature and 100°C. 

SUMMARY 

The critical mixed-mode I1111 fracture toughness, J-integrals (J,,), a t  room temperature (RT) and 
IOO~C were examined for a V-SCr-5Ti alloy. Fracture toughness at IOO~C was evaluated with a J- 
integral test and a t  R T  with a K (the stress intensity factor) test. The determination of J,, was 
made using modified compact-tension specimens. Different ratios of tensionlshear stress were 
achieved by varying the principal axis of the crack plane between 0 and 45 degrees from the load 
line. Crack angles used in this study were 0, 15, and 45 degrees. A specimen with 0 degree crack 
angle is the same as a standard mode I compact tension specimen. In this limit, J,, becomes J,r 
Specimens were annealed at 1125~C for 1 hour in a vacuum of 10.’ torr. J,, and mixed-mode 
tearing moduli (T,) were determined at 1OO~C with the single specimen technique. Crack lengths 
were calculated with partial unloading compliances. The J,, values at R T  were calculated from 
critical stress intensity factors (k). The results showed that at R T  the V-5Cr-5Ti alloy was brittle 
and experienced unstable crack growth with a mixture of intergranular, cleavage and some 
microvoid coalescence (MVC) fracture while at IOO~C it exhibited high fracture toughness and 
fractured with a mixture of MVC and intergranular failure. SEM investigation showed that  some 
cleavage facets initiated at grain boundaries. The results suggest a low intergranular fracture 
strength and tendency towards cleavage fracture at room temperature. Preliminary data from 
Auger electron microscopy showed significant sulfur segregation on grain boundaries. The possible 
mechanism which might reduce intergranular fracture strength is discussed. 

PROGRESS AND STATUS 

Introduction 

Vanadium-base alloys a re  being considered as a candidate structural material for the international 
thermonuclear experimental reactor (ITER). Besides retaining its good strength and ductility a t  
both ambient and elevated temperatures, vanadium-base alloys possess some unique neutronic 
properties as compared to austenitic and ferritic steel. Low neutron activation in the short-term, 
and specially in intermediate and long terms, and low biological hazard potential a re  particularly 
attractive properties of vanadium alloys. Recently the research on vanadium-base alloys is very 
active in USA, Japan,  and European Community 111. Research in US. has concentrated on 
vanadium-base alloys which compositions base on V + 5-15Cr + 0-20Ti + < 1Si [2,3]. The optimal 
composition has been narrowed to V-(4-5)Cr-(4-5)Ti alloys. Tensile and impact toughness tests done 
by Loomis and eo-workers 12-61 showed that these alloys have good strength and ductility a t  R T  and 
elevated temperatures, high upper shelf fracture toughness, and low ductile brittle transition 

“Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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2. Experimental Methods 

2.1 J Testing a t  1OO~C 

The  details of experimental methods about mixed-mnde 11111 J-integral test were reported in Ref. 
18. Only the important portions of experimental methods a re  summarized here. 

The  geometry of modified compact-tension (MCT) specimens used for mixed-mode 11111 testing is 
schematically shown in  Fig. 1. The magnitude of mode 111 components can he varied by changing 
the crack slant angle a. An angle of 0 degree represents mode 1 loading and the geometry of a 0- 
degree specimen becomes the standard compact-tension (CT) specimen as specified in ASTM 
standard E813-89. As increases, the contribution of mode 111 components increases. The crack- 
inclination angles used in this study were 0, 15, and 45 degrees. Side grooves of 20% reduction of 
total thickness were incorporated in all specimens. These side grooves can increase the triaxiality 
at the edges of a growing crack and constrain the advancing crack in the original crack plane. 

636 D r a .  p-j+ 111 hb 

Ill 
111 
111 
111 

1 305 , 
Fig. 1. The geometry of a modified compact tension 
specimen. 

~ - 
Calculating the total J-integrals in mixed- 
mode 11111 requires measuring both 
vertical displacement (6,) and horizontal 
displacement (6,) of load points. A 
standard crack opening distance (COD) 
clip gage was positioned on the knife 
edges. I t  was found that the 6, increased 
with 6, in a linear mode [7,9]. Hence 6,s 
were calculated approximately using a 
relation of 6, =a x S,, where a = S,,,, 
IS,,,,. An electric discharge machine 
(EDM) was used to make thin cuts with a 
small radius (radius = 0.051 mm) and 
approximately 1.3 mm long. The cuts 
were used as  a substitute for a pre- 
fatigued-crack (PFC) because a PFC tends 
to grow out of the original crack plane in 
mixed-mode specimens. The  EDM cuts 
were made before final heat-treatment. 

During J testing a specimen was heated 
u p  to 1OO~C with a heating tape 

surrounding it and temperature was controlled within *5’C. The single-specimen technique was 
used in this study, which allows a J-R curve (J vs crack extension Aa) to be generated with one 
specimen. During testing, the specimen was frequently and partially unloaded, and the partial 
unloading compliances were used to calculate the corresponding crack lengths following the 
procedure described in ASTM E813-89. Values of J matching those crack lengths were also 
calculated by means of Eq. (1) in the next section. At least 20 pairs of J-Aa data were used to 
construct a J -R  curve. 

The mixed mode Ill11 integral J, were calculated from the area under the load vs load-line- 
displacement curve by means of Eq. (1) 1191: 

6 .. 
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where 
B,,, = 0.8B/cos@ (the net crack front width excluding the 10% side grooves on each side) 

B = the overall specimen thickness 
@ = t h e  crack-inclination angle 
bo = W - a, (the initial unbroken ligament) 
W = t h e  specimen width 
a, = the initial physical crack length. 

To construct J-R cuwes and determine critical J values (J,& ASTM E813-89 was used. The slope 
of the blunting line for mixed mode IlIIl was calculated using Eq. (2): 

mi cos@ + mii i s inQ 
s i n @  + cos@ mi/iii = 

where mi = (ar + a,J and miii = (ay + auu)12, which are  blunting line slopes of pure mode I and 
mode 111, respectively. When 0 equals 0 and 90, mldii is equal to mi and qj,, respectively. A best 
fit straight line was also made using the J-Aa data between the upper and lower exclusion lines, and 
the slope of the straight line was taken as the nnnormalized mixed-mode 11111 tearing moduli (T,) 
for each specimen. The critical mode I and mode 111 J components (Jr and Jiir) in mixed-mode 
specimens could also be calculated in terms of the corresponding resolved loads and displacements. 
The  calculations of resolved mode I and mode 111 load and displacement and the determinations of 
J,, and Jiiic have been reported in detail in Ref. 10, I I  and 15. 

2.1 K Testing at Room Temperature 

Due to the brittleness and unstable crack growth of the V-5Cr-5Ti alloy at room temperature (RT), 
J,, could not be determined by ASTM E813-89. Therefore, J,<: at  R T  were calculated with Eq. (3), 
(4) and (5): 
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Where E is the Young’s modulus which was provided by Grossbeck [ZOl; K,, and K,,,r a re  mode I 
and mode 111 components of mixed-mode 1/111; B,,,, W and a, a re  the same as in Eq. 1; 0 is crack 
slant angle; P, is conditional load; f(a,/W) is the correction function given in ASTM E399-89; here 
we assume f(a,/W) is the same for both mode I and mode 111. 

K tests were done at R T  by following the procedure specified in ASTM E399-90. Due to the 
shortage of material, the unbroken J specimens tested at 1OO~C were used for K testing at UT. After 
finishing J test a t  100% and cooling the specimens down to RT, the specimens were fatigue-cracked 
a t  R T  for a length of 0.5 to 1 mm. K,, and K,, values were calculated from Eq. (4) and (5). J,, 
was then calculated from K,, and K,c by the means of Eq. (3). The J,, data a t  R T  reported here 
might differ from those measured with a standard specimen because the specimens were deformed 
during J testing a t  100°C and the ratios of crack length to specimen width were greater than 0.7. 

Results 

1. The  Critical J Values 

The dependence of J,, on crack angles and temperatures is shown in Fig. 2. In the limit of 0 = 
0 , J,, is equal to J,,, while for O< (D <90 degrees J,, represents the total critical J values under 
mixed-mode I1111 loading. Crack angles reported here include 0, 15, and 45 degrees. Each of the 
data points presented in Fig. 2 was obtained from a single specimen. The data reported here should 
be considered as  exploratory. More tests are  underway and will be presented in the next semiannual 
report. The RT fracture toughness data from F-82H steel (a ferriticlmartensitic stainless steel) a re  
also included in Fig. 2 for comparison. From Fig. 2 it can be seen that  J,, of the V-SCr-5Ti a t  
IOO~C is comparable to those of F-82H steel a t  RT. Effect of introducing shear component on J,, 
is also similar to that of F-82H steel, i.e. introducing shear component decreased fracture toughness 
of V-5Cr-STi considerably from pure mode I counterpart. For example, J,, at  100 C is about 470 
kJ/m’, however, the J,, at @=45 degree is only 180 kJ1m’. The V-5Cr-5Ti alloy is brittle at R T  and 
its fracture toughness shows only weak dependence on crack inclination angles. J,, varies from 61 
to 43 kJ1m’ when crack angles increase from 0 (mode I) to 45 degrees. 
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Fig. 2. The dependence of critical total J-integrals of V-5Cr-5Ti on crack inclination angles and 
temperatures. A reduced activation ferriticlmartensitic steel (F-82H) is included for comparison. 



2. The Tearing Moduli ( T , )  

The dependence of unnormalized mixed-mode 11111 tearing moduli (T,) of the V-SCr-5Ti at 100 C 
on crack angles is shown in Fig. 3. RT T ,  could not be measured because the V-5Cr-5Ti was brittle 
and failed catastrophically. In this sense, the R T  T, should be close to zero. Once again the R T  
T,, data of F-82H steel are  included in Fig. 3 for comparison. It can be seen that the 100-C T,, data 
o f t h e  V-SCr-STi are  also comparable to those of F-82H steel at  RT, except for that of mode I (ol=O) 
which is much less than that of F-82H. The reason is unknown a t  this moment. More research is 
needed. 
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Fig. 3. The dependence of total tearing moduli of V-SCr-STi on crack inclination angles. A 
reduced activation ferritielmartensitie steel (F-82H) is included for comparison. 

3. Fractography 

The crack fronts of all specimens remained in their initial orientation during J testing a t  IOO'C and 
K testing a t  RT. At 1OO'C all specimens (regardless of crack angles) were fractured with a mixture 
of MVC and intergranular failure, as shown in Fig. 4. However, the morphology of fracture surface 
varied with crack extension during J testing. The fracture surface near the initial crack tip (the 
EDM cut tip) exhibited more MVC fracture than that close to the final crack tip. The fracture 
surface near the EDM cut tip is dominated with MVC fracture plus small amount of intergranular 
facets (Fig. Sa); as  the crack propagated, intergranular fracture increased and MVC fracture 
decreased. Fig. Sb shows a fracture surface a t  the final crack tip. From Fig. 5 b one can see that 
while a large portion of the fracture surface is intergranular, the grains are  heavily deformed and 
there are  a lot of slip bauds on the intergranular facets. Therefore, although the V-SCr-5Ti 
exhibited partially intergranular fracture at IOO~C during J testing, its fracture toughness is still 
high. At R T  the V-5Cr-STi fractured primarily with a mixture of intergranular, cleavage and some 
MVC mode, as shown in Fig. 6. Some cleavage facets apparently initiated a t  grain boundaries and 
propagated through adjacent grains, as shown in Fig. I. The tendency of the V-SCr-STi to 
intergranular fracture a t  both R T  and 1OO~C indicates that  the intergranular bond strength is weak. 
The fracture data and fracture morphology at R T  and 100°C clearly indicate that the DBTT of the 
V-5Cr-5Ti annealed a t  112S~C for 1 hour is above RT, which is consistent with the imDact test 
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Fig. 4. A typical fracture surface of V-SCr-STi at 100°C, which shows a mixture of MCV and 
intergranular fracture. 

results performed by Hamilton and Jones of Pacific Northwest Laboratories [Zl] and by Oak Ridge 
National Laboratories [22]. 

Discussion 

Tensile properties reported by Argonne National Laboratory [2,6] (with thin sheet tensile specimens) 
showed that V-5Cr-5Ti annealed a t  either 1050 or llZ5'C in vacuum for 1 hour were ductile at RT 
and lOO'C, exhibiting MVC fracture with an elongation of about 34%. However, fracture toughness 
testing results in this study showed the alloy annealed at 112S'C for 1 hour was brittle at RT, 
experiencing a mixture of intergranular and cleavage failure. While the reason for this discrepancy 
is not fully understood, a trial J test conducted at RT suggests that notch sensitivity of V-JCr-5Ti 
might play an important role in affecting its fracture behavior. One specimen with a crack angle 
of 15 degree was used for a J testing at RT and failed catastrophically shortly after a crack initiated 
from EDM cut. SEM investigation revealed that the area close to,EDM cut tip experienced 
significant plastic deformation and fractured mainly by MVC fracture, as shown in Fig. Sa, 
however, after the crack propagated about 300 pm, it failed catastrophically with a mixture of 
intergranular and cleavage fracture, as shown in Fig. Sb. The reason for this change in fracture 
behavior is that the EDM cut was not very sharp, with a radius of about 50 pm, therefore, a 
relatively large amount of energy was consumed for a sharp crack to initiate; as a sharp crack 
formed, the fracture mode changed and the fracture energy decreased. Also, if a pre-fatigue pre- 
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Fig. 5. Fracture surfaces of a zero degree J-integral sample fractured at 100°C during J 
testing: a. an area close to EDM cut tip which is dominated with MVC fracture; b. an area 
close to final crack tip which is a mixture of MVC and intergranular fracture. 
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Fig. 6. A fracture surface of a zero degree sample which was fractured at room 
temperature during K testing. The fracture surface consists of a mixture of intergranular, 
cleavage and some MVC failure. 

Fig. 7. A cleavage fracture facet which shows the cleavage crack initiates at grain 
boundary and passes through another grain boundary. 
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Fig. 8. Fracture surfaces of a 15 degree angle sample fractured during J testing at room 
temperature: a. au area close to EDM cut tip which is dominated with MVC fracture: b. 
an area close to final crack tip which is dominated with a mixture intergranular and 
cleavage fracture. 



289 

cracked specimen (such as in the case of K test a t  RT) was used, only a very small amount of MVC 
fracture was found near crack tip. The observation suggests that the V-5Cr-5Ti alloy is sensitive 
to crack sharpness. Another factor that could contribute to the brittleness of the V-5Cr-STi during 
K test at R T  is the thickness of the specimen. Tensile tests were conducted with thin sheet 
specimens (1 mm) in which the state of stress is plane stress. On the other hand, a thick specimen 
with a sharp  crack will result in a triaxial state of stress (plane strain) a t  crack tip. The triaxial 
stress will restrict plastic deformation and enhance brittle fracture. Sensitivity of a material to 
crack tip sharpness increases with the brittleness of material because of the reduced crack blunting 
during crack growth. Fracture toughness tests using fatigue pre-cracked specimens will be 
conducted in the future. 

The brittleness of the V-5Cr-STi annealed a t  1125°C seems to stem from the low grain boundary 
fracture strength. Increasing temperature can increase dislocation mobility and reduce o r  even 
eliminate cleavage fracture. However, a mixture of MVC and intergranular fracture a t  100°C 
indicates the bond strength between grains is still weak. The possible mechanism which might 
reduce the grain boundary fracture strength will be discussed later and will be investigated 
systematically in the future. 

It has been found recently that adding mode 111 component to mode I loading could increase, 
decrease, or have little o r  no effect on the J,,, depending on the toughness of the materials. For 
brittle materials, such as glass 1231, 0.29C-0.83Cu steel and 1.25C bainitic steels [10,14-161, where 
fracture was controlled by tensile stress and the local crack-opening displacements, adding mode 
111 components had little or  no effect on the J,, (mode I J component of J,,), but tended to increase 
JMc. For tough steels, such as HPRS 1111 and F-82H steel 1171, which failed primarily by microvoid 
coalescence, additional shear stress produced incompatibility stresses a t  the particle interfaces in the 
trajectory of the crack, causing decohesion or particle fracture (shear damage). This process led 
to void formation that limited the mode I plastic flow field and caused premature separation of 
voids by mode I stress. Accordingly, tough materials exhibited lower fracture toughness for a 
mixed-mode crack than that for mode I crack. For those materials with intermediate toughnesses, 
such as AIS1 1090 steel 1101, introducing a mode 111 component decreased Ji, moderately, and had 
little effect on Jk,c. 

At 100°C the V-50-5Ti  is ductile, introducing shear stress component decreases its Jk,<: considerably. 
While "shear damage" at interfaces between particles and matrix caused by shear stress component 
could lead to a lower mixed-mode fracture toughness than its mode I counterpart, it might not he 
the sole mechanism because there are  fewer particles in this alloy than those in F-82H steel and a 
large portion of fracture surface is intergranular, not MVC fracture. One possible role of shear 
stress component might be to increase dislocation pile-ups rate a t  grain boundaries which promotes 
premature intergranular failure by tension stress component. How a mixed-mode I/III  loading 
affects a ductile and partial intergranular fracture needs further investigation. Due to the low 
toughness a t  RT, introducing shear stress component did not reduce the total fracture toughness 
(JMc) significantly. J , ,  keeps almost constant with crack angles between 0 to 45 degree, which is 
similar to that of AIS1 1090 steel tested at RT 1101. The results are  consistent with the theory of 
mixed-mode 11111 fracture mechanics. 

The relatively large proportion of intergranular fracture a t  both 100°C and R T  indicates the low 
fracture strength of grain boundaries in the V-5Cr-5Ti annealed at 1125°C. I t  is known that  
intergranular fracture in a metallic material is usually caused by one o r  more of following reasons. 
1. Impurity Segregation orland secondary phase precipitation on grain boundaries, such as temper 
embrittlement in steels; 2. Hydrogen embrittlement; 3. Liquid metal embrittlement; 4. 
Environmental assisted cracking; and 5. Intergranular corrosion. The # 3, 4, and 5 mechanisms 
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obviously can be excluded from this study. That  all specimens annealed in a vacuum of 10.' tor r  
for 1 hour (which should outgas hydrogen thoroughly) and tested at 100°C still fractured with 
partial intergranular mode suggests hydrogen embrittlemeot mechanism probably is not responsible 
for the low fracture strength of grain boundaries. The most possible mechanism is the segregation 
of impurities (such as sulfur, phosphorous etc.) andlor precipitation of second phase to its grain 
boundaries. T E M  analysis 1221 revealed precipitation of Ti(O,C,N) on grain boundaries, and our  
preliminary Auger electron spectroscopy analysis showed a significant enrichment of sulfur on grain 
boundaries in a specimen annealed a t  112S~C for 1 hour in vacuum. Jones 1241 showed that su l fu r  
segregation to grain boundaries can reduce the bond force between grains in steels and nickel. More 
research work will be devoted to evaluate the effects of heat treatments on sulfur segregation and 
second phase precipitation to grain boundaries, on intergranular fracture, fracture toughness and 
DBTT of the V-SCr-STi alloy in the near future. 

CONCLUSION 

A V-SCr-STi alloy annealed a t  I I 2 S ~ C  for 1 hour was brittle and experienced a mixture of 
intergranular, cleavage and some MVC fracture when tested a t  RT. Introducing shear stress had 
little effect on the total mixed-mode 1/111 fracture toughness (J,J at  RT. J, ,  decreased only from 
61 to 43 kJlm' when crack angle increased from 0 to 45 degrees. When tested a t  100'C, V-SCr-STi 
exhibited excellent fracture toughness while it still experienced a mixture of MVC and intergranular 
failure. Its J,,'s are  comparable to those of a tough fcrriticlmarteusitic stainless steel, F-82H. 
Adding shear component reduced its J,, and T ,  dramatically from its pure mode I counterpart 
(J,,) and T,. Jh,[ and T,, dropped from 470 kJIm' and 250 I(kJlm')/mml for pure mode I to 180 
kJ/m' and 170 [(kJlm')lmml a mixed-mode lllll with a crack angle 45 degree, respectively. 

FUTURE WORK 

Further research is in progress to evaluate the effect of crack sharpness on fracture toughness and 
effect of heat treatments on sulfur segregation and second phase precipitation a t  grain boundaries, 
on the intergranular fracture, fracture toughness and DBTT of the V-SCr-STi alloy. The effect of 
hydrogen and oxygen on mechanical properties will also be evaluated. 
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INFLUENCE OF TRANSMUTATION ON MICROSTRUCTURE, DENSITY CHANGE, AND 
EMBRlTTLEMENT OF VANADlUM AND VANADIUM ALLOYS IRRADIATED IN HFIR - 
S. Ohnuki and H. Takahashi (Hokkaido University, Sapporo, Japan), K. Shiha and A. Hishinuma 
(Japan Atomic Energy Research Institute, Tokai, Japan), J. Pawel (Oak Ridge National Laboratory, 
O a k  Ridge, TN, USA), and F. A. Garner (Pacific Northwest Laboratory') 

OBJECTIVE 

The  objective of this effort is to determine the factors which control the performance of vanadium 
alloys in fusion service. 

SUMMARY 

Addition of 1 at.% nickel to vanadium and V-IOTi, followed by irradiation along with the nickel- 
free metals in HFlR  to 2.3 x 10"n c d ,  E>O.lMeV (corresponding to 17.7 dpa) at 4OO0C, has been 
used to study the influence of helium on microstructural evolution and embrittlement. 
Approximately 15.3% of the vanadium transmuted to chromium in these alloys. The -50 appm 
helium generated from the 5*Ni(n,y)59Ni(u,a)"Fe sequence was found to exert much less influence 
than either the nickel directly o r  the chromium formed by transmutation. 

The V-IOTi and V-1OTi-INi alloys developed an  extreme fragility and broke into smaller pieces in 
response to minor physical insults during density measurements. A similar behavior was not 
observed in pure V or V-INi. Helium's role in determination of znechanical properties and 
embrittlement of vanadium alloys in HFlR is overshadowed by the influence of alloying elements 
such as titanium and chromium. Both elements have been shown to increase the DBTT rather 
rapidly in the region of 10% (Cr + Ti). Since Cr is produced by transmutation of V, this is a 
possible mechanism for the embrittlement. Large effects on the DBTT may have also resulted from 
uncontrolled accumulation of interstitial elements such as C, N, and 0 during irradiation. 

PROGRESS AND STATUS 

Introduction 

Vanadium-base alloys a re  currently being investigated for potential applications as structural 
materials in fusion reactors (1-3). As with other alloy systems, however, there is concern that  the 
relatively high levels of helium generated in fusion neutron spectra will strongly influence the 
microstructural evolution, dimensional stability and especially the mechanical properties. In order 
to study the potential influence of heliumldpa ratio while irradiating vanadium alloys in reactors 
whose spectra produce much lower levels of helium, a variety of helium enhancement techniques 
a re  being employed. Some involve the use of boron additions to produce helium via the 'oB(n,a)7Li 
reaction (4-6), while others involve the preiujection of 'He via the "tritium-trick'' prior to neutron 
irradiation (7). The Dynamic Helium Charging Experiment utilizes pre-doping with tritium as well 
as  continuous generation of tritium via transmutation of the 'Li-enriched lithium coolant 
surrounding the specimens (8). 

'Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial lnstitute under Contract DE-AC06-76RLO 1830. 
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Fig. 1. Fragments of broken microscopy disks from irradiated V-IOTi (top) and V-1OTi-1Ni 
(bottom). 



297 

Fig. 2. Fracture surfaces of irradiated V-IOTi specimen. 
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C 

I 
Fig. 3. Fracture surfaces of irradiated V-1OTi-1Ni specimen. 
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idiated specimens determined by EDX t s h n i q n c  

icroscope o r  transmission electron microscope used to perform 
ray spectroscopy. 

ig electron microscope are  shown in Figure 5, and clearly show 
formed. Figure 6 shows that chromium tends to segregate a t  
ickel, but not to segregate in nickel's presence. Nickel tends 
Never. 

e the helium production, a significant role of helium on cavity 
At this point, however, the helium build-up was not very large 
I to form theSqNi from 58Ni. The small sizes of the cavities are 
e fracture surface. Even more important, the extreme fragility 
nce of titanium rather than with the presence of either nickel 
ig also to preclude chromium as  a cause of the embrittlement, 
evels are all approximately equal io the four alloys. V-Cr 
rradiated in the Fast Flux Test Facility (FITF) to exposure 
emperatures from 400 to 600°C in earlier studies, and did not 

ear to be associated with segregation of chromium, but the 
Pgregation a t  grain boundaries and presumably at  other sinks 
luencing the electropolishing behavior. 

ppears to play no largc or direct role in cavity structure o r  
.el addition appears to depress swelling somewhat in V-1OTi. 
t be interpreted to result from cavity swelling alone, however, 
'rease the density of vanadium alloys (15). Thus, the swelling 
Ily be larger than inferred from the data in Table 2. Swelling 
V-1OTi by the transmutation, since only 51% swelling was 
it 420°C to exposures of 36-77 dpa (13). 

density of vanadium alloys (15) but they also have been shown 
Iteration of radiation-induced microstructure in electron 
adiations (17), neither of which lead to significant generation 
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V : H F I R  
X-RHV 
L i v e :  120s P r e s e t :  1201  R m a r n l n g x  O r  
Real:  199s 38% Dead 

V - 1 O T I : H F I R  
X-RRV Live:  lZOs Preset :  I203 Remain ing:  O S  

Reat :  195s 36X Dead 

Fig. 5. EDX spectra observed in irradiated V and V-1OTi. 

I 
V + V + C r  V + Ni --f V + Cr + Ni 

20 I 

300 -300 0 300 
Distance from boundary, nrn 

Fig. 6. Segregation profiles observed at grain boundaries in V and V-1Ni. 



302 

Loomis and coworkers (18) 
have shown that  the ductile- 
t o - b r i t t l e  t r a n s i t i o n  
temperature (DBTT) of V-Ti 
binaries increases strongly 
for titanium concentrations 
greater than 5% after fast 
r eac to r  i r r ad ia t ion  (no 
significant transmutation) a t  
420°C to 34-44 dpa, but 
increases even more strongly 
in V-Ti-Cr alloys fo r  
increasing chromium levels 
above 5% Cr. For (Cr+Ti) 
levels above 9%>, the DBTT 
after irradiation increases 
200°C o r  more, as  shown in 
Figure 7. Since the (Cr+Ti) 
level of the broken specimens 
after irradiation is on the 
order of 25%, the DBTT of 
these specimens may be 
250°C o r  greater. Note that  
even before irradiation, the 
DBTT of such high solute 
a l l o y s  is n e a r  r o o m  

250 
51 v 
so v - i n  

200 67 V-IT1 

150 - 

100 - 

50 .- 
Y 
E O -  
m 

_ _  . 
46 V - 5TI 
12 V- IOTI  
15 V-18TI  
54 V - 5Cr - 3Tl 
4 1  V - 4 C r .  4Ti 
63 V .5Cr - 5TI 
4¶ V . 8Cr .6TI 
43 V - ¶ C r - m l  
24 V .  14Cr.5TI 
41 V-15Cr-511 
44 V .  lOCr.9TI 
10 V-7Cr -15TI  

unirradlated 

e Chsrpy Impact 
0 0 E M  Irnpml 

-200 

-250 
0 5 10 15 20 25 

Cr +Ti Concentration, Wt. % 
Fig. 7. Dependence of DBTT on solute concentration for V-Cr-Ti 
alloys irradiated at 420°C in FFTF to 32-44 dpa (18). Closed 
symbols denote Charpy impact data, open symbols denote T E M  
impact data. 

temperature. I t  is interesting to note that vanadium alloys with high chromium and titanium levels 
irradiated in FFTF also showed significant embrittlement, but that V-3Ti-1Si resisted embrittlement 
(19,ZO). 

As shown by Greenwood and Garner (IZ), however, the transmutation rates experienced by 
vanadium in HFIR a re  more than an order of magnitude greater than those expected in fusion 
neutron spectra o r  that of liquid metal cooled fission reactors. Mori (21) has calculated that  for the 
International Thermonuclear Experiment Reactor (ITER), transmutation of vanadium to chromium 
would be less than 1% per year a t  any position on the first wall when operating at 2 MWlm’. 
Therefore, the 
extreme fragility exhibited by V-Ti alloys after  irradiation in HFIR may be very atypical of the 
response that  will occur in  fusion reactors. Therefore, if fusion-relevant tests a re  to be successfully 
conducted in mixed spectrum reactors, the thermal component of the neutron flux must be reduced 
significantly by shielding the specimens with materials that  a re  strong absorbers of low energy 
neutrons. 

It must also be noted that  interstitial impurity elements such as carbon, oxygen, and nitrogen cause 
embrittlement of vanadium alloys (19). The environmental pick-up of these elements was neither 
controlled nor measured in this HFIR experiment and thus may be a significant contributing factor 
to the embrittlement. 

This experiment demonstrates once again that  the possible influence of solid transmutation must be 
taken into account when designing and evaluating experiments that  will be conducted in neutron 
spectra which a re  only surrogates for the spectrum of actual application. A summary of previously 
cited situations where transmutation was found to be an important concern is presented in other 
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papers (22,23). Also demonstrated io this experiment is the principle that  the impact of elemental 
tailoring of alloys to study the effects of transmutant helium is often overshadowed by the direct 
action of the tailoring agent itself. 

CONCLUSIONS 

The addition of nickel to vanadium and to V-LOTI appears to influence swelling of these alloys when 
irradiated a t  -400°C in HFIR, but its action appears to be related to nickel’s direct influence on 
microstructural evolution, rather than to its role as a source of helium. Helium’s role in 
determination of mechanical properties and embrittlement of vanadium alloys in HFIR is 
overshadowed by the influence of alloying elements such as titanium and chromium. Both elements 
have been shown to increase the DBTT rather rapidly in the region of 10% (Cr + Ti). Since Cr is 
produced by transmutation of V, this is a possible mechanism for the emhrittlement. Large effects 
on the DBTT may have also resulted from uncontrolled accumulation of interstitial elements, such 
as C, N, and 0 during irradiation. 

The extreme emhrittlement observed in this experiment resulting from chromium formation will 
not be representative of that expected in fusion neutron spectra, where the V-tCr transmutation 
rate per dpa will be lower by more than an order of magnitude. 

FUTURE WORK 

Specimens irradiated in HFIR a t  temperatures above 4 0 0 T  will he examined. 
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INFLUENCE O F  FLUX-SPECTRA DIFFERENCES ON TRANSMUTATION AND SWELLING 
OF VANADIUM ALLOYS - F. A. Garner and L. R. Greenwood, (Pacific Northwest Laboratory)a 

OBJECTIVE 

The objective of this effort is to determine the factors that a re  relevant to the development of 
fission-fusion correlations for vanadium alloys. 

SUMMARY 

The swelling of vanadium and its alloys is known to he sensitive to the level of chromium in the 
alloy. Chromium is also the major transmutation product during neutron irradiation, however, and 
the production rate of chromium is very sensitive to neutron spectra. I t  appears that an  apparent 
dependence of void swelling in pure vanadium irradiated in FFTF may arise in part  from the 
spectral difference that accompanies changes in displacement rate. 

PROGRESS AND STATUS 

Introduction 

In a recent joint Japan/U.S. study on swelling and microstructural evolution in V and V-SCr, these 
metals were prepared with a variety of boron levels to assess the effect of helium (and lithium, 
unfortunately) on microstructural evolution and swelling. One rather surprising result of that  study 
was a rather strong apparent influence of flux of swelling on pure vanadium, as shown i n  Figure 
1, which compares data at (427"C, 46.4 dpa) and (411"C, 15.1 dpa).' The swelling rate per dpa 
appears to increase strongly a t  lower flux. Similar hints of a flux effect have surfaced in earlier U.S. 
MOTA studies and Japanese studies in JOYO. It is not known whether such a flux effect would 
exist for more complex alloys. The swelling data on V-5Cr at -400OC in the current studies d o  not 
show enough swelling a t  either flux rate to see an effect of flux. 

To this point, however, we have only considered the flux aspect of the fluxispectra differences 
encompassed in Figure 1. It now appears that the spectra aspect may he at least as important, o r  
possibly even more important than the flux aspect. Note in Figure 2 that  the transmutation rate 
for V+Cr is a strong function of position in FFTF.' (The midplane of the helow-core basket is at - 
66 em). Is it possible that  differences in chromium formation rates can act to accelerate swelling 
at different rates in pure vanadium o r  vanadium alloys that a re  irradiated in slightly different 
neutron spectra? 

"Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battclle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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- 2.0 s 

Pure Vanadium -4246 dpa 15 dpa 

- 

0.40 

0.35 V FFTF 

Fig. 2. Calculated Transmutation Rates. 

Results and Discussion 

Figure 3 shows swelling data a t  -6OO"C, taken from various U.S. and joint U.S./Japan studies on 
V-Cr binary alloys in MOTA.'-'' Note that the dependence of swelling on chromium content 
appears to be relatively weak a t  high chromium levels but much stronger at lower levels. 
Unfortunately, vanadium-chromium alloys a t  very low chromium levels (55%) have not been 
irradiated. Very high swelling V-xFe alloys (x=1,3,5,10) were recently irradiated in a joint 
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Tnhoku/ANL experiment in EBR-11, however, and showed that  most of iron's influence was realized 
already by 1% iron! 

Figure 3 suggests that  the first small amount of chromium, including that produced by 
transmutation, strongly accelerates swelling. Since the transmutation rate per dpa increases as the 
flux falls, such an  effect could he interpreted only in terms of a flux effect, but such an 
interpretation might he misleading. 

Two applications of this discussion are  relevant to currently on-going experiments. 

a) The  transmutation observed in V, V-lNi, V-IOTi and V-1OTi-1Ni irradiated in HFIR a t  
400°C was -15.5% Cr at 17.7 dpa? Swelling was low at  400"C, in agreement with that  of 
FBTF studies at such high chromium levels. When the HFIR results at 500 and 600°C 
become available, the possible effect of V+Cr transmutation on swelling should he taken 
into account. For  vanadium irradiated in spectral-tailored HFIR positions, a lower level of 
chromium will he formed, hut this will still he an  important factor due to chromium's strong 
effect at lower levels. 

If the spectra difference is indeed more important than the flux difference for pure 
vanadium, then a lesser but still significant effect of spectra will prohahly exist for alloys 
already containing a significant amnunt of chromium. If not, however, flux effects may 
exert significant influence on the radiation response of more complex vanadium alloys. The 
answer must await analysis of other experiments conducted a t  different displacement rates. 

h) 

Displacements per Atom Weight Percent Chromium 

Fig. 3. Neutron-induced swelling of V-Cr alloys in FFTF. 
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FUTURE WORK 

Measurements will be made of the density changes of V-B nd V-SCr-B alloy series irradiated to 
higher fluence in FFTF. Densities will also be measured for pure V irradiated in HFIR a t  500 and 
600°C. 
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DEPENDENCE OF VANADIUM ALLOY DENSITY ON STARTING COMPOSITION, 
TRANSMUTATION AND SEGREGATION - F. A. Garner (Pacific Northwest Laboratory') and B. 
A. Loomis (Argonne National Laboratory) 

OBJECTIVE 

The objective of this effort is to assess the factors which contribute to density changes in irradiated 
vanadium alloys. 

SUMMARY 

The density of vanadium alloys is strongly dependent on solute identity and eoncentration, especially 
for additions of chromium and titanium. One consequence of this dependence is that radiation- 
induced density changes arise from segregation and precipitation. Transmutation of vanadium to 
chromium can also lead to significant increases in density and can therefore complicate somewhat 
the interpretation of swelling data derived using immersion density techniques. 

PROGRESS and STATUS 

Introduction 

Vanadium alloys are currently under consideration for application in ITER One of the 
experimental tcchniques used to assess the behavior of these alloys after irradiation in EBR-ll, FFTF 
and HFlR is that of immersion measurements to determine changes in density. Although tbe 
primary purpose of this technique is to determine the amount of void swelling, density changes 
arising from other non-void related phenomena also contribute to the measurement. 

Segregation can sometimes lead to net changes in density if the partial molar volumes of the various 
elements are dependent in a nonlinear manner on the wnccntration of other elements in the alloy. 
If precipitation arises from such segregation, the potential for non-void density contributions 
increases strongly. Such changes occur in many irradiated alloys, ranging from several tenths of 
a percent to as much as 4%. Thew changes can be either positive or  negative in sign. 

Vanadium alloys are known tu be susceptible to radiation - induced segregation and precipitation.'-' 
In addition, vanadium alloys are subject to large levels of transmutation of vanadium to chromium, 
especially in some neutron spectra.' For example, in a recent irradiation in HFIR, the composition 
of several vanadium alloys was altered significantly, with 16?4 of the vanadium converted to 
chromium at only 17 dpa.' Even in the absence of precipitation, such a change will lead to a 
significant shift in alloy density. 

In order to properly interpret density change data, it is necessary to determine the net effect of 
addition, removal or  redistribution of various solutes on the lattice parameter of the alloy matrix. 
Such information is best gained from analysis of the compositional dependence of density under 
conditions where all solutes are uniformly distributed and no preeipitatioo has yet occurred. 

~ ~ ~ 

'Paeifie Northwest Laboratory is operated for the U.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-ACW76RLO 1830. 
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Therefore, the density of arehive specimens of a variety of binary and ternary alloys in the annealed 
enndition has been measured. These data have been used to determine swelling values reported in 
various earlier studies, but most of the density data on unirradiated alloys have not previously been 
reported. 

Results and Discussion 

The data shown in Figure I are derived primarily from the Argonne National Laboratory binary 
and ternary alloy series (solid lines)' and partially from various joint Japanese/U.S. irradiation 
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Fig. 1. Influence of chromium and titanium on the density of vanadium alloys. Solid lines 
represent data from the Argonne alloy series and the dotted lines represent data from various 
Japanese alloys. 

studies, most of which have nut yet been reported. Chromium additions clearly inerease the density 
and titanium additions strongly decrease the density. Providing that no precipitation nceurs, 
transmutation of vanadium to chromium will increase the density and thereby camouflage the onset 
of void swelling. Since the influence of chromium and titanium are of opposite sign, it appears 
possible to either inerease or decrease the density upon precipitation, depending not only on the 
relative amonnt of titanium and chromium removed from the matrix but also on the crystal 
strnetnre and lattice parameter of the precipitate Note that there appears to be some small 
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differences in the density of the two V-Ti binary alloy series used in the Argoune series measured 
at Argoune and the Japanese alloys measured at PNL This may be due to the faet that the 
Japanese alloys in general are of higher purity. 

The V-Ti data on the Japanese alloys are presented again io Figure 2, along with data on a variety 
of alloys, all measured at PNL. The solutes Ni, Mo and Fe all eause increases in density while Si, 
Al and Y tend to cause deereases. Additions of 1?4 of either Y or Ni to various binary or ternary 
alloys lead to density ehanges consistent with the changes induced in the density of pure vanadium. 

6.2 
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Fig. 2. Influence of various solutes on the density of annealed vanadium alloys. 

FUTURE WORK 

These data will be used in the interpretation of density change data derived from irradiated 
vanadium alloys. They will also be used to explain the impaet on swelling of various solutes, 
especially nickel, silicon and iron. 
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COPPER ALLOYS FOR HIGH HEAT FLUX STRUCTURE APPLICATIONS - S.J. Zinkle (Oak 
Ridge National Laboratory) and S.A. Fabritsiev @.V. Efremov Scientific Research Institute of 
Elecmphysical Apparatus) 

OBJEKTIVE 

The objective of this effort is to evaluate the unirradiated and irradiated properties of high-strength, 
high-conductivity copper alloys which are under consideration for f i s t  wall and divertor structural 
applications in ITER. This review was initiated in response to ITER technology R&D Task 'I7, 
"Assess Physical, Mechanical and Technological properties of the Fist Wall Candidate Cu Alloy". 

SUMMARY 

The mechanical and physical properties of copper alloys are reviewed and compared with the 
requirements for high heat flux suuctural applications in fusion reactors. High heat flux structural 
materials must possess a combination of high thermal conductivity and high mechanical strength. The 
three most promising copper alloys at the present time are oxide dispersion-strengthened copper (Cu- 
4 2 0 3 )  and two precipitation-hardened copper alloys (Cu-0-Zr and Cu-Ni-Be). These three alloys are 
capable of rmm temperature yield strengths > 400 MFQ and thermal conductivities up to 350 W/m-K. 
All of these alloys require extensive cold working to achieve their optimum strength. Precipitation- 
hardened copper alloys such as Cu-Cr-Zr are susceptible to softening due to precipitate overaging and 
recrystallization during brazing, whereas the dislocation structure in Cu-AI203 remains stabilized 
during typical high temperature brazing cycles. All three alloys exhibit good resistance to irradiation- 
induced softening and void swelling at temperatures below 3WC. The precipitation-strengthened 
alloys typically soften during neutron irradiation at temperatures above about 3 W C  and therefore 
should only be considered for applications operating at temperatures <3WC. Dispersion-strengthened 
copper may be used up to temperatures in excess of 5WC.  Based on the available data, dispersion- 
strengthened copper (Cu-AI203) is considered to be the best candidate for high heat flux structural 
applications. 

PROGRESS AND STATUS 

1. INTRODUCTION 

High-strength copper-based alloys with high thermal conductivity are considered to be a 
promising class of materials for fusion reactor cornponenu which must withstand high levels of heat 
flux. Recent engineering design studies for the International Thermonuclear Experimental Reactor 
(ITER) have proposed copper alloys for the divertor structure and fist wall regions. Relatively thick 
walls can be accommodated in the heat sink structure of the divertor or fist wall if high-conductivity 
copper alloys are used instead of low-conductivity materials such as srainless steel: the temperature 
drop across a 10 mm plate of a high-conductivity copper alloy exposed to a heat flux of 1 MW/m2 
would be -3o'C. Copper alloys are well known for their high electrical and thermal conductivity, 
excellent resistance to corrosion, ease of fabrication, and good strength and fatigue resistance [l]. The 
manufacturing infrastructure for copper alloys is well established. The worldwide annual production 
(and consumption) of copper exceeds 1O1O kg, with pure copper accounting for more than 50% of the 
applications. The annual production of specialized high strength, high conductivity alloys such as 
CuCrZr and Cu-Al2O3 is greater than lo6 kg. 

Reviews on the unirradiated and irradiated properties of copper alloys are. available from several 
different sources [l-61. The general criteria for selection of a high heat flux structural material are 
summarized in a companion paper in this volume [7]. In the present paper, we will f i s t  summarize 
the physical and mechanical properties of copper alloys. Most of the remaining review concentrates 
on several high-strength, high-conductivity copper alloys which have the best mechanical and physical 
properties for fusion reactor high heat flux applications. Critical issues such as fabricability, joining, 
corrosion resistance and radiation effects are discussed. Property data quoted by the manufacturers of 
high-strength, high-conductivity copper alloys have generally been excluded from the present 
compilation, unless there was insufficient data from independent researchers to establish trend lines. 
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2. FABRICATION AND PROPERTIES OF COPPER ALLOYS 

Table I summarizes the physical properties of pure copper [1,8,9]. The high thermal 
conductivity of copper Orb-380 Wlm-K) is maintained over a wide range of temperatures, making 
thii material very useful for high heat flux applications. Since the free electrons in copper are mainly 
responsible for conduction of both thermal and electrical currents, the thermal conductivity and 
electrical resistivity (pd  are conveniently related by the Wiedemann-Franz law, kth pe = L T, where 
T i s  the absolute temperature and L is the Lorentz n u m b ,  which has a theoretical value of 2 . 4 5 ~ 1 0 - ~  
W-R/K2. Experimental measurements of the Lorentz number for copper indicate that it is slightly 
less than the theoretical value, ranging from 2 . 2 3 ~ 1 0 - ~  at 0'C to 2 . 3 8 ~ 1 0 - ~  at 5 W C  [81. Electrical 
resistivity measurements can often he performed on specimens designed for another purpose (e.g., on 
neutron irradiated tensile specimens), and the Wiedemann-Franz relationship allows the thermal 
conductivity of copper and copper alloys to he estimated from the resistivity data without making a 
direct measurement of kth. 

Whereas pure copper exhibits very high thermal conductivity, the inhinsic strength of copper is 
relatively low. Solid solution additions are generally not effective in increasing the strength of copper 
by a significant amount and cause a concomitant decrease ih thermal conductivity. Two general 
categories of high-strength, high-conductivity copper alloys are commercially available, namely 
precipitation-strengthened and dispersion-strengthened alloys. Since all of the copper alloys under 
consideration for high strength, high conductivity applications contain <3% solute additions, their 
thermophysical properties are the same as those listed for pure copper in Table I to within a few 
percent (except for kth and pe). Table I1 summarizes the chemical composition of several 
commercially available high-strength, high-conductivity copper alloys. 

Since the copper mauix is intrinsically weak compared to more aaditional structural materials 
such as iron- and nickel-based alloys, high-strength. high-conductivity copper alloys are generally 
produced in wrought form. The high dislocation density associated with wrought alloys can be pinned 
by precipitates or oxide particles, thereby producing high strengths. Precipitation-hardened alloys can 
in principle he cast and subsequently heat treated. which is advantageous for structural components 
with complex geometries that would he difficult to machine [ZO]. However, it must he recognized 
that the strength of the cast and aged alloy will be significantly less than the same alloy in wrought 
form. Thii issue will be discussed in more detail in Section 2.1 (e.& Fig. 3). Precipitation-hardened 
copper alloys are generally aged at temperatures between 300 and 5WC.  Exposure to temperatures 
near or above the aging temperature causes panicle coarsening in precipitation-hardened alloys, with 
accompanying softening. 

TABLE I. Thermophysical properlies of pure copper [1.8,91. 

Melting temperature 
Boiling temperature 
Heat of fusion 
Heat of vaporization 
Vapor pressure 

density 
coefficient of thermal expansion (a) 
Poisson's ratio (u) 
Young's modulus of elasticity (E) 
specific heat (Cp) 
thermal conductivity (kth) 
elecuical resistivity (pe) 

1083'C 
2567'C 
2.05~105 Jkg 
4 . 8 0 ~ 1 0 ~  Jikg 
1 . 0 ~ 1 0 ~  Pa @ 850'C 
0.15 Pa @ 1150'C 
8950 kdm3 @ u)'C 

0.015 Pa @ 1050'C 

1 7 . 0 ~ 1 & ~  @ 20'C 2o.ox10-6 @ 5 W C  
0.145 @ 20'C 0.351 @ 5 W C  .. . -~ . 
117 GPa @ 20'C 
385 Jkg-K @ 20'C 
391 Wlm-K @ 20'C 
17.1 nQ-m @ 20'C 

108 GPa @ 5 W C  
431 Jlkg-K @ 5 W C  
370 Wlm-K @ 5 W C  
49.7 nQ-m @ 5 W C  
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TABLE 11. Chemical composition of commercial high-strength, high-conductivity copper alloys. 

Comoosition (wt%) * AUov trade name & manufacturer AUov t w e  
cu-0-zr  PH 

Mzc (AMAX copper, hc.) 
ELBRODUR G (Kabelmetal) 

C17510 (Brush Wellman, Inc.) 

Cu - 0.8%Cr - 0.15%Zr - 0.04%Mg 
Cu - 0.65%Cr - O.lO%Zr 

CU - 1.4 to 2.2%Ni - 0.2 to 0.6%Be 
Cu-Ni-Be PH 

Oxide dispersion-strengthened Cu DS 
GlidCop AL-15 (SCM Metals) Cu - 0.15% Al as oxide particles (0.28%Al203) 
GIidCop AL-25 (SCM Metals) 
GlidCop AL-60 (SCM Metals) 
MAGT 0.05 (Ultram-Golden) 
MAGT 0.2 Wtram-Golden) 

Cu - 0.25% AI as oxide particles (O.46%A1203) 
Cu - 0.60% Al as oxide particles (l.l2%AI~O3) 
Cu - O.l%Al - O.Ol%Hf - O.O3%Ti as oxide particles 
Cu - 0.1 to 0.4%AI - 0.01 to O.l%Hf -0.03 to 
0.14%Ti as oxide particles 

precipitation-hardened (PH) or dispersion-smngthened ( D S )  t 

Dispersion-strengthened alloys cannot be cast since the oxide particles would not remain 
uniformly disperxd in the liquid phase. The fabrication process for the commercially available 
GlidCopM oxide-dispersion-suengthened copper alloys utilizes powder metallurgy techniques [l l l .  
The internally oxidized product is consolidated by hot extrusion or hot rolling of canned powder 
billets. The wrought precipitation-hardened or dispersion-strengthened copper alloys can be produced 
in a variety of forms. For example, sheets of dispersion-strengthened copper (Cu-AI203) are 
routinely available in cross-section sizes up to 6.3 x 50 cm [15]. and moderately complex geomelries 
can be produced by using custom-made extrusion dies. 

It is worth emphasizing that many of the high strengths summarized in the following sections 
for precipitation-hardened and dispersion-strengthened copper alloys were obtained on thin ships which 
had been heavily cold-worked. These very high suengths (>500 MPa) generally cannot be achieved in 
large structural components fabricated from copper alloys, because large components cannot be 
heavily cold-rolled. 

2.1 Room temperature strength and thermal conductivity 

The thermal stress parameter (M) is a useful figure of merit for evaluating the suitability of 
candidate high heat flux sauctural materials: 

M=aykth( l-u)/UE (1) 

where ay is the yield strength, kth is the thermal conductivity, u is Poisson's ratio, a is the linear 
coefficient of thermal expansion, and E is Young's modulus. The values of ay and kth are strongly 
dependent on the particular alloy and thennomechanical processing. Figure 1 shows the range of 
rmm temperature strengths and conductivities that can be achieved in various copper alloys and Type 
316 stainless steel [1,2.4,5,6,10-211. The range of possible strengths for a given alloy is due to 
different thennomechanical treatments: cold-worked (CW). cold-worked & aged (CWA), and 
solutionized & aged (SA) conditions. The high suength CuNiBe datum labeled TMT was obtained on 
thin sheet specimens of a high purity laboratory heat [12-141 and may not be achievable in large 
commercial heats. The wrought Cu-Al2O3 datum refers to hot extruded (M30 temper) GlidCop AL- 
25 plate of 13 cm thickness [1.15]. 

Cold working can greatly increase the room temperature strength of copper without any 
significant change in the thermal conductivity. However, pure cold-worked copper softens due to 
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HG. 2. Comparison of the room temp- 
erature thermal stress parameter for copper 
alloys and stainless steel. The copper alloy 
data were taken from Table I and Fig. 1. 

recovety and recrystallization at temperatures above 100 to 2 W C  [22,23] and is therefore not suitable 
for applications above room temperature. The strength of copper alloys can be significantly increased 
by suitable combinations of heat treatment and cold working. Since the average amount of 
deformation that can be achieved in a thick plate or rod is less compared to a thin strip or wire, the 
strength of these alloys also depends on the product form [I]. For example, the as-consolidated yield 
strength of GlidCop AL-25 Cu-AI203 alloy varies from 345 MPa for 1 cm plate to 296 MPa for 13 
cm plate. thickness [15]. Similarly, the room temperature yield streugth of solution quenched and agcd 
(TF00 temper) Cu-Cr alloys can vary between 250 and 450 MPa depending on the product form and 
heat treatment conditions [l]. 

Figure 2 compares the room temperature thermal stress parameters of high-strength, high- 
conductivity copper alloys and stainless steel. Conventional precipitation-strengthened alloys such as 
Cu-2%Be have high strength but very low thermal conductivity compared to copper, resulting in a 
relatively low thermal stress parameter M. The highest combined strength and conductivity is 
achieved in cold-worked copper alloys that contain a uniformly distributed second phase of small 
particles. This is achieved in both precipitation-strengthened (e.& CuCrZr and Cu-Be-Ni) and 
dispersion-strengthened (e.& Cu-Al203) alloys. It can be seen from Fig. 2 that the rmm 
temperature thermal stress parameter of these copper alloys is more than an order of magnitude higher 
than the corresponding value for stainless steel. 

It is worthwhile at this point to consider in more detail the influence of thermomechanical 
processing on the strength and conductivity of copper alloys. Several studies have shown that the 
yield strength in CuCrZr alloys which have been heat treated for maximum precipitation hardening 
(without cold working) is about 50 to 70% of the peak cold-worked and aged strength [10,24,251. For 
example, the maximum yield strength in solution quenched and aged CnCrZr is about 350 MPa 
[20.25], whereas cold-worked and aged CuCrZr can have room temperature yield strengths up to at 
least 600 MF'a [%I. Figure 3 compares the room temperature tensile curves of AMAX-MZC CuCrZr 
foil in the solutionized & aged condition (SA) and in the solutionized, cold worked & aged condition 
(CWA) [lo]. The CWA treatment consisted of solution annealing at 950'C for 0.75 h, water quench, 
90% cold roll, and aging at 4 W C  for 0.5 h. The SA alloy was annealed at 930'C for 0.75 h, water 
quenched, and aged at 5 W C  for 1 h. It can be seen that precipitation hardening in the absence of cold 
work produced yield strengths that were only about half of the cold-worked and aged strength. The 
room temperature thermal conductivities deduced from electrical resistivity measurements were 210 
and 230 W/m-K, respectively for the SA and CWA conditions [lo]. 
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FIG. 4. Room temperature yield strength and 
thermal conductivity of Cu-2%Ni-0.4%Be 
thin sheet specimens subjected to different 
combinations of cold working and heat 
treament [13,14]. 

Ibermomechanical processing can produce a wide range of slrengths and conductivities in 
pwipilation-hardened coppcr alloys [1.2.10,13.14.24.251. Cold working can produce large increxxs 
in thc alloy strength with only minor degradation in the thennal conductivily. lleat treatments \rhicb 
increase the alloy strength gentrally c a w  a concomitant decrease in the thermal conductivity. Figure 
4 shows an example of the variation in m m  temperature yield strength and t h m a l  conductivity th31 
is achievable in Cu-2%Ni-0.4%Be subjected to different schedules of beat ucalmcnl and cold work 
[13.141. The standard cold-work and aging (CWA) treatment produced lower strengths than 
thennomechanical treatment ('MI) consisting of preaging. cold work, and reaging. The thermal 
conductivity in  Fig. 4 W a c  estimatcd from elecbical resistivity measurements using the Wiedemann- 
Franz law. Ileal mtmenls which incremed the t h e d  conductivity produced corresponding du~ca\es 
in the alloy strength. Similar uddeoffs between yield strength and thermal conductivity occur for lill 
precipilation-hardened copper alloys. The maximum in the thermal stress parameter (which IS 

proponjonal u) the product of the yield strength and thtnnal conductivity) in precipitation-hardcncd 
alloys can occur for either highconductivity or high-strcngth heat treaments. depending on the alloy 
system. 

2.2 Effects of annealing and test temperature on the tensile properties 

The remainder of this review concentrates on the three copper alloys that have Ihe best rwm 
temperature thermal stress resistance (Fig. 2). namely the prccipilation-hardened alloys CuCr7.r and 
CuNiBe and oxide dispersion-strengthened coppa (primarily Cu-AI203). The oplimum mechanical 
properties for the CuCrZr and CuNiBe alloys are produced by aging at tempcntures of 320 to 500'C 
for 0.5 10 2 h [10.12.14,24.27]. Therefore. it can be anticipated that thesc alloys will k susceptible 
to softening aiter extended exposure to temperatures above 400'C due to precipitate coarseiiiiig 
(ovcrdging) and reuysralli7.ntion. On h e  other hand, the oxide panicles in dispersion-slrengthend 
copper are thermally stable up to the melting point of the copper matrix and therefore this t y p  of 
copper alloy is inherenlly resismt to soflening 1281. 

Figure 5 shows the room temperature yield strength of CuCrZr alloys following short term 
(0.5 to 1 hour) annealing at temperatures between 300 and 750'C [10,19.29,301. Significant 
softening begins u) occur after exposure to temperatures above 400 to 5WC. Similar results have 
bccn reponed for CuCrZr alloys by other researchers using Brinell hardness measuremenL~1251. and 
this alloy has been shown to soften dramatically when aged for 1 h at kmperamres above 5WC 1c.g.. 
24,271. Vandenneulen et al. [26] reported that annealing at 7 W C  for 15 minures reduced the room 
temperacure yield >trenglh of CuCrZr from 595 MPa to 210 hWa. According to the d m  presented in 
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FIG. 5 .  Effect of annealing on the room 
temperature yield strength of MZC [10.29,301 
and Elbrodur [19,301 CuCrZr alloys. The 
annealing times varied between 0.5 and 10 h. 

FIG. 6. Effect of annealing on the room tem- 
perature yield strength of GlidCop AL.-15 and 
AL-60 L11.30-321 and MAGT [331 oxide dis- 
persion-strengthened copper alloys. With the 
exception of the data point labeled 100 h, the 
annealing times varied between 0.25 and 10 h. 

Fig. 5. Elbrodur CuCrZr appears to have somewhat better resistance to softening than MZC CuCrZr. 
Them is not sufficient annealing data on CuNiBe to determine its softening temperature. However, 
due to the similarity between CuCrZr and CuNiBe regarding precipitation hardening treatment 
tempb.ues, CuNiBe may be expected to behave similar to the softening trend shown in Fig. 5 .  The 
observed softening temperature for CuCrZr of 400 to 5 W C  is significantly higher than that of cold- 
worked copper: the corresponding softening temperature for high purity copper is only about 1 W C  
122,231, although small amounts of impurities can increase the softening temperature to 2WC or 
bigher [1,22]. Unfortunately, the softening temperature of CuCrZr is too low to prevent significant 
loss of strength during joining by conventional furnace brazing or welding techniques. Conventional 
furnace brazing of copper alloys is performed at temperatures between 600 and 1ooo'C with typical 
bold times between 5 and 15 minutes. Some of the strength loss induced by the exposure to high 
temperatures can be recovered by subsequent heat treabnent. The maximum room temperature yield 
strength that can be expected in a conventional furnace brazed or welded CuCrZr joint following heat 
treatment is the solutionized and aged value of 300 to 350 MPa [10.20.25]. 

The ultimate tensile strength ( U T S )  of CuCrZr alloys follows a similar softening behavior as 
the yield strength following exposure to temperatures above 400 to 5 W C  [10,26,30]. The room 
temperature LJTS of the as-fabricated alloy is typically 5 to 20% higher than the yield strength, with 
the lowest ratios of ultimate to yield strength occurring in heavily cold-worked (high strength) alloys. 
Following annealing at temperatures above 500 to W C ,  the room temperature UTS is generally 
-50% higher than the room temperature yield strength. Typical m m  temperature ultimate strengths 
of the annealed CuCrZr alloys are 300 to 350 MPa [10.26,30]. The total elongation to failure (eto3 
of the CuCrZr alloys increases after high-temperature annealing. Typical as-fabricated values of etot 
are 5 to IS%, with the lowest elongation occurring in the highest strength alloys [10,19.20,26, 301. 
The room temperature elongation to failure in annealed CuCrZr alloys is generally >25% [10,26,30]. 
The measured reduction in area was >SO% for cold-worked & aged MZC CuCrZr [251, which is 
indicative of a very ductile material. 

Figure 6 shows the room temperature yield strength of commercial oxide dispersion- 
strengthened copper alloys following short-term annealing at elevated temperatures [I 1,30-33]. It can 
be seen that these Cu-AI2O3 alloys are resistant to softening up to temperatures close to the melting 
point of copper. Grant and coworkers [281 have found that the room temperature hardness of oxide 
dispersion-strengthened copper alloys remained within 5 %  of its original value following 1 h anneals 
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at temperatures as high as 100o'C. Since these alloys do not recrystallize during exposure to 
temperatures as high as loOo'C, the room temperature ratio of the ultimate to yield strength remains 
nearly constant [11,30-331. The room temperature UTS is typically 10 to 20% higher than the yield 
strength, depending on the amount of cold work induced during fabrication. The measured elongalion 
to failure at room temperature in the dispersion-suengthened alloys generally ranges between 10 and 
20% for the as-fabricated alloys and between 15 and 25% for the annealed alloys [11.30-331. The 
reduction in area at room temperature is >SO% in both the as-fabricated and annealed alloys [11.31]. 

Figure 7 shows the yield strength of CuCrZr alloys measured at elevated temperatures [19,20. 
26,34-361. The room temperature yield strength varied between 350 and 600 MPa, due to different 
thermomechanical fabrication procedures for the alloys. The lowest room temperature strength 
occurred in a cast and aged alloy [ZO], and the highest strength was produced in an alloy that was cold 
rolled after aging to achieve a 63% reduction in foil thickness [26]. The yield strength of all alloys 
decreased steadily with increasing test temperature, reaching a value of about 250 MPa at 500'C. 
Additional elevated temperature results. which are in good agreement with the average of the data 
shown in Fig. 7, have been obtained on MZC and Elbrodur CuCrZr alloys over the limited 
temperature range of 20 to 2 W C  [37]. Hot microhardness measurements obtained on CnCrZr alloys 
also exhibit a similar temperature dependence [27]. The typical strength of cast-and-aged Elbrodur 
plate is apparently lower than cast-and-aged tube or block moulds, with reported yield strengths of 300 
and 165 MPa at test temperatures of 20 and 500'C. respectively, for plale material [20]. It is worth 
noting that high amounts of cold work are effective at increasing the room temperature strength of 
CuCrZr alloys. However, these cold-worked alloys suffer the largest decrease in strength with 
increasing test temperature, which may be attributed to the accelerated rate of recrystallization (and 
accompanying softening) that occurs with increasing amounts of initial cold work [22]. 

The ultimate tensile strength of CuCrZr alloys shows a similar dependence on lest tempemure 
as that shown for the yield strength in Fig. 7 [19,20.26]. The ratio of ultimate to yield strength 
depends on the thermomechanical treatment given to the alloy. For cold-worked alloys, the UTS is 
about 5% higher than the yield strength at room temperature and about 10% higher than the yield 
strength at 5 W C  [19,26]. For cast and aged alloys, the UTS is about 25 to 35% higher than the 
yield strength at room temperature and about 15 to 20% higher at 5 W C  [20]. Various studies on 
cold-worked CuCrZr alloys have reported either a decrease [18,19] or slight increase [26] of the total 
elongation to failure (etoO with increasing test temperature between 20 and 5WC.  Typical values for 
the uniform and total elongation in the cold-worked alloys for this temperature range are 1 to 5% and 
5 to 15%. respectively [18.19,26]. The typical etot for cast and aged CuCrZr over this temperature 
range is -18% [20]. 

The yield strength of oxide dispersion-strengthened copper alloys measured at elevated 
temperatures is shown in Fig. 8 [16,31.33,3840]. Most of the data were obtained on GlidCop AL-15 
and AL-20, which have lower strengths compared to the AL-25 and AL-60 alloys [11.151. The room 
temperature yield strength varied between 300 and 600 MPa. mainly due to different amounts of cold 
work present in the alloys. The lowest room temperature strengths were obtained from as-wrought 
plates [16] and from an alloy consolidated from coarse particles that was cold worked 31% [39]. The 
highest strengths were obtained on 80%CW AL-20 [38]. 86%CW AL-15 consolidated from fine 
particles [39], and the higher strength MAGT 0.2 alloy [33]. The yield strength of all of the 
dispersion-strengthened alloys decreased steadily with increasing test temperature. The average 
measured yield strength was about 200 MPa at 500'C. Additional tensile results on GlidCop 
dispersion-strengthened copper that agree with the average of the data shown in Fig. 8 have been 
reported for the temperature range of 20 to 2WC [37]. 

The ultimate tensile strength of the dispersion-strengthened alloys has been measured by several 
researchers at elevated temperature [16.31.33,3840], with results that are similar to the yield strength 
behavior shown in Fig. 8. The UTS is about 5 to 15% higher than the yield strength at all test 
temperatures. Typical values of the uniform and total elongation are 1.5 to 5 %  and 5 to 15% 
respectively, over the temperature range of 20 to 5WC.  The total elongation has been observed to 
either decrease [391, increase [38], or remain roughly constant [16,31] with increasing test 
temperature. The reduction of area has been observed to decrease from -70% at room temperatun: to 
10-50% at temperatures between 200 and 800'C for tests performed in air and high-purity argon 
environments [31,401. The reduction of area at elevated temperatures in these non-vacnum 
environments was very sensitive to the strain rate, with the lowest reduction in area occurring at low 
strain rates [3 1,401. 
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FIG. 8. Yield strength of GlidCop AL-15 
[16,31,39,40] and AL-20 [38] and MAGT 0.2 
[33] oxide dispersion-strengthened copper 
alloys measured at elevated temperatures. 

Figure 9 summarizes the effect of test 
temperature on the yield strength of cold- 
worked copper and the high strength copper 
alloys CuNiBe, CuCrZr and Cu-Al2O3. The 
data for pure copper were taken from refs. 
[1,41], and the data for CuCiO and Cu-Al203 
were obtained from an average of the data 
shown in Figs. 7 and 8, respectively. There 
are only limited data on the elevated 
temperature tensile properties of CuNiBe 
alloys, with no known data available at test 
temperatures above 200'C [12,37,421. The 
most extensive results were presented by 
Rosenwasser and coworkers L37.421, and their 
data on conventional cold-worked and aged 
CuNiBe are shown in Fig. 9. Some caution 
should be exercised with these data. since their 
results are. about 100 MPa higher than the 
yield strength data at 20 and 150'C reported by 
Mollard et al [12] for a similar high-punty 
alloy. From the data trends summarized in 
Fig. 9, it can be surmised that CuNiBe has 
suuerior strength comoared to the other allovs. 

at least over the temperature interval of 20 to 2WC.  However, it should be kept in mind that &e 
relatively low thermal conductivity of this alloy does not yield a superior resistance to thermal stress. 
The elevated temperature yield strength of CuCiO and dispersion-strengthened copper is very similar 
over the temperature range of 20 to 6oo'C for these short term (< 1 h) exposures. The elevated 
temperature UTS. etot, and uniform elongation of CuCrZr and dispersion-strengthened copper 
measured during short-term exposures are also comparable. 



322 

.-... -- . 
0- 
100 ZOO 300 400 500 600 700 800 900 0 50 100 150  200 250  300 350 

Applled Stress (MPa) Test Temperature ("C) 

FIG. 10. Elevated temperature stress-rupture 
strength of copper [1,11], MZC CuCrZr 
[23,431, Cu-3.5 vol.% AI203 [431. and 

FIG. 11. Thermal creep rate in copper and 
copper alloys [1,18.23,40,451. 

GlidCop AL-15 [11,39]~dAL-60[11]. 

2.3 Creep and fatigue properties and fracture toughness 

The maximum stress that can be safely applied M high-strength copper alloys during extended 
operation at elevated temperatures is less than the yield saength measured during short term exposures 
(Figs. 7-9), due to the phenomena of creep and fatigue. Figure 10 compares the mechanical stresses 
which produce creep failure within 100 hours in copper, CuCrZr and Cu-AI203 during exposure at 
elevated temperatures [1,11,23,39,43]. Both alloys have significantly higher rupture strengths than 
pure copper. The 100 hour rupture strength of both MZC CuCrZr [23,43] and GlidCop AL-15 Cu- 
AI203 [ 1 ll is approximately 300 MPa at 3WC. However, the rupture strength of CuCrZr decreases 
rapidly with increasing temperature above 3WC. Oxide dispersion-saengthened copper has superior 
100 h rupture strengths at temperatures above 4WC.  The higher-strength grades of dispersion- 
strengthened copper such as GlidCop AL-60 have particularly good stress-rupture strengths. For 
example, the rupture strengths shown in Fig. 10 for GlidCop AL-60 and AL-15 at 400'C are about 
360 and 240 MPa, respectively [11,39]. The impressive creep-rupture strengths of oxide dispersion- 
strengthened copper alloys such as GlidCop at elevated temperatures is due to the uniform dispersion 
of thermodynamically stable particles of -7 nm diameter, which is close to the optimum size for high 
creep saength [441. 

The steady-state thermal creep rate in copper, CuCrZr and Cu-AI203 at temperatures between 
150 and 4 W C  is shown in Fig. 11 [1,18,23,40,45]. Pure copper creeps readily at low applied stress 
levels. For example, the creep rate of copper at 4 W C  is nearly 10-4/s for an applied stress of 100 
MPa, and about 10% for an applied stress of only 15 MPa [46]. CuCrZr and oxide dispersion- 
strengthened copper alloys can be subjected to much higher stresses at elevated temperature without 
suffering excessive creep. The available data indicate that creep rates of -5x10-9/s are produced in 
CuCrZr [23] and oxide dispersion-strengthened copper [33] with applied stresses of about 200 MPa at 
3WC.  Unfortunately, there are not enough data to quantitatively compare the creep behavior of the 
various high-strength copper alloys over the ITER-relevant temperature range of 20 to 4WC.  High 
strength copper alloys generally have a threshold stress below which creep deformation is negligible 
[44]. Funher study is needed to determine the value of the threshold stress for the various copper 
alloys at temperatures between 20 and W C .  The creep data reported by Nadkami [ll] suggest that 
the threshold stress at 650'C is about 130 and 190 MPa for cold-worked GlidCop AL-15 and AL-60. 
respectively. The data by Tang et al. [45] indicate that the threshold stress is about 100 MPa for 
MZC CuCrZr tested at 400'C. 
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A further factor which must be considered for the precipitation-hardened alloys is that their 
softening behavior at elevated temperatures due to overaging and reaystalliition depends on both the 
exposure time and temperature. For example, extrapolation of short-term (0.25 to 100 h) annealing 
results on MZC CuCrZr indicates that the softening temperature is about 410'C for a 100 h exposure, 
but decreases to -330'C for a 10 year exposure [10,291. Therefore, although the creep rate or rupture 
strength of precipitation-hardened copper alloys such as CuCrZr may be acceptable at temperatures 
above 3 W C  during short-term tests, the alloy could become unacceptably soft during extended 
exposure (>>lo0 h) at these temperatures due to overaging and recrystallization. The softening at 
elevated temperatures is accelerated by irradiation OT the presence of stress [47]. 

The cyclic fatigue strength of copper alloys generally incream with increasing tensile strength, 
i.e., metallurgical changes which increase the tensile strength of copper alloys also increase the 
fatigue strength. Figure 12 shows the room temperature. cyclic fatigue strength of cold-worked pure 
copper, CuCrZr and CuNiBe [1.16,48]. The high-cycle fatigue strength of copper at room 
temperature is about 100 MPa [1.16,49], which is about 1/3 of the yield strength of the starting 
material (250 to 300 MPa). The corresponding high-cycle fatigue strength of MZC CuCrZr, with a 
yield strength of about 550 MPa, was reported to be 170 MPa [50]. There is a lack of fatigue data on 
CuCrZr and CuNiBe alloys, particularly at high cycles. The room temperature fatigue strengths of 
Elbrodur CuCrZr and Brush-Wellman CuNiBe alloys at intermediate (lo5) cycles are -280 and 400 
MPa, respectively [48]. The fatigue strengths of normal and overaged CuNiBe were found to be 
comparable (-400 MPa) at lo5 cycles, whereas the initial yield strengths were 770 and 570 MPa, 
respectively 1481. Additional low-cycle (<3xld)  fatigue data on CuNiie have been reported by 
Roseuwasser and coworkers [37,42] using a minimum to maximum stress ratio of R=O. Their fatigue 
strengths were 200 to 250 MPa higher than the data reported by Bushnell and Ellis (Fig. 12) for a 
stress ratio of R=-1 1481. 

The room temperature cyclic fatigue strength of GIidCop Cu-AI203 is shown in Fig. 13 
[16,32, 48.51.521. The fatigue data from refs. [48,52] were obtained under stress-controlled 
conditions, whereas the remaining data were obtained under straincoutrolled conditions and converted 
to equivalent stress. All of the data were obtained on GlidCop AL-15 except for Singhal et al. [Sl], 
who examined GlidCop AL-25. The fatigue strengths of AL-15 and AL-25 appear to be comparahle 
at intermediate (104 to lo6) cycles. The high-cycle fatigue strength of Cu-Al203 with a yield 
strength of 330 MPa is about 175 MPa [16]. Nadkarni [ l l ]  reported somewhat higher fatigue 
strengths for GlidCop AL-15 and AL-60 compared to the data shown in Fig. 13 over the range of 
3x104 to 2x107 cycles. His rotating-bending cantilever beam fatigue measurements indicated fatigue 
strengths at 2x107 cycles of about 205 and 230 MPa for AL-15 and AL-60, respectively. As 
discussed elsewhere (161, this discrepancy may be due to dynamic hysteresis effects associated with Ihe 
rotating-bending beam measurements, or to the higher frequency (167 Hz vs. 1 to 10 Hz) of these 
measurements compared to the intermediate-to-high cycle data shown in Fig. 13. Alternatively, the 
higher fatigue strength may be due to a higher initial yield strength of Nadkami's material (470 MPa 
for AL-15). The limited amount of data obtained on CuCrZr (Fig. 12) indicates that the room 
temperature fatigue behavior of this alloy is comparable to that of Cu-Al2O3 (Fig. 13). 

There have only been a few studies of the fatigue behavior of CuCrZr [18,45.53,541, CuNiBe 
137,421, and oxide dispersion-strengthened copper [16.181 at elevated temperatures. The high-cycle 
(>lo6) fatigue strength of GlidCop AL-15 was measured to be about 75 MPa at 6 W C  [16]. Figure 
14 summarizes the fatigue results ohtaiued on high-strength copper alloys under strain-coutrolled 
conditions at temperatures between 20 and 3 W C  [18,32,37,42,511. Additional low-cycle strain- 
controlled data have been obtained on MZC CucrZr at 4WC,  with the results reported only in terms 
of the plastic strain range [45,531. The low-cycle strain-controlled fatigue behavior of CuCrZr and 
oxide dispersion-strengthened copper appears to be very similar over the temperature range of 20 to 
300'C. The results by Rosenwasser and coworkers 137,421 suggest that CuNiBe has superior low- 
cycle fatigue properties compared the other copper alloys. There does not appear to be a strong 
dependence on temperature between 20 and 3 W C  when the data are evalualed according to strain 
amplitude. All of the alloys have comparable or better fatigue properties than pure copper. For 
example, the fatigue lifetime of pure copper tested in the temperature range of 20 to 3 W C  decreases 
from about lo5 cycles to lo3 cycles as the total strain amplitude increases from about 0.15% to 0.6% 
[55,561. 
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We are not aware of any published 
measurements of the fracture toughness or 
fatigue crack growth behavior of CuCrZr, 
CuNiBe, or commercial oxide dispersion- 
strengthened copper. The room temperature 
fracture toughness of a medium-strength 
(oy=250 MPa) Cu-Zr alloy that should be 
comparable to C n C f i  was measured to be an 
impressive 420 MPadm, and the tearing 
modulus was 440 [57]. The fatigue crack 
growth rate was also found to be much better 
than pure copper. On the other hand, 
unpublished measurements on a cold-worked 
GlidCop AL-15 alloy (oy=330 MPa) indicate 
that the room temperature fracture toughness 
was only 20 to 50 MPadm [52.58], which is 
similar to values for high strength aluminum 
alloys 1591. 

3. IRRADIATION EFFECTS 

Exposure to radiation generally produces small ( ~ 1 % )  changes in most of the copper alloy 
physical propenies such as the specific heat and coefficient of thermal expansion. On the other hand, 
large radiation-induced changes can he produced in the density (void swelling), thermal conductivity, 
and mechanical properties. The radiation stability of high-smngth, high-conductivity copper alloys is 
directly linked to the stability of the precipitates or oxide particles. The interface between the particles 
and the copper matrix promotes the recombination of vacancies and interstitials, thereby imparting 
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good resistance to void swelling. In addition, the particles are needed to stabilize whatever dislocation 
structure is present and to maintain high strength levels in the alloy. 

Several studies have heen performed to investigate the stability of the second phase particles in 
irradiated C u C m  [60-63, CnNBe [61,66l and oxide dispersion-strengthened copper [60,61,63,66-691. 
These studies are not in complete agreement regarding the structural stability of copper alloys. For 
example, either precipitate shrinkage [62.63.651 or coarsening [601 has been reported for the Cr 
precipitates in CuCm,  and other studies [61,64] have found that the precipitates are not affected by 
irradiation. The most detailed studies of particle stability have been performed on irradiated oxide 
dispersion-strengthened copper [63.68,691. These studies have found that a gradual reduction in oxide 
particle size occurs after irradiation to high doses (>IO displacements per atom) due to ballistic 
dissolution. However, the overall structural stability of the oxide dispersion-strengthened alloys 
remains very good even after damage levels in excess of 100 dpa [65,69,70]. The published 
investigations suggest that the oxide particles in dispersion-strengthened copper have somewhat better 
stability against radiation-induced dissolution than the precipitates in CnCrZr and CuNiBe. 

3.1 Swelling 

Copper alloys are susceptible to radiation-induced swelling due to microscopic void formation 
at temperatures between 180 and 550'C [6,71-741. Figure 15 shows the temperature-dependent void 
swelling that occurred in copper and a dilute CU-B alloy following fission neutron irradiation to a 
damage level of about 1.2 dpa ( - 1 . 2 ~ 1 0 ~ ~  n/m2, b 0 . 1  MeV) at a damage rate of -2xlW7 dpds 
[71,72]. Void swelling in copper is maximized at intermediate temperatures of 275 to 325'C for this 
damage rate, which is comparable to the damage rate at the fust wall of ITER. It can be seen from 
Fig. 15 that significant levels of volumetric swelling (-0.5%) occur in pure copper at a damage level 
as low as -1 dpa. High dose studies performed on pure copper at temperatures near 400'C indicate 
that the steady-state swelling rate is about 0.5%/dpa [74], although even higher swelling rates have 
been reported [75]. Hence, it is obvious that pure copper is not suitable for high flnence (>1 dpa) 
applications at temperatures between -200 and 5 W C  due to unacceptable amounts of void swelling. 
Similar steady-state swelling rates have also been observed in simple copper alloys such as Cu-5%Ni 
1761. 

The CuCrZr, CuNiBe and oxide dispersion-strengthened copper alloys have superior void 
swelling resistance compared to pure copper [4-6,17,18,36.61.67,70,74,76-791. Figure 16 
summarizes some of the swelling data obtained on these alloys following neutron irradiation to high 
damage levels [74.76.79]. Whereas irradiation to a damage level of 50 dpa near 4 W C  produces 
radiiation-induced density changes near 25% in pure copper and simple copper alloys such as Cu-S%Ni 
[74,76], the corresponding density changes in CuCrZr and Cn-Al2O3 alloys are generally less than 
2%. Swelling levels below 2% have been maintained in some CuCrZr and Cu-Al2O3 alloys 
irradiated with fast fission neutrons up to a damage level of 150 dpa at 410 to 415'C [74,78]. The 
CuNiBe alloy shows a widely varying swelling behavior. depending on the initial thennomechanical 
treatment [74,791. The measured swelling in CuNiBe after irradiation to -50 dpa at 410 to 430'C 
varied from about 0.4% for solutionized and solutionized & aged alloys [79] to 3.5 to 14% for 
solutionized & aged and cold-worked & aged alloys [74]. The CuCrZr alloys exhibit a similar, 
although less pronounced. dependence on thennomechanical treaiment [74]. Swelling levels between 
0 and 2% have been observed in CuCrZr alloys after irradiation to 50 dpa at 410'C. depending on the 
detailed manufacturing procedure [74]. Ion irradiation studies performed over a wide range of 
temperatures and damage levels provide further evidence for the good swelling resistance of the 
precipitation- and dispersion-strengthened alloys [10,47,65,66]. Void formation was not observed in 
C u C f i  or MAGT 0.2 dispersion-strengthened copper alloys during ion irradiation up to 150 dpa at 
temperatures between 260 and Mx)'C [S I .  Unfortunately, there are no high dose (>5 dpa) neutron 
irradiation swelling d a h  on CuCrZr, CuNiBe or oxide dispersion-strengthened copper alloys at ITER- 
relevant temperatures of 50 to 350'C. Swelling levels between 0.2 and 3% have been reported for 
CuCrZr alloys after neutron irradiation to moderate damage levels of about 4 dpa at 300 to 35VC 
[18,361. 

The good swellmg resistance of precipitation- and dispersion-strengthened copper alloys may be 
attributed to their high dislocation and particle densities, which promote recombination and 
annihilation of the point defects created by neutron irradiation [6]. The best swellmg resistance occurs 
in cold-worked alloys which retain their high dislocation density during irradiation. During high- 
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FIG. 16. Swelling behavior of CuCrZr, 
CuNiBe and Cu-Al2O3 alloys irradiated with 
neutrons at 400 to 430'C [74,76,79]. The 
materials were irradiated in solutionized (S). 
solutionized & quenched (SA) and cold-worked 
& aged (CWA) conditions. 

fluence ion [MI or neutron [61.67,80] irradiation, void formation is initiated in regions of the matrix 
that have recrystallized (leaving a low defect sink density). Unfortunately, the precipitation- 
strengthened alloys are susceptible to radiation-enhanced recrystallization [47,811, which is due to a 
combination of radiation-enhanced precipitate overaging and dislocation recovery processes. The 
dislocation recovery and sweeping-up of precipitates by migrating grain boundaries during 
recrystallization can produce a relatively sink-free matrix that is susceptible to void swelling. The 
susceptibility to radiation-enhanced recrystallization increases with increasing amount of cold work. 
Since solutionized & aged alloys do not have a cold-worked dislocation structure, they will not suffer 
the dramatic microstructural changes associated with recrystallization. Therefore, in some cases 
solutionized & aged alloys may have lower levels of swelling than cold-worked & aged alloys which 
recrystallize during the irradiation. A large part of the swelling resistance of dispersion-strengthened 
copper alloys is due to their thermally stable particles, which impart superior resistance to recovery 
and recrystallization. Since precipitate overaging does not occur in the oxide dispersion-strengthened 
alloys, they are very resistant to radiation-enhanced recrystallization. 

Further work is needed to determine if the precipilation- and dispersion-strengthened copper 
alloys remain swelling resistant in the presence of fusion-relevant levels of helium transmutation 
products. The helium generation rate in copper irradiated in fssion reactors is -0.2 appddpa, which 
is more than one order of magnitude smaller than the ITER fust wall generation rate of -7 appm 
He/dpa. Spitznagel et al. 1661 observed that dispersion-strengthened copper had about four times 
higher swelling (0.8% after 20 dpa) following dual-ion beam irradiation at 30 appm He/dpa compared 
to specimens irradiated without helium coimplantation. The somewhat higher amounts of swelling 
that occurred in the GlidCop AL-15 alloy compared to AL-20 and AL-60 during high-dose neutron 
irradiation (Fig. 16) may be partially due to helium generated via 1°B(n,a) reactions with residual 
boron (400 wt. ppm) in the AL-15 alloy L6.801. 

3.2 Mechanical properties 

The general effect of neutron irradiation on the mechanical propenies of copper can be divided 
into two temperature regimes [6,34,82]. At irradiation temperatures below about 3WC, radiation 
hardening usually occurs along with a reduction in ductility. Radiation-enhanced softening generally 
occurs at irradiation temperatures above 3WC. The radiation hardening at low temperatures is due to 
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the creation of a high density of small (<IO nm) dislocation loops and stacking fault tetrahedra. These 
so-called "black spot" defect clusters can increase the rmm temperature yield strength of annealed 
copper (unirradiated OY-60 MPa) to more than 350 MPa [6,83]. The radiation hardening associated 
with these small defect clusters approaches a saturation level after doses of -0.1 dpa [6,84,851. The 
stacking fault tetrahedra are thermally unstable at temperatures above about 150'C [6,86]. Therefore, 
the radiation hardening in copper and copper alloys becomes progressively smaller with increasing 
irradiation temperature above -150'C. and generally becomes insignificant above -3WC. 

Figure 17 summarizes the available data on the elevated-temperature yield strength of CuCrZr 
following neutron irradiation at temperatures between 100 and 420'C [26.34-36,77,821. All of the 
yield strength data shown in Fig. 17 were obtained at or near the irradiation temperature on cold- 
worked & aged specimens which had initial room temperature yield strengths between -400 and 500 
MPa The yield strength steadily decreased with increasing irradiation and test temperature, reaching a 
value of about 300 MPa at 3WC and -100 MPa at 4WC. 

It is insmctive to compare the temperature-dependent strengths of irradiated and unirradiated 
alloys. Radiationenhanced reaystalliiation can produce significant softening in cold-worked copper 
and copper alloys at irradiation temperatures above -280'C [6,17,18,26,34-36,67.74,77,81,87-901. 
Figure 18 shows the measured change in yield strength in cold-worked & aged CuCrZr alloys 
following neutron irradiation at temperatures between 100 and 5 W C  [17,26.3436,74,77,82,89,90]. 
The figure includes some alloy screening experiments that were tested at room temperature rather than 
at the irradiation temperature. The initial room temperature yield strengths of the CuCrZr alloys 
varied from -400 to 500 MPa, and the irradiation damage levels were between 1 and 150 dpa. 
Fabritsiev et al. [361 have shown that most of the radiation hardening or softening in CuCrZr occurs 
at relatively low neutron doses (<I dpa). The CuCrZr yield strength was increased by -5 to 25% after 
irradiation at temperatures below 2WC. Conversely. radiation softening occurred and became 
progressively more significant as the irradiation temperature was increased above 28O'C. 
Approximately 80% of the initial alloy yield strength was lost after irradiation at temperatures above 
-4oo'C. Similar radiation softening has been observed in CuNiBe alloys irradiated at temperatures 
above 4oo'C [17,74,89]. However, there are insufficient data on CuNiBe at irradiation temperatures 
below 4 W C  [911, so the overall temperature-dependent radiation softening behavior cannot be 
quantified at this time. 

The oxide dispersion-strengthened alloys are very resistant to radiation softening compared to 
the precipitation-hardened alloys. Figure 19 shows the measured change in yield strength in oxide 
dispersion-suengthened copper following neutron irradiation at temperatures between 50 and 530'C 
[17,18,36,78,80,90,921. The initial room temperature yield strengths ranged from 340 to 500 MPa. 
and the irradiation damage levels were between 1 and 150 dpa with the exception of the 0.04 dpa data 
of Heinisch et al. [92]. The available data are. consistent with the CuCrZr results that radiation 
hardening occurs for irradiation temperatures below -300'C, and radiation softening occurs above 
-3Oo'C. However, the magnitude of radiation softening was much Less pronounced in the oxide 
dispersion-strengtheued alloys compared to CuCrZr. The radiation softening in oxide dispersion- 
strengthened capper was less than 25% even after irradiation at 410 to 430'C to a damage level of 150 
dpa [78] or irradiation at 530'C to a damage level of 32 dpa [SO]. 

A loss of ductility is associated with the radiation hardening that occurs at irradiation 
temperatures below about 3WC. The uniform and total elongation of pure copper and Cu alloys are 
strongly reduced after neutron irradiation at temperatures below 25o'C [6.18,34,36,82,92,93]. Cold- 
worked specimens appear to be particularly susceptible to radiation embrittlement. For example, 
Makin [93] found that 20% cold-worked copper had a total elongation of only -1 to 2% following 
irradiation near rmm temperature to an 5 1  MeV neutron fluence of 4x1023 n/m2 (-0.04 dpa). The 
corresponding total elongation in copper irradiated without any initial cold work was -16%. Figure 
20 summarizes the uniform and total elongation measured in CuCrZr and oxide dispersion- 
strengthened copper alloys following irradiation at temperatures between 50 and 530'C [17,18,34- 
36,80,82,90, 921. Similar temperaturedependent trends have been observed for irradiated CuNiBe 
[17,89,91], but only a few scattered results are available. Both classes of alloys exhibit very low 
uniform elongation ( 4 % )  after irradiation at temperatures below 250'C to damage levels in excess of 
-1 dpa The correspandmg total elongation in this radiation hardening temperature regime varied from 
-1 to lo%, depending on the initial thermomechanical treatment given to the alloy. Irradiation at 
temperatures above 300'C generally produced high uniform and total elongation (>IO%). The 
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FIG. 17. Effect of irradiation temperature on 
the yield saength of neumn-irradiated CuaZr 
alloys [26,34-36.77.821. The tensile tests 
were performed at or near the irradiation 
temperature. 
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FIG. 19. Change in the yield strength of oxide 
dispersion-strengthened copper alloys after 
neutron irradiation at 50 to 530'C 
[17,18,36,78,80,90,92]. All of the tensile 
data except for refs. [18.361 were obtained at 
room temperature. 
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FIG. 18. Change in the yield strength of 
CuaZr alloys following neutron irradiation at 

The filled symbols denote measurements made 
at or near the irradiation temperature, whereas 
the open symbols refer to room temperature 
tensile measurements. 

100 to 500'C [17,26,34-36,74,77,82,89,90]. 
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FIG. 20. Effect of irradiation temperature on 
the uniform (eu) and total (etot) elongation of 
CuCrZr and oxide dispersion-strengthened 
copper alloys [17,18,34-36,80,82,90,921. 
The tensile data from refs. f18.34-36,821 were 
made at or near the irradiation temperature, 
with the remaining data obtained from room 
temperature tests. 
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transition temperature between the low- and high-ductility regimes at 275 Io 3 W C  corresponds to the 
transition between radiion hardening and radiation softening (Figs. 18,19). 

The relatively low ductility of the high strength (cold-worked) copper alloys in the IIER- 
relevant temperature range of 50 to 3 W C  may limit the applicability of these alloys for structural 
components. Unfonunately. there are no known published data on the imporlant engineering 
properties of fracture toughness, fatigue strength, and fatigue crack growth rates in irradialcd copper 
alloys. Conflicting results have been obtained on the fatigue properties of purc copper afler low dose 
(4.001 dpa) neutron irradiation n w m m  temperature 194,951, although the ovcnll effect of raduuon 
on thc fatigue strength was small due to the low damage level in these studies. There are no known 
published fatigue results on copper or copper alloys irradialed to damage levels > I  dpa. A recent 
unpublished study indicates that the fracture toughness of GlidCop AL-15 is scvercly reduced 
following irradiation to -3 dpa at 250'C [58] .  Based on the observation that radiation embritllement 
in the temperaIure range 50 to 250'C apparenIJy becomes more severe with increasing cold work level 
L931, future irradiation studies should include the medium-strength as-wrought and cast & aged alloys. 
Wereas these alloys have less attractive unirradiatwi slrengths compared to cold-worked alloys, it is 
possible that their irradiated properties may be superior to the cold-worked alloys due to higher 
ductility and work hardenability. 

The oresence of insoluble helium generated bv transmutation reactions can produce additional 
embrittlemen1 in copper and copper allois [36.96-96]. However, helium embrit&ment is generally 
most pronounced at elevated temperatures, where the overall ductility of irradiated copper and copper 
alloys is high. The threshold temperature for observable helium embrittlement decreases with 
increasing helium concentration [36,981. For pure copper, the threshold temperature is about 500'C 
for a helium concentration of 2 appm and -350'C for a He concentration of 60 appm. Alloys 
containing precipitates or oxide particles exhibit a significanlly higher threshold temperature for 
observable He embrittlement compared to pure copper. For example, the threshold temperature for 
MAGT 0.2 dispersion-strengthened copper containing 60 appm He is - 9WC [981. The increased 
resistance to helium embrittlement in the alloys is presumably due to effective partitioning of the 
helium among the numerous particlematrix interfaces. 

There are only a few published studies of radiation creep in copper [99,100], with no known 
studies on high-strength copper alloys. The magnitude of radiation creep in copper is comparable to 
other FCC metals such as Ni and austenitic stainless steel [99]. An irradiation-creep compliance of 
E / (SP=6.2~lO-~~/Pa-dpa was obtained on 20% cold-worked copper irradiated with light ions at 
150'C [991, where Pis  the displacement damage rate and o is the applied stress. 

3.3 Transmutation effects and thermal conductivity degradation 

The high energy neutrons produced in fusion reacuIIs will produce significant concentrations of 
solid and gaseous transmutation products in copper, in addition to causing displacement damage. 
Table Ill summarizes the calculated displacement damage [101-1031 and major !xansmuIation products 
[5.102-106] for copper exposed to typical fusion reactor fmt wall irradiation spectra. For purposes of 
comparison, the corresponding values for copper irradiated in the EBR-II or FFTF fast fission reactors 
are also included in Table I11 [102.1061. The displacement damage calculations summarized in Table 
I11 used the recommended [I071 average displacement energy of 30 eV for copper. The dominant 
transmutation products in both fusion and fission reactor spectra are nickel and zinc. The 
transmutation rates (appddpa) are lower in the fast fission spectrum for all of the major 
transmutation products. Water-cooled fssion reactors produce significantly higher transmutation rates 
of copper to Ni and Zn (up to -5000 and Zoo0 appddpa. respectively) due to thermal neutron 
reactions, but produce similar amounts of Co, Fe, H and He as fast fission reactors [108,1091. Since 
fast fission reactors operate with liquid metal coolants, it is generally not possible to obtain 
inadiation data at temperatures below -350'C. Water-cooled reacm can provide irradiation data in the 
ITER-relevant temperature range of 50 to 350'C. hut spectral shielding of the thermal neutron flux is 
required for high-dose investigations (>1 dpa) to reduce the Ni and Zn transmutation rates to a level 
comparable to the fusion condition. As discussed in the following, the thermal conductivity of copper 
alloys is very sensitive to variations in the solid transmutation rate. Therefore. fission reactor thermal 
conductivity data must be corrected for solid transmutation differences before it can be applied for 
fusion design purposes. 
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TABLE 111. Calculated displacement damage [101-103] and transmutation products [5,102-1061 
for copper in fmt wall fusion and fast fission reactor spectra. The dpa calculation for the fusion 
reactor is normalized to a neutron wall loading of 1 MW-yr/m2 = 1 full power year (FPY) . 

Damaxe rate dna) 
SDectnrm 

Fusion 1st wall 15 190 90 7 0.02 40 7 
Fast fission 54 to 73 51 46 0.1 _ _ _  7 0.1 

TABLE IV. Experimental and calculated energies for hydrogen and helium migration (Em), 
formation (Ed, binding energy to vacancies (E& and vacancy-solute mutual diffusion (Ev& 
in copper. 

a ~ ~ ~ v B ~ & m ~ R e f e r e n c e  
H 0.40 0.40 0.4 _ _ _  [113,114,1 I61 

salute 

He 0.6 >2.0 2.1 2.1 [118-1201 

The transmutation rates in CuCrZr, CuNiBe and oxide dispersion-strengthened copper will 
generally be v a y  similar to the pure copper values given in Table 111. The one notahle exception is 
CuNiBe. where the Be will transmute during exposure to high energy neutrons (E> 2 MeV) via a 
threshold (n.211) reaction and subsequent decay to produce two helium nuclei. Transmutation 
calculations indicate that this reaction will produce an additional 7 appm Hddpa in CuNiie exposed to 
a fusion fmt wall spectrum and -5 appm He/dpa in a fssion reactor spectrum [1091. 

Numerous studies have been performed on the solubility and diffusivity of hydrogen [110-1171 
and helium [118-120] isotopes in copper. Copper and its alloys are an effective barrier to tritium 
permeation compared to other metals such as austenitic stainless steel, due to the very low solubility 
of hydrogen in copper [121]. The solubility of hydrogen in copper is d o 0  appm at the melting point 
of copper, and -0.1 appm at 3 W C  for an external hydrogen panial pressure of one amosphere 1112, 
1171. The combination of low tritium solubility and high tritium diffusivity in copper alloys 
produces a low tritium inventory. which is advantageous for accident scenarios. Table IV summarizes 
the diffusion and solubility data for hydrogen and helium in copper [110-1201. The solubility of 
hydrogen in copper obeys Sieverts Law, i.e. the solubility is proportional to the square root of 
hydrogen pressure. The pre-exponential factor for H diffusion is D0=1.06x10-6 m21s [1131. The 
activation energy for bulk permeation of hydrogen through copper is given by E+Em + Ef =0.80 eV, 
with a pre-exponential factor of 8 . 4 ~ 1 0 - ~  moU(m-s-dPa) [1141. Similar bulk permeation constants 
are obtained for tritium, with the exception that the pre-exponential factor is 4 . 9 ~ 1 0 - ~  11141. In 
practice. the permeation of hydrogen isotopes through copper at temperatures below 4 W C  is even 
lower than the bulk permeability [115]. The rate limiting step for low temperature hydrogen 
penneation is adsorption of molecular hydrogen at the surface of copper 11151. 

Although the hydrogen and helium produced by transmutation reactions are both insoluble in 
copper, their diffusion behavior creates two different responses. Hydrogen has a low migration 
energy, and its binding energy to traps such as vacancies and voids is -0.4 to 0.6 eV (Table IV and 
ref. [116]). Therefore. hydrogen can diffuse. rather easily at temperatures above rmm temperature and 
generally does not produce observable precipitation. On the other hand, helium has a somewhat 
higher migration energy and is strongly trapped by monovacancies and vacancy clusters. This 
behavior promotes the formation of cavities containing He in irradiated copper. Hydrogen generally 
does not produce any serious alterations in the mechanical poperties of oxygen-free copper. Hydrogen 
embrittlement occurs in copper containing excess amounts of oxygen (>o.Ol%) in the form of copper 
oxide during exposure to hydrogen at temperatures r1WC 1381. 
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TABLE V. Room temperature electrical resistivily contributions to pun: copper (alomic fractions) 
[123.125,126]. The soluk resistivities are valid for solule concenlrations up to 30%. 3%. 14 and 
1% for Ni, Zn. Co and Fe. respectively. 

solute resistivity (10-8 n-m) Dislocation Stacking fault Frenkel pair 
XZllALL -3) . . .  21 

1.12 0.30 6.4 9.3 1 .M 0-25 1x10-19 1.9 

The solutes created by neutron transmutation reactions (Table 111) produce a degradation in the 
electrical and thermal conductivity of copper. Additional radiation-induced processes such as void 
formation and precipitate dissolution can cause further decreases in the conductivity [122-1241. 
However, these contributions in radiation resistant copper alloys are genedly small compared to the 
transmuration effects. The overall degradation in the thermal conductivity can be estimated by 
invoking Matthiesson’s rule [I251 and the Wiedemann-Franz law given in Section 2. Table V 
summarizes experimental measurements of the specific resistivity of the principal solutes produced in 
nenmn-irradiated copper, along with theoretical and experimental specific resistivity values for other 
radiation-induced defects [123,125,1261. According to Matthiesson’s rule, the individual resistivity 
components can be independently summed to determine the overall resistivity degradation: 

P=Po f PNiXNi + PZnXZn + PCoxCo + .... 

where po is the electrical resistivity of pure copper (17.1 nR-m at ZO’C), and pi and Xi are the 
specific resistivity and atomic concentration of solute i .  Similar terms can be written for the 
resistivity contribution from dislocation loops and network dislocations [1231, but these terms 
typically produce less than a 1% increase in the resistivity of irradiated copper. Figure 21 shows the 
calculated degradation in the thermal conductivity of copper due to solid transmutations produced by 
exposure to a fusion reactor fist wall neutron spectrum (Table 111). The largest contribution to the 
thermal conductivity degradation is due to Ni. followed by Co and Zn. The accumulation of solid 
transmutation products alone causes the thermal conductivity of copper to be reduced to 66% of its 
initial value after 2 MW-yr/rnZ (30 dpa). Figure 21 also shows the calculakd change in the thermal 
conductivity of copper alloys with an initial thermal conductivity of 340 W/m-K (comparable to 
unirradiated CuCrZr and oxide dispersion-strengthened Cu, Fig. 1) and 210 W/m-K (comparable to 
unirradiated CuNiBe). The degraded thermal conductivity due to transmutation product formation after 
2 MW-yr/m2 in these two cases are 237 and 165 W/m-K, respectively. 

Void swelling produces an additional degradation in the thermal conductivity of copper and 
copper alloys [17,18.77,122.124]. Experimental studies [122.1241 have confmed that the void 
swelling contribution to conductivity loss can be described by a simple mixing d e  (originally derived 
by Maxwell), p/pm=[(1+0.5 AV)/(l-AV)], where pm is the matrix resistivity and AV is the volume 
fraaion of cavities. This relationship is valid when the average cavity size is larger than the electron 
mean free path in the matrix material, which is -30 nm for pure copper at room temperature. 
Assuming a design l i t  for radiation-induced swelling of 5%. the corresponding degradation in the 
thermal conductivity beyond that due to solid transmutation effects is 8%. Therefore, void swelling 
produces relatively minor changes in the thermal conductivity of swelling-resistant copper alloys. 

A final factor that influences the thermal conductivity of irradiated copper alloys is the stability 
of the precipitate structure and its interaction with transmutation-produced solute. Experimental 
measurements have shown that the conductivity of neutron-irradiated copper alloys can be larger or 
smaller than the preirradiation value [17,18,74,77,122,12rl]. The conductivity increases cccm in some 
alloys with initial thermal conductivities below -250 Wlm-K. or in precipitation-strengthened alloys 
which were not heat treated to produce maximum conductivity. Radiation-enhanced precipitation and 
aging is the likely mechanism responsible for the conductivity increases in these low- to medium- 
conductivity alloys. It has been suggested that complex solute redistribution processes may occur 
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in some irradiated alloys, involving the 
transmutation solute atoms and solute ejected 
from pre-existing precipitates (ballistic 
dissolution) [70,74,78]. These processes can 
produce decreases in the thermal conductivity 
of neutron-irradiated CuNiBe that are larger 
than predicted by Eq. 2 [74]. Large decreases 
in conductivity may occur if a high density of 
small precipitates are formed during 
inadiafion, since this type of microstructure is 
very effective in reducing the conductivity 
11271. 

Several studies have examined the 
radioactivation characteristics of copper and 
copper alloys exposed to a fusion fust wall 
neumon spectrum [5,105,128]. The overall 
radiological hazard of copper is comparable to 
other structural materials such as Type 316 
austenitic stainless steel [5,1281. The 
alloying elements in the high-strength, high- 
conductivity copper alloys under consideration 
for fusion reactor applications (Table 11) 
generate a radiation hazard that is similar to 
pure copper [1051. 
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FIG. 21. Effect of solid transmutations on the 
thermal conductivity of copper at a fusion 
reactor first wall. The calculations were per- 
formed for three different initial conductivities, 
expressed in terms of percent International 
Annealed Copper Standard (IACS). 

4. JOINING 

Copper alloys can be joined by a variety of techniques, including welding, brazing and diffusion 
bonding [1,1291. Welding is generally not used for joining high-strength copper alloys, however, for 
several reasons. The precipitates in high-strength alloys such as CuCrZr and CuNiBe are subject to 
partial or complete dissolution in the melt layer of the weld joint. Therefore, the entire welded 
component must be solutionized and aged to recover some of the initial precipitation hardening in the 
joint. In addition, very high strengths generally cannot be achieved in the joint region after welding 
since the precipitation-strengthened copper alloys require cold working to attain their optimum 
strength. In some cases it is possible to design the joint region so that it can be cold worked after 
welding [ 1301. Oxide dispersion-strengthened copper cannot be welded by conventional techniques due 
to aggregation of the oxide particles in the melt layer, which destroys the uniform panicle spacing 
that is needed to produce high strength. Recrystallization would also occur in the melt layer. Welded 
GlidCop alloys have been shown to have very poor radiation resistance [70,78,801. 

Brazing is the most common method for joining copper alloys. Copper alloys are typically 
brazed at temperatures between 600 and 95O'C with hold limes at the brazing temperature ranging 
from -10 seconds (torch, resistance, or induction brazing) to -10 minutes (furnace brazing). The most 
common brazing filler metals are Cu-, Ag- and Au-base alloys [129]. Oxide dispersion-strengthened 
copper has been successfully joined using torch [131,132], furnace [131], resistance [1341 and 
induction [133,1351 brazing. Due to the high recrystallization temperature of dispersion-strengthened 
copper, significant softening does not occur in the base metal at the brazing temperature (see, e.g. 
Fig. 6). On the other hand, precipitation-hardened copper alloys typically soften during furnace 
brazing (ref. [1291 and Fig. 5) .  The amount of softening in the base metal of precipitation-hardened 
alloys can be minimized by using torch, resistance or induction brazing, which limit the time that the 
base metal is at high temperature to less than one minute. Alternatively. the brazed component can 
be aged following furnace brazing to recover some of its initial strength. Complete recovery of high 
strength after furnace brazing by heat treatment is rather difficult in practice since the component must 
be heated to a temperature greater than typical brazing temperatures and rapidly quenched to create a 
supersaturation of solute prior to aging. For example, the strength of solutionized & aged C u C f i  
alloys exposed to a solution anneal temperature of 9oO'C before aging is about 90% of the strength of 
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alloys given a solution anneal at 1ooo'C [27]. As mentioned previously, the precipitation-hardened 
copper alloy would require cold working following fumace brazing in order to achieve the optimum 
strength. 

The fine grain structure of wrought oxidedispersion-strengthened copper creates problems when 
trying to furnace braze with Ag-base braze alloys [131]. The grain boundary diffusion coefficient of 
Ag in copper is much larger than the buk diffusion coefficient. Therefore, excessive diffusion of 
silver along grain boundaries can occur during furnace brazing of dispersion-strengthened copper. The 
rapid grain boundary diffusion of Ag can cause the formation of small voids in the braze region and 
poor joint strength. Cold-worked precipitation-hardened alloys have a fine grain structure that is 
similar to dispersion-strengthened copper. However, the precipitation-hardened alloys suffer 
recrystallization during the typical furnace braze cycle (with accompanying loss of strength). The 
resultant increase in the grain size during recrystallization minimizes the number of grain boundaries 
available for Ag diffusion, and effectively inhibits Ag depletion in the braze joint of precipitation- 
hardened alloys. The excessive diffusion of Ag from the braze region in furnace brazed dispersion- 
strengthened copper can be prevented by electroplating the joint surfaces with 10 to 50 p n  of copper 
or nickel prior to brazing [131.135]. The large grain boundaries in the plated layer act as a banier for 
grain boundary diffusion of silver. Alternatively, joints with satisfactory shear strength can be 
obtained in dispersion-strengthened copper with Ag-base braze alloys by torch [131,1321 or induction 
[133,1351 brazing. 

The highest mechanical strength braze joints in alloys such as oxide dispersion-strengthened 
copper are produced using Au-base braze alloys [131]. The grain boundary diffusion coefficient of 
gold in copper is low enough to prevent excessive depletion of An from the joint region during 
furnace brazing. Therefore. fme-grained high-strength copper alloys can be furnace brazed using Au- 
based alloys without prior electroplating. The measured room temperature shear strength of GlidCop 
AL-15 and AL-25 brazed with Au-Cu filler metals was 200 to 240 MPa [1311. The typical shear 
strength of GlidCop alloys brazed with Ag-base filler metals was 150 to 200 MPa [131,133,1351. A 
room temperature tensile strength of 380 MPa was measured for a torch-brazed GlidCop AL-15 joint 
prepared with Ag-base foil, and the joint did not fail during fatigue testing up to 80,000 cycles at a 
stress amplitude of 276 MPa [132]. The fatigue strength of brazed copper joints is generally 
comparable to the base metal strength [55,56.132], although lower braze joint fatigue strengths have 
also been reported [133,134]. The ductility of the braze joint is generally much lower than the base 
metal [131,133-1351. Neutron irradiation studies on brazed GlidCop joints are in progress. 
Transmutation calculations indicate that significant burnup of the Ag and Au used in many braze 
alloys would occur in a fusion fust wall neutron spectrum [136], which could affect the mechanical 
properties of the braze joint. The calculations indicate that approximately 40% of Ag and 55% of Au 
would be burned up by exposure to a fmt wall fluence of 2 MW-yr/m2 (30 dpa). 

Joints with high mechanical strength can be produced in dispersion-strengthened copper alloys 
by diffusion bonding. Shear strengths comparable to that of the base metal (-300 MPa) have been 
obtained by applying 5 to 100 MPa pressure for -1 hour at 900 to 930'C [131,1371. These diffusion- 
bonding conditions are similar to the conditions normally employed for the hot isostatic pressure 
consolidation of GLidCop powder billets [131]. Diffusion bonding cannot be used to produce high 
strength joints in precipitation-hardened alloys, since unacceplable softening of the base metal occurs 
during exposure to the high temperatures necessary for effective solid state bonding. An attempt to 
diffusion bond precipitation-hardened Cu-Zr at 5WC produced a low hydrostalk bond strength of <17 
MPa [1381. 

5. CORROSION 

Copper and its alloys are widely known for their excellent corrosion resistance in water and 
other environments [1,139-1411. Surface corrosion rates below 10 pdyr  (-1 mg/dm2-day) occur in 
copper exposed to water containing less than 1000 ppm oxygen at room temperature [139]. Pitting 
occurs in copper exposed to water containing high concenmtions of C@. The presence of aqueous 
ammonia causes preferential attack at grain boundaries [139] and stress corrosion cracking in copper 
alloys [140,1411. The corrosion behavior of the three high-strength copper alloys considered to be 
most promising for fusion applications (CuCrZr, CuNiBe and oxide dispersion-strengthened copper) 
should be similar to that of pure copper. However, residual stresses associated with cold working are 
known to increase the susceptibility of copper alloys to stress corrosion cracking [1401. 
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V a y  little is known about the effect of irradiation on the corrosion of copper and copper alloys 
[18,139]. Satisfactory corrosion resistance was observed for several high strength copper alloys that 
were exposed to flowing water (-0.5 d s )  during neutron irradiation near 90'C to a damage level of -1 
dpa [18]. The weight loss was about 5 times less in a CuCrZr alloy compared to MAGT 0.05 and 
MAGT 0.2 dispersion-strengthened copper. The possibility of irradiation-assisted stress corrosion 
cracking apparenlly has not been investigated in copper or copper alloys. 

6. CONCLUSIONS 

Most of the mechanical and physical properties of high-strength copper alloys needed for a 
qualitative evaluation of their suitability for high heat flux strucaual applications have been measured. 
Three types of copper alloys are commercially available which appear to have suitable properties for 
fusion reactor high heat flux applications: CuCf i ,  CuNiBe, and oxide dispersion-strengthened 
copper. Due to the dependence of the physical and mechanical properties of these alloys on 
thermomechanical processing, additional property measurements would be required on specific 
prototypic heats in order to develop a comprehensive set of engineering design data for ITER. There 
are few available data on thermal fatigue, creep, fracture toughness, and near-threshold fatigue crack 
growth rates in high-strength copper alloys. In addition, there is a general lack of data on the effect of 
neutron irradiation on the properties of high-strength copper alloys at ITER-relevant temperatures of 
50 to 350'C. The effects of irradiation on creep, fatigue, fracture toughness and corrosion of base 
metal and joints needs further study. In particular, the ductility reductions associated with neutron 
irradiation at 50 to 2 W C  needs to be quantified in cold-worked, wrought, and solutionized & aged 
alloys. 

The precipitation-hardened CuCrZr and CuNiBe alloys are susceptible to significant radiation- 
enhanced softening during operation at temperatures above -275'C. Both alloys appear to be 
promising for high heat flux structural applications if the operating temperature can be maintained 
below 275'C. The solutionized & aged strengths should be used for engineering design purposes 
rather than the more commonly quoted cold-worked & aged strengths of these two alloys, since 
joining operations will likely cause recrystallization with accompanying softening. The data base on 
CuNiBe is very limited compared to CuCrZr and dispersion-strengthened copper, which makes it 
difficult to evaluate its suitability for ITER. 

Dispersion-strengthened copper and precipitation-hardened CuCrZr have similar mechanical and 
physical properties at tanperanues between 20 and 3WC. Oxide dispersion-strengthened copper has a 
considerable advantage over all precipitation-hardened copper alloys in tams of high temperature creep 
resistance and strength retention after exposure to elevated temperatures. The main disadvantages 
associated with dispersion-strengthened copper are that it is only available in wrought form and it 
cannot be welded. Dispersion-strengthened copper can be satisfactorily joined by brazing or diffusion 
bonding. Considering the published data on mechanical properties (base metal and joints), thermal 
conductivity, and radiation stability, oxide dispersion-strengthened copper appears to be the most 
promising high strength copper alloy for high heat flux structural applications. 
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ROOM TEMPERATLJRE FATIGUE BEHAVIOR OF OFHC COPPER AND CUAL25 SPECIMENS OF 
TWO SIZES - A. Singhal, and J F .  Stubbins, (University of Illinois), B.N. Singh, ( R E 0  National 
Laboratory), and F.A. Gamer, (Pacific Northwest Laboratory') 

OBJECTIVE 

The objective of this effort is to determine the impact of specimen size on fatigue behavior of copper 
alloys now being irradiated in EBR-II and DR-3. These data and size effects correlations will be used 
to develop fatigue equations for application to ITER design. 

SUMMARY 

Copper and its alloqs are appealing for application in fusion reactor systems for high heat flux components 
where high thermal conductivities are critical, for instance, in divertor components. The thermal and 
mechanical loading of such components will be, at least in part, cyclic in nature, thus requiring an 
understanding of their fatigue behavior. This report describes the room temperature fatigue behavior of 
unirradiated OFHC (oxygen free high conductivity) copper and CuA125 (copper strengthened with a 0.25% 
atom fraction dispersion of alumina). The response of two fatigue specimen sires to strain controlled 
fatigue loading is examined, and differences in behavior are discussed. Specimens with the smaller sire 
are now being irradiated in several reactors. 

PROGRESS AND STATUS 

Introduction 

Copper is attractive for a variety of high thermal loading applications due to its excellent thermal 
conductivity. Irradiation studies [ I ,  21 indicate that while the thermal conductivity degrades with 
increasing irradiation, the decline is predictable and not catastrophic even at very high doses. Alloys of 
copper show similar trends but usually possess somewhat lower initial thermal conductivities. There is, 
therefore, considerable interest in employing copper and its alloys for high heat flux applications. The 
alloy must also be capable of performing as a component structural material, withstanding thermal and 
mechanical loading under a variety of static and cyclic loading conditions to temperatures up to nearly 
half of its melting point. 

The mechanical properties of copper and its alloys have been studied to a limited extent because of the 
intrinsic material behavior of copper, but not extensively for structural applications. This is due to 
copper's slip properties and stacking fault energy, which result in a low yield strength, a large degree of 
strain hardening, and a high sensitivity to multiaxial loading. Some of these limitations, however, can be 
offset by alloying or by dispersion strengthening. 

This study examines the fatigue response of both unalloyed copper and an oxide dispersion-strengthened 
copper alloy to determine their suitability for potential fusion application in high heat flux components. 

"Pacific Northwest Laboratory is operated for the U S .  Department of Energy by Battelle Memorial 
Institute under Contract DE-AC06-76RLO 1830. 
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Experimental Details 

Oxygen-free high conductivity (OFHC) copper and CuA125 (GlidcopTM) were fatigue tested under 
conditions of constant total strain amplitude at room temperature. The OFHC specimens were annealed 
at 550°C for two hours. The CuA125 was tested in the as-wrought condition characteristic of that which 
would most likely be used in component fabrication. Two specimen sizes were employed for both 
materials in order to establish the effect of specimen size on fatigue response. ASTM standard size fatigue 
specimens with 6.35 mm (0.25 in.) gauge diameter were compared with subsize specimens of 3.1 mm 
(0.12 in.) gauge diameter. The latter size was developed to fit in available irradiation capsules and is 
currently undergoing irradiation in DR-3 and EBR-11. Both specimens utilize uniform cross-section 
geometries. The specimen dimensions are shown in Figures 1 and 2. 

Fig. I .  ASTM standard size fatigue specimen dimensions. 

50 

Fig. 2. Subsize fatigue specimen dimensions. 
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The fatigue experiments were performed on lnstron closed-loop servohydraulic test frames, a different 
machine being used for each specimen size. Tests were performed in strain control and fully reversed (R 
= -1) with a frequency of 1 Hz. Strain ranges from 0.20 to 1.2% were examined for CuA125 and from 
0.10 to 0.35% for OFHC copper. The latter testing was limited by specimen stability at the higher strain 
ranges, where specimen buckling became unavoidable. Strain was monitored by using 7.62 mm (0.3 in.) 
and 12.70 (0.5 in.) gauge span extensometers for the small and large specimens, respectively. To prevent 
crack initiation at the point of contact of the extensometer arm to the specimen, small drops of epoxy were 
first placed on the specimen gauge section at the proper distance to accommodate the extensometer. The 
extensometer was then mounted on the epoxy drops. This method produced sound fatigue data which 
avoided early fatigue crack initiation due to the extensometry. Due to the tendency for buckling in the 
OFHC copper specimens, the specimens were cyclically loaded in increments of strain up to the test level. 
This also minimized the tendency for the development of mean loads due to the high strain-hardening 
response of OFHC copper. Full stress-strain hysteresis loops were recorded periodically throughout the 
test and were used to determine the elastic and plastic strain levels and the load levels throughout the test. 
The values reported for those parameters were taken at half the failure life (N42) unless otherwise noted. 

Results and Discussion 

The fatigue response of the two materials and the two specimen sizes are shown in Figures 3 to 6 .  In 
addition to the plots of the life versus total strain, the dependence of the elastic and plastic portions of the 
strain ranges are shown. The fatigue behavior can be represented by the strain-life fatigue equation: 

Ad2 = o'dE ' (NJb + E' i  ' (NJ, 

where N, is the number of cycles to failure, E is the elastic modulus, Ad2 is the total strain amplitude, 
and the other terms are material-dependent constants. The values of the constants are given in Table I 
for the test conditions examined here. The values of the exponents b and c are close to the commonly 
accepted values for a wide range of materials: b - -0.1 and c -- -0.5. More data scatter arises for OFHC 
due to the smaller number of tests and the more limited range of strain amplitude that could be examined. 

The elastic and plastic strain responses shown in Figures 3 through 6 indicate that the plastic response in 
CuA125 does not contribute substantially to the failure life except at very short fatigue lives. The 
transition life (Le., equal values of elastic and plastic strain range) occurs at about 1000 cycles for the 
larger specimens and around 400 cycles to failure for the smaller specimens. Thus the elastic response, 
which is principally controlled by material strength, dominates the fatigue response at intermediate and 
high lives. 

In contrast, the plastic strain is the major contributor to fatigue response for OFHC copper at lives less 
than about 20,000 cycles to failure. This is consistent with the weaker, more ductile properties of this 
material compared to that of the dispersion-strengthened alloy. 

The fatigue response of unalloyed copper has been examined in previous studies [3-9].  In most of these, 
the interest was in the high cycle fatigue behavior ofthis material where the relative contribution o f  plastic 
strain was small compared to the elastic component. However. some low cycle fatigue data are available 
for experimental conditions similar to those examined here [6-91. The derived fatigue constants are given 
in Table I ,  and the fatigue life as a function of the plastic strain range is shown in Figure 7. The results 
of the present study are also shown. The lines in Figure 7 represent the best fit to the data over the range 
examined in the study. The present results are comparable with the two studies of Lukas and Kunz [7, 
81. In general, the results of Eckert et al. [9] deviate from those of other studies. Eckert has ascribed at 
least some of the differences to a change in the fracture mode at high strain ranges and low fatigue lives. 
Nevertheless, there are significant differences in the Eckert's results even in the range of fatigue lives 
where the failure lives overlap. 
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Size 

Standard 

Subsize 

Standard 

Subsize 

Standard 

Standard 

Standard 

Previous examination of the fatigue response of dispersion-strengthened copper alloys is limited to 
CuAI15, an alloy with a lesser amount of dispersoid [IO] .  The results of the previous work, which was 
reported on the basis of maximum stress versus life, is compared in Figure 8 to the present results for 
CuA125 based on the measured stress amplitude at half the failure life. 

a'f/E* b 

780 -0.07 

962 -0.10 

299 -0.08 

378 -0.25 

361 -0.095 

387 -0.107 

_ _  -. 

Table 1 

Values of the Strain-Life Equation Constants 

Material 

OFHC Cu 

OFHC Cu 

OFHC Cu 

OFHC Cu 

OFHC Cu 

E'f C 

0.183 -0.55 

0.148 -0.58 

0.106 -0.47 

0.819 -0.69 

0.455 -0.581 

0.0635 -0.457 

1.377 -0.25 

Reference 

This Study 

This Study 

This Study 

This Study 

Lukas and Kunz [7] 

Lukas and Kunz [8] 

Eckert et al. [9] 

* assumes E = 129.8 GPa 

The earlier work on CuAII5 was performed on miniature bend specimens [IO], but the results have been 
confirmed by tests on standard size fatigue specimens of the same material [I I ] .  The trend curves overlap 
for both materials at higher fatigue lives. In this region the elastic strain dominates and the data are well 
represented in the typical S-N fatigue format. The strain range, A&/2, can easily be converted to the 
stress amplitude, S, by multiplying it by the elastic modulus, E. It is not clear for CuA125 whether a 
fatigue endurance limit is reached and, if it does occur, at what stress level. The data indicate that an 
endurance limit probably occurs, and at a stress level somewhat higher than that for CuAII5. Further 
testing is needed to confirm this conclusion. 

At lower fatigue lives, the trend curves for the two materials diverge, most likely because of differences 
in their strength and ductility. In this range of fatigue lives, the S-N fatigue approach ceases to adequately 
represent the fatigue behavior, and life data are better correlated with plastic strain range (see Figures 3 
and 4). 
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Fig. 4. Fatigue life results for subsize CuA125 specimens. 
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A significant question in the present study is the influence of specimen size on fatigue response. Life 
comparisons for both materials show that longer lives were found for the larger specimens at equivalent 
strain ranges. Similar size effects were noted by Liu and Grossbeck 1121 in a study of the fatigue response 
of 20% cold worked Type 316 stainless steel. They observed parallel slopes between the life vs. strain 
range behavior of small and large specimens. The larger specimens exhibited higher lives at a tixed value 
of strain range. This is exactly the same response to specimen size found in the present study. The 
reasons for the difference in lives as a function of specimen size are not readily apparent, but may be due 
in part to differences in surface to volume ratios. The surface to volume ratio is inversely proportional 
to the specimen diameter for right circular cross-section specimens. Since the fatigue process is dominated 
by surface effects and since fatigue cracks initiate and grow from the surface, a larger relative surface to 
volume ratio (i.e. smaller specimen diameter) could lead to a faster accumulation of fatigue damage even 
when the effect of gauge length is taken into account. Other factors may also be important in the process, 
and will be investigated in future studies. 

CONCLUSIONS 

From examination of the fatigue behavior of OFHC copper and an alumina dispersion-strengthened copper 
alloy, CuA125, at room temperature, the following conclusions can be drawn: 

1. The dispersion-strengthened copper alloy shows superior fatigue performance compared to that 
of unalloyed copper. The higher strength of the alloy results in elastic strain-controlled fatigue 
response to lives as short as 1000 cycles to failure. 

The fatigue results of both materials are consistent with the results of previous work 

Useful fatigue data can be obtained from reduced-size specimens but complementary results on 
standard size specimens are needed for comparison. 

Specimen size exerts influence on the failure lives of both materials. In all cases, the failure 
lives are shorter for the smaller specimens when compared to that of larger specimens tested 
under nominally identical experimental conditions but conducted on two different fatigue 
machines. For the dispersion-strengthened material, the difference in fatigue lives is relatively 
small but still significant. For the OFHC copper, larger differences in fatigue lives with 
specimen size are found and may be related to the larger influence of plastic strain in unalloyed 
copper. 

2. 

3 .  

4. 
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PREPARATION OF RUSSIAN COPPER ALLOY CREEP SPECIMENS - C. R. Eiholzer 
(Westinghouse Hanford Company), M. L. Hamilton (Pacific Northwest Laboratory)”, and V. 
Barabash (D. V. Efremov Institute) 

OBJECTIVE 

The objective of this effort is to complete the fabrication of pressurized tnhe specimens from copper 
alloy tubing provided by the Efremov Institute, for irradiation in the joint USIRF experiment being 
conducted in the SM-3 reactor. 

SUMMARY 

Eleven creep specimens of the Russian copper alloy MAGT-0.2 were pressurized and welded closed. 
The specimens were pressurized to levels ranging from 7.2 to 15.6 MPa (1052 to 2267 psia). These 
pressures will produce hoop stresses between 55 and 185 MPa (7,977 to 26,830 psia) when irradiated 
a t  120°C. 

PROGRESS AND STATUS 

Introduction 

As part of a collaborative effort between the United States and Russian governments, eleven Russian 
creep specimens were sent to the United States for pressurization and closure welding. The 
collaborative program focuses on the development of structural materials for fusion reactors. These 
eleven specimens will be used to study irradiation creep in a copper alloy a t  low temperature. The 
specimens will be irradiated in an in-core position in the Russian SM-3 reactor. The specimens will 
be irradiated a t  -100°C in direct contact with the water coolant for -45 days, producing -5 dpa a t  
a fluence of 8 x 10” nlcm’. 

The creep specimens have a gauge section made of a Russian copper alloy (MAGT-0.2) and stainless 
steel end caps. The alloy has a copper matrix with a dispersion of (AIHrni),O, particles that have 
an average diameter of 6 nm. The mechanical and physical properties of the alloy are  very similar 
to those of the US. GlidCop alloy CuAIZO. 

Eleven tubes were supplied to the US with the end caps already attached. The end caps had been 
brazed to the copper tubes in Russia with a Cu-Mn-Ti brazing alloy. Westinghouse Hanford 
Company (WHC) pressurized the specimens and closed them by laser welding. This report 
documents the fabrication steps. The report also provides pre-test data such as fill pressures and 
the outside diameters of the specimens before and after pressurization. 

Fabrication Stem 

The end cap/tube assemblies were fabricated and leak tested in Russia. The tubes were machined 
from rods while the end caps were machined from a Russian 316Ti stainless steel. The tubes were 

‘Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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joined to the end caps by vacuum capillary brazing at 930°C using brazing alloy PM-63, which i s  
a copper alloy containing manganese, nickel, silicon, and iron. The inside o f  the tube was coated 
electrochemically wi th a th in layer of nickel p r io r  to the brazing. The brazed tubes were leak tested 
w i th  pressurized water ( I O  hours at pressures o f  up to 10 MPa) to verify the integrity of the brazed 
joints, after which the outer surfaces of the finished tubes were polished electrolytically to  remove 
the oxide that formed dur ing the leak test. Similarly brazed tubular tensile specimens were also 
tested to  failure at room temperature; failures were consistently in the tube rather than the brazing 
joint, indicating that the jo in t  was stronger than the alloy itself. 

Fabrication o f  the creep specimens at WHC f rom the end capltube assemblies included the following 
steps: 

- 
- 
- 
- 
- 

Identification numbers were laser engraved on the specimens. 
The fill pressures for the specimens were calculated. 
The specimens were cleaned, pressurized, and laser welded closed. 
The laser welds were inspected. 
The outside diameters o f  the specimens were also measured before and after pressurization. 

The fol lowing sections give the details for each fabrication step. 

Identif ication Numbers and Engraving. A laser engraver was used to place identification (ID) 
numbers on the top and bottom end caps o f  each specimen. The specimens were numbered 
consecutively f rom 01 to 11. The specimens identified as numbers 10 and 11 are the tubes 
fabricated wi th  a slightly larger outer diameter and therefore a slightly larger wall thickness (Ref. 

1). 

Cleaning. Residual grease was observed on the top (gas fill) end caps on al l  the as-received 
specimens. A l l  specimens were therefore cleaned hefore pressurization and closure welding. All the 
specimens were hand wiped wi th  alcohol to remove any grease and dirt. Both the end caps and the 
tube of each specimen were cleaned. The specimens were hand cleaned so that liquid would not get 
in to  the specimens through the open gas fill hole in the top end caps. 

Determination of StresseF and Fill Pmsures. The nominal hoop stresses and corresponding. fill 
pressures were determined before the specimens were pressurized wi th  helium. Pacific Northwest 
Laboratory (PNL) and WHC personnel determined the desired nominal hoop stresses for  the test 
mat r ix  on the hasis o f  the tensi le data provided with the tubes (Ref. 1). The uniaxial yield strength 
was given as 320 M P a  at 100°C. The corresponding effective (biaxial) hoop strength was 
determined as 320 * v312)  = 277 MPa (Ref. 2). I t  was agreed that the maximum hoop stress in the 
tes t  mat r ix  would he two thirds (213) o f  the hoop strength corresponding to the uniaxial yield 
condition. The r e s t  o f  the nominal matr ix consists o f  stresses that are approximately 85%. 7S%, 
6S%, SO%, and 30% of the maximum hoop stress. Two  specimens were prepared a t  each of the 
five lower stress levels; only one was prepared a t  the highest stress level. The test mat r ix  i s  shown 
in Table 1. 

A WHC computer code was used to determine the fill pressures of each specimen. The program 
determines the fill pressure required for  obtaining a specific hoop stress a t  a given test temperature. 
The program allows the user to  input fill gas type, specimen diameter, material type, and external 
pressure. The hoop stress calculations can he based on either the thin walled or th ick walled elastic 
stresslstrain relationships. The computer code has been approved and verified as required by  WHC 
procedures. 
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Table 1. Summary of Russian Copper Alloy Creep Specimen Fabrieation Data. 

FILL AVERAGE AVERAGE 
HmPSTRESS’BIP.) m PKESSUKP D W T E K  DIAMETER A n E K  

TEMP BEFORE PRESSURlZATION 
MP. pis’ PKESSURlZATlON (mm) NOMINAL ACTUAL (“c) 

(mm) 

55 48 120 7.2 1052.5 4.402 4.410 

55 45 120 7.2 1052.5 4.423 4.429 

4.405 

4.440 

’Nominal hoop stress calculations were based on the average of the diameter measurements made 
with a micrometer on the six smallest tubes prior to filling. Aetual hoop stress calculations were 
based on the diameter measurement made with the laser system on each individual tube prior to 
filling. 
‘Ultra-pure helium was the pressurization gas. 
’Actual fill pressures are  reeorded in psig; 14.7 psi was added to the actual fill pressures to get the 
pressures given io the table. 

The following input data were used to determine the fi l l  pressures for the specimens: 

* Temperature assumed during filling: 22 .2T 
Atmospheric pressure assumed during filling: 14.513 psia (0.1 MPa) 

* Outside diameter: 0.171 in. (4.34 mm) 
* Inside diameter: 0.157 in. (3.988 mm) 

9.18 kin.lin.l°F (16.5 pin.lin.l°C) 

71 1 psia (4.9 MPa) 

Linear thermal expansion: 
(the handbook value for wrought copper was assumed) 
External pressure on specimen during irradiation: * 
Irradiation temperature: 120°C 

The thin walled approximation was used to determine the hoop stresses. The ideal gas law was used 
to model the helium behavior in the creep specimens. All the specimens were successfully 
pressurized to the goal pressures. Table 1 gives the fi l l  pressures. 

Nominal pressures were calenlated on the basis of preliminary diameter measurements taken with 
a hand-held micrometer. Because of the variability in the diameters that resulted from the 
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electropolishing, the average diameter of the six smallest tubes was used as the specimen diameter 
in the calculation of the pressure required to achieve the nominal stresses. Unfortunately, these 
diameters were sometimes significantly different than the diameters obtained in the laser system 
immediately prior to specimen pressurization. In addition, the dimensional differences in specimens 
10 and 11 were not taken into account in the pressurization calculations. Thus the actual hoop 
stresses vary somewhat from the nominal hoop stresses, as shown in Table 1. 

Gas Pressurization of Creep Specimens. The creep specimens were pressurized in a laser weld 
chamber. The specimens were placed in a pressure vessel that has a quartz port on top. The 
chamber was evacuated three times and then pressurized with ultra-pure helium. Helium was 
added until the lowest f i l l  pressure was achieved. Then the openings in two specimens were laser 
welded closed. More helium was added until the next fill pressure was achieved and two more 
specimens were welded closed. This procedure continued until all eleven specimens were pressurized 
and welded. All welds were made according to W H C  procedure MT5-254. 

Weld Inspections. Two inspections were performed on each laser weld. All the welds were 
examined visually at 10x by a quality engineer checking for cracks, incomplete welding, o r  other 
visual defects. All specimens passed the visual inspection. 

All the specimens were also helium leak checked. The acceptance criterion was that a specimen not 
have a detectable leak rate of 10~' atm-cclsec or greater. All the specimens passed the helium leak 
check. 

Diameter Measurements. A laser micrometer system was used to measure the pre tes t  outer 
diameters of the specimens. Each specimen was measured a t  least once before and after  
pressurization. Each diameter determination requires measuring the specimen in  five places. The 
five measurements were 4.88 mm apart, with the third measurement at the center of the specimen. 
Measurements 2, 3, and 4 were averaged to give the average diameter for each specimen. 

Most specimens were measured twice before and twice after pressurization. In accordance with 
standard procedure, a given specimen was remeasnred when the center three measurements varied 
from each other 0.00127 mm (0,00005 in.) o r  more. The use of this tolerance band ensures valid 
and self-consistent measurements. For all specimens measured twice, the second set of center values 
varied 0.00127 mm (0.00005 in.) o r  more but closely repeated the first set of measurements. The 
two average diameters (one from each set of measurements) were averaged to give the average 
diameters reported in Table 1. 

FUTURE WORK 

The difficulties encountered in delivering the specimens to Russia have significantly delayed the start  
of the irradiation. The specimens were finally sent to Russia by air  and successfully arrived a t  the 
Efremov Institute after a lengthy delay in Russian customs. Pre-test diameters will be measured 
in Russia for comparison with the WHC-measured values prior to insertion in a core position in the 
SM-3 reactor. The tubes will he irradiated for 45 days a t  -100°C in direct contact with coolant 
water. If the tubes survive the initial irradiation without rupture o r  excessive bulging, they may 
be reinserted for further irradiation. No collaborative plans have been established yet for post- 
irradiation examination. 



355 

REFERENCES 

1. 

2. 

Letter, Vladimir Barabasb to M. L. Hamilton and F. A. Garner, dated August 1993. 

E. R. Gilbert and L. D. Blackburn, J.  Eng. Muter. Techno/., Vol. 99 (1977), 168. 



356 

VOID SWELLING OF PURE COPPER, CU-5NI AND CU-5MN ALLOYS IRRADIATED WITH 
FAST NEUTRONS - H. Watanabe (Kyushu University) and F. A. Garner (Pacific Northwest 
Laboratory") 

OBJECTIVE 

The  objective of this effort is to determine the factors which influence the response to irradiation 
of copper and copper alloys intended as candidates for high heat flux applications in fusion devices. 

SUMMARY 

The  effects of cold-work level and solute addition (nickel or  manganese) on pure copper under fast 
neutron irradiation have been investigated. Neutron irradiation was conducted in the Fast Flux Test 
Facility (FFTF) at temperatures from 638 to 873K to doses ranging from 8 to 98 dpa. In purc 
copper, the void swelling behavior was investigated as a function of cold-work level. At 638 and 
703K, 10% cold-work reduced swelling somewhat with little influence at higher cold-work levels. 
In comparison with pure copper, void swelling was suppressed by 5% nickel addition a t  648K but 
slightly increased a t  696K. Cu-5Mn resisted swelling in both annealed and 40% cold-worked 
specimens in all temperatures examined. At 648K, void formation was not detected. Only stacking 
fault tetrahedra were observed in this specimen. 

PROGRESS AND STATUS 

Introduction 

Copper and copper alloys are  being considered for high heat flux applications in fusion reactors. 
I t  has been recognized that void formation and growth in copper a re  influenced by gaseous 
impurities such as oxygen and helium'", nongaseous solutes' and cold-working'. Leffers et. a16,' 
demonstrated the effect of cold-work level (ranging from 10 to 90%) on swelling of pure copper 
(99.999%) during electron irradiation. At 523 and 623K. both the incubation period and steady- 
state swelling rate were sensitive to the cold-work level. Cold-working first increased swelling a t  
these temperatures, hut the swelling reached a peak and then declined with increasing levels of cold- 
work. It is not certain, however, that such behavior would be expected a t  the higher temperatures 
and lower displacement rates typical of neutron irradiation. 

I t  is also known that the behavior of point defects in many materials, i.e., mobility of vacancies and 
interstitials, is influenced by addition of over-sized andlor sub-sized solutes. Recently, Muroga et 
a1.d have investigated the effect of nickel and zinc addition in copper on microstructural evolution 
under electron irradiation. Interstitial type dislocation loop densities increased with increasing suh- 
sized nickel content hut were independent of over-sized zinc content. The enhanced loop nucleation 
by nickel addition was explained by the strong interaction between interstitials and nickel. 

Electron irradiation using a high voltage electron microscope (HVEM) is a powerful technique to 
investigate the fundamental processes during irradiation, hut a t  higher temperatures where void 

'Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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swelling is prominent, the two specimen surfaces play an  important role for loss of both dislocations 
and radiation-induced point defects. Moreover, irradiation doses in HVEM experiments a re  limited 
to lower displacement levels. 

The  objective of the present study is, therefore, to understand the effect of cold-work level on pure 
copper, and the effect of sub-sized solute (nickel) and over-sized solute (manganese) additions on 
void swelling behavior at high temperatures to fluences on the order of 100 dpa. 

Experimental Procedures 

Archive specimens of Leffcr's study6.' were used to study the influence of cold-work level. They 
used 99.999% pure copper (Johnson Matthey) with different degrees of cold-work produced by 
rolling. The conditions examined were annealed, three different levels (IO, 25, 50% reduction) of 
cold-work and 25% cold-work followed by aging at 573K for 2 hours. These specimens were 
irradiated in the Fast Flux Test Facility using the Material Open Test Assembly (MOTA) at 696, 
793 and 873K. 

In addition, MARZ grade pure copper (annealed), Cu-5Ni and Cu-5Mn specimens (annealed and 
40"h cold-worked) were also irradiated at  648K (12.7 and 21.2 dpa) and 696K (48.0 and 95.4 dpa). 
Swelling values were obtained by density measurement. Microscopy was performed with the JEM- 
2000FX electron microscope. 

Results 

Assuming that the 648 and 696K swelling data a re  independent of temperature, swelling of annealed 
MARZ grade pure copper appears to be consistent with 0.5% dpa swelling rate usually observed 

I I I I 1 

--A- 638K.16.9 dpa 

- 

for pure copper at about 673K'. 
Fig. 1 shows swelling observed in 
neutron-irradiated pure copper as a 
function of cold-work level. At 
638K (16.9 dpa) and 706K (47.3 
dpa), swelling is initially reduced by 
10% cold-working, with very little 
influence of cold-work observed at 
higher levels. On the other hand, 
an influence of cold-work level on 
swelling was not detected a t  793 and 
873K. Aging at 573K for 2 hours 
appeared to have no significant 
effect on swelling of 25% cold- 
worked pure copper. 

Fig. 2 shows the swelling of 
annealed and cold-worked Cu-SNi, 
as well as Cu-5Mn, at 648 and 
698K. At 648K, swelling was 
suppressed by nickel addition. 
However, a slight enhancement was 
detected a t  696K. Reduced swelling 
by cold-work was found a t  both 
irradiation temperatures. 

25% CW+Zhr at  573K 

0 - .- - - 
a3 2 10 - - 

5 ,& - 
25% CW+Zhr at 573K 

0 I I I I I 
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Fig. 2. Dose dependence of swelling in annealed pure copper and copper alloys irradiated at (a) 
648K and (b) 696K. 
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Fig. 3. Microstructure of annealed and cold-worked Cu-5Ni irradiated at 648K (12.7 dpa) and 696K 
(48.0 dpa). 
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Fig. 3 shows the microstructure of annealed and cold-worked Cu-SNi alloys irradiated a t  648K (12.7 
dpa) and 698K (48.0 dpa). Electron microscopy for an annealed specimen with 30.1% swelling 
irradiated a t  698K to 48 dpa was not successful due to its higher swelling value. Fig. 4 shows dark 
field images of annealed and cold-worked Cu-SNi alloys irradiated at  638K (12.7 dpa) and shows 
the cold-worked induced dislocation structure before irradiation. The reduced swelling by cold- 
work is due to a smaller void size. At 648K (12.7 dpa), the average void sizes in the annealed 
specimen and the cold-worked specimen were 230 nm and 120 nm, respectively. It was also shown 
that cell structures of dislocations were formed and that preferential void formation occurred at  
dislocations irradiated at  696K (48.0 dpa). Isolated voids were also observed in a cold-worked 
specimen irradiated at  648K to 12.7 dpa. 

Cu-SMn exhibited strong resistance to swelling in both the annealed and 40% cold-worked 
specimens. Density measurement revealed that swelling at  698K to 95.4 dpa was 2.4 and 2.0% for 
the annealed and cold-worked conditions, respectively. Void formation was only detected in the 
specimen irradiated at  696K. Figs. 5 (a) and (h) show the microstructures of an annealed and cold- 
worked specimen irradiated at  696K to 48.0 dpa. The micrographs were taken in a void image 
condition. In the annealed specimen, small voids of about 10 nm were observed. Much larger void 
sizes of about 100 nm were observed in the cold-worked specimen. However, dislocation networks 
and preferential void formation at  dislocations, which were commonly observed in Cu-5Ni, were not 
detected. Fig. 6 shows the dark field images of the specimens irradiated a t  648K and 696K. The 

Fig. 4. Dislocation structure of Cu-5Ni irradiated at  648K to 12.7 dpa (a) 
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observed dislocation density was about 1.0 x 10’’ m which was almost the same in the annealed 
and cold-worked conditions. The arrows in the figure show the stacking fault tetrahedra (SFT) 
formed a t  696K. 

Discussion 

Swelling during fast neutron irradiation at 638 and 706K, is initially reduced by 10% cold-working, 
with very little influence of cold-work ObSeNed a t  higher levels. On the other hand, during electron 
irradiation6,’, both the incubation period and steady-state swelling rate at 523 and 623K, were found 
to he sensitive to cold-work level. Cold-working first increased swelling at these temperatures, hut 
swelling reached a peak and declined with increasing cold-work. The different behavior ObSeNed 
io electron and neutron irradiations may arise from a different dislocation structure in these two 
experiments. 

Fig. 6. Microstructure of annealed and cold-worked CudMn irradiated at 648K (12.7 dpa) and 
696K (48.0 dpa). The arrows indicate stacking fault tetrahedra. 
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During electron irradiation, Leffers et al.",' confirmed that the cold-worked structure survives up 
to the dose of about 30 dpa. Maximum void swelling was observed in the 50% cold-worked 
specimen. 

Preferential void formation a t  dislocations in 10% cold-worked copper at 523K was also detected. 
It is reasonable to believe that the cold-work dependence during electron irradiation is related to 
the cold-work induced dislocation networks and enhanced void formation near dislocations. 
Residual gases play an important role for stability ofvoid nuclei. If the temperature is high enough, 
gas atoms diffuse and are trapped a t  the dislocations. Preferential void formation near dislocations 
may be explained by the high concentration of gas atoms near dislocations. Moreover, it is also 
known that void growth is strongest when the sink strength of dislocations is comparable to that 
of voids. It might he possible that the dislocation density of the 50% cold-worked specimen, where 
maximum swelling was observed, is most appropriate for promoting void swelling. 

On the other hand, electron microscopy of Cu-5Ni and Cu-5Mn revealed that a higher dislocation 
density was observed in the annealed specimen but not in the cold-worked specimen. This means 
that the dislocation structure induced by cold-working was presumably annihilated by absorbing 
point defect during an early stage of irradiation at  638 and 706K. We believe that the network 
dislocations observed around voids in the annealed specimen were introduced during neutron 
irradiation. Microscopy was not performed on cold-worked pure copper, but annihilation of cold- 
worked induced dislocations might be the reason for the slight influence of cold-work on swelling 
in pure copper a t  higher cold-work levels. 

Void swelling was suppressed by nickel addition at  648K, but a slight enhancement of swelling was 
observed at  696K. On the other hand, Cu-5Mn resist swelling very strongly at  648 and 696K in 
both the annealed and cold-worked conditions. On the assumption that the impact of the order of 
magnitude difference in displacement rate associated with these two irradiation temperatures (648 
and 696K) is negligibly small, suppressed void swelling by nickel o r  manganese addition might be 
explained by difference in dislocation density of the two specimens. 

Very few voids were detected in the specimens with very low dislocation density. On the other 
hand, preferential void formation and growth at  dislocations were observed in specimens where 
network dislocations were detected. Once dislocations were formed by irradiation, nucleation of 
voids on the compression side of dislocations may occur. In this case, if a higher concentration of 
gas impurities are present a t  dislocations, void nuclei might be stabilized with gas. 

In CudNi, Muroga et al? demonstrated that loop formation was enhanced by nickel addition at  
relatively lower temperatures. The loop density decreased with increasing temperature where the 
processes of trapping and detrapping of nickel is strongest. At these temperatures, cold-work 
induced dislocation structures will be rearranged by absorption of point defects. This results in a 
reduction of dislocation density in cold-worked specimen. Io the present study, network dislocations 
were not observed a t  648K but were observed at  696K. This means that a t  696K the dislocation 
density was increased to the level where void growth became prominent. 

Preliminary results of another study using HVEM irradiation has revealed that loop formation in 
Cu-5Mn was strongly enhanced by over-sized manganese addition at  373K. But, the loop density 
dropped off more quickly than in Cu-5Ni with increasing irradiation temperature. At 573K, the 
loop density of CudMn was almost comparable to that of pnre copper. The very low nucleation 
rate of dislocation loops at  above 573K might be one reason for the lower dislocation density and 
suppressed swelling Observed in Cu-5Mn. 
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CONCLUSIONS 

Cold working and nickel additions have a relatively small effect on neutron-induced swelling of pure 
copper, but manganese additions appear to suppress swelling very effectively. The question remains 
whether the suppression effect can operate at  lower manganese levels. 

FUTURE WORK 

Examination of irradiated specimens containing lower levels of manganese will proceed in Japan. 
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INFLUENCE OF NICKEL AND BERYLLIUM CONTENT ON SWELLING OF COPPER 
IRRADIATED IN COBRA-IA - F.A. Garner (Pacific Northwest Laboratory”) and B.N. Singh 
( R I S 0  National Laboratory) 

OBJECTIVE 

The objective of this effort is to determine the influence of solid transmutants on the swelling of 
copper, and then to use this information to develop fission-fusion correlations for copper and its 
alloys employed for high heat flux applications in  ITER. 

SUMMARY 

A series of annealed Cu-Ni dilute binary alloys were irradiated in COBRA-IA in EBR-I1 at 
temperatures of 373, 420 and 500°C. Density measurements have been performed for specimens 
irradiated a t  373°C to 1.78 x 10% cm” (-11.3 dpa for pnrc copper). At this temperature and dose 
level nickel additions suppress swelling. There is a possible indication that  some type of segregation- 
related phenomenon also occurs, yielding radiation-induced densification. 

PROGRESS AND STATUS 

Introduction 

When pure copper is irradiated with neutrons, the elements nickel, zinc and cobalt (in order of 
decreasing formation rate) a re  formed by transmutation. The levels of these transmutants a re  
determined by the total neutron exposure and the neutron spectrum.’.’ The thermal and electrical 
conductivities of copper then decline as the transmutant levels increase and also as void swelling 
develops. Nickel has the greatest effect per atom on conductivity. I t  is expected, however, that  void 
swelling may be sensitive to the level of transmutants, especially nickel.’.’ This possible interaction 
of the two largest contributions to degradation of conductivity complicates somewhat the 
development of fission-fusion correlations for copper and its alloys. Therefore, a series of studies 
a re  in progress in the US., Denmark and Japan to determine the separate and synergistic effects 
of the various transmutants and microstructural processes involved in the radiation response of 
copper and its alloys. 

Experimental Details 

In this experiment five Cu-xNi alloys, where x=O 0.17, 1.0, 2.0, 5.0 and 10.0 atomic percent, were 
irradiated in COBRA-lA in EBR-II a t  385°C and 1.78 XlO”n Em-’, which corresponds to -11.3 dpa 
for pure copper. Cu-0.5 at.% Be was also included. The density of these specimens was measured 
using an immersion density technique known to be accurate to iO.2% change in density. These foils 
were supplied by R I S 0  National Laboratory from the archives used for a previous series of electron 
irradiation experiments. 

‘Pacific Northwest Laboratory is operated for the 1J.S. Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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Packet ID Temperature Neutron Fluence dpa 0) 
("C) In  cm-' (E>O.IMeV)I 

II 76 I 393 I 1.78~10" I 11.3 II 

79 

II 9A I 497 I 1.78~10~' I 11.3 I1 
517 0.64~10~' 3.5 

Results and Discussion 

Figure 1 shows that the density of Cu-Ni alloys in their original state depends somewhat on the level 
of nickel and reaches a minimum at -5%Ni. This finding was somewhat surprising, since an earlier 
measurement of the density of Cu-5Ni showed it to be somewhat different from that measured in 
th is  study, as also shown in Figure 1. Measurements were performed on two separate specimens 
of each alloy, however, and there i s  no reason to suspect errors in any individual measurement. I f  
real, th is  difference may signal the presence of some type of ordering or segregation, which often 
results in  a change in overall density. 

9.0 i 
Denslly, 

8.8 

8.7 

0.6 I 
0 2 4 6 8 10 

%Nickel 

Fig. 1. Density of Cu-Ni alloys prior to irradiation. 

2 
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Archive (glcm’) Irradiated (g/cm’) 

As shown in Figure 2 and Table 2, the swelling of pure copper a t  373°C and 11.3 dpa was 7.7%, 
a little higher than the 5.6% that would be expected on the basis of the O.S%/dpa swelling rate 
usually observed a t  -400°C. This relatively small difference may he due to the fact that the dose 
of 11.3 dpa was determined for the center of the experimental packet, which was located i n  a large 
flux gradient in  the below-core basket of MOTA. There is no way to know which end of the packet 
was in the higher flux position, however, and therefore there is some uncertainty in the dpa  level. 

Figure 2 also shows that addition of nickel strongly depresses the swelling of copper in the range 
0.17 to 2%. At Soh, a densification of -1.4% appears to have developed. This is a most surprising 
result and requires microscopy to determine its origin. It is significant to note, however, that  if the 
value of 8.93glcm’ used in earlier studies was employed, there would be no densification. Unless 
some systematic error is found in the current set of density measurements, this suggests that  some 
process, possibly involving segregation o r  most likely ordering, affects the density of Cu  binary 
alloys. Therefore the resulting lattice parameter may be sensitive to the details of the annealing 
process. 

i o  

Swelling (“A) 

393 ‘C 
11.3dpa 

CufOFHC) 8.9192 8.27820 

-1 I 
0 2 4 6 n 10 

X NIckel 

7.74 

E 

Cn-0.5Be 8.59121 8.77122 -2.05 

11 Cu-0.17Ni I 8.93281 I 8.61513 I 3.69 I/ 
II Cu-1.ONi I 8.90567 I 8.56423 I 3.99 II 
II Cu-2.ONi I 8.8 5 6 8 0 I 8.75733 I 1.14 II 
II Cn-5.0Ni I 8.82240 I 8.94760 I -1.4 II 
II Cn-1ONi I 8.92329 I 8.93229 I -0.10 II 
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Table 2 shows that Cu-O.5Be also densified significantly, but this effect most likely arises from the 
formation of beryllide precipitates. 

FUTURE WORK 

The details of specimen preparation and density measurement will be pursued in the next reporting 
period. Microscopy will also proceed in Denmark and will be used to check for segregation, 
ordering o r  other microstructural processes that might explain the behavior observed in this study. 
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6.5 Environmental Effects in Structural Materials 
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FABRICATION OF ALUMINUM NITRIDE AND ITS STABILITY IN LIQUID ALKALI METALS* 
K. Natesan and D. L. Rink (Argonnc National Laboratory) 

OBJECTIVE 

The objcctivcs of this task are to (a) evaluiitc scvcral fabrication procedures for dcvelopmcnl of aluminum 
nitride (AIN) coatings on the candidatc first-wall struclural material V-5wt.%Cr-Swt.%Ti; (b) evaluate the 
stability of coatings, which wcrc kibricatcd by various methods. in conlacl wilh thc structural alloy as a 
function of tempcralurc and time; (c) cvnluate Lhc stability of thc coatings in a liquid Li cnvironmcnt at 
temperatures belween 200 and 400°C; (d) incasurc the elcctriCal resistivity of the coaled films after exposure 
to liquid Li; (e) evaluate the effecu of dclec~s in the coating on clcctrical rcsistivily of thc coaling; and (e) 
establish in-situ repair proccdures LO maintain adcquatc insulaling propnics  for thc coatings. 

SUMMARY 

A N  has been selected as a prime candidate lor clcctrically insulating the V-alloy lirsl wall in Ihc self-cooled 
ITER concept. Several inethods arc bcing cvaluatcd for labricating coatings lhat havc adequilc thickness and 
desirable physical, elccLrical, chemical, arid incclliinic;tI propcrlics. Coalings dcvclopcd thus far xc bcing 
exposed to liquid Li a1 350 and 400°C. 

BACKGROUND 

Extensive thermodynamic calculations havc bccn inadc to cvii luat  potcnlial candidates lhat (a) are 
chemically compatiblc in a liquid Li m d  (b) posscss adcqua~c insulating characterislics for use as a coating 
on the lirst-wall and blankct structural m;ltcrial. A rcvicw of available information o n  Ihe clecuical 
resistivity values for scvcrlil oxidcs, nitritlcs, and oxynitridcs showed that a nunrbcr of oxidcs (e.g., CaO, 
MgO, SiO2, Al2O3, MgAI204) and nitrides (c.g.. AIN, Si3N4) h;l\,c resistivities >IO5 ohm-m at 
lcmperalurcs bclow =600"C. Thc requirement is that  thc product of thc coating's ClccLrical rcsistivily and 
thickness should cxcccd a noininill viiluc of 0.1 o h m  in2  under operating conditions. This translates to a 
minimum resistivity value o l  I O 5  ohiii-in lor a cwting thickness of I ~ n i ,  and IO4 ohm-in lor a thickness 
of 10 pm. Based on thc rcsistivity YOIUCS ol  the niatcriiils listed abovc, a coating layer of < I  win thickness 
of any of these materials would be adequate from thc insulating standpoint, providcd that rcsistivily is no1 
reduced during operation, i.c., by irradiation. Figurc I is a comparison of rcsistancc of scvcral materials, 
along with the rcquircmcnts lor ITER application. 

Based on chemical compatibility iil a liquid sodium-polassium (NaK) alloy and the nccd loor adcquate 
electrical resistivily, malcri:tIs such as A1203, CnO, MgO, ;ind Y2O3. and nilridcs such as AIN and Si3N4 
will bc acceplable. On lhc other hand, AI203 is i io~  suiblc in liquid Li and othcr candidate oxidcs and 
nitrides need lo bc considcrcd. While thc bull, oxidcs mcntioncd abovc arc potcntiiil candidalcs, i t  is d 
to apply thcm with sufllcicm bonding onto first-wall structural inatcrial such a s  Type 316 stainlcss steel, 
martensitic steel such as MANET, and V-Swt.%Cr-Swl.%,Ti alloy so lhiit the coaling will rcntain inlact for 
long time periods undcr thcrmal cycling conditions. 

The primary candidiitc lor application in Li is AIN. The thcrinodynamic swbility of scvcral of thc nitrides 
as a function or temperature is shown in Fig. 2; supcrimposcd on this diagram iuc lines corresponding to 
different concentrations ol N in Li. 11 is cvidcnl tha t  AIN wi l l  be slablc in Li with a wide rangc of N 
concenlrations, whilc Si3N4 wi l l  bc stublc u p  IO =400"C i n  Li that contains >300 ppm N .  Calculations 
show that Ti in thc V alloy can also form it nitridc i n  lhc Samc Li, but lhc rcsulling TiN is not viablc as an 

*This work has bcen supported by the U.S. Dcpmrncn1 O S  Encrgy. OfSicc of Fusion Energy Kcscarch mdci 
Conlract W~31-10Y-Eng~3X. 
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chemical vapor deposition at tcmpcraturcs bctwccn 600 and 900°C; (d) a low-lcmpcrature melhod involving 
sequential reactions; (e) prwluminizarion o f  the surface of the alloy and conversion to a nitride in a high-N 
Li environment; (f) prcexposing the matcrial to liquid AI and subscquent conversion IO a nitride in Li; (g) 
in-situ formation in Li with high therinodynainic activities for AI and N; and (h) prealuminization of 
specimens ofsuuctural tnawial and nitriding with N2 cover gas during Li exposure. 

RESULTS 

Fabrication of Coutines. Thc pack proccss is a well-cswblishcd approach uscd to cover stainless stcels and 
Ni-base alloys with layers ol  an intcrmcdiatc pliese [ 11. The substrate matcrials arc covcred with a pack of 
powders and heatcd for 4-12 h at tcinpcraturcs of =9W°C. Thc composition of such powders (c.g., 65 wt.% 
Al2O3, 33 wt.% AI, 2 wt.% NHbCI) includes imctiillic AI, iiluinina a s  fillcr matcrial, and NH4CI as an 
activator. Thc amount of AI can bc rcduccd by putiiil rcplaccincnt with Ni. A I  dcposited on the substrate 
surface diffuses in to  thc subsurfacc regions oi thc inatcrial, where it forms intcrmcwllic phases as 
aluminides of Fc or Ni. Bccausc the substratc inalcrials arc liclitcd to tcmpcraturcs close to the annealing 
range for times su lk icn t  to cause solution proccsscs in thc matrix, b e  materials nccd a final weanent  in 
order to optimize tlic suucturc. The aluminidc layers rcach thickncsscs 01 0.025-0.20 mm, depending on 
the composition of the subsuatc niatcrials. Figure 3 shows clciiienral conccnuation profilcs for AI, V. Cr. 
and Ti in a V-5Cr-5Ti alloy samplc alter an  aluminizing [21. Thc dillusion processes lcad to layers with 
very good adhesion to the substratc. The high tcmpcnrturc of the lormalion process creatcs layers that 
develop compressive sucsscs a t  Iowcr tcinpcraturcs and thus do not contain cracks alter preparation process 
is finished. 
The aluminizing of V and its alloys by thc "hot-dip" process covcrs thc substrate materials at -800°C in 1-2 
min with a layer of solid solutions ol the substratc t~rctiils in AI. or of aluminides of thc alloying elements 
[31. The process rcquircs clean surliiccs on tlic suuctural materials to achicvc propcr wctting and adherent 
layers. Adhcrcncc can bc iinproxd by ii rhcrni;~I uclitmcnt 01  at 500 to 600"C, although this may cause 
pores or cavities in thc ourcr p u t  ol thc laycr. Thc aluminidc laycr consists of an thc inner part in close 
contact with substratc by dilfusion bonding and a n  outer part which contains porcs and cavities due to 
diffusion cffccts. Thc complctc luycrs have a thickness of -0.2 mm and thc inncr oncs -0.12 mm. The 
aluminide layers niust bc oxidized to obtain an insuliiting surliicc laycr. Spccimcns 01 V alloy arc being 
aluminizcd by this proce. i t  KIX in Gcririany. 

I I I I I I 

7 
1 "-5Cr-STi, Alumiiiized 

0 5 10 15 20 25 30 
Distance  from Sur face  (pm) 

Figure 3. Depth prolilcs lor AI, V, Cr. and Ti in  an  aluminized 
slKcimcn 01' V-SCr-STi alloy 
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mechanical integrity cvalualcd. Further. experiments are undcrway LO dctennine thc repair proccdwes for in- 
situ reformation of layers by controlling thc Lhcrmodynamic activities of N and AI in  Li, level of N2 in the 
cover gas, and exposure tcinpcraturc 
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DEVELOPMENT OF ELECTRICAL INSULATOR COATINGS: IN-SITU ELECTRICAL 
RESISTANCE MEASUREMENTS ON CaO-COATED V-S%Cr-S%Ti IN LIQUID LITHIUM* 
J:H. Park, G. Dragcl, and R. W. Clark (Argonne National Laboratory) 

OBJECTIVE 

Corrosion resistance of structural materials and the magnetohydrodynamic (MHD) force and its influence 
on thermal hydraulics and corrosion are major concerns in the design of liquid-metal blankets for magnetic 
fusion reactors (MFRs). The objective of this study is to develop in-situ stable coatings at the liquid- 
metallstructural-material interface, with emphasis on coatings that can he converted to an electrically 
insulating film to prevent adverse currents generated by the MHD force from passing through the structural 
wal1s.1-3 

SUMMARY 

The electrical resistance of CaO coatings produced on V-5%Cr-S%Ti by exposure of the alloy to liquid Li 
that contained 4 at.% dissolved Ca was measured as a function of time at temperatures of 250 to 698OC. 
The solute element, Ca in liquid Li, reacted with the alloy substrate at 42OOC to produce a CaO coating. 
The resistance of the coating layer was = 0.4 and 35.7 R a t  267 and 698°C. respectively. Thermal cycling 
between 267 and 698°C changed the resistance of the coating layer, which followed insulator behavior. 
These results and those reported p r e v i o ~ s l y ~ . ~  suggest that thin homogeneous coatings can be produced on 
variously shaped surfaces by controlling the exposure time, temperature, and composition of the liquid 
metal. This coating method is applicable to reactor components of various shapes (e.&, insideloutside of 
tubes, complex geometrical shapes) because the coating is formed by liquid-phase reaction. The liquid 
metal can he used over and over because only the solutes are consumed within the liquid metal. 

INTRODUCTION 

Corrosion resistance of structural materials and magnetohydrodynamic (MHD) force and its influence on 
thermal hydraulics are major concerns in the design of liquid-metal cooling systems for fusion first- 
walllhlanket  application^.'-^ Vanadium and V-hase alloys (V-Ti or V-Ti-Cr) are leading candidate 
materials for structural applications in a fusion reactor.h The objective of this study is in-situ development 
of stable corrosion-resistant coatings, as well as insulator coatings at the liquid-metallstructural-material 
interface. The electrically insulating coatings should he capahle of forming on various shapes such as the 
inside of tubes or irregular shapes during operational conditions to prevent adverse currents that are 
generated by MHD forces from passing through the structural walls. The coatings could also improve 
general corrosion resistance and act as a diffusion barrier for hydrogen isotopes, viz., deuterium and tritium. 

EXPERIMENTAL PROCEDURE 

Three types of experiments have been conducted for fabrication of electrical insulator coatings to be used in 
liquid-Li environments, Le., (a) a screening test for candidate ceramic materials in liquid Li, (b) in-situ 
fabrication CaO coatings by first charging oxygen into the V-base alloy in Ar gas containing 0 2 / H 2 0  
impurities and subsequently exposing the alloy to liquid Li containing dissolved Ca to form the CaO layer 
on surface of the material, and (c) in-situ electrical resistance measurements of CaO coatings on V-S%Cr- 
5%Ti in Li environments. Thermal cycling tests were also conducted to investigate the integrity of coating 
layers that formed in-situ. 

* T h i s  work has been supported by the U.S. Department of Energy, Office of Fusion Energy Research, under Contract 
W-3 1 - 109-Eng-38. 
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Compatibility tests on electrically insulating ceramics 

Results of compatibility tests on electrically insulating ceramics in liquid Li are shown i n  Table I .  In 
general, compatibility of ceramic insulators with liquid Li follows the criterion for thermodynamic stability. 
Although some ceramic materials fall into the category of thermodynamically stable materials, e.g., sintered 
AIN and Sic (applied by chemical vapor deposition), they were not compatible with liquid Li in screening 
tests. We conclude that this behavior is caused by grain boundaries in  AIN and Sic that are enriched in 0, 
Si, C, or impurities that react with liquid Li. An example is sintered AIN. Electron<nergy-dispersive- 
spectroscopy (EDS) analysis indicated that 0 contamination was predominant in AIN. Oxygen may form 
A1203. which is not stable in liquid Li, in the grain-boundary area. A1203, if present at grain boundaries, 
reacts with Li and thereby weakens the mechanical strength of AIN. As a result, O+nriched AIN appears 
to he brittle after exposure in liquid Li. When the 0 is gettered by the YIY203 phase present in AIN, 
sintered AIN remains intact after exposure lo liquid Li. This presumably indicates that both AIN and Y2O3 
are compatible with Li. as indicated in Table I .  Based on results of the liquid-Li compatibility tests, we 
proceeded with work to develop an in-situ coating method for various alloys by forming intermetallic 
phases, which are then converted to ceramic insulators in liquid-Li environments. 

Table 1. Liauid-Li compatibility of insulator materials 
~ ~ ~ 

Compatibility1 
Material Composition (Form) Vendor Test Method” Observation 

S i c  

Si 3N4 

Quartz 

Rutile 

Yttria 

YSZ 

Chromia 

AIN 

S i c  (CVD) 
S iC (Si -enric hed) 
S i c  (Hot-pressed) 
Si 3N4 (Hoc-pressed) 

Si-N-0 (IBAD- coating) 

S i0  2 (Quartz tube) 

T i02  (Single 

Y2O3 (Sintered) 

Y2O3 (Hot-pressed) 

crystal) 

m ~ - 1 0 % ~ 2 0 3  

(Sintered) 

(Single crystal) 
0 2 0 3  (Hot-pressed) 

AIN 

AINb (1.3% Y 
incorporated) 

AIN (Sintered-oxygen 
enriched) 

AI(V)N or AIN 
AI-0-C-N 

Northern 
Northern 
Northern 
Norchem 

ANL 

Ceres 

ANL 

Coors 

Ceres 
ANL 

OFWL 

ANL 

ANL 

ANL 

1/1 
111 
311 
011 

W1 

W1 
and 2 

W1 

311 

311 

111 

111 
WI 

3r2 

3/1 

U1 

3r2 

Reacted 
Reacted heavily 
Intact 
Specimen not 
recovered 

Coating layer totally 
dissolved 

Specimen not recovered 

Specimen not recovered 

Intact 

Intact 

Reacted heavily 

Reacted heavily 
Specimen not recovered 

Intact [7] 

Intact 

Reacted 

AIN, AI(V)N, or AI-0-C-N 
formed in-situ on V-5Cr-5Ti 
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Table 1. conrinued 

Compatibility/ 

Material Composition (Farm) Vendor Test Methods Observation 

BN 

Si 

AI203 

TiNc 

CaO 

MgO 

Be0 

Y-AI 

BN (Hexagonal) Northem 

BN (IEAD-coating) ANL 

SI (Single crystal) ANL 

A1203(ADY98- Coors 

d T ~ N  (pure &doped with ANL 

CaO ANL 

Fmtcred) 

SI. Mg, AI, and 0) 

CaO or Ca(V)O ANL 

MgO B&W 

MgO ORNL 

MgO or Mg(V)O ANL 

B e 0  General 

B e 0  Coors 
Ceramics 

B e 0  or Be(V)O ANL 

Y 3 h 2 0 1 2  Union 
Carhide 

0/ I 

Of I 

0/1 

0/ 1 

3R 

3/2 

3n 

30  
3/2 

3f2 

3/2 

3/2 

3/1 and 2 

3t2 

Specimcn not recovered 
Coating totally dissolved 

Specimen not recovered 

Specimen not recovered 

TiN formed on Ti in Li at 
>650"C 

700°C. 266 h 

CaO formed on 

V- 15Cr-STi e 

416OC 
CaO or Ca(V)O formed in- 
situ on V-SCr-5Ti in Li 

Intact 171 
Intact 171 

416°C 
MgO or Mg(V)O formed in- 
situ on V-SCr-5Ti in Li 

Intact [7] 

Intact 171 

416°C 

B e 0  or Be(V)O formed in 
situ on V-SCr-5Ti in Li 
Intact [7] 

garnet 

aCompatihility with liquid-Li: 0 and 3 indicate not compatible and compatible. reSpeCtively. Test method; I 

hICP-Spectrochemical analysis of AIN indicated impufity levels (in wt.%); As <0.05, Ba 0.005, Be <0.001, 
Ca0.54,Co<0.002,Cr<0.002,Cu0.006,Fe0.015,Y3.77,Y~0~4.7Y,Mg0.004,Mn<0.001,Ni0.002, 
Pb ~ 0 . 0 2 ,  Sh <0.05. Sn <0.02, Sr <0.001, Ti 0.022, V <0.002, Zn 4 . 0 0 2 ,  Zr <0.002, and Te <0.05. Before 
and after the test, only the Li was analyzed again. The Li contents were <0.01 and 6.M. respectively. 

indicates a test in flowing Li at 450°C for 315 to 617 h; 2 dcnotes capsule tests at 400°C for 100 h. 

cTiN is an electrical conductor. 

dType 304131 6 stainless steel container for Li + N 

e Li + Ca used for this study. 
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CaO coating on V-S%Cr-S%Ti 

In the event that metallic solutes (e.g., Ca. Be, Y, or Mg) dissolved in Li cannot produce intermetallic 
phases hy reaction with V or its alloys, another fabrication approach can he adapted to facilitate formation 
of the insulating coating. 11 is well known that 0 can be incorporated into the interstitial sublaitice in body- 
centered-cubic (bcc) V and its  alloy^.^ Thus, if 0 or N is present in the alloy (as a reactant), i t  may have a 
higher affinity for solutes such as Ca or Mg dissolved in Li than do the alloy elements (i.e., V, Cr, and Ti). 
Several experimcnis were performed to test this hypothesis. Samples of V-5%Cr-5%Ti were heat-treated 
in flowing N2 or Ar at temperatures of 5 10 to 1030OC io charge the surface of the alloy with N or 0. Then 
the samples were immersed in Ca-bearing liquid Li for four days at 42OOC to investigate the formation of 
CaO. Figure 1 shows SEM photomicrographs of the surface and cross section of CaO on a V-S%Cr-S%Ti 
specimen, together with an EDS spectrum from the CaO layer. 

Figure 1. ( a )  SEM photomicrograph of surface of CaO layers on V-5%Cr-S%Ti 
formed in Li containing =4 at.% Ca, (h )  enlargement of part of (a),  (c) 
cross-sectional view, and (d) EDS spectrumfrom CaO layer 

Electrical resistance of the films was = 0.4 to 3.5 n, and temperature-dependent electrical resistance 
showed predominantly ceramic-insulator behavior (Fig. 2). When direct current was supplied through the 
electrodes at 53Y"C, polarization hehavior was observed and the ohmic values increased tu 
35.7 R for the 3<m2 area. A calculated value of 107 Q-cm2 may satisfy the required resistivity (r) times 
thickness (t), or rt criterion of 225 to 100 R-cm2 for fusion reactor applications? if the thickness is 
assumed to be = 3  pin. A problem that still requires attention is depicted in Fig. 3 ,  namely, decrease in 
resistance as temperature increases. Two temperature-cycling runs showed that ohmic values dropped 
abruptly at =SOOT in the first run and at -400°C in the second run. This problem will he explored over an 
extended temperature range from the fabrication temperature to the freezing point of the liquid metal, and 
down to room temperature. 
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Figure 2. Temperature and in-situ electrical resistance of CaO coating 
in liquid Li containing 4 at.% Cm, as a function oftime 
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Figure 3. Ohmic values for  CaO layer on V-5%Cr-S%Ti in liquid Li us. 
temperature during cooling in two runs 

CONCLUSIONS 

Based on liquid-Li compatibility tests of coatings produced on V-base alloys, a method was developed for 
in-situ fabrication of insulator coatings i n  a liquid-Li environment. Surface modification via high- 
temperature liquid-phase deposition can provide intermetallic and/or ceramic phases on V-base alloys. 
This process is facilitated in liquid Li because surface contamination by 0 or oxide films is virtually 
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eliminated, and the process to produce homogeneous coatings on various surface shapes can he controlled 
by exposure time, temperature, and composition of the liquid metal. Conversion of intermetallic or 0 and 
N enriched layers to an electrically insulating coating (CaO for surface Omriched V-S%Cr-S%Ti) in 
liquid Li was demonstrated in the temperature range of 416°C to 880°C. A CaO layer formed relatively 
easily in liquid Li containing Ca at 416°C. Additional work will be performed to improve the mechanical 
stability of the coatings during thermal cycling and to establish the mechanisms for self-healing of the 
coatings. 
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Performance of Ceramic Breeder Materials in the SlBELlUS Experiment 
J. P. Kopasz and C. E. Johnson (Argonne National Laboratory) and D. L. Baldwin (Pacific 

Northwest Laboratories) 

OBJECTIVE 

The objective of this work is to obtain performance information on the candidate ceramics from the 
SlBELlUS experiment. 

SUMMARY 

Lithium containing ceramics are among the leading candidates for use as tritium breeding materials 
in a fusion reactor. An issue affecting both the safety and economics of the reactor is the tritium 
inventory. The SlBELlUS experiment was designed to examine material compatibility between 
different components of a breeder blanket and to examine the tritium inventory in the components 
of the blanket. The tritium inventory in each of the ceramics was determined by measurements at 
end of life and were found to be quite low and in agreement with those determined in tests with 
no beryllium present. The inventory increased in the order lithium zirconate c lithium oxidec lithium 
orthosilicate<lihium aluminate with the inventory in the zirconate less than 0.03 wppm at 550°C. 

PROGRESS AND STATUS 

Introduction 

Lithium containing ceramics are among the leading candidates for use as tritium breeding materials 
in a fusion reactor. Breeder blanket designs utilizing lithium ceramics also employ a beryllium 
neutron multiplier to ensure a tritium breeding ratio greater than one. In order for these designs to 
be acceptable from an economic and safety perspective, the tritium inventory in the ceramic and 
in the beryllium should be low. The SlBELlUS experiment is an EULJSA collaborative test designed 
to assess the compatibility of berylliumllithium ceramics and berylliumlsteel compacts in a neutron 
environment. The test also provided the opportunity to assess the tritium inventory in several 
candidate ceramic breeder materials and in beryllium, and determine if there are any interactions 
between the ceramics and beryllium which may effect the tritium inventory in either of these 
materials. 

End-of-life inventory measurements are less ambiguous than those determined from in-pile 
temperature change tests, and provide crucial tritium inventory data for designers and modelers. 
However, sample characteristics such as grain size may be affected by changes in the test 
conditions, such as temperature or purge gas composition changes, which may complicate the 
interpretation of the end-of-life inventories. The SlBELlUS data set is unique in that the samples 
were subjected to a minimal number of temperature changes and operated under constant purge 
gas Composition. 

ExDerimental 

The irradiation vehicle consisted of eight capsules, seven of which were independently purged with 
a He - 0.1% H, gas mixture. The eighth capsule was not purged and contained Be pellets for 
lifetime and void swelling tests. Two capsules contained only ceramic (Li,O and LiAIO,), for 
comparison of tritium release and inventory with the samples in contact with beryllium. One 
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Material LiJrO, Li,O Li,SiO, LiAIO, 

Grain size (pm) 1 -20 -20 0.4 

Density (%TD) 70 80 91 75 
- 

capsule contained Li4Si04 pebbles in contact with Be disks, and the other four contained alternating 
disks of beryllium, steel, and ceramic in the order beryllium, steel, beryllium, ceramic. One 
capsule contained lithium orthosilicate, a second capsule lithium aluminate, a third capsule lithium 
oxide and a fourth capsule contained lithium zirconate. The design of the irradiation capsules and 
the experimental conditions have been reported previously.[l,2] A summary of the ceramic 
properties is given in Table I. The irradiation temperature was controlled by a gap gas and was 
maintained at 550°C lor most of the experiment. One set of temperature transients was 
performed, with the temperature for the aluminate decreased to 500°C then returned to 5504C, and 
the silicate and zirconate decreased to 450°C then increased back to 550°C, while the temperature 
for the oxide sample remained constant. The temperature at the end of the experiment was 550°C. 
The specimens were irradiated for 1690 h with a neutron flux at mid-plane of 1.1 x lo', n cm-'s'' 
(thermal) and 1.0 x lo', n cm-'s-' (fast, > 1 MeV). 

Table I: Sample Characterlstlcs 
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Sample Anneal Anneal 
Temperatures, Times 

"C 

% of total released at 
each temperature 

550 
650 
750 
850 

Li Zirconate 

-24 h 
-24 h 
-24 h 
-48 h 

550 -24 h 84.9 
850 -24 h 15.1 

42.4 
52.0 
5.0 
0.6 

_ _ _ _ _ _ ~ ~  

Li Oxide 850 only -17 h 100 

Li Silicate 850 only -3 days 100 

S4Mn, and 'j5Zn on all of the ceramic samples, indicating contamination from steel activation 
products. In addition, the gamma spectroscopy indicated a small amount of activity due to %b 
and '%I, '%ELI, and '"Eu in the oxide sample. For the zirconate sample, the activation was due 
mainly to the "Zr and "Nb species which would not be removed by any surface treatment, so 
dissolution was not attempted. 

The samples used for the dissolution tests were broken in pieces and each piece placed 
in a tared glass vial and weighed. The lithium oxide samples were dissolved in 5 ml of distilled 
water in closed screw cap vials to prevent escape of HTO vapor. The solutions were transferred 
to 25 ml volumetric flasks and diluted to the appropriate volume. Aliquots were taken for liquid 
scintillation counting. The lithium aluminate and lithium silicate samples would not dissolve 
completely. Triiium inventories were obtained by adding 10 ml of an acid solution ( approximately 
6 N "03 ), closing the vial and heating for about 6 hrs. The acid solution was decanted from the 
solid into a 100 ml volumetric flask and a second 10 ml of acid solution added. The procedure was 
repeated and the remaining solid washed with 10 ml of distilled water. The solid and vial were 
then dried and weighed to determine the amount of solid which had dissolved. 

During the dissolution there is the possibility that some HT may form. If this occurs, 
calculations indicate that due to the equilibrium between HT, H,, HTO and H,O only a small fraction 
(<<I%) of tritium will be expected to remain in the form of HT. Therefore, this procedure does not 
take any special precautions to collect tritium in the form of HT gas formed during the dissolution, 
such as oxidation followed by collection of the HTO formed. In addition, estimates of the HTO 
vapor pressure above the solution under the conditions of the dissolution (closed vial) are expected 
to lead to errors less than 1%. 

Results 
For the lithium aluminate sample, the first anneal was performed at 850C for 24 h where 
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Sample inventorydissolution Inventory -Anneals 

LiAIO, 2029 f 203 1659 f 116 MBq/g 

Li,SiO, 874 f 87 947 f 66 MBq/g 

the bulk of the tritium was released. A final anneal was performed at 850°C for 48 h. During the 
second 24 h period of this anneal an additional 0.1% of the tritium was released. For the lithium 
zirconate, one anneal was performed for 24 h at 550"C, followed by a second 24 h anneal at 850 
C. The majority of the tritium (84.9%) was released during the anneal at 550°C. For lithium oxide 
only one anneal at 850°C was performed. No additional release was observed after 17 h. For the 
lithium silicate, the sample was annealed at 850°C. After 48 h tritium was still being released, so 
the anneal was continued. After 72 h no additional release was observed. 

The tritium inventory values determined from the dissolutions and the anneals are 
tabulated in Table 111. The lithium oxide results have been corrected to give triiium per gram of 
Li,O prior to any hydrolysis of the sample. The amount of hydrolysis was determined by titration 
of the lithium oxide sample solutions. For lithium oxide, two moles of hydroxide would be formed 
for each mole of oxide upon dissolution, giving 0.067 moles hydroxidelgram of sample. If the 
sample was already hydrolyzed to lithium hydroxide there would be 0.042 moles hydroxide/gram 
of sample. 

Average 

1844 i 185 MBqIg 

91 1 f 37 MBq/g 

I 34.8i3.5 MBq/g I 36.2 i 2.6 MBq/g I 35.5 f 0.7 MBqIg I 

Titration of the solutions formed upon dissolution indicated a hydroxide concentration of 
0.041 moles/gram of sample. This corresponds with the concentration of lithium hydroxide of 0.042 
moles/g indicating that the lithium oxide samples had fully hydrolyzed prior to the analysis. Most 
likely this hydrolysis occurred during the handling and storage of the samples and not during the 
irradiation. Correcting the inventory to tritium/gram of lithium oxide increases the inventory from 
21.7 to 34.8 MBq/g Li,O for the dissolution tests and from 22.6 to 36.2 MBqlg Li,O for the anneal 
samples, assuming the same amount of hydrolysis occurred in each sample. The ternary ceramics 
are much less hygroscopic than lahium oxide, and are expected to have undergone only slight 
hydrolysis during handling and storage. In addition, if hydrolysis occurred the percentage of 
weight gained due to hydrolysis is much less than that for lithium oxide, so errors in determining 
the tritium per unit weight of sample are reduced. It is estimated that the errors in the inventories 
due to any hydrolysis of the ternary ceramics is less than 10%. 
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Discussion 

Overall performance 

The system Bekeramic appears stable at 550°C under irradiation. The lithium ceramics 
survived the irradiation intact without fractures. The ceramic disks were easily separated from the 
adjacent beryllium disks, with no macroscopic evidence for interactions between the ceramic and 
beryllium. SEM examinations indicated no changes in the ceramic microstructure at the Bekeramic 
interface, however some roughening of the Be surfaces was noted.[2],[5] The stability is probably 
due to the protective coating of Be0 which appears to be unaffected by irradiation damage at the 
fluence investigated. The tritium inventory increased in the order Ligr03< Li,O < Li,SiO,< LiAIO, 
These inventories were all within the range of values observed for in-pile tests where beryllium was 
absent, suggesting the beryllium has little or no effect on the tritium retention in the ceramic. 

Comparison of methods 

The tritium inventory in lithium oxide was determined by two separate methods, high 
temperature anneals and dissolution, at two daferent laboratories. The results are in excellent 
agreement, with differences of less than 5%. This indicates that all of the tritium was released 
during the high temperature anneals and that losses due to tritium in the gas phase (either as HT 
or HTO) for the dissolution method are insignificant. For the silicate, the agreement between the 
two methods is also very good. The greatest difference was found in the inventories determined 
for the aluminate samples, with a difference of about 20%. This difference is most likely due to 
the small amount of aluminate sample which dissolved ( 6 mg) and the inherent errors involved in 
the partial dissolution. 

Comparisons with other SlBELlUS determinations 

Inventory values determined for the oxide (35.5 MBq/g) and the silicate (910 MBq/g) are 
lower than those determined by Dienst et al. for SlBELlUS samples from the same capsules (70.5 
and 1219 MBq/g respectively) [5]. The differences in the inventories for the SlBELlUS samples 
does not appear to be attributable to any differences in the samples or irradiation environment. One 
might expect the position in the capsule to have an effect on the inventory. since there is an 
increasing tritium partial pressure as one m v e s  from the purge gas inlet where the tritium partial 
pressure is very low to the purge gas outlet where the tritium partial pressure is high. This has 
been proposed as the reason for the increase in tritium inventoly going from the purge inlet to the 
purge outlet observed for the BEATRIX thin-ring [6]. A similar gradient was observed in the 
CRITIC-I experiment [fl. If solubility was a main factor in determining tritium inventory, the samples 
analyzed by Dienst et al. located near the purge gas inlet would be expected to have a lower 
inventory than the samples analyzed in this work as they were positioned near the purge gas 
outlet. Also, the differences between the inventory values can not be attributed to reaction of the 
hygroscopic lithium oxide samples with water, as the values reported here have already been 
corrected and any hydrolysis experienced by Dienst's samples would increase the discrepancy. 

Comparisons with other in-pile tests 

The tritium inventory determined for the SlBELlUS lithium oxide sample of 35.5 MBqIg 
(0.096 wppm) is in agreement with the inventory determined in BEATRIX-II of 0.06 wppm for the 
portion of the solid (temperature gradient ) lithium oxide specimen in temperature regions 
calculated to be from 532 to 649" C IS,] and for the EXOTIC-2 lithium oxide of 0.05 wppm (at 590- 
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630°C) [e]. The agreement is exceptional if one uses the SlBELlUS inventory prior to correction 
for hydrolysis of 22.2 MBq/g (0.064 wppm). This raises the possibility that hydrolysis may have 
also occurred for the BEATRIX temperature gradient and EXOTIC-2 samples. The SlBELlUS 
inventory values are about a factor of two to six lower than the values reported for the BEATRIX-I1 
thin ring specimen of 0.23-0.61 wppm [SI, even though the average temperature in the thin ring at 
shutdown was 630°C. The value obtained by Dienst et al. (0.20 wppm)[5] is comparable to the 
value reported for the BEATRIX-II thin ring sample for the sample positioned at the bottom near 
the purge inlet (0.23 wppm),(6]. These inventories are less than those determined in CRITIC-1 of 
0.3 to 1 wppm [-/1 (at 600°C) and VOM-15H of 0.5-1 .O wppm at 740°C 191, which were under purge 
gases with lower hydrogen concentrations. The differences in tritium inventory for the experiments 
run under He + 0.1% H, do not correlate with differences in grain size. The reasons for the 
variations in inventory are not understood at this time. 

Comparisons of tritium inventory values for lithium aluminate samples shows an even larger 
variation. For the SlBELlUS lithium aluminate sample a tritium inventory of 1844 MBqlg (5.2 
wppm) was determined. In the TRIO experiment an inventory of 16.7 MBq/g was found (at 650°C, 
grain size 0.2 pm )[ lo] while in the EXOTIC-6 experiment the inventory ranged from 148 MQ/g 
(at 495 C) for the CEA prepared aluminate to 2405 MBq/g (at 485 C) for ENEA prepared material. 
Kwast [ l l ]  suggests the difference in inventory lor the EXOTIC aluminates is related to differences 
in grain size ( CEA aluminate grain size 0.4 Nm, ENEA aluminate grain size 1-10 pm). However, 
the SlBELlUS sample, although at slightly higher temperalure and with a grain size comparable 
to that 01 the CEA aluminate in EXOTIC, has an inventory comparable to the ENEA aluminate. This 
suggests another variable may be responsible for the difference in tritium inventory for the 
aluminate samples. The SlBELlUS generation rate is about seventy percent higher than in 
EXOTIC, so from a desorption release mechanism, the inventory values would be expected to be 
proportionately higher. However, this difference in generation rates does not account for the more 
than order of magnitude difference in the inventory values of similarly sized materials. 

For the lithium orthosilicate the tritium inventory values determined at the end-of-life are 
in good agreement; however, these values do not agree with the inventory determined from 
temperature transient tests. We determined an inventory of 910 MBqlg for the SlBELlUS lithium 
orthosilicate pellet. Dienst et al. [5 ] determined a slightly higher inventory of 1219 MBq/g for a 
second SlBELlUS lithium orthosilicate pellet and Kwast et al. reported an inventory of 1776 MBq/g 
at the end-of-life for lithium orthosilicate at 360 C in EXOTIC-6.[11 ] These values are higher than 
expected based on calculations from in-pile tritium release transients after temperature changes. 
In SlBELlUS the temperature transients indicate a tritium inventory of 442 MBq/g at 550°C ( 
residence time of 1 h)[12]. This suggests tritium inventories determined from temperature transient 
tests may substantially under predict tritium inventories. 

A tritium inventory of 7.84 MBqlg was determined for the SlBELlUS lithium zirconate from 
annealing studies. This is slightly greater than those determined by Kwast et al. of 2.96 MBq/g for 
CEA zirconate ( 1 pm grain diameter) and 7.03 MBq/g for ENEA zirconate, (2 pm grain diameter) 
at temperatures of 450 and 455 C. [ l l ]  The SlBELlUS zirconate was similar to the CEA zirconate 
used in EXOTIC, however the inventory is more comparable lo that for the larger ENEA zirconate. 
Again, the reasons for these variations is unknown. 

Conclusions 

Intimate contact between beryllium and lithium ceramics considered for tritium breeding 
materials appears to have no detrimental effects on the performance of the ceramics. Although 
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Ab initio calculations for hydrogen adsorption on lithium oxide surfaces - A. Sutjianto. S.W. Tam. L. 
Curtiss. and C.E. Johnson (Argonne National Laboratory) and R. Pandey (Michigan Technological 
University) 

OBJECTIVE 

The objective of this work was to investigate the hydrogen adsorption on the lithium oxide surfaces. The 
surfaces were described by using the so-called slab model; a finite number of atomic layers parallel to the 
exposed face. 

SUMMARY 

The study of hydrogen chemisorption on the (110) and (111 )  lithium oxide surfaces have been 
investigated by means of ab initio Hartree-Fock calculations. I n  general, for the n-layer slab (where n = 2 
and 3) of the neutral ( I  IO) and for the three-layer slab of the neutral (1 11) surfaces, there is no hydrogen 
chemisorption. The oxygen 2p band of the (1 IO) surface is stabilized by the presence of more stacking 
sequences of layers which prevents charge transfer to the hydrogen. In the case of a neutral (1 10) layer due to 
low coordination of the anion, there is hydrogen chemisorption in the form of OH- and Li+H-Li+ with the 
chemisorption energy of 0.93 eV. For the neutral ( I  11 j surface, there is no hydrogen chemisorption since 
the oxygen layer is screened by the cation layers hindering the charge transfer to the hydrogen. 

PROGRESS AND STATUS 

Introduction 

Lithium ceramics is one of the leading class of materials being considered as tritium breeders for fusion 
technology application. Hydrogen has been known to be able to enhance the release of tritium from lithium 
ceramics materials. This ‘accelerator’ role of hydrogen has been demonstrated in numerous in-pile 
experiments on tritium release l l-51. The enhancement effect is usually accomplished via the addition of 
hydrogen (typically at a level of around 0.1%) to the helium purge gas. Despite this positive benefit the use 
of hydrogen in this way is not without problems. Chief among them are the issues of tritium management 
via isotopic separation (due to the large hydrogenltritium ratio) and tritium containment (arising from the 
presence of reduced form of tritium and the potential permeation loss). 

In order to maximize the benefitniability ratio of hydrogen utilization to enhance tritium release one 
needs to gain an understanding of the mechanism through which hydrogen is able to accomplish this role. 
Increased understanding would also benefit the search for alternative ‘accelerator’ materials beside hydrogen. 
Therefore we have initiated a program to investigate the process of hydrogen adsorption onto lithium oxide 
surfaces. Concurrent to an experimental component using temperature programmed description technique we 
have also utilized the method of computer simulations to simulate the hydrogen adsorption process. This 
work reports the result of the computer simulation. 

&hd 

The technique that we have employed is the self-consistent-field Hartree-Fock linear-combination-atomic- 
orbitals (SCF-HF-LCAO) method modified to a crystalline environment. This is an ab inirio method 
meaning that it contains no ad hoc adjustable parameters. Instead of basing on molecular orbitals (MOs) 
crystal orbitals (COS) are used. These COS are defined (similar to the quantum molecular approach) as a 
linear-combination-of-atomic-orbitals (LCAO) but with the periodic environment of the crystal built in. 
This has the advantage of taking the extended nature of the crystalline materials into account. The 
CRYSTAL code (61 that we have utilized has adopted this CO approach. 
However, for some low symmetry configurations such as kinks and ledges on surface step structures it may 
not be practical to use the CRYSTAL approach. For these situations the GAUSSIAN code [7] which is 
based on a finite quantum cluster approach would be more suited to simulate these low symmetry 
configurations. Both approaches have been utilized in a complementary manner. The main emphasis to the 
present work is on hydrogen chemisorption processes on the terrace sites on L i 2 0  surfaces in which 
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CRYSTAL would be the principal tool utilized. 
One of the keys to a successful ab initio calculation is using a good basis set to represent the electronic 

structure of the species. In the case of the lithium oxide its bonding characteristic is strongly ionic. 
However the 0 2 -  being an unstable ion is actually stabilized by the surrounding cation (in our case Li) 
environment. In this situation the two extra electrons on the oxygen ion would induce a relaxation of the 
valence electrons. This particular consideration for 02- is necessary for any oxide that involves this oxygen 
ion in which the bonding is reasonably ionic. The effect is taken into account in  an optimized basis set 
designed for the oxygen ion in a L i20  environment. [8.9] Recent calculations on bulk crystalline L i z 0  
done by Dovesi [9] have indicated that the optimized basis set is able to give the lattice constant, bulk 
modulus and elastic constant in good agreement with experimental values. Table I listed the results of the 
calculations and the corresponding experimental data. We have therefore adopted this crystalline basis set [9] 
for all our subsequent calculations involving lithium oxide. For the hydrogen, we have used the basis set 
obtained by Dovesi [ I  I ]  where the calculated equilibrium Hartree-Fock bondlength of H2 of 0.738 A is in 
good agreement with its experimental value of 0.742 8, [I21 

Table 1. The energy and geometrical parameters from both Hartree-Fock calculations and 
experiment. 

Dovesi[9] Experiment 

Total energy (eV) -2447.920 

HF cohesive energy (eV) 7.864 

Lattice parameter (A) 4.57 

Bulk modulus (dyne 0 . 9 3 ~ 1 0 ~ ~  

* obtained with an atomic reference from thermochemical data [12] 

Results and discussion 

The geometrical and the electronic structures of the bulk, the surfaces of L i z 0  and the study of the 
chemisorption of H2 on the L i z 0  surfaces are discussed successively. 

The crvstalline and the electronic stmcture of L i s  

There has been a number of theoretical calculations and experiments [13-15] being done to understand the 
bulk properties of the crystalline Li20.  The crystalline structure of lithium oxide is in the anti-fluorite 
configuration with the space group Fm3m. The experimental lattice constant a. at T = 0 K is 4.573 A [I41 
obtained by extrapolating the a. versus T curve measured in the range of 293-1300 K. For the lattice 
constant of 4.573 A, the nearest Li-Li, 0-0 and Li-0 distances are 2.286, 3.224 and 1.980 A respectively. 

Fig.1 shows the density of states for the valence bands of the bulk L i 2 0  calculated using CRYSTAL. 
This figure identifies the order of the occupied bands of the lithium and oxygen respected to their energies. It 
also describes the number of states within an interval of energies between E and E+dE. The deepest band, 
not shown i n  the figure, at -555.910 eV, is the Is type core orbital from oxygen and it  is followed by the 
two bands, in the interval of -63.451 to -63.105 eV, which are attributed to the Is core orbital from both 
lithiums (Is Li). The band that characterized by 2s type orbital of oxygen (2s 0) is appeared in the interval 
of -31.231 to -30.810 eV and, finally, the highest bands are located between -13.554 to -10.025 eV are the 
p type orbitals of oxygen (2p 0). 
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Fig. I The Hnnrcc-Fock total density of slates of crystalline LhO. The bandwidths for Is Li 
and 2s 0. and 2p 0 arc 0.35 eV and 3.55 CV respectlvely. 

The Liz0  is an ionic material because of the following reasons: first. there is little overlap of the ionic 
charge distribution indicated by the small and negative (-0.01) bond population between the nearest Li-0  
neighbor which confirms the very limited presence of covalency. Secondly, as a consequence, the crystalline 
L i z 0  energy bands are well separated and no contribution of the lithium band to the uppermost valence band 
of oxygen (Fig.1, 2p 0). Finally, from a Mulliken analysis of the charge distribution, the net charge of 
oxygen is -1.94 e,  very close to the value of -2 e expected from ideal ionic bonding. 

The stabilitv of L i70  - crvstal surfaces 

The surface study was carried out by using the slab model available in  the CRYSTAL program; the 
semi-infinite crystal was simulated by a finite number of atomic layers parallel to the exposed face and 
reproducing the crystal geometry. 

There are three planes, namely, (100). ( I  IO) and ( 1  1 l), that will be discussed in this section. The (100) 
planes consist of alternating lithium layers and oxygen layers. The distance between the two layers is 1.143 
A.  Each layer of ( I  IO) planes is neutral where both lithium and oxygen are on the same plane. The layer 
separation is 1.617 A. The ( I  1 I )  planes, for the smallest neutral system. have two lithium layers and one 
oxygen layer. The distance between the lithium and the oxygen layers is 0.660 8, and the distance between 
the two adjacent lithium layers is 1.320 A. The stacking of the layers for these different surfaces are shown 
in  F i g 2  The neutral stacking unit of (loo), ( I  lOj and ( I  1 I )  planes, along the perpendicular to the planes, 
are two layers (one lithium layer, and one oxygen layer), one layer, and three layers (two lithium layers and 
one oxygen layer) respectively. 

Tasker [I61 classified the arrangements of the charged layen into three classes, depending on the stacking 
sequences of the charged planes as one moves into the bulk. The stacks of the (100) planes are charged and 
there is a dipole moment (m) perpendicular to the planes (Fig.2a). This creates a potential. called Madelung 
potential, where addition of an extra neutral unit of two planes to the (100) surface of the crystal will affect 
the energy of ions in the bulk of the crystal. As there are no cancellations and the potential does not 
diminish with distance from the top layer then the Madelung potential at an ion in the crystal contains 
contributions from all the planes out to the external (100) surface. The potential therefore never settles to 
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reliable inventory data are few in number so one has difficulty drawing lirm conclusions at this time, 
it appears that the triiium inventories in the ceramics are unaflected by contact with beryllium. 
Chemical interactions between the ceramics and the beryllium also appear to be negligible. The 
tritium inventories determined for the SIBELIUS lithium zirconate and lithium oxide samples were 
extremely low, at 7.8 MBq/g (0.02 wppm) and 35.5 MBqlg (0.096 wppm). While the inventory for 
the orthosilicate and aluminate are about two orders of magnitude higher, 910 and 1844 MBqlg ( 
2.6 and 5.2 wppm) they are still quite low and below levels which would cause safety or economic 
problems. 

FUTURE WORK 

Additional inventory data will be obtained for the lithium zirconate sample 
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Fig.2 Srac!&g sequence of planes in the a) (IW). b) ( I  IO) and c) ( I  11) directions. The 
nom-zero dipole moment. p, is shown perpendicular to planer ( I W  direction and ( I  I I )  

direction of stack terminated with anion plane (cji).  Dipole moment is zero in (I 11) 

direction for stack terminated with cation plane (c,i). M denotes the Li'and 0 is 01- 

its normal bulk value and the surface energy does not converge. Thus, i n  this discussion, the (100) surface 
can be easily ruled out since i t  is unstable. Unlike the (100) planes, the (110) layers are built up from a 
stack of neutral layers (Fig.2b). Both lithium and oxygen ions occur on each plane whose total charge is 
therefore zero. This means that the ( I  IO)  surface is stable since there is no dipole moment created by the 
layer and the addition of extra ( I  10) planes on the surface will have no effect to first order electrostatically 
on an ion in the bulk. Fig& shows the stacking sequence in the ( I  1 I )  . Based on the type of the surface 
layer, one can obtain the (1 1 1 )  layers in two different stackings, namely, the one which begins with the 
cation layer (Fig.2c (i)) where the system is stable since there is no dipole moment. The other which starts 
with the anion layer ( F i g . 2 ~  (ii)) where the dipole moment is not zero and causes the surface to be unstable. 

Fig.3 shows the convergency of the total energy per L i z 0  of the stable ( I  IO)  and ( I  11) surfaces as the 
number of layers increases. In the case of n = 3. 6, 9, ... for both ( I  I O )  and (1 1 I )  planes, their total energies 
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Table 2.  The Hartree-Fock surface energy SE(JrK2) for the ( I  10) and ( I  11) planes. 

Surface n SE(Jm-2) 

present work Lichanot et a1.[101 

( 1 1 1 )  

3 0.657 

6 0.680 

9 0.679 

12 0.679 

15 0.679 

0.785 

0.804 

0.804 

0.804 

0.804 

(110) 

2 1.410 1.630 

4 1.443 1.630 

6 1.443 1.630 

-24491 " " " " ' ' " ' " " " " ' " " " ' 
1 2 3 4 5 8 7 8 9 1 0 1 1 1 2 1 3 1 4 1 5 1 8  

Number 01 layers 

Fig3 The H m - F o c k  total energy (eVJ per Liz0 versus number of layers plot of both 

(110) and (111) planes. 

are very close to each other, A drastic change in the total energy per L i20  occurs from one to two (1  10) 
layers by about 1.74 eV due to the uncoordinated ions on the single layer. 

The surface energy (SE)[17] is defined as, 
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SE = ("Eb - En)/2, (1 )  

where the denominator 2 is given such that the surface energy is calculated respected to one surface only. n 
denotes the number of layers, in this case n = 1.2.3. ... for ( I  IO)  and n = 3, 6, 9. ... for (11 I ) .  Eb is the 
total energy of the bulk and En represents the total energy n-layer slab. The present calculated surface 
energies with the extended basis set [9] are about 15% and 1 I %  for ( I  1 1 )  and ( I  IO). respectively. lower than 
the surface energies calculated by Lichanot et al.[lO] In this work, the (111) surface energy is 0.7 J m 2  
lower than the (1 IO).  This is due to the fact that the (1  11) surface is the natural cleavage plane in the anti- 
fluorite structure. Although, the (1  1 1 )  surface is energetically more favorable, in reality, one expects that 
there is a mix of ( I  IO)  and ( I  11)  surfaces. 

The electronic charge density contour plot of the three-layer ( 1  IO)  slab is shown i n  Fig.4. The lack of 
covalency is observed with a clear charge separation between the nearest L i -0  neighbors. A similar ionic 
characteristic is observed for the ( I  1 I )  surface. 

~ 

Total Electronic Charge Density Contour 

Fig.4 Total electronic charge density map of the (1 IO) surface with 0.003 A inlewal from 
one isoeleclronic to tk "carest isoeleclronic. 

The studies of H7 chemisorption on f 110) and (1 11)  terraces 

The stability of crystal surface that has been discussed in the previous part of this section is very 
important for further investigation on the possibility of H2 chemisorption on these stable ( I  IO) and ( 1  11)  
terraces, Terraces are atomically flat planes on a crystalline surface. Terraces may terminate at structures 
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called steps. 
Fig.5 and Fig.6 show a part of the extended top layer of the ( 1  IO)  terrace and the projection of the three 

(1 1 I )  layers. To study the H2 chemisorption on the surfaces, each atom of the hydrogen molecule is 
inserted to the locations of the interested sites within the unit-cell. The adsorption locations (denoted by I ,  
2,  3 and 4) of the hydrogen atom being considered are also shown in these figures. Thus, the configurations 
of the hydrogen mtrlecule are H( I JH(2). H(I)H(3) and H(l  JH(4), where, for example, H( I)H(2) means that. 
at location I ,  one of the hydrogen atom is on top of the oxygen and the other hydrogen is on top of 
lithium. at location 2. similarly for the other configurations. For each given adsorption location, the 
calculations were done for one, two and three (110) layers and three (111) layers. The height of the 
hydrogens were optimized respected to the given locations on the surface to obtain the lowest total energy. 
Different surface coverages of 100% and 50% were also considered for the n-layer slab (where n = 2 and 3) 
for ( I  IO)  surface and for three-layer ( I  1 1 )  surface. The 100% surface coverage means that within each uni t  
cell of the slab there is a hydrogen molecule. For 50% surface coverage, a hydrogen molecule is within each 
repeated cell that is two times larger than the original unit cell. 

Fig.5.The gcomeuy ofthe two ( I  IO) planes. The unit-cell is defined by basis ~cctors at= 
(3.23.0.0.0.0) A and a2 = (0.0.4.57) A. Along the perpendicular direction to the planer. 
the stacking sequence is obtained by repeating these two 1ayers.The locations of the 
strectched hydrogens are reprerenrcd by 1.2.3 and 4. 

The binding energy (BE) of the hydrogen at each given location on each different number of layers is 
calculated by employing the following equation, 

BE = [E"+E(Hz)]- En(H2), ( 2 )  

where the first two term denotes the total energies of an n-layer slab, E". and that of the adsorbent , E(H2). 
Respectively the third term represents the total energy of the hydrogen at the given locations. The 
convention for (2) is as follows: if BE is a positive value then the system is bound otherwise the system is 
unbound. The location of the stretched hydrogen which gives the largest value of the binding energy is 
where the chemisorption occurs. Table 3 lists the calculated binding energies at the given locations (Fig.5 
and Fig.6) for the ( I  IO)  and ( 1  1 1 )  terraces. 
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Table 3 The calculated Hartree-Fock LCAO-CO bondlengths d (A) of the stretched H2, located 
above the (1  IO) and (1 1 I )  surfaces (figs.5 and 6), and the binding energies BE(eV) for n = I ,  2, 
and 3 layers obtained from CRYSTAL. 

Surface n Locations d(0H) d(LiH) d(H-H) BE* 
of H 

0.96 1.54 

0.96 1.59 

0.96 2.04 

0.98 1.57 
(0.97) (I .57) 

0.96 1.69 
(0.96) (I .73) 

0.96 2.20 
(0.96) (2.21) 

0.97 1.57 
(0.97) (1.58) 

0.96 1.65 
(0.96) (I .72) 

0.96 2.18 
(0.96) (2.21) 

1 . 1  I .48 
(1 .O) (1.55) 
L1.01 [ 1.701 

1 .o 1.60 
(1 .O) ( I  .60) 
[I .Ol [ 1.651 

1 .o 2.22 
(1.0) (2.25) 
[ I .OI  [2.33] 

2.06 -0.94 

2.08 + 0 . 9 3  

2.33 +0.64 

2.07 -1.71 
(2.07) (-2.27) 

2.89 -0.57 
(2.90) (-1.02) 

(2.60) (-1.43) 
2.60 -0.86 

2.07 -1.54 
(2.07) (- 1.82) 

2.88 -0.33 
(2.90) (-0.79) 

2.59 -0.61 
(2.61) (-1 .OS) 

2.14 -3.65 
(2.17) (-2.96) 
r2.311 [-2.701 

2.77 -3.24 
(2.77) (-2.24) 
[2.80] [- 1.951 

I .27 -2.73 

[1.41] [-I ,741 
(1.30) (-2. 10) 

* The calculated binding energies are listed for various surface coverages: the 25% ( represented by 
the data in the square bracket), 50% defined by the data in the bracket and 100% for the data with 

no bracket. 
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Fig.7 The Haruee-Fock density of stales of one-layer (1 10) surface. The total density of 
statcs of the surfacc is represenled by the light CUNCS. The told density of slates of the 
chcmisorped hydmgcn on the surface is illustrated by the bold curves. 

Although a one-layer ( I  IO)  surface is not a realistic model for a surface, the characteristic of this 
configuration could be used as a reference to understand the role of the lower coordination number of lithium 
and oxygen in the hydrogen chemisorption processes. On the monolayer ( 1  IO) structure with 100% surface 
coverage of H2. there is chemisorption state with the energy of 0.93 eV at the location where one hydrogen 
attaches to the oxygen and the other hydrogen is attached in-between two l i th ium (FigS(ii)). Fig.7 
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illustrates successively the density of states of the situations on the surface before and after chemisorption 
The particular interest is that the 2p 0 is split. This process indicates that the oxygen plays a major role in 
transferring some of its valence electron to the hydrogen to form H-. The H- bands are indicated by the two 
bands appeared between the gaps of the 2s 0 and 2p 0. From a Mulliken analysis, the resulting H- is due to 
charge transfers of about -0.75 e from the oxygen site and of -0.22 e of intramolecular charge transfer within 
the H2 as it approached the Li-0  site. It seems that as the hydrogen approaches the L i -0  site, there is an 
initiation of the hydrogen molecule to stretch with charge transfer within the hydrogen molecule itself due 
to the crystal field arising from the influence of the local Li-0 sites. There is a gap of 2.5 eV between the 
upper limit valence band of H- and the lower limit of the 2p 0. The other band that is close to the 2s 0 is 
the core electron band of the hydrogen which causes the 2s band to be shifted about 4.5 eV further down. 
There is no significant change on the lithium core band. The other hydrogen, H+, that makes bond to the 
oxygen has no band because there is no electron left. The electronic charge densities of the OH- and Li+H- 
Li+ are shown in Fig.8 and Fig.9. A covalent type of bonding appears for OH- with a very localized 
electronic charge density, while for Li+H-Li+ the bonding is more ionic with a distinctive clear-cut charge 
separation between Li+ and H-. The OH and LiH bondlen ths are 0 96 and 1.54 8, successively which are 
closely comparable with the OH (0.97 8,) and LiH (1.595 f )  [I21 in ;he gas phase 

Total  Electronic C h a ~ g e  Density Contour 

Fig.8 The loid elccrronic charge density map of OH bond on ulc one ( I  IO) layer. The 
figure shows strong covalent type of OH- bond. The interval between the n e m s l  

isoelec~mnic conloun is 0.003 A. 

The surfaces of (1  10) with the n-layer slab ( where n = 2 and 3) do not allow the H2 to be chemisorped. 
The density of states of the 2p 0 of the (110) surface in the one, two, and three layer system (Fig.10) 
indicate that the 2p 0 is shifted downward (more negative) as additional layers are introduced. For example, 
in the case of two and three layers, the shifts are about 2 and 2.6 eV, successively, with respect to the upper 
limit 2p 0 of the monolayer. This means that as more layers are introduced to the surface the more stable 
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Total Electronic Charge Density Contour 

Fig.9 The total electronic charge density map of the ionic bonding of Li+H-Li+ with 
0.W3 A interval between the nearest isoelectronic contours. 
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Fig. 10 Schematic diagram ofthc total charge density of 2p 0 far the one-, two- and three- 

layer slab of the ( i  io )  surfacer. 
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the surface becomes. This is as expected. For lower surface coverage (50%) there is no chemisorption and 
based on its calculated binding energy is highly unbound (Table 3). 

For the ( I  11) surface, the 2p 0 lies i n  the range close to the 2p 0 of one-layer slab for the ( I  IO) .  at 
-10.638 to -8.086 eV. However, there is no hydrogen chemisorption on that surface, namely the (1 11). One 
important reason is the location of the oxygen layer which is sandwiched between the two cation layers. 
The oxygen is screened by the lithium layers and as a result the H+ finds it energetically unfavorable to 
move close to the positively charged Li+ layer before i t  can he chemisorped by the 02- .  

Calculations on the homolytic sites of the terrace, such as. Li-Li and 0-0, indicate that there is no H2 
chemisorption. As it has been discussed previously, for the case of (1 IO) represented by n-layer slab ( where 
n = 2 and 3 ) ,  there is no chemisorption on 0-0 site since the 2p 0 surface is stabilized in the presence of 
additional layers (Fig.10) such that the oxygen is difficult transferring charge to the hydrogen. The 
chemisorption on Li-Li site is very unlikely to occur since the Is Li is the stable core band. Far H2 
chemisorption could take place on the homolytic sites, it has to be in the form of either two H+ or two H- 
where each of them attaches to two oxygens or to two lithiums. respectively. This means that for the case 
of 0-0 site each oxygen has to release its valence electron, or each hydrogen also releases its electron to the 
crystal environment. For the Li-Li site, each hydrogen would need to capture an electron from oxygen to 
form H-. 

Table 4 The calculated Harlree-Fock LCAO-MO bondlengths d (A) of the stretched H2, located 
above the (I IO) and (1 1 I )  surfaces (figs.5 and 6), and the binding energies BE(eV) obtained from 
GAUSSIAN. 

Surface Clusters Locations d(OH) d(LiH) d(H-H) BE 
o f H  

0.97 I .73 

0.96 1.72 

0.96 2.28 

0.97 1.75 

0.96 1.74 

0.96 2.28 

1 .o 1.90 

1 .o 2.30 

1 .o 2.28 

2.12 -2.13 

2.82 -1.44 

2.29 -2.11 

2.13 -1.91 

2.90 -1.50 

2.29 -1.96 

2.43 -1.60 

2.56 -2.23 

I .56 -1.0 

trepresenting the finite two (1  10) layers. 
ttrepresenting the finite three (1 10) layers by adding the two ( I  10) layers with its first layer denoted by the 
shaded circles (fig.5). 
tttrepresenting the finite three ( I  1 I )  layers. 
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Such phenomena does not occur for this material under equilibrium conditions since i t  would require 
transferring electrons into the surrounding crystal environment.This is equivalent to creation of electronic 
defects, (for example neutral Li). The surface band structure that we have obtained indicate that electronic 
disorder is energetically unfavorable. It may occur under certilin condition such as by irradiation where it 
may create electronic structure defects on the crystal surface. Thus, under equilibrium condition one expects 
no homolytic chemisorption. 

To investigate chemisorption of a hydrogen molecule on the terrace (no absorbent-absorbent 
interactions), the finite neutral clusters model were employed. The calculations were done by employing the 
GAUSSIAN program [7] and the same basis set for both lithium and oxygen as they were used for the 
extended system. Care is taken to construct a cluster in which the reaction sites has the correct environment 
to at least first nearest neighbors in both the cation and anion species. At the same time enough ions are 
included to render the cluster neutral. The geometrical structure of the clusters representing the (I 10) and 
( I  1 I )  terraces are shown i n  Fig.5 and Fig.6 respectively. The Li-Li, L i -0  and 0-0 distances are maintained 
the same as the value on crystal surface. At present work, the L iz201  I cluster (Fig.5) is defined to 
represent the two layer ( I  IO)  terrace, and for the three layers, the Li32016 cluster is obtained by adding the 
first layer (defined by the shaded circles, Fig.5) to the Li22011 cluster. The three (111) layers are 
represented by Lit 809  cluster. The calculated data of the given locations of the hydrogen molecule is listed 
i n  Table 4. 

The corresponding calculated binding energies (at the given locations of the hydrogen) obtained from the 
slab and the cluster models (Table 3 and Table 4, respectively) indicate that there is no~hydrogen 
chemisorption. In both tables show that the OH bondlength is relatively the same of about 0.96 A obtained 
from both models. 

Conclusions 

The study of the hydrogen chemisorption on the ( I  IO)  and ( I  I I )  terraces have been calculated primarily 
using molecular orbital technique. The finite and extended models provide qualitative agreement that, in 
general. there is no hydrogen chemisorption on the terrace. In  the case of (1 10) terraces of n-layer slab 
model calculations (where n = 2 and 3 ) .  the chemisorption does not occur for Li-Li, Li-0  and 0-0 sites due 
to the stable 2p 0 on the surface such that the oxygen is difficult to transfer charge to the hydrogen. The 
chemisorption takes place for the case of one-layer ( 1  10) surface around the L i -0  site due to the low 
coordination of the oxygen. The intramolecular charge transfer in hydrogen plays important to initiate the 
chemisorption. The one ( I  IO)  layer model could be use to further understand in any lower coordination case 
due to the presence of kinks and ledges on surface step structure. 

Although the oxygen of (1 11)  terrace has the same local coordination and similar energy range of 2p 0 
as i t  does in the ( I  IO)  terrace. there is no hydrogen chemisorption.The oxygen layer is screened by the 
lithium layers preventing the hydrogen chemisorption to occur. 

FUTURE WORK 

Further investigations on the hydrogen chemisorption on the defect surfaces such as steps and kinks will 
be considered. For the steps, the investigations will be done by using both the Hartree-Fock techniques for 
the extended and finite systems. The kinks will be studied by employing the molecular Hartree-Fock 
method. 
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IRRADIATION OF LITHIUM ZIRCONATE PEBBLE-BED IN BEATRM-11, PHASE 11 - 
R. A. Verrall’, 0. D. Slagle2, G. W. HoIlenber2, T. Kurasawa3, and J. D. Sullivan’ 

AECL Research, Chalk River Laboratories, Chalk River, Ontario, KOJ lJ0, 
Canada 
Pacific Northwest Laboratory(=), Richland, Washington 99352, USA 
Japan Atomic Energy Research Institute, Tokai-mura, Ibaraki-ken, Japan 

OBJECTIVE 

The objective of the BEATRIX-11, Phase I1 temperature-gradient canister irradiation was to 
characterize the tritium release behavior and the physical stability of a Li,ZrO, pebble-bed in a 
fast neutron flux. 

SUMMARY 

BEATRIX-I1 was an in situ tritium recovery experiment that was designed to characterize the 
behavior of lithium ceramics irradiated to a high burnup, and to assess their suitability for use in a 
fusion reactor blanket. This paper describes the results from a vented canister containing lithium 
enriched lithium zirconate spheres (85% 6Li) that were irradiated to a burnup of 5.2% (total 
lithium) in a steep temperature profile--400”C edge, 1100°C center. The reference sweep gas was 
He-0.1%H2, with systematic tests using alternate compositions: He-0.01%H2 and pure He 
(maximum duration 8 days). Tritium recovery decreased slightly at lower H2 concentrations. For 
example, the buildup of inventory during a 4day test in pure He was 0.8 Ci which was 
approximately 6.5% of the tritium generated in the lithium zirconate during that period. The 
steadiness of the bed central temperature and the high tritium release rate, together with low 
moisture release rate, indicate good performance of the zirconate bed. 

PROGRESS AND STATUS 

Introduction 

The BEATRM-I1 experiment, a joint US., Japan, and Canada collaboration, was an irradiation of 
lithium ceramic breeding materials in a fast flux neutron reactor to simulate the environment of a 
fusion blanket. Phase I1 consisted of two swept, vented canisters, containing lithium ofide and 
lithium zirconate, and a number of closed canisters, all irradiated in FFTF (Fast Flux Test 
Facility). The vented canisters were irradiated to burnups of 5.2% (total lithium) for the lithium 
zirconate and 4.8% for the Li20. The irradiation of the vented canister of lithium zirconate is 
described here. 

The lithium zirconate was in the form of a pebble bed; i.e., 1.2 mm diameter spheres’ filling an 
annular volume 13.2 mm OD, 2.3 mm ID (as a thermocouple well) and 103 mm long. The 
objective was to evaluate the in situ recovery of tritium and the physical, chemical, and mechanical 
performance of the lithium zirconate. The tritium and moisture concentration in the sweep gas 

(a) Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle 
Memorial Institute under Contract DE-ACM-76RLO 1830. 
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Sphere density 

Sphere packing density 
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and the temperature of the lithium zirconate were monitored continuously. The dimensions of the 
lithium zirconate region were chosen to provide a large temperature difference (and temperature 
gradient) in the sample, thus providing enbeering data for a blanket. The surface and central 
temperatures were 400°C and 11oo"C, respectively, chosen to exceed temperatures and 
temperature gradients that would be expected in a solid breeder blanket. Accommodations for 
temperature-change tests were deliberately not designed into the canister. 

The main results from this irradiation were obtained from the continuous monitoring of the 
zirconate temperature and the tritium concentrations in the sweep gas downstream from the 
canister. The reference sweep gas was 0.1% H, in He, but tests with 0.01%H2 in He and pure He 
provided information on the dependence of the tritium release on sweep gas composition. 
Important further results will be obtained when post-irradiation examination (PIE) is done in 1994 
to evaluate the condition of the irradiated lithium zirconate. Indications are that the lithium 
zirconate performed very well in the fast-neutron f l q  and that tritium inventory was never large, 
but that it increased slowly when concentrations of H, lower than 0.1% were used. These 
conclusions are supported generally by lower burnup experiments on tritium release from lithium 
zirconate?-' 

i n  WI 

1.2 mm average 

85 at% 

82% TD 

63% 

52 %TD 

Emerimental 

Total Weight 

The canister was irradiated in level 2 (below the mid-plane) of the Materials Open Test Assembly 
(MOTA) of FlTF during operational cycle 12. The irradiation consisted of four 50-day subcycles 
for a total of 203 effective full-power days. The nominal fast-neutron fluence (E>0.1 MeV) at this 
position was 4 . 5 ~ 1 0 ~  n/cm2. Table 1 gives measured characteristics of the lithium zirconate 
spheres. The zirconate spheres were prepared by a process of wet extrusion followed by 
spheronizing and sintering.' The process had been developed previously and it was designed to 
permit easy scale-up for large-quantity production. 

29.47 g 

Table 1. Sphere and Pebble-Bed Characteristics 

11 Outer diameter I 1.32 cm II 
11 Inner diameter I n . z c m  II 
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Figure 1 is a schematic diagram of the irradiation canister. A detailed description has been 
published elsewhere? The canister was made primarily from stainless steel. Nickel screens at the 
top and bottom served to contain the spheres and to permit passage of sweep gas. The central- 
thermocouple well accommodated two thermocouples: one a standard type-K thermocouple and 
the other a Nb-l%Zr/Mo thermocouple, designed and constructed at Westinghouse Hanford 
Company. This latter thermocouple was thought to provide a longer lifetime in-reactor at 
temperatures of 1WO"C. Advance mockup tests showed that the central hole would not decrease 
the density of spheres in the bed. The actual packing density obtained was 63%. The Lithium 
zirconate spheres were vibration packed into the canister and vacuum outgassed while heating to 
600°C. Argon backfills were carried out at 3GU"C and 500°C. The tritium analysis and recovery 
system has been described previously? 

SST Capsule with 
Permeation Barrier 

LI,ZrO, Sphere Bed 

External Thermocouple 

ternal Thermocouple (2) 
-22 Fie Sheath 

Capsule 
Bottom 39008080.1 

Fig. 1. Schematic Diagram of the BFATRIX-11, Phase I1 Temperature-Gradient Canister 

Results and Discussion 

Temoeratures - Figure 2 is a plot of the readings from the two central thermocouples for 
the four irradiation cydes. The measured central temperatures of approximately 1100°C were 
unexpectedly close to the pretest calculated values of 1O30-116O0C, given the uncertainties in bed 
thermal conductivities, heat generation, and irradiation effects. The difference in temperatures 
between the two thermocouples is attributed to the axial flux gradient in the sample. The gradual 
decrease in temperature during each cycle was due to burnup of the fuel and a decreasing flux at 
this position in the reactor. Similar thermal behavior was also observed in a the Phase I 
irradiation of LizO and this behavior was interpreted as an indicator of stable performance. 
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When switching from the reference sweep gas to pure He, all tests showed a sharp 
transient drop in tritium recovery rate, followed by a return to a new steady-state rate, 
slightly lower than in the reference gas. 

AU exhibited a double peak upon reintroduction of the reference sweep gas, and a return 
to the same steady-state recovery as before the test. 

The integrated areas under the peaks, and the peak heights increased with the duration in 
the He sweep gas. 

The double peak was thought to be due to a rapid HT peak and a slower HTO peak. The rapidity 
of the HT peak may reflect the kinetics of release from the ceramic or a more rapid transit 
through the piping to the ionization chamber, due possibly to an "open-tube chromatographic" 
effect of the HTO gas. That is, the HTO continuously adsorbs and desorbs from the walls as it 
moves through the piping while the HT is less reactive with the walls. 

The tritium recovery rate was approximately constant, i.e., steady state recovery, after only a few 
hours in the He sweep gas at a value that was apparently slightly lower than in reference sweep 
gas. This implies a steady buildup of tritium with time in He. The relative steady-state recovery 
rates in the alternate sweep gases have an uncertainty of 5-10% because the relative ionization- 
chamber calibration factors for the alternate gases are not known to within that uncertainty. 
Despite this uncertainty, the tritium recovery rate in He is measurable lower than the steady-state 
recovery rate in reference gas. Evidence is provided by the large recovery peak at the 
reintroduction of the reference sweep gas, which is a clear indication of inventory buildup in the 
He sweep gas due to a lower recovery rate in He. 

Test Series I1 - Test Series I1 was a comparison of the tritium recovery for 4 days in He- 
0.01%H2 versus 4 days in He sweep gases. The tritium recovery curves are given in Figure 4. The 
steady-state recovery in He-0.01%H2 gas is appears to be approximately equal to that in He, but 
the smaller recovery peak for He-0.01%H2 upon reintroduction of the reference gas is a clear 
indication that the inventory buildup in He-0.01%H2 gas was less than in He. This suggests that 
the recovery rate for He may be slightly less than that for He-0.01% H,. 

Test Series I11 - Test series I11 involved the gas composition sequence of 4 days in He 
followed by 2 days in He-0.01%H2. The tritium recovery curves indicated a u)% reduction of 
recovery rate in He gas followed by a recovery rate in He-0.01%H2 gas which was only 8% less 
than the reference gas. Upon re-introduction of reference gas, the recovely rate returned to its 
original value. 

Observations are consistent with a tritium release rate that decreases with decreasing H2 
concentration in the He sweep gas. We have assumed that, in the reference gas, tritium is released 
and recovered at or near the generation rate in the ceramic. Residual tritium inventory 
measurements from postirradiation examination (PIE) will test this. PIE measurements on Phase I 
Li20 showed no large tritium inventory buildup' which is consistent with a similar interpretation as 
this one. 
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Fig. 2. Central Temperature Readings from Two Thermocouples 
for the Four Irradiation Cycles. 

Moisture Release - During the initial reactor startup at the beginning of the experiment, a 
2400 ppm spike in the sweep gas moisture concentration was observed. However, the moisture 
concentration had decreased to less than 1% of that value after 1 Effcctive Full Power Day 
(EFPD) of operation. After 7 EFPD, the readmg was less than 0.02 ppm (nominal), well below 
the instrument's limit of resolution. Because sweep gas had been flowing for several days before 
reactor startup to dry all system components, we believe the moisture release during startu 
emanated from the ceramic. This spike is much smaller than that at startup in CRITIC-11, 
another vented canister irradiation of lithium zirconate in which loading was done in air with 
predrying done at 200°C. The source for this moisture may be residual (OH)-' in the ceramic 
remaining after dryout. For the rest of the BEATRIX irradiation, the release of moisture was 
extremely low, the moisture meter output indicating a few parts per billion, but this is below its 
l i i i t  of resolution. During sweep gas composition changes that involved increased H, 
concentrations, small apparent peaks of moisture were recorded; but the indicated levels were less 
than 0.05 ppm. These small peaks in moisture release were consistently observed during sweep gas 
composition changes and coincided with a rise in both total tritium rclease and tritiated water 
release. Although the absolute accuracy of standard moisture meters does not extend to these low 
levels, these peaks probably indicated real release of moisture. The source for this moisture may 
be oxygen, freed by lithium burnup, which combines with hydrogen in the sweep gas. Calculations 
show the burnup rate of lithium is sufficient to account for this moisture. Low moisture release 
was a notable feature of the Li2Zr0, test. 
BEATRIXII Phase I and Phase I1 tests, but not as low as Li,ZrO,. 

P 

Li,O also released low levels of moisture in the 
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Tritium Release - Systematic changes in the sweep gas composition were made to 
determine the effect of composition on tritium release. The results from three series of tests are 
described here. All test series started and ended with the reference gas (He-0.1% Hz). In Test 
Series I, the composition was switched to He for varying lengths of time. Periods of 2, 4, and 8 
days in He were used. In Test Series 11, 4 days in pure He were compared to 4 days in He- 
0.01%H,. In Test Series 111, 4 days in He were followed by 2 days in He-O.01%H2 Sweep gas 
flow rate was fixed at 100 ml/min throughout. 

The tritium recovery rate was constant and in agreement with the calculated generation rate except 
when sweep gas composition changes were made. The tritium was recovered primarily in the 
reduced form (HT). The rest of this section describes the results of sweep gas composition 
changes on the tritium recovery rate and, therefore, on the tritium inventory in the ceramic. 
Observed changes in tritium recovery rate could potentially be due to inventory changes elsewhere 
in the system (e.g., the piping); however, laboratory tests at AECL have shown that changes in 
inventory on piping do not readily occur from changes in H2 concentration in the sweep gas. 
Moisture additions to the sweep gas are required to effect sizable inventory changes on the piping. 
For this reason the observcd tritium recovery data can be expected to reflect the tritium release 
from the Li,ZrO, spheres. All tritium recovery data have been corrected for the effect of sweep 
gas composition on ionization chamber calibrations and for background buildup, as described in 
section 3.5. 

Test Series I - Test series I compared the tritium recovcry behavior for 2, 4, and 8 days 
in pure He. The results are shown in Figure 3 and indicate: 

-120 I - 
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Fig. 3. Superposition of the results of three tests in He for 2, 4, and 8 days 
in He sweep gas, preceded and followed by He-0.5%H2 
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Fig. 5. Superposition of the Results of Two Tests, Both Using He 
Sweep Gas for 4 Days. One is for the BEATRIX-I1 Phase I1 
Lithium Zirconate and One is for BFATRN-I1 Phase I Li,O. 
The Tritium Recovery Rate Axis is Normalized to the Generation 
Rates for the Two Materials. 

During this experiment, grab samples of sweep gas containing tritium were systematically taken 
and analyzed for tritium content, to check the calibration of the ionization chambers in the analysis 
stream. These tests confirmed that there were different calibration factors for different sweep 
gases." Laboratory measurementslO'll and the grab sampler calibrations gave approximately the 
same values: increases in the calibration constant by factors of 1.3 and 1.1 for He-0.1%H2 and He- 
O.Ol%H, over that for pure He. These factors were used to correct all data presented here. 

During the experiment, background readings tended to increase in the ionization chambers; is., 
tritium became sorbed on the walls of the chamber and gave a nonzero tritium reading even when 
no tritium was present in the sweep gas. When FFTF was shut down and the sweep gas contained 
no tritium, the value of the background could be determined. Also, on occasion, a non-tritiated 
gas was substituted for the sweep gas passing through the ionization chamber to determine the 
background. These background values along with others were established by comparing the tritium 
recovery rates in the reference sweep gas with the calculated generation rates and were used to 
correct the data presented here. These methods have previously been described more 
comp~ete~y." 
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Conclusions 

The lithium zirconate pebble-bed performed very well to the terminal burnup of 5.2% total Li 
The observations that led to this conclusion are: 

Steady tritium release in the reference sweep gas (He-0.1% H2) throughout the 
experiment. 

Steady centerline tcmperature, as measured by two central thermocouples, throughout the 
irradiation. 

Extremely low moisture release 

The steady-state tritium release from the Li2Zr03 spheres decreased with decreasing H2 
concentration in the He sweep gas for the three swcep gas compositions used 0, 0.01% and 0.1% 
The effect of gas composition on tritium release was less for the Phase I1 Li2Zr0, spheres than 
observed for the Li20 solid in BEATRIX-I1 Phase I. 

FUTURE WORK 

Postirradiation examination of the Phase I1 temperature-gradient canister will be carried out to 
characterize the tritium retention and physical stability of the Li2Zr03 spheres during irradiation. 
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FATIGUE CRACK GROWTH RATE (FCGR) BEHAVIOR OF NICALON/SiC COMPOSITES - 
N. Miriyala, P. K. Liaw and C. I. McHargue (University of Tennessee). L. L. Snead (Oak Ridge National 
Laboratory), and D. K. Hsu and V. K. Said (Iowa State University). 

To develop a basic understanding of fatigue nack growth CharaCtaiStics of NicalodSiC composites in both 
madmted as well as non-irradiated conditions. . .  

SUMMARY 

Ultrasonic measurements were canied out on the NicalodSiC composite specimens to correlate elastic 
moduli with percentage porosity in the in-plane as well as through-thickness directions. Compact type 
C(T) specimens were cyclically loaded to study the fatigue crack growth behavior. However, it was 
difficult to initiate the crack in the specimens. 

PROGRESS AND STATUS 

InCroductjon 

The development of toughened ceramics over the past few years is arguably one of the most important 
material design breakthroughs of recent 1imes.l Using techniques on fundamental understanding of 
phenomena, such as in-situ phase transformation, fiber bridging, ductile particle toughening and so forth, 
monolithic and composite ceramic materials have been processed with fracture toughness in many cases up 
to an order of magnitude higher than those available about two decades ago. Although ceramics can now be 
considered seriously for many potential structural applications, they can, contrary to popular belief, be 
susceptible to degradation under cyclic fatigue loading, even when such loading is fully compressive. In 
view of the importance of cyclic loading in many structural applications, the topic of "fatigue in ceramics" 
has received considerable attention of researchers. However, since the field is still in its infancy, 
understanding of salient mechanisms has not been achieved and the design of microstructures for optimum 
fatigue mistance  ha^ yet to be attempted.1 

There are only a very few reports in literature concerning the fatigue and fracture behavior of NicalodSiC 
composites. Also, standard methods for fatigue crack growth testing of ceramic matrix composites have 
yet to be developed. In view of the above, it has been decided to study the fatigue crack propagation 
behavior of Nicalon/SiC composites processed by the Forced Chemical Vapor Infiltration (FCVI) 
technique, using the ASTM standard E 647-92 for the measurement of fatigue crack growth rate in metallic 
materials. 

NicalodSiC composites processed by FCVI technique have a fabric lay-up of [0-30/30-120/60-1501n. 
Metallographic examination of a few composite specimens was carried out to examine the type and 
distribution of porosity in the samples. Planar and cross-sectional views of a composite specimen are 
shown in Fig. 1. It can be. seen from Fig. 1 that there are two major types of porosity in the NicalodSiC 
composites, viz. porosity between the fiber tows (Figure la) and interlaminar porosity (Fig. lb). The 
composite is highly anisotropic and. hence, it can be expected that the mechanical properties of the 
Nicalon/SiC composites will vary significantly along the in-plane and through-thickness directions. 

Compliance measmen tS  are widely used to measure the crack length as well as characterize the near crack 
tip field phenomena. However, the elastic modulus of each sample has to be known to permit the use of 
the technique. In view of the variation in density values and consequently moduli values from specimen to 
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specimen. which is inherent from the manufacturing process, and also to develop an indirect method for 
measuring the moduli values, ultrasonic measurements have been carried out on the specimens. 

~ a s e d  on acoustic wave the0~,*.3 the elastic moduIus (E) can be expressed as a function of ultrasonic 
velocity as 

E = p *  vs2(3V: -4Vs2) 
vr.z - v,2 - 

Where r = density of the material, 
Vs = shear velocity , and 

VL = longitudinal velocity 

Longitudinal waves were used to cany ont the ultrasonic measurements. The longitudinal modulus(C) is 
related to the longitudinal velocity as 

c = pv; 
The longitudinal modulus is not the same as elastic modulus. It is called "elastic stiffness constant" or 
"longitudinal modulus of ela~tici ty."~.~ To calculate the elastic moduli, it is necessary to make ultrasonic 
measurements using shear waves. However. it was difficult to make the shear velocity measuremen& due 
to the porous nature of the samples. 

Ultrasonic measurement?, were performed by dry coupling to avoid contamination by couplanr A "pulse- 
echo overlap method" was used to measure the wave velocities. A schematic of the experimental set up is 
shown in Fig. 2. The reference signal is obtained by passing ultrasonic waves through a reference test 
system comprised of a rubber sheet and a fused quartz piece. The test sample is then placed between the 
transmitting transducer and the rubber sheet reference test system and ultrasonic waves are passed through 
the setup. The signals are received by the receiving transducer and captured by an oscilloscope. The signal 
peaks from the reference and test samples, with and without the sample in the reference system, are matched 
as closely as possible, and from the phase shift between the two the time &en by the ultrasonic waves to 
travel through the sample is measured. The thickness of the sample divided by the lime taken for the 
ultrasonic waves to pass through the sample is taken as the ultrasonic velocity through the sample. Since 
the two signals are matched as closely as possible (i.e. overlapped), this technique is referred to as the 
pulse-echo overlap method. 

The longitudinal moduli of the composites were determined in both in-plane and through-thickness 
orientations. The results are summarized in Table 1. The density of the samples varied from 2.06 to 
2.63 g/cc and the porosity from 11.5 to 30.4%. The ultrasonic velocities and longitudinal moduli values 
are plotted against % porosity in Figs. 3 and 4. It can be seen the ultrasonic velocities (0.799 to 
0.994 d m s e c )  were greater in the in-plane direction than in the through-thickness direction (0.167 to 
0.725 d m s e c ) .  Consequently, the longitudinal moduli (129 to 248 GPa) were greater than through- 
thickness longitudinal moduli (5.6 to 138.2 GPa), as could be expected from the fabric lay-up. It can also 
be seen that porosity has a greater effect in reducing the moduli in the through-thickness direction than in 
the in-plane direction. 

One of the primary objectives of the present investigations is to determine the smallest specimen size that 
can be tested, the results from which are representative of the composite system under study. A new MTS 
servo-hydraulic system has been recently installed, which will be used to conduct both ambient and elevated 
temperature (up to 200OoC in air and vacuum) tests. Also a 'Questar' traveling microscope bas been 
acquired, which enables the measurement of the crack lengths, as well as video imaging of the crack Up 
phenomena. 

Machining of NicalodSiC samples, apart from being expensive, is well known to be a difficult task. 
Also, the fabrication difficulties are accentuated by the small size of the specimens, which call for special 
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tools, pushing up the machining costs even higher. An attempt was made to develop in-house fabrication 
capability to machine the NicalodSiC compact type C g  specimens (see Fig. 5 )  using existing facilities. 
Diamond tools were used to machine the test specimens. 

C g  specimens were cyclically loaded to iniliate and then propagate the crack to study the fatigue crack 
growth behavior of the NicalonlSiC composites. Initiation of cracks in ceramic specimens is usually done 
in compressioncompression loading. However, the crack initiation under compression-compression has the 
potentially deleterious effect of leaving residual tensile tensile stresses at the crack tip, on unloading of the 
specimen, which can exceed the tensile suength of the material over a distance of the order of notch tip 
r a d i ~ s . ~  It was difficult to initiate the crack in the NicalodSiC composite specimens tested. with 
premature failure emanating from the pin holes. The inability to initiate the crack can be atuibuted to the 
shallow notches (alw = 0.2) in the specimens and relatively blunt notch tips (-200 nun root radius). 
However, we have recently been able to machine specimens with relatively deep notches (#=OS) and 
sharp notch tips (-75 nun root radius) using the laser processing facilities at the Y-12 plant of ORNL. 
The lasermachined C g  specimens will be tested shortly. 

FUTURE WORK 

(i) Continuation of fatigue crack growth testing of the C O  specimens under different loading conditions at 
ambient as well as elevated tempmes. 

(ii) Fractography of the specimens to assess the various damage and crack shielding mechanisms that 
govern the fatigue and fracture behavior of the NicalodSiC composites. 

(iii) Investigation of the fatigue crack propagation behavior of the irradiated NicalonlSiC specimens and 
their characterization. 
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TENSILE BEHAVIOR OF IRRADIATED SIC FIBERS - M. C. Osbome (Rensselaer Polytechnic 
Institute), L. L. Snead (Oak Ridge National Laboratory), and D. Steiner (Rensselaer Polytechnic Institute) 

The strength and toughness of continuous fiber reinforced ceramic composites(CFCC's) are highly 
dependent on the fiber strength distribution. To first order, weaker fibers lead to low saength but higher 
toughness while stronger fibers lead to high strength composites of relatively low toughness. Toughness 
is associated with pullout of the fibers from the ceramic matrix. It has been shown previously that both 
strength and toughness of SiCNicalonm composites are drastically changed following irradiation. The 
object of this investigation is to investigate the effects of low level neutron irradiation has on the 
micrmbuctwe and mechanical properties of low oxygen Nicalon fibers. 

SUMMARY 

Tensile results are presented for low oxygen Nicalon fibers neutron irradiated at damage levels of 
0.013 displacements per atom (dpa). 0.13 dpa and 0.32 dpa Single fibers were tensile tested and analyzed. 
using Weibull statistics, for mean strength and distribution. Tensile modulus was also determined. Using 
a diffractometer. the fiber grain size and percent crystallinity were determined. The nean strength and 
modulus decreased by 20% but then increased with the highest damage level tested. Both grain sue and 
crystallinity decreased as dose increased. These initial results of low level neutron irradiation of low 
oxygen Nicalon fibers exhibit no substantial degradation of the properties investigated. Therefore, 
continued research at higher doses is recommended. 

STATUS AND PROGRESS 

Intmium 'on 

Silicon carbide(SiC) bas been considered as a low-activation struchlral material for fusion reactor about 
twenty years [l-51. Bulk ceramics' fracture strength is highly dependent on the flaw population and they 
fail with no plastic deformation. Therefore, bulk S ic  is processed with S ic  fibers to produce a 
continuous fiber reinforced ceramic composite (CFCC) which bas significantly higher toughness than 
monolithic S i c  and can lead to more graceful failure. The tensile behavior of S ic  fibers used in these 
composites needs to be studied to allow prediction of composite behavior and tailoring of composite 
pmperties. 

The work of fracture (WOF) which is related to toughness due to pullout is dependent on the pullout 
length, h, as shown below in equation 1 [6] 

where I is the fiber radius and t is the frictional shear stress. Although the fiber pullout length is highly 
dependent on the characteristics of the fibermatrix interface, the pullout length is also dependent on the 
statistical distribution of the fiber strength. This study primarily investigates the strength variations of a 
recently developed S ic  fiber. low oxygen Nicalon. with different levels of neutron irradiation. 

Ceramic grade Nicalon has k e n  studied extensively [7-111 and has adequate mechanical properties up to 
1100-1200 C. However, studies of the low temperature neutron irradiation behavior of Nicalon [ l l ]  have 
shown that the fiber is unstable. Neutron irradiation densifies the fiber which increases strength and 
modulus but also reduces the fracture toughness of the fiber. In the radiation induced densification process, 
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the fiber diameter also decreases which causes the fiber to pull away from the interface, thus significantly 
reducing the composite strength and in many cases also the toughness [I l l .  

A recently developed experimental fiber produced by the Nippon Carbon Company employs the same 
processing as Nicalon except that the fiber is crosslinked using electron irradiation and cured in an inen 
atmosphere [12.13]. This new processing technique elimanates most of the oxygen which is normally 
found in ceramic grade Nicalon. The oxygen content is reduced from >10 wt% in ceramic grade Nicalon to 
<0.5 wt% in the low oxygen Nicalon. The low oxygen concentration allows a greater amount of the Si 
and C to combine with each other rather than with oxygen, resulting in higher crystallinity for the low 
oxygen Nicalon compared to that of ceramic grade Nicalon. 

The irradiation behavior of these newer fibers needs to be. investigated to determine if they would be stable 
in a neutron radiation field. A recent study [I41 found that low oxygen Nicalon does not densify under low 
levels of neutron irradiation. Thus, this fiber shows promise for use in neutron enviroments but the 
irradiation behavior of this fiber needs to be further investigated. This paper will discuss the properties of 
low oxygen Nicalon after low level neutron irradiation. The properties investigated are tensile strength, 
tensile modulus, grain size and percent crystallinity. 

The tensile testing was performed on an Instrona Model 1130 in accordance with test procedures described 
in ASTM 3379-75 [l51. The load was measured with a two pound (4.4 N) Entranb load cell and the 
displacement was measured with a laser micrometer made by KeyenceC Corporation. The load and 
displacement were recorded and controlled by a computer using Instron Series IX software. 

The fiber gauge length was set by cutting a rectangle into an index card with one of the dimensions 
25 nun(gange length) and epoxying the individual fibers across this rectangular hole. The fiber was 
vertically aligned in pneumatic grips and the edges of the index card carefully cut. The crosshead 
diplacement speed was set at 0.5 mm/min. 

Fiber diameters were measured after fiber failure to reduce the possibilities of surface damage. A picture 
was taken of the broken fiber in an optical microscope and magnified to 400X. The f i k r  diameter on the 
magnified picture could be measured using vernier calipers to an accuracy of 0.001 in. (0.025 nun). The 
me fiber diameter was calculated by dividing the measured value by 400. 

Strength was calculated by dividing the load by the fiber u u s s  sectional area and the modulus was calculated 
as the stress divided by strain where the strain is displacement divided by the gauge length. Weibull 
statistics (the two parameter model) [16-181 were used to reduce the raw strength data. The average tensile 
modulus was calculaled as the simple average of the moduli which assumes a Gaussian distribution. 

X-ray diffraction data were obtained by placing a powder sample in a diffractometer and measuring the 
intensities at various angles. This is accomplished automatically on a diffractometer. The diffraction scan 
was performed at 35 kV and 15 mA using Cu K, radiation. To mount a sample, a pulverized fiber is 
mixed with toluene in a mortar to allow the aushed fiber to flow. The mixture was poured onto a Si wafer 
which has a low background signal. The chamber was flooded with He to lower the background scattering 
which would occur in air. This background reduction is necessary when investigating the crystallinity of 
the fibers. Scanering of non-crystalline material (glass) produces a halo which peaks at about 20 degrees. 
Scattering from air will mask this effect and make the amorphous peak indistingishable from the scattering 
due to air. 

a Instron Corp., Canton, MA 
Enuan Devices Inc., Fairtield. NJ 

Keyence Corp.. Fair Lawn, NJ 
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The range of scattering angle, 2q, was chosen to be from 10 to 110 degrees to include the amorphous halo 
and several low intensity Sic peaks at 100 and 105 degrees. The data were reduced using Scintaggd 
software which de-convolutes the peaks from background and from one another. The software gives peak 
intensity, full width at half maximum. 2q and the integrated intensities. The crystal size was calculated 
using Sherrer's formula [19] including the effect of lattice strains. Percent crystallinity was calculated by 
dividing the integrated intensity for the peaks due to diffraction of Sic by the total integrated intensity 
which includes the amorphous halo. 

Fibers were irradiated in the hydraulic rahbit tube (HT3) at the High Flux Isotope Reactor (HFIR) at 
ORNL. The fibers were enclosed in an aluminum tube which was welded shut in an argon amosphere. 
The neuuon flux (E > 0.1 MeV) was 7.8 x 10l8 n/(m2 s). The conversion of fluence to dpa for Sic used 
the approximation of 1 x 10%m2 per 1 dpa. Low oxygen fibers were tested prior to irradiion and also 
for various irradiation conditions which included 1.28 x lOZ3n/m2 (0.013 dpa), 12.8 x loz3 nlmZ 
(0.13 dpa) and 32.2 x IOz3 n/mZ (0.32 dpa). The test temperature was estimated to be 100°C which is 
about 40°C higher than the core coolant temperature. There is some uncertainty in the irradiation 
temperature of the fibers. If the fibers had good contact with the walls of the capsule, there would be 
sufficient heat transfer to keep the fibers at or below 100°C to offset any heating due to the irradiation. 
There was some evidence that the fibers were at a higher temperature which caused the fusing of the fibers' 
sizing hut the temperature was not greater lhan 2M)"C. 

Table 1 presents the reduced data from the tensile tests. The mean strength and modulus are plotted versus 
dose. in Figure 1. The experimental error for the suength and modulus calculations is 1.7% for the strength 
and 3.5% for the modulus. The main contribution to the experimental error in the determination of the 
elastic modulus is from the displacement measurement (about 2%). The standard deviations may appear 
high for mean strength but this behavior is typical of materials with low Weibull moduli. Figure 2 
presents a sample load-displacement curve and note that the figure is linear to failure indicating that the 
fibers do not exhibit plastic deformation. Figures 3-6 present Wiebull plots for the various conditions. 

Table 1. Reduced Tensile Data for Low Oxygen Nicalon Fibers (Standard Deviations are in Parenthesis) 
Fiber Designation Wiebull Modulus Mean Strength Tensile Modulus 

for Strength (GPa) (GPa) 
UnhdiiWd 3.00 2.41 (0.764) 238.2 (62.8) 
0.013 dpa 2.69 2.26 (0.903) 208.1 (47.6) 
0.13 dpa 2.58 2.03 (0.844) 167.9 (47.3) 

2.79 (0.623) 222.7 (61.0) 0.32 dpa 3.99 

For the tensile modulus. the standard deviation relates the intrinsic differences in the fiber structure. If all 
the fibers had exactly the Same structure then the moduli would be the same for each batch tested. With 
higher standard deviations the internal structure of the fibers may vary and the numbers presented in Table 1 
represent an average property. The reason for averaging the bulk properlies is that the x-ray diffraction dala 
yields property averages. The x-ray diffraction data represent information on grains of differing size and 
orientation and for fibers of differing composition. Thus, this data gives an average of the bulk strncture. 

Table 2 presents the reduced results from the diffraction dam. The family of planes investigated was 11 11 I .  
The 0.13 dpa fibers had noisy data (not enough material to get significant diffraction) and were not 
analyzed. Crystal sizes are in nanometers and the lengths correspond (0 the [ l  1 11 direction. SUain is not 
reported in this table hut it was calculated to increase with higher dose. 

d Scintag Corp.. Sunnyvale, CA 



431 

240 

230 
3 

220 4 
0 
3 

210 E?. 
5 

z 

0' 
190 2 

z 
180 u-l 

0 170 

160 

n 

P, 
W 

0 0.05 0.1 0.15 0 .2  0.25 0 .3  0.35 
displacements per atom (dpa) 
Fig. 1. Mean Strength and Modulus versus Damage Level 

0.000 0.005 0.010 0.015 0.020 

DISPLACEMENT(in) 

Figure 2. Typical Load-Displacement Curve for Single Fiber Test of Low Oxygen Nicalon 



432 

2.00 

1 .oo 

. - - -1.00 
c - 

-3.00 

-4 .00 

y = -2.908 + 3.0028~ R= 0.96835 - - - - -  

-0.50 0.0 1 .o 1.5 P,.(%y 

Figure 3. Unirradiated Low Oxygen Nicalon Wiebull Plot ( “ R  is gwdness of fit). 

----- y = -2.5045 + 2.6903~ R= 0.97862 
2.00 

1 .oo 

- 0.00 LL 

-3.00 

-4.00 
-0.50 0.0 0.50 1 .o 

I n F )  
1.5 

Figure 4. Irradiited Low Oxygen TJicalon (0.013 dpa) Wiebull Plot (“R” is goodness of fit). 



433 

2 I I I I I I I I 

/ O  

d O 1 -- 

- o-- 
4 
=. - I - -  

F -2- -  / 0" 

- - 
. - - / r - 

0 
- < 

o /  
o /  - 3-- 

- 4  
/ 

" / I  I I I I I I 

1.50 

1 .oo 
- 0.50 - 

-- 

__  

-- 

__ 

-_ 

LL 

: 0.00 . 
r 
v - c -0.50 

- -1.00 
v 
c 

-1.50 

-2.00 

- - - - -  y = -2.1324 + 2.5793~ R= 0.98686 

0.0 0.20 0.40 0.60 0.80 1.0 1.2 1.4 
In(S)  

Figure 5. Irradiated Low Oxygen Nicalon(0.13 dpa) Wiebull Plot ("R" is goodness of fit). 



434 

Table 2. Reduced X-Ray Data for Low Oxygen Nicalon Fibers 
Fiber Designation Crystal size (MI) Percent Crystallinity 
"m 3.04 - 3.16 97.5 
0.013 dpa 3.09 - 3.20 
0.32 dpa 2.71 - 2.81 93.6 

Crystallite sizes were calculated as described previously and the m g e s  in size correspond to the difference 
between the Gaussian and Cauchy fits to the peaks. Percent crystallinity was not reported for the low dose 
fibers due to problems with the experimental setup, i.e., the amorphous halo around 20-25 degrees was 
masked by some residue of adhesive tape on the Si wafer. This problem was corrected for the higher doses, 
but due to the limited amount of material available, the low dose irradiation could not be repeated. 

The tensile data show a decrease in mean strength and increase in scatter about the mean strength (lower 
Wiebull parameter) at low doses but at the highest dose the strength increases and the fibers show less 
scatter in the strength. At the highest dose tested, the strength and reliability were higher than for the 
unirradiated condition. The change in reliability, shown by the different Weibull moduli, suggests that 
there is a different controlling mechanism for failure and this failure mechanism will be discussed later. 
The strength increase of the fibers is consistent with observations by other authors for irradiated ceramic 
grade Nicalon [20-221. The strength increase in the ceramic grade Nicalon may be attributed to 
densification. The strength increase at the high dose for the low oxygen Nicalon is not fully understood 
but a possible explanation is presented below. 

The strength increase with irradiation is normal for most materials. Metals considered for fusion reactors 
show embrittlement and strength increases with increases in dose [23-251. However, the embrittlement 
mechanism is different for metals than for ceramics. Metal embrittlement is due to irradiation induced 
clusteres of interstitials and vacancies which pin dislocations or act as barriers to dislocation movement 
resulting in a reduction of plastic deformation and an increase in strength. In most ceramics. especially 
Sic, there is little or no macroscopic plastic deformation. so this dislocation mechanism is not valid. 

From the x-ray data, the unstrained average crystal size was calculated and shown to have deneased slightly 
at the highest dose but to have no significant change at the lowest dose. Since the low-oxygen fibers are 
nearly all crystalline, the cause of failure could be due to changes in crystal size which could change the 
flaw population at the crystal boundries. This assumes that the flaw population is controled by the grain 
size. This would be the case if the surface flaws are insignificant compared to the flaws due to the grains 
and if there are no large inclusions in the bulk of the fiber which could cause stress concentration . 
Orowan and Petch [26] have shown that strength of normally ductile or semibrittle materials is 
proportional to d-1'2, where d is the average grain size. Figure 7 shows a plot of mean strength versus the 
reciprocal of the square root of the crystal size for the varying test conditions. The plot follows linearity 
for the three data points obtained in this study which suggests that change in crystal size could be a 
mechanism for strength increase in the irradiated fibers. The data would be more convincing if there were 
more points, however, it does appear that crystal size has an effect on the strength of the fibers. 

The decrease in crystal size and corresponding crystallinity decrease at the highest dose can possibly be 
partially explained via the fact that the neutron bombardment causes atom displacements which result in a 
reduction of the effective size of grains by disordering atoms in the crystal lattice. This phenomena known 
as ballistic dissolution could be the cause of the crystallite sue  reduction and the decrease in crystallinity. 
Ballistic dissolution is the cascade effect caused by an energetic particle (neutrons in this study) striking and 
displacing the primary knockon atom (PKA) [27]. The PKA strikes other atoms causing more 
displacements and this process continues until the atoms involved have insufficient energy to cause 
displacements. This cascade effect causes a balloon-like region of damage in the material in the direction 
in which the PKA recoils after being struck by the neutron. The damaged region has a size of tens of 
nanometers. If this small volume of disordering passes near or through a crystallite, the crystallite will 
become completely or partially disordered which reduces the crystal size and overall crystallinity of the 
material. If enough damage occurs then the material could become totally amorphous providing that 
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Figure 7. Mean Strength versus Reciprocal Square Root of Crystal Size, d ("R" is goodness of fit). 

recrystallization does not take place. The amount of recrystallization is highly dependent on the irradiation 
temperature. At the liquid nitrogen temperature (-21O"C), the atoms would remain in their displaced 
positions. At the temperatures of this experiment ( about 100"C), the atoms will come back to lattice 
positions with very small amounts of disordering remaining. Therefore large numbers of neutrons need to 
strike the fiber for significant microstructural changes to occur. 

The change in crystallinity would affect the tensile modulus. The initial decrease in modulus corresponds to 
the decrease in crystallinity. The reason for the modulus increase at 0.32 dpa is not completely understood. 
The modulus is a measure of the average bond suength but it is not linear with atomic spacing [281. A 
possible explanation for the modulus increase is that at the low dpa levels, the average bond length 
increases due to the creation of vacancies and interstitials as discussed above. As the damage increases, 
more vacancies are filled in than created, but not necessarily with the original occupant of the lattice 
site(i.e. Si goes to C position and vice versa) and therefore, the modulus would increase again but 
crystallinity would continue to decrease. Additional microstructural characterization using TEM, EXAFS 
or Raman spectroscopy is needed to help clarify the possible physical mechanism for modulus changes, 
crystallite size decrease and crystallinity decrease. 

Another cause of microstructural changes which would affect the modulus is possible variations in the 
irradiation temperature. The temperature in the irradiation capsule must be known to a reasonable accuracy 
(within 20 degrees or so) such that there are no microstructural changes due to temperature. The 
temperature for this study was not measured directly but was estimated to be about 100°C. 

An unresolved issue in this study is the appearance of the fracture surfaces of the broken fibers because the 
fracture surfaces were not examined with a scanning electron microscope (SEM) due to time constraints. 
The fiber fracture surfaces would have given information on where the flaw which caused failure occured. 
This information determines the mode of failure (surface or hulk) of the fiber. Previous investigations with 
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ceramic grade Nicalon suggested that there was a changing flaw population in the fibers with increasing 
irradiation [19,201. A change in failure mode was seen in the data at the highest dose for this study. A 
failure mode change is detected in two ways: (1) by observing a bend in the Weibull plot; and (2) by 
tensile testing fibers at different lengths to see if there is a surface effect on the strength. Potential bends in 
the Weibull plots occur at In S = 0.9 in Figure 3 (unirradiited fibers). 0.8 in Figure 5 (0.13 dpa), and 
1.2 in Figure 6 (0.32 dpa), suggesting that there is a varying mechanism for fiber failure. Although with 
more data the tailing off on the end regions on the plots may not be a significant effect and therefore not 
show mode changes. The actual flaws would also have been picked up by SEM of the fiber fracture 
surfaces. If there is no observable flaw when viewing the fracture surface, then the failure could be due to 
the change in crystal size which would help justify the above hypothesis on crystal size and mean strength. 

The change in the Weibull moduli suggests a changing flaw population in the fibers. At the highest 
damage level, 0.32 dpa. the Weibull modulus was higher. Using the two parameter model for data analysis 
may not be appropriate due to the bends in the plots as discussed above. The overall increase in Weibull 
modulus at the highest damage level indicates that neutron irradiation reduces the spread in the controlling 
flaw population so that the fibers will fail closer to the Same mean stress. 

CONCLUSIONS AND FUTURE WORK 

Low dose (< 0.3 dpa) neutron irradiation of low oxygen Nicalon show the mean strength and modulus 
decrease by about 20% and then both increasing with increasing damage. X-ray diffraction data show that 
the crystallinity and crystal size of the fiben decreased with increasing dose but as h e  percent crystallinity 
decreases the strength distribution was reduced as shown by the increase in Weibull modulus. Overall, the 
irradiated data do not exhibit drastic changes in properties but rather represent small variations around the 
uninadiated values. 

The absence of significant degradation of properties with irradiation suggests that the low oxygen Nicalon 
S ic  fiber has potential for use in a neutron radiation enviroment. The effects of higher neutron doses need 
to be investigated before employment in CFCC's for nuclear reactors. Besides higher dose testing, future 
studies would include tensile testing, x-ray diffraction and density measuremens but they would also need 
additional information to develop a complete picture of the fiber's behavior. The additional information 
desired would include SEM of fracture surfaces, TEM of the fibers, testing fibers at different gauge lengths, 
Raman spectroscopy or EXAFS, and precise. control and measurement of the irradiation temperature. 
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TEMPERATURE DEPENDENCE O F  THE SUBCRITICAL CRACK GROWTH RATE 
OF A SiClSiC COMPOSITE - R. H. Jones and C. H. Henager, Jr., (Pacific 
Northwest Laboratory) 

OBJECTIVE 

The objective of this study is to evaluate the high-temperature mechanical properties 
of SiClSiC composite materials for fusion structural applications. 

SUMMARY 

The long term stability of SiClSiC composites is an  issue regarding their use for  
fusion structural applications only because there is insufficient data to determine if 
there is really a problem. Crack growth measurements have been made over the 
temperature range of 800 to llOO’C, in high-purity Ar ,  to help assess the long term 
stability of these materials. m / s  
at 1100‘C down to 3 x m / s  a t  SOO’C were found for a 2-D SiClSiC composite 
reinforced with 40% Nicalon fibers. The stage I1 velocities obeyed an  Arrhenius 
relationship over this temperature range with an  activation energy of 235 kJImol. 
At a fusion relevant temperature of SOO’C, the crack velocity will result in a crack 
growth of 1 mmlyr. More creep resistant fibers a re  expected to reduce this crack 
growth amount to less than 1 x 1 W 2  mmlyr. a t  SOO~C. This is not an  excessive 
amount of crack extension for a material with a fracture toughness of about 20 MPa 
m 112. 

Stage I1 crack growth rates ranging from 2 x 

PROGRESS AND STATUS 

The crack growth rates of SiClSiC samples were measured over a temperature range 
of 800 to 11OO’C in high-purity Ar in a manner consistent with that  reported 
previously (1). The material is that reported on previously and is a 40% continuous 
S i c  fiber reinforced SIC. The fibers were Nicalon and the matrix was produced by 
chemical vapor infiltration. Tests were conducted a t  constant load instead of 
increasing load steps as performed previously. A starting load corresponding to a 
stress intensity of about 10 MPa m1I2 The 
velocity utilized for this analysis was the minimum obtained as a function of time. 
With increasing time, the crack extension increases the stress intensity and drives 
the crack into the stage I11 regime. This behavior is demonstrated in Figure 1 where 
the K independent regime is referred to as stage I1 and the strongly K dependent 
behavior is stage 111. An example of the change in crack velocity with time a t  a 
constant load is shown in Figure 2. This behavior has been discussed previously and 
is explained by the creep relaxation of the fibers bridging the crack and the resulting 
increase in the crack bridging zone (2). 

The crack length was measured by the compliance method as explained previously 
(1). However, more recent data supports the relevance of this type of measurement 

was chosen as the starting condition. 
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Figure 1. Crack velocity as function of stress intensity for SiClSiC composite 
reinforced with Nicalon fibers. 
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Crack velocity as a function of time for SiClSiC composite reinforced 



440 

-_ 
_ _  
- _  

Normalized 
Compliance 

I 
I -- # - -  

0 
I 

0 
I - _  

Measured f 
- _  

_ _  i i _ _  
# 

# ,,i:.=. _ _  
.eo Calculated - _  .-- 

/- _ _  ---- 

0.05 

0.045 

0.04 

0.035 

0.03 

0.025 

0.02 

0.015 

0.01 

l-ll.------- - _  

Figure 3. Calculated and measured crack lengths as a function of normalized SENB 
specimen compliance. Cracks were measured from sectioned and polished post-test 
specimens and calculated lengths were determined from instantaneous compliance 
during testing. 

(Figure 3). The dashed curve is the calculated compliance as a function of d W  based 
on the 4-point bend geometry used in these tests and the properties of SiCISiC. 
This curve was based on a calibration for the test fixture using a steel sample with 
variable d W .  The experimental 
data points were obtained from SiCISiC samples in which cracks were grown at  
11OO'C by subcritical crack growth to various a1W values. The compliance was 
measured a t  the end of the test and the samples sectioned and the mid-plane crack 
depth measured. The difference between the measured and calculated curves is 
consistent with the presence of the multiple cracks observed in these samples. The 
multiple cracks emanating from the sample notch and propagating in a mostly 
parallel direction cause the sample to be more compliant than the calculated 
compliance. Nevertheless, the difference between the measured and calculated curves 
is not very large and the shape of the curves are quite similar. 

Exaerimental Results 

The sample displacement rate, which is a measure of the crack growth rate, is shown 
as a function of 1IT in Figure 4. The range of crack velocities associated with the 
data in Figure 4 are 2 x l W 9  mls at 8OO~C. This 
result produced a plot that follows an Arrhenius relationship with an activation 
energy of 234 k SO kJlmol. Previous research on the creep of Nicalon fibers by 
Bunsell (3) resulted in an activation energy of 490 kJlmol. The reason for this 
nearly factor of 2 difference between the composite and fiber activation energy is not 

This curve was then converted to that for SiC/SiC. 

mls at 11OO'C to 3 x 
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Figure 4. Displacement rate as a function of 1000/T to determine activation energy 
for slow crack growth rate in  SiClSiC composite reinforced with Nicalon fibers. 
This rate would change depending on reinforcing fiber used in composite. 

known; however, there are several factors that could be involved. These factors 
include: 1) the role of the fibedmatrix interface, 2) changes in the Nicalon during 
processing of the composite and 3) changes in the composition and microstructure of 
Nicalon fibers over the last 10 years. 

Discussion 

The upper use temperature for SiClSiC in a radiation environment will be around 
1OOO'C because this represents the minimum in the dimensional change observed for 
beta SIC. Void formation occurs at temperatures above 1OOO'C in beta S ic  and this 
results in large dimensional changes. Therefore, without attempts to modify the 
void formation regime in S i c  by compositional adjustments, 1OOO'C becomes a 
radiation stability defined upper use temperature. Also, a lithium silicate that forms 
a t  1026-C between Si-Li and 0 so for liquid lithium cooled SiClSiC structures 
1000°C is also a corrosion defined upper use temperature. For a He cooled blanket, 
the corrosion temperature limit may be higher than 1OOO'C. 

An upper temperature limit for the use of SiClSiC is therefore likely to be around 
1OOO'C. Based on the crack growth rate data presented here, the flaw growth rate is 
about 15 mmlyr. at 1OOO'C and about 1 mm/yr. at 800'C. These crack growth rates 
are higher than a designer is likely to accept depending on the failure criteria for a 
SiC/SiC blanket. Newer S i c  fibers such as Nippon Carbon's Hi-Nicalon, Dow 
Corning's alpha S ic  and MER's beta S ic  all exhibit superior creep resistance to the 
currently available Nicalon. These newer fibers exhibit at least a 200'C shift for a 
comparable creep rate and in the case of MER's beta S ic  a 400' C shift. These 



442 

temperature shifts would translate into about a factor of 5 decrease in the creep rates 
per  1OO'C so that  a composite made with the Hi-Nicalon and Dow Corning fibers 
could exhibit a crack growth rate  of 1.5 and .1 mm/yr. a t  1000 and S O O ~ C ,  
respectively, and a composite with the MER fiber could exhibit crack growth rates of 
.15 and 0.010 mmlyr. a t  1000 and S O O ~ C ,  respectively, Of course these rates must 
be determined for the composite material but a material with the crack growth rates 
possible with the MER fiber a re  very acceptable while those with the Hi-Nicalon and 
Dow Corning fibers probably acceptable a t  8OO~C but less acceptable a t  1 O O O ~ C .  

The acceptable flaw growth rate in SiClSiC and maximum allowable flaw size will 
depend on the failure criteria for this material. If the failure criteria is based on a 
fracture mechanics or  fracture stress criteria, these materials exhibit novel behavior 
because the continuous fibers bridge the crack. The effect of these bridging fibers 
on the fracture stress of SiC/SiC is demonstrated in Figure 5. These results 
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Figure 5. Comparison between slowly grown cracks and machine-notched specimens 
showing ability of slowly grown cracks to carry much higher loads due to increased 
crack bridging. 

demonstrate the difference between a machined notch and an  equal depth notch 
produced by slow crack growth a t  11OO'C. The peak stress is based on the failure 
load and the unnotched cross-sectional area. These results clearly show that samples 
with cracks grown slowly a t  11OO~C to equal depths to machined notches retain their 
original fracture strength. This strength retention results from fibers bridging the 
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crack. With slowly grown cracks, the stress in the fibers is relaxed by creep and 
fibers bridge the entire crack. With a fast loading rate, some fraction of the fibers 
a re  fractured and a reduction in the peak stress results. A more complete description 
of the data presented in Figure 5 was reported by Jones et al. (4). The significance 
of this result is that these materials become independent of matrix crack lengths and 
therefore structural failure is related to fiber fracture and not matrix fracture. The 
crack velocities presented in Figure 4 may therefore not directly impact a structural 
failure criteria but would be more relevant for  a leak rate, fatigue failure, or 
stiffness failure criteria. Clearly, the determination of a failure criteria for  a 
SiClSiC structure must consider the novel behavior of these materials. 

FUTURE DIRECTION 

Future tests will he conducted to evaluate the stability of SiClSiC composites with 
carbon as the fiberlmatrix interface in low oxygen partial pressure environments. 
Weight change and crack growth measurements will be made in argon plus 10 to 100 
ppm of 02. Also, crack growth measurements will he made on a wide variety of 
SiClSiC material for comparison purposes. A new test facility will be purchased 
and assembled to allow subcritical crack growth measurements using compact tension 
type samples with either static or cycle loading. This system will he adaptable to a 
cross-head or  servohydraulic load frames with controlled atmosphere environments. 
The coupling to a servo-hydraulic load frame will allow variable frequency testing 
along with the ability to test compressive stress effects. The cur ren t  SiClSiC 
system can only achieve 0.1 Hz or less so accumulating a large number of cycles is 
very time consuming. Also, the 4-point bend apparatus does not allow compressive 
stress cycles to he applied. 
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DEFECT ENERGETICS CALCULATIONS OF S i c  USING THREE 
REPRESENTATIVE EMPIRICAL POTENTIALS, Hanchen Huang, Jimmy Wong, Nasr 

Ghoniem (Mechanical Aerospace and Nuclear Enginezring Department University of California, Los 

Angeles, CA 9 W ) .  and Michael Basks (Sandia National Laboratories Livermore, CA 94550) 

OBJECTIVE 
me objectives of the present work are: (1) to establish a reliable data base for defect energetics 

in Sic; and (2) to compare three representative empirical potentials. 

SUMMARY 
Defect energetics is a critical issue not only for irradiation damage but also for semiconductor 

applications. Calculations of defect energetics rely mainly on using empirical potentials, which are 

developed based on information fmm equilibrium crystal configurations and which may not be suitable 

for investigating defected configurations. merefore, not all potentials give accurate enough results. This 

paper fust calibrates MEAM for silicon carbide. Calculations are then made for defect energetics of 
silicon carbide using the MEAM and two other representative empirical potentials. Results obtained 

with these potentials are compared with available fmt principle calculations and experimental data. The 

results not only provide more information for defect formation and migration in silicon carbide, but also 

provide a critical assessment of the three empirical potentials. The results are analyzed in terms of 

construction and calibration of the empirical potentials. 

PROGRESS AND STATUS 

Introduction 

Silicon carbide (SIC) has been proposed &F a candidate for fusion reactor components [1,21, 

which face intensive neutron irradiation damage[3]. Evolution of defects so produced determines 

macroscopic properties of the components. Studying of defect energetics that dominates the defect 

evolution processes is therefore crucial to understanding responses of silicon carbide components to 

radiation damage. There are several ways of studying defect energetics: experimental measurement[4,51; 

fust principle calculation[6,7]: and computer simulation with empirical potentials[e.g., reference 81. 

Experimental results are affected by many uncerlain factors, and their interpretation is usually not 

unique. First principle calculation is quite accurate, but requires very intensive computational effort. 

Molecular Dynamics (MD) sirnulacion using an empirical potential is commonly used to study defect 

energetics with reasonable computational time and accuracy. The empirical potential used in the MD 
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simulation is usually calibrated with a group of physical parameters. quality of which is determined by 

how it is constructed and calibrated. Empirical pair potentials have been successfully applied to metals. 

but have failed in describing covalent systems. There are quite a few empirical potentials proposed to 

describe many body effects that are very important in covalent materials. This paper investigates defect 

energetics of S i c  using three representative potentials: Pearson potential; Modified Embedded Atom 

Method (MEAM); and Tersoff potential. Formation energies and migration energies of point defects, and 

anti-site defect formation energies are calculated. Possible defect migration mechanisms are investigated. 

The results show that a single vacancy can hardly move due to the two sub-lattices existing in SIC. 

With assistance of another vacancy on different sub-lattice, migration energy of the vacancy is 

dramatically reduced. Formation energies of the defects are compared with available fust principle 

calculations and experimental data. Although not perfect, the results obtained with MEAM and Tersoff 

potential are more reasonable than that obtained with Pearson potential. The three representative 

potentials will be described in more detail in Section 2. The calculated results, available data of 

experimental investigation and fmt principle calculation are summarized in Section 3. Success and 

failures of the potentials are discussed according to their construction and calibration in Section 4. 

The Three ReDrese ntahve Pote ntials 

Pair potentials (Lennard-Jones [9]. Morse [lo], etc.) have been successfully used in studying 

metals, and are able to explain close packed structures that are common for metals. More open structures 

in semiconductors turned out to be a challenge for pair potentials. To account for many body 

interactions, Born and Oppenheiier[ll] proposed a general form interalomic potential: 

1 - - + ...... + - ~ . . . ~ . . . ~ v ~ ~ ’ ( ? ~ ~  ,..., riq ,..., rq) 
n! q. m* j d  

Environmental effects are included in the many body interactions. To make this many body 

potential practical in its applications, Pearson et al[12] truncated the expansion up to the bee-body 

level. For Sic. they combined the Lennard-Jones (6-12) two-body potential[9] and Axiicd-Teller three- 

body potential[l3] in the form: 
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where the energy parameters (E, 2) and the two-body structure parameter (G) were adjusted to fit 

experimental data for bulk solid and atomic clusters (sublimation energies and bond length). The three 

body potential is a simple form that favors open structures. A small modification was made by Huang 

and Ghoniem[8] to fit the s u b l i t i o n  energy exactly without affecting other parameters. The potential 

parameters are listed in Table 1. 'be  Stillinger-Weber potential 1141, similar to Pearson potential, is 

another example of this type of potentials. The peatson potential has proven to be successful in some 

applications[l5,16,17]. Unfortunately, it fails in some other cases in which the systems are far away 

from equilibrium configurations [181. 

w o d i f i e d  m- 
Embedded Atom Metbod @AM) was developed and named by Daw and Baskes[l9,201. In the 

EAM, potential energy of an alom in a crystal is divided into two parts: (1) two-body core-core 

interactions with lauice atoms; (2) energy needed to embed the atom into background electron sea of the 

fanice. Improvements and applications are pursued at Sandia National LaboratOries[21-30], University of 

Virginia[31-34], and other institutions[35-37]. At the beginning, EAM was developed to use central 

potential and central electron density. It was then modified to use angular dependent electron density in 



order to model covalent smcture. Tbe angular dependence automatically disappars for FCC and BCC 

strncture. Later on. s-p-d-f components of electron density were introduced to account for the angular 

dependence of inter-atomic interactions, which gave a more physical description of the spatial 

=mew. 
Total configuration energy of a crystal section is written as sum of direct conhibutions from all 

atoms, each of which is divided in10 two parts: 
E = C E ~  with 1 

2 jLi i 

where the fist part corresponds to environment dependent energy of embedding an electron, while the 

second part is the conventional pair potential. 'he embedding energy is assumed to be represented by: - - 
F,(F,) = A,E, O L h -  PI 

- l ~ S ( k l t y ) , Z 1  M 

ZAO Z,P,O 

z, = Z,,e l k . 1  

2 
2 

(Fj3)) = 

pik) = e  ('' with k=0,1,2,3 
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The averaging of the weighting factors. tik), considers the effect of electrons from dissimilar 

atoms in a multicomponent system, The screening function, Sji. introduced to account for relative 

Contributions from atoms at different locations can be though of as a force cut-off technique. 

The pair potential is derived from the universal equation of state[38,39]: 



450 

It is wonbwhile to mention that the pair potential is defined using the embedding function at a 

reference structure. For a detailed explanation, readers are referred to reference 29. For single elements. 

the parameters are determined by fitting to sublimation energy, lattice constant, bulk modulus, two 

shear constants, two structure energy differences, and vacancy formation energy. Only one parameter is 

introduced to interpolate potential in diatomic system from those in single element systems. The 
parameter, relative magnitudes of pl0 and pz0. is determined by fitting to the vacancy formation energy 

of an atom pair in the diatomic system. The paramem of MEAM for S i c  are listed in Table 2. 

ILe Tersoff Potential 

The conventional pair potential was extended to describe many body effects by setting the pair 

potenlial coefficients dependent on environment [40,41]. Computational time of Molecular Dynamics 

simulation with pair-like potential is dramatically reduced compared to that employing three body 

potentials. The potential is composed of two parts: repulsive and attractive interactions. Local 

environment is described by a measure of bond order in the attractive interaction. Bond strength is 

explicitly related to coordination number, which makes close packed structure or open structure a natural 

result of competition between bond strength and coordination number. The effective coordination 

number is both distance dependent and angular dependent, which makes open structure like diamond 

possible. The potential, after being successfully used for pure elements [42,431. was extended to 

multicomponent systems by interpolation [444]. Only one parameter was introduced to scale the 

relative bond order of the elements involved. lke general potential function for multicomponent systems 

can be written as: 
E = C E i  = - C E . .  1 

2 . .  . 'J 
i I.Jfl 

for rij Rij 
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x,-si=1.0121 

*The original value from Tersoff was 1.0320, which gives 13.3 eV sublimation energy. To make 

comparison of the potentials consistently, we calibrate the c to fit 12.865 eV of experimental 

sublimation energy, which is used in the other two potentials. Difference in results caused by this 

,modification is samll (mostly 3 - 5%)  

C- 2 C? g(eijk) = 1 + - 
d: df +(hi - coseijk) 

Table j: Parameters of Tersoff Potential 
I I1 

where parameters for multicomponent systems are related to those for single elements by: 
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R~~ = ( R ~ R ~ ) ~ ' ~  
SIj = (SiSj) 112 

Parameters for single elements are detennined by fitting to sublimation energy, lanice constant, 

and bulk modulus of diamond stmcture, and cohesive energies of other polytypes (dimmer, SC, FCC) of 
the material. The single parameter (xij) for each pair of dissimilar atoms is determined by fitting to the 

correct heat of formation. 'he parameters determined by Tersaff [46,47] are listed in Table 3. 

Results and Conclusions 
Defect energetics of beta silicon carbide are calculated using the three representative potentials. 

The energy recovered when a single atom is placed on a crystal surface of a compound is ambiguous. 

Depending on the surface condition, amount of the surface recovery could vary [e& references 6 and 71. 

To avoid any confusion in defining defect energetics, an infmite vacuum rather than a real crystal surface 
is taken as a reference system. That is. an atom will be taken to a vacuum at infinity to form a vacancy. 

Similarly, an interstitial is formed by taking an atom from infinity and putting it at an interstitial site. 

It is wortbwhile to mention that defect migration energies are independent of the reference system, 

whereas defect formation energies are dependent Formation energies of vacancies and interstitids at TC 
(Teuahedral site surrounded by four Carbon atoms) and TSi (Tetrahedral site surrounded by four Silicon 

atoms), and migration energies of vacancies and interstitids are calculated. H and B interstitial 

configurations are asymmeuical in S i c  and therefore unstable. The numerical results are summarized in 

table 4. Several salient conclusions can be draw directly from the results: 

(1) Direct migration of a vacancy in Sic is very difficult due to a high migration barrier. But 

the migration of the same vacancy assisted by an opposite type vacancy is much easier. In irradiated 

materials, vacancy concentration can be very high and this indirect vacancy migration mechanism is 

l ie ly  to operate. Other mechanisms (e.& anti-site mechanism) are also proposed, and may be operative 

under some conditions. 

(2) Interstilials migrate from one tetrahedral site to another equivalent tetrahedral site through 

the other type tetrahedral site. Migration energy of an interstitial is much lower than that of a vacancy, 

and interstitial clustering is l iely to happen prior to vacancy clustering in irradiated Sic. 

(3) When excess carhon atoms are present in SIC. anti-site C defect (C replaces Si) can be 

formed quite easily. Because of large formation energy of an anti-site defect pair (a C and a distant Si a ~ e  

switched), zinc-blend sbuclure S ic  is a thermodynamically favored configuration. 

(4) Results based on MFAM agree the best with the fnst principle calculations. Those based on 

Tersoff potential are also in good agreement with the first principle calculations. Some results from 
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Pearson potential are reasonable while others (e.g., very small anti-site defect formation energies) are 
not. 

Discussions 
These numerical results not only provide us with a more reliable data base for studying defect 

evolution processes in Sic, but are a practical test to the potentials as well. The successes and failure of 

the potentials in defect calculations are related to physical bases of construction and calibration of the 

function forms. There are something that are commonly shared by the three potentials, and other things 

that make all the differences. 

(1) Developers of all the lhree potentials tried to consider effecu of local environment (many 

body interactions). MEAM was developed based on the quantum mechanical results that spatial 
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distribution of outer electrons is generally angular dependent. It is the electron distribution that 

determines the local environment. Tersoff potential was developed based on the physical base that bond 

order depends on coordination number. Tra& off of these two factors makes both close packed and open 

struchues possible. Angular dependence was inaoduced to account for the fact that bond order is affected 

by relative angles of neighboring bonds. Pearson potential was obtained by brutally truncating the Born- 

Oppenheimer expansion at the three body level. All higher order effects (many body interaction) are 

assumed to be either small 01 represented by the three body interaction form. 

(2) In calibration of MEAM, data of equilibrium configuration (e.&. sublimation energy, 

lattice constants, etc.) and defected configuratiw (e.&, vacancy formation energy) are used. For T m f f  

potential, only data of equilibrium configuration are used. Pearson et al calibrated their potential by 

using both bulk properties and cluster properties. The number of these. data fitted is more than the 

number of free parameters. Therefore, none of the propemes was perfectly fitted in original form of the 

Pearson potential. 

(3) The three potentials have quite different approaches to account for the fact that atoms far 

away from a site have smaller contrihutions. MEAM employed a screening function such that when 

atoms are blocked from a site, they can hardly "see" the site and therefore have little contributions. 

Tmoff potential used a smooth cut-off function such that as an atom is farther away from the site, its 

influence to the site becomes smaller. There is no explicit form of cut-off in Pearson potential that 

makes it unnecessarily sbon ranged. 

(4) One of the most important indices measuring an empirical potential's quality is its 

computational simplicity. In Molecular Dynamics simulation, each step cakes about l.2xlO-3 sedatom 

with Pearson potential, 4 . 7 ~ 1 0 ~  sec/arom with MEAM, and 3.9~10-~ sedatom with Tersoff potential 

(all are in CPU of CRAY-A at NERSC). Computational effort is greatly reduced using Tersoff potential 

or MEAM. in comparison to that employing Pearson potential. 

( 5 )  MEAM has been mainly used for metals and found great success there. With simple 

calibration. it also describes covalent systems very well. Tersoff potential and Pearson potential are 

primarily developed for covalent systems. while Tersoff potential gives better prediction than Pearson 

potential. 

(6) According to defect energetics calculations, results based on both MEAM and Tersoff 

potential are in good agreement with the fist principle calculations, while results based on Pearson 

potential are not as good. The fact that MEAM gives better prediction than Tersoff potential may be 

atnibuted to the different calibration procedures since the two polential functions are quite similar in 

essence [48]. We recommend that Pearson potential should be avoid, at least in studying defected 

configurations. 
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FUTURE WORK 
Defect evolution processes in Sic will be studied based on the defect energetics results obtained 

in the present work. Effort will be extended to interpreting experimental data of radiation damage on 

Sic .  
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PHENOMENOLOGICAL WELASTIC CONSTITUTIVE EQUATIONS FOR Sic  AND S ic  FIBERS 
UNDER IRRADIATION _-- A .  El-Arah and N.M Ghoniem (IJniversity of California, Los Angeles) 

OBJECTTVE 

The objectives of this work are to develop a set of constituitive equations for the time-dependent 
deformation characteristics of monolithic Sic, representing the ma& of SiC/SiC composites, and S ic  
fibers. Two representative types of fibers are considered; Nicalon and SCS-6 fibers. 

SUMMARY 

Experimental data on irradiation-induced dimensional changes and creep in p-Sic and S i c  fibers 
is analyzed, with the objective of studying the constitutive behavior of these materials under high- 
temperature irradiation. The data analysis includes empirical representation of irradiation-induced 
dimensional changes in Sic matrix and S ic  fibers as function of time and irradiation temperature. The 
analysis also includes formulation of simple scaling laws to extrapolate the existing data to fusion 
conditions on the basis of the physical mechanisms of radiation effects on crystalline solids. Inelastic 
constitutive equations are then developed for SCS-6 S i c  fibers, Nicalon fibers and CVD Sic. The effects 
of applied stress, temperature, and irradiation fields on the deformation behavior of this class of materials 
are simultaneously represented. Numerical results are presented for the relevant creep functions under 
the conditions of the fusion reactor (ARIES IV) first wall. The developed equations can be used in 
estimating the macro mechanical properties of Sic-Sic composite systems as well as in performing time- 
dependent micro mechanical analysis that is relevant to slow crack growth and fiber pull-out under 
fusion conditions. 

INTRODUCTION 

Sic  has been considered as a primary candidate for structural applications in fusion reactors. In 
addition to being a low activation material, S ic  has many other promising features. Among these 
features are its high temperature resistance to corrosive actions, high modulus-to-weight ratio, and its 
resistance to neutron irradiation damage. It is undesirable to construct fusion components h m  
monolithic S ic  because of its relatively low fracture toughness, that is characteristic to ceramics. 
However, recent progress in composite material manufacturing makes it possible to develop SIC-Sic 
composite components of high reliability. This approach offers a high degree of flexibility in designing 
with S i c  materials. In particular, it is now possible to "engineer" the material in such a way that the 
desired thermal, mechanical, chemical, and irradiation constitutive behavior is achievable. 

Sic-Sic composites have been considered for the first wall and blanket structures in two major 
reactor studies; ARIES IV Tokamak Fusion Reactor' and PROMETHEUS Inertial Fusion Reactor *. The 
structural design conducted in these two studies involved only the assessment of the thermoelastic 
response of the structural elements in the first wall, blanket and in the ARIES IV diverter. However, 
in both of these fusion reactor studies, there was no attempt to perform any formal inelastic structural 
analysis due to the lack of constitutive equations of Sic-Sic composites in the fusion environment. 
Inelastic structural analysis would predict the evolution of time- dependent stress and deformation fields, 
which eventually results in accurate definition of failure criteria and limiting properties, and in turn, 
an estimate of the life time of structural components. In this context, it is essential to analyze the 
irradiation-induced dimensional changes, irradiation and thermal creep of the composite micro 
constituents ( fibers and matrix) and include these effects, simultaneously, in a formal set of constitutive 
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equations that describe the overall mechanical response. 

Direct experimental studies on the irradiation effects on Sic-Sic composites are not available. A rich 
variety of initial manufacturing conditions may lead to a wide spectrum of radiation responses, which 
may make it difficult to even interpret this data. Obviously, as irradiation data becomes available, the 
general understanding of various factors which influence the irradiation stability of the composite will 
improve. In this paper we assemble the available data base on the effects of neutron irradiation on 
monolithic Sic. Most of this data resulted from the HTGR program, and as such may only be indicative 
of possible effects of high energy neutrons on Sic. However. we will use the general understanding of 
radiation effects on materials to derive constitutive relationships for Sic-Sic composites. The present 
accuracy of these relationships may not be high. As data becomes available, these relationships should 
be updated. 

In this paper, we focus on two major areas: ( I )  Analysis of the existing data on irradiation-induced 
dimensional changes and creep in p- Sic  and Sic fibers, and (2) Development of phenomenological 
constitutive equations which incorporate the effects of the applied stress, temperature, and irradiation 
fields on the deformation behavior of the composite material. The analysis of this data includes empirical 
representation of the irradiation swelling and creep in terms of the neutron flux, time, and temperature, 
and formulation of appropriate scaling laws for extrapolation to fusion conditions. The latter step is based 
on our understanding of the phenomenalogical models of irradiation effects in crystalline solids. The 
extrapolation of irradiation data is performed for AFUES IV first wall conditions, based on data from Ref. 
3 for the neutron damage in S ic  and from Ref. 4 for the first wall neutron flux. Similar analysis is also 
performed for limited irradiation data on S ic  fibers obtained from recent irradiation experiments. 
Numerical results are then presented for the relevant creep functions. The developed constitutive 
equations are readily usable in the following modeling areas: ( I )  Micro mechanical formulation of the 
theory of macroscopic constitutive properties of Sic-Sic composites under fusion conditions. In that 
theory, the effects of thermal creep, irradiation-induced swelling and creep on the time evolution of 
internal stress fields in composite phases are considered. (2) Time-dependent micromechanics 
(viscoelastic) modeling of fiber pull-out and slow crack growth in Sic-Sic composites at high 
temperature and under neutron irradiation, where time-dependent inelastic strains dominate the composite 
response. 

IRRADIATION-INDUCED SWELLING IN p-Sic 
Irradiation-induced dimensional changes in p-Sic has been considered in three areas of research: ( I )  

particle coating of HTGR fuels, (2) temperature monitoring of irradiation experiments, and (3) smctural 
fusion energy applications. Experimental studies of irradiation-induced dimensional changes in p-Sic 
have been mostly conducted to assess the performance of Sic-coated HTGR fuels. These experiments 
used fast fission neutrons irradiation facilities. Little work has been done with regard to fusion 
applications. In what follows we summarize the results from those studies and formulate some scaling 
laws to extrapolate the fission neutron irradiation data to fusion conditions. 

A. Swelling of p-SiC by Neutron Irradiation Below 1000 "C 
Sic  was irradiated at temperatures between 460 and 1040 OC, and neutron fluences up to 24 .2~10"  

nicm' ( E, > 0.18 MeV Isotropic swelling of irradiated samples was observed and was attributed to 
the formation of dislocation loops ( planar defect clusters ) parallel to the (I I I} crystallographic planes. 
It has also been observed that S i c  swelling below 1000-I050 "C saturates and becomes independent of 
neutron exposure above a neutron fluence of - 2 ~ 1 0 ' ~  nlcm'. The saturation swelling depends on the 
irradiation temperature only, and decreases as the temperature increases below 1000 'C, as shown in Fig. 
I .  The reproducibility of these swelling characteristics qualified S i c  to be used as an irradiation 
temperature monitor in this temperature range'.''. Irradiation-induced swelling of S ic  irradiated below 
1000 "C can be annealed out and the annealing is complete at -1500 'C ', Electron micrographs showed 
that Frank-type dislocation loops still exist at lower densities, which have a mean diameter of 50-60 A 
compared to 35 A before annealing. 
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Fig. 3. Recovery of the density of irradiated p-Sic during one hour post-irradiation anneals, as a function 
of annealing temperaNre. Irradiation temperature = 1250 "C. Residual density change = (original density 
- annealed density)/(original density - irradiated density). Data from Ref. 7.  
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Recovery of the density of irradiated p-Sic during one hour post-irradiation anneals, as a 
Irradiation temperature = 1500 "C. Residual density change = 
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Fig. 5.  Macroscopic length change against annealing temperature for pressure-less sintered S i c  
containing B and C and irradiated to a neutron fluence of - 8 ~ 1 0 ' ~  dcm' at - 280 oC. Data from Ref. 11.  
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Fig. 6.  Macroscopic length change against annealing temperature for pressure-less sintered S i c  
containing B and C and irradiated to a neutron fluence of -6xlOZo dcm' at - 640 "C. Data from Ref. 1 1 .  
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C. Empirical Representation of Swelling Data 
(i) Loop swelling below 1000 "C 

In the absence of helium, two swelling mechanisms of neutron irradiated Sic were observed. 
Dislocation loop (or lattice) swelling, which saturates at a neutron fluence of - 2 ~ 1 0 ' ~  dcm'  below 
1000 "C, and void swelling, which increases monotonically with fluence and temperature above a 1000 
"C. Based on Fig. 1 ,  the percent linear dimensional change associated with loop swelling can be 
represented empirically by: 

mr [ $1 =(l.05-10-3(T-273))(1-e-q) (1) 
WJ 

where T i s  the temperature in K, Qo is a fraction of the saturation fluence, 4 is the operating neutron flux, 
and I is the time into irradiation. In the present treatment of data, a0 is related to the saturation fluence, 
a,,,, as follows: 

where n = 3 in the present analysis. In the representation given by Eq. ( I ) ,  the time required to saturate 
loop swelling is governed by the operating flux 4. If Q0 = +to , where I, is a time constant, then 
Eq. ( I )  becomes: 

where the time constant 1, is given by: 

The saturation level of loop swelling can be regarded to correspond to a certain amount of atomic 
displacements. Point defect production in S i c  under fusion conditions is faster than that under fission 
conditions for the same nominal flux values. Therefore loop swelling saturation is expected to be faster 
in a fusion environment. This is based on the fact that the fusion neutron spectrum is harder. An 
exprapolation procedure to fusion conditions can be based on the effects of the neutron spechum on point 
defect production. A scaling law for the saturation fusion fluence may be formulated as follows: 

where o,(E,) is the neutron displacement cross section and +(E,) is the neutron spectrum.The subscripts 
fis and /ius denote fission and fusion, respectively. Eq. ( 5 )  is based on the assumption that the loop 
swelling saturation level. at the same irradiation temperature, corresponds to the same amount of atomic 
displacements under fission and fusion conditions. The time constant for saturation under fusion 
conditions can then be written as: 
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The integral ratio in Eq. (6) is determined on the basis of detailed calculations by Huang and Ghoniem 
for the neutron displacement damage cross sections in Sic under fission and fusion conditions. The 

ratio is found to be in the range 0.03-0.04 for ARIES IV first wall. Based on a saturation fission fluence 
of - 2 ~ 1 0 ' ~  dcm'  and a fusion neutron flux of 1 . 6 5 ~ 1 0 "  nicm's, the time constant for saturation of loop 
swelling was estimated to be -30 minutes. Fig. 7 shows the estimated linear dimensional change 
associated with loop swelling in S i c  for ARIES IV first wall. From the figure and the estimated time 
constant, it can be shown that in the first few hours of operation the matrix of Sic-Sic composites 
undergoes a linear dimensional change of - 0.3 - 0.05 % in the first wall of ARIES IV, in the 
temperature range 750-IOOO'C. The internal misfit stresses are highly dependent on such strains. 
Therefore, the dimensional changes of the prospective S i c  fusion fibers must be compatible with such 
matrix swelling. 

I 

Fig. 7.  Estimated linear dimensional expansion of CVD S i c  due to dislocation loop swelling based on 
ARJES IV first wall neutron flux, as a function of irradiation time and temperature. Operating neutron 
flux - 1.65~10" nicm' s. 

(ii) Helium swelling in p-Sic 
As has been observed experimentally ".", helium bubbles grow if a vacancy supply is available. 

Such a growth process depends on the stress, temperature, and irradiation fields. Under fusion irradiation 
large numbers of vacancies are produced continuously by neutron-induced atomic displacements. Also 
significant amounts of helium are expected to be produced by (n.xa) reactions in carbon and silicon 
atoms. Thus, highly mobile helium atoms in Sic matrix at high temperatures can be a deriving force for 
gas bubble swelling. Therefore, cavity induced swelling in Sic under fusion conditions is expected to 
be of the helium bubble-type. 
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A simple phenomenological equation which describes helium swelling in crystalline ceramics is 
developed by Ghoniem et al.” , and was used to study heliume swelling in solid breeders in fusion 
blankets. The equation is written as: 

I 12 kT fGt 312 

(7) 

where y is the surface energy, f is the fraction of helium atoms retained in bubbles, G is the helium 
generation rate, N is the bubble density and I is the time into irradiation. The assumptions made in 
obtaining this equation are summarized as follows: 

- All bubbles are of the same average size. 
- Ideal gas equation of state is used for helium in bubbles. 
- Bubbles are in mechanical equilibrium with the solid. 
- Re-solution of helium atoms from the bubbles is neglected. 

Fig. 8 shows the estimated helium swelling in CVD Sic ,  as a function of temperature and time for 
ARIES IV first wall neutron flux, based on a bubble density of IO” m-’ (Ref. 7) and a retained helium 
fraction of 0.2. The helium generation rate was determined to be 2.898x101’ atoms/cm’.s for ARIES IV 
first wall, based on the data given in Ref. 3. As the data in Ref. 7 shows, the bubble density can be 
represented in terms of irradiation temperature by N = N,, exp(g/kT), where g is an activation energy. 
There is no adequate data to support this representation of bubble density. However, as a first order 
estimate, the data obtained by Price’ for the void density in the temperature range 1250 ~ 1500°C is used. 
Based on this data. the constant N,? is found to be 5 . 1 8 ~ 1 0 ”  m”, and g = 1.642 eV. An upper bound 
value of 5x10’’ m.’ for bubble density is chosen which allows the use of the Arrhenius representation 
of bubble density fo T > I150 “C only. With this representation of bubble density, Fig. 9 shows the 
estimated helium swelling in S i c  based on ARIES IV first wall neutron flux. Helium swelling as 
presented in Figs. 8 and 9 is an estimation which may not be adequately accurate and still need to be 
confirmed by experimental data. No voids were observed below 1000 “C under fission spectra ’ where 
no helium is generated( Fig. 2 ). This may be the case also under fusion conditions if no helium is 
present. However, significant amounts of helium are expected to be generated in Sic in a fusion 
environment. In the present analysis we assume that helium can stabilize small vacancy clusters, which 
would exist under large scale cascades and high dpa rates in a fusion environment, leading to formation 
and growth of helium bubbles even below 1000 “C. Thus the temperature range for helium bubble 
formation and growth may be extended ta below that temperature as given in Figs. 8 and 9. 
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Fig. 8. Estimated linear dimensional expansion of CVD S i c  due to helium swelling based on ARIES 
IV first wall neutron flux, as a function of irradiation time and temperature. Operating neutron flux - 
1.65~1015 dcm2 s. 

Fig. 9 .  Estimated linear dimensional expansion of CVD S i c  due to helium swelling based on ARIES 
IV first wall neutron flux with Arrhenius helium bubble density. 
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IRRADIATION CREEP OF p-SiC 

Irradiation creep experiments were performed in order to determine the irradiation creep 
characteristics of p-Sic for the HTGR fuel program’, where creep samples were irradiated up to 7 .7~10” 
nlcm’ (E, > 0.18 MeV ). The experimental results have shown that the irradiation creep strain, in 
p-Sic is linearly related to the applied stress, u, as shown below: 

where K is the irradiation creep constant. For an irradiation temperature of 650 “C a creep constant on 
the order of 2xlO-” ( P a - n d ) ’  was estimated. At 900 “C, an upper limit of 4x10”’ (Pa-nm-’).’ was 
inferred‘. Other experiments mentioned in Ref. 8 have confirmed the estimated results and showed that 
the temperature sensitivity of the creep constant K can be neglected. A value of K = 3x10”’ (Pa-nm”).’ 
will be used in the present analysis. 

I t  is well known that irradiation creep in crystalline solids can be explained in terms of a dislocation 
glide process which is assisted by dislocation climb. This creep mechanism depends on point defect 
concentrations as well as the defect mobilities in the vicinity of the dislocation core. The absorption (or 
emission ) of point defects at the dislocation core result in a climb process which enables the dislocation 
to move past different types of pinning centers. Therefore, one would expect a higher creep constant 
under fusion conditions, where the atomic displacements take place at higher rates, and the mobility of 
point defects is enhanced by the irradiation field. Irradiation creep can be described by the following 
relation 

€ - u(zp,ci-zp”c”) (9) 

where Z,  is the dislocation bias factor for interstitials and 0, and C, are the diffusion coefficient and the 
concentration of interstitials. Z ,  , D, and C, have the same definitions for vacancies. Under the condition 
of steady-state irradiation, defect concentrations are proportional to the defect generation rate and depend 
on other microstructural extended defects which are sinks for point defects. Assuming similar extended 
defect microstructures, the irradiation creep rate can be scaled by considering the defect generation rate 
alone. Therefore, a scaling law for the creep constant is proposed as: 

The integral ratio in Eq. (10) is found in the range 25-35 for ARIES IV first wall. Therefore the 
estimated irradiation creep constant for Sic is t IO-’’ (Pa-nm”)” under fusion conditions. 

IRRADIATION EFFECTS IN S ic  FIBERS 
Sic  fibers are produced by two methods; the polymer pyrolysis method in which a polycarbosilane 

polymer precursor material is used to obtain fibers, and the Chemical Vapor Deposition (CVD) method. 
The SCS-6 and the SCS-8 silicon carbide fibers are produced by CVD of p-Sic on a turbostatic carbon 
core. The carbon core is -40 p in diameter while the p-Sic sheath outer diameter is around 140 p. The 
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carbon core is about 8% of the fiber volume. The class of Sic fibers derived from the pyrolysis of 
polycarbosilane(PCS) are known as Nicalon fibers. Nicalon fibers are oxygen-rich, which makes these 
fiber thermally unstable at high temperatures. These fibers are -10 p in diameter. A newer class of 
Nicalon fibers. which contain less than I %  oxygen are now available. These fibers are - 14 p in 
diameter, and are cured by electron beams, which funher lower rheir oxygen-content and enhances their 
high-temperature \tability. However, CVD Sic fibers and Nicalon fibers are expected to behave 
differently in a fusion environment. In this section we review the available data on fiber irradiation 
experiments and propose constitutive equations for the irradiation creep and dimensional changes in these 
fibers. 

A. Nicalon Fibers 
Okamura et ai. l 9  presented experimental results on the neutron irradiation of Nicalon fibers. Two 

types of fibers were tested (amorphous and partially microcrystalline) in the Japanese Materials Test 
Reactor, JMTR, (E, > 1 MeV), up to 2 ~ 1 0 ' ~  n - c d  at 150 "C, and 9 ~ 1 0 ' ~  n-cm-' at 650 "C. Both 
materials exhibited significant increase in density by irradiation leading to a substantial increase in the 
Young's modulus and the tensile strength. Similar results were reported by Kohyama et al. '". The fiber 
densification under neutron irradiation IS due to nucleation and growth of p-Sic microcrystallites at the 
expense of the amorphous phase ". Therefore, the irradiation-induced dimensional change of such fibers 
may be regarded to consist of two components; a shrinkage component associated with the atomic 
ordering, and a swelling component due to the expected dislocation loop formation and helium bubble 
growth in the ordered phase. The latter is considered to be that of p-Sic but occurs in the ordered phase 
only. 

An empirical representation for the irradiation densification data presented by Okamura et al. '' may 
be written as: 

p =p,+a@ 

where p, is the initial density of the fiber material ( p. = 2.56 gem" ), a is a constant to be determined 
from the experimental data, and Q is the neutron fluence. The constant a is found to be a = 0.21/@: , 
where U& = IO" n-cm~'. I t  can be shown that the densification of fibers by neutron irradiation is saturable 
at the neutron fluence at which the entire amorphous phase is consumed. This fluence can be 
approximately taken equal to 4" , since at that level of exposure both kinds of fibers which were tested 
(initially amorphous and partially microcrystalline fibers) reached the same density level 19. The relative 
volumetric change corresponding to the densification process is then given by: 

A V = - l + p " ( p , + a ~ Z ) - ~ = - l + p o  po+o .21  - 
- V [ [ kl'] -' 

The fiber densification process under irradiation is faster at higher atomic displacement rates 
associated with the fusion neutrons. In this case, the constant Qo shown in the last equation will have 
a lower value, given by a relation similar to Eq. ( 5 ) .  Thus the linear dimensional shrinkage strain may 
be written in terms of the operating fusion flux, (I, and time, f, as follows: 
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0.21 - R 2  
1 

where R is given by: 

This equation is valid until the densification process is complete, which corresponds to a maximum value 
of shrinkage strain equal to ~ 2.4%. This value corresponds to the maximum density from Okamura's data 
1 9 ,  Under ARIES IV first wall neutron flux, this is estimated to occur after the first 28 hours of 
operation. 

There is no data reponed on the irradiation creep of these fibers. However, a reasonable irradiation 
creep constant may be taken to be equal to that of p-Sic. 

B. SCS-6 Fibers 
Experimental studies have shown that the fast densification of Nicalon fibers under irradiation results 

in fiber-matrix interface debonding 'I. To avoid this problem S i c  fibers must have higher initial content 
of crystalline Sic .  In this case slower fiber densification is expected and the integrity of the interface 
may be kept. In fact, this is the reason SCS-6 fibers are considered in the present analysis. This kind 
of fiber containes -92% p-Sic, which is desirable from the irradiation stand point. 

The carbon core in this fibers is - 8% by volume. Therefore it is not expected to contribute much to 
the irradiation creep and swelling. This statement is justified below . If we assume that the swelling of 
these fibers under neutron irradiation is controlled by the swelling of the Sic sheath, then the following 
linear dimensional changes associated with sheath swelling can be obtained for these fibers: 
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where 

The subscript tr and ar refer to the transverse (in the plane of fiber cross section) and axial directions, 
respectively, and is the volume fraction of the carbon core. In Eq. (15) the (1%) factor is considered 
since we have neglected the dimensional changes in the carbon core, and assumed that the induced 
swelling, contributed by the S i c  sheath. is uniformly distributed over the fiber cross sectional area. 
including the carbon core itself. The reason behind this assumption is that the carbon core is much softer 
in comparison to the S i c  sheath. Therefore, the swelling of the core would be suppressed by the the 
surrounding sheath. If the fiber is used in a composite, the matrix surrounding the fiber would resist the 
swelling induced by the Sic sheath only. Thus, the irradiation-induced swelling in SCS-6 fiber can be 
anisotropic. 

The irradiation creep constant for the SCS fibers can be obtained by analyzing the fiber as a 
composite cylinder. In this case the axial creep constant can be obtained as: 

The irradiation creep constant for isotropic graphite is found, both theoretically ’’ and experimentally 
”-’‘ , to be in the range (4.4 ? 1 . 5 ) ~ l O ” ~  (Pa n d ) - ’ ,  which is a factor of 5 greater then that of Sic. 
Also, since f, is considerably small, Eq. (17) can be simplified to give the fiber creep constant as 
follows: 

which means that the fiber irradiation creep is controlled by the slower creep response of the S i c  sheath. 
For the transverse direction. K ,, = K,,,. is a good approximation. 

MELASTIC CONSTITUTIVE EQUATIONS 
In this section a set of inelastic constitutive equations, which is suitable for micromechanics problem 

formulation in S i c  fiber-reinforced S i c  matrix. is developed. In addition to irradiation-induced creep 
and dimensional changes, we focus on thermal creep. The parameters representing the constitutive 
behavior, which are determined from experiments, are also listed. A cylinderical system of coordinates 
is adopted in the present analysis since micromechanical theories of fiber-reinforced composites are 
mostly based on concentric cylider models. 

I t  has been experimentally observed that SCS-6 fibers exhibit linear relationship between thermal 
creep strain and the applied stress at high temperatures”. Nicalon fibers showed a non-linear relationship 
between the stress and creep strain”, with a stress exponent of 1.9. In a recent experiemen?’ a stress 
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exponent of I .2 was measured. In the present analysis, it will be assumed that the stress strain relation 
is linear which makes it possible to apply the linear theory of viscoelasticity . Since irradiation creep 
is also linearly dependent on the applied stress, S i c  fibers can be regarded as linear viscoelastic solids 
under high-temperature neutron irradiation. For a linear anisotropic viscoelastic solid, the stress-strain 
relationship takes the form”: 

in which J,,*, are creep compliance functions which characterize the time-dependent response of the 
material and I is the time at which the strains are evaluated. If other non-viscoelastic strain components 
such as thermal expansion and irradiation-induced dimensional changes are present the stress-strain 
relation becomes: 

where the superscripts s and th represent swelling and thermal expansion, respectively. By virtue of the 
linearity of the stress-strain relationship, the compliance function JuM can be decomposed into three 
components; the elastic, thermal creep and irradiation creep components, as below: 

The last two equations are used to formulate the constitutive equations for CVD Sic matrix, Niealon 
fibers and SCS S i c  fibers in this section. 

A. Constitutive Equations for SCS Fibers. 
It has been previously mentioned that SCS fibers are expected to be transversely isotropic from the 

point of view of irradiation creep and swelling. Proposed inelastic constitutive equations for SCS fibers 
are written in the form: 
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where E,,, is Young's mudulus and vscr is an effective viscoelastic Poisson's ratio. The first term to 
the right hand side of any of Eqs. (22) is the elastic (prompt) component of the strain, while the integral 
term represents the hereditary component. In writing down these equations, it has been assumed that the 
Poisson's ratio is independent of time. This assumption is also applicable for Nicalon fibers and CVD 
Sic .  J ,  and J,,are the axial and transverse creep compliance functions of SCS fibers, which are 
given by: 

1 J 1, =- +Ksi,#+Cscs(r)tP 
ESCS 

where the first term in the above equation is the elastic compliance, the second term is the irradiation 
creep compliance and the third term is the thermal creep compliance. C,,,(T) is a function of 
temperature, and given by Dicarlo and Morscher '' as: 

in which AScs = 13.1 12 , p = 0.36 and, for stress in MPa, time in seconds and T i n  K. Figs. 10 and 11 
show the estimated creep compliance of SCS-6 fibers in ARIES 1V first wall conditions at 1000 "C and 
1200 "C, respectively. It is noticed that thermal contribution becomes important over 1000 "C (Fig. I I ) ,  
while the irradiation component dominates the creep response of this material at lower temperatures (Fig. 
IO). The difference between the axial and transverse creep functions is small sincef, in Eq. (23) is small 
V; 4.08). However, this difference may be important for the time-evolution of internal mismatch stresses 
in Sic-Sic  composites, which influences the deformation and fracture behavior of Sic-Sic  materials. 
The time-dependent dimensional changes associated with fiber swelling, E', are given by: 
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6. Constitutive Equations for Nicalon Fibers. 
Nicalon fibers are considered isotropic. In this case, the inelastic constitutive equations are written 

as: 

where E , ,  and vv,, are the Young’s modulus and Poisson’s ratio of Nicalon fibers. JN,lc is the total fiber 
compliance, which is written as: 

1 J Nic = - + KSi# + CNic( r)t 
ENic 

where C,,,(T) is given by’*: 

in which A , ,  = 8.316 , m = 0.4, for stress in MPa, time in seconds and T i n  K. Figs. 12 and 13 show 
the creep function of Nicalon fibers in ARIES IV first wall above a 1000 ‘C. The time-dependent 
dimensional changes associated with shrinkagehwelling of Nicalon fibers are given by: 

where the first term represents the shrinkage given by Eq. (13) and the second represents the swelling 
component in the ordered phase andf,,,(r) is the fraction densified at time f .  It must be noticed that the 
thermal creep components for both Nicalon and SCS fibers are operable starting at temperatures above 
1000 “C, while the irradiation component is fairly independent of temperature. 





C. Constitutive Equations for CVD Sic 
CVD S i c  has been tested in compression by Carter and Davis ’’ in the temperature range 1550 “C - 

1750 “C and in bending by Gulden and Driscoll ’’ in the temperature range 1200 “C - 1500 “C. Gulden 
and Driscoll interpreted the creep of CVD S i c  in term of Nabarro-Herring creep mechanism which 
follows a linear V IS CO US  deformation law of the form? 

t =  3 ,  3uDQ t = cs;c(T)uf 
kTd 

where a is the applied stress. D is the diffusion coefficient of the rate-controling species, n is the atomic 
volume, k is the 13oltzmann constant and d is the grain size. Carter and Davis observed a power law 
behavior, for which the creep rate is written as’’: 

i - o”exp( -QIRT) (31) 

which represents a dislocation creep mechanism. Q is the acivation energy and A is the gas constant. In 
the present analysis the data of Gulden and Driscoll lo is analyzed and compared to the thermal creep 
data of SCS-6 and Nicalon fibers obtained by Dicarlo and Morscher” (Figs. 14 through16). It is observed 
that the thermal creep rate of CVD S i c  matrix is a few to several orders of magnitude slower than that 
of SCS and Nicalon fibers below 1500 “C. The constltutive equations for CVD Sic are written as: 

where the irradiation-induced swelling is given by Eq. (16) and 
which is given by: 

is the compliance of CVD Sic ,  

1 J Sic =-+Ksj&t+CsjJT)t 
E,, 

(33) 

in which C,sj,.(T/ is defined in Eq. (30). The constitutive shear relations are written as: 
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(for i t j ) .  G,,, is the shear modulus of S i c  and Y,,, (t) is the creep compliance of that material in shear, 
which is readily obtainable from the compliance JSc  and the poisson's ratio as follows: 

 lo-"^^"'^""'""""'^"'""'.^'.'^ 
5.7 5.75 5.8 5.85 5.9 5.95 6 6.05 

1410 1380 1450 
T, OC 1466 

Fig. 14. Thermal creep data of CVD-Sic obtained by Gulden and Driscoll [ Ref. 301. 
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Fig. 15. Comaprison of thermal creep rates of CVD-Sic [Ref. 301, Nicalon and SCS-6 fibm[Ref. 281 
at 1100 "C. 
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Fig. 16. Comparison of thermal creep rates of CVD-Sic [Ref. 301, Nicalon and SCS-6 fiben[Ref. 281 
at 1400 "C. 
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CONCLUSIONS 

Even though the data base for irradiation effects on S ic  and S i c  fibers under fusion conditions is 

not available, an effort is made in this paper to develop constitutive equations for its mechanical 

behavior, on the basis of available fission reactor data. Phenomenological and empirical models are used 

to describe the stress-temperature-time-deformation characteristics of the composite. The work could be 

useful in a number of ways: ( I )  stimulate conceptualization of proper experimental conditions to test the 

irradiation response of these materials, (2) give first-order estimates of possible mechanical behavior in 

the fusion environment, (3) help in the formulation of proper micro mechanical models to study the 

overall constitutive behavior of Sic-Sic composites and to study slow crack growth and fiber pull-out 

under irradiation. 

Based on the results for swelling and irradiation creep, two other conclusions are drawn. Firstly, the 

time scale for loop swelling in CVD Sic  matrix and SCS fibers is of the order of a few hours, which 

means that an SCS(fiber)-CVD Sic  (matrix )composite would undergo significant changes in the internal 

mismatch stresses very early during service. This requires careful determination of the initial mismatch 

strains. The same conclusion is also applicable to the initial densification process of Nicalon fibers. 

Secondly, the total creep compliance for S ic  fibers is dominated by thermal creep above 1000 "C, while 

irradiation creep dominates below this temperature. In a fusion reactor, where the structure temperature 

is below 1000 "C, the response of the composite will be mainly determined by irradiation creep and 

helium swelling. 

FUTURE WORK 

The developed phenomenological equations will be used in conjunction with micro-mechanical 

models of cracks, bridged by creeping fibers, to determine the conditions for sub-critical crack growth 

under fusion conditions. 
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Tritium transport and retention in silicon carbide - S.W. Tam, J. Kopasz, and C.E. Johnson (Argonne 
National Laboratory) 

OBJECTIVE 

The objective of this work was to develop a theoretical framework that would serve as an analytical 
tool for describing trapping, diffusion, and desorption of tritium from vapor deposited silicon carbide. 

SUMMARY 

A theoretical framework describing trapping, diffusion and desorption of tritium from vapor- 
deposited 0-silicon carbide has been proposed and an analytical version of this model was derived. This 
analytical model was used to extract trapping, diffusion, and desorption parameters from a limited part of 
the experimental data set. The resulting parameter-free model was then used to test its predictive capability 
by calculating the time-dependent release behavior for the high temperature regimes. General agreement with 
the release data was found supporting the suitability of the present approach. Tritium trapping was found 
to be strong. Both bulk diffusion and surface desorption make comparable contributions to tritium release 
from the silicon carbide. Improvements beyond the present analytical model to include dynamical detrapping 
can be achieved with the proposed framework. 

PROGRESS AND STATUS 

Introduction 

Silicon carhide(SiC) has been proposed for application in various areas of fusion reactor 
technology, ranging from structural materials [ I ]  to tritium containment barriers [Z]. In most applications, 
the silicon carbide is likely to be in close proximity to tritium in its various forms. Therefore, 
understanding the behavior of tritium in S i c  is of interest to fusion technology. Recent literature reports 
on tritium release from and dissolution in vapor-deposited 0-silicon carbide have provided extensive data 
on the behavior of tritium in this form of material [2]. Depending upon temperature of the annealing 
experiment[2], the amount of the tritium released, expressed as a fraction of the quantity of tritium originally 
present, approaches a constant value substantially less than one (0.4-0.60) after 3000 to 4000 seconds. This 
seems to indicate that a substantial amount of the tritium remains trapped in the b-silicon carbide samples 
despite extensive high temperature anneals. The presence of such strong traps is very different from the 
behavior of tritium in most lithium ceramics which are being considered as tritium breeders for fusion 
technology. For most lithium ceramics, such as lithium oxide, tritium release is relatively rapid and the 
final tritium inventory is typically low [31. Despite the fact that the vapor deposition method leads to 
sample materials that are very near theoretical density, this lack of porosity is unlikely to be the primary 
reason that tritium species find it difficult to migrate out of the solid as the samples only have a thickness 
of 80 pn [2, 41. 

A theoretical framework has been constructed that describes the tritium transport processes in vapor 
deposited silicon carbide wherein trapping in the bulk is an important component. Diffusion and surface 
desorption processes are also included. Use of this model leads to analytical results which are particularly 
suited for analysis and understanding of time dependent behavior involving many process parameters that 
cannot be known a priori. Included i n  this model beside a description of the transport process there is also 
a statistical mechanical analysis of the trapping phenomenon. A careful discussion of how the quantity 
'fractional release' should he defined by looking at how this same quantity has been determined 
experimentally completes the description of the model. The model was utilized to analyze and to understand 
the available experimental data. The characteristics of the trap were determined. The transport parameters 
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were determined using release data at only two temperatures ( 1200 ‘C and 1300 “C ). The model was then 
tested in a predictive mode on the detailed time dependence of the tritium release process at a higher( 1500 
‘C) temperature. The merits and limitation of the model in the light of the confrontation between theory and 
data were discussed. 

One of the main characteristics of the tritium release data from vapor deposited S i c  in isothermal 
anneal experiments is that the fractional release seems to reach a saturated value significantly below unity. 
This seems to indicate at various temperatures substantial fraction of the tritium is unable to escape from 
the vapor-deposited S i c  materials. Strong traps for tritium species in this type of materials would provide 
a natural explanation [ 2 I .  A general description of this class of transport process can be formulated in 
terms of a diffusion-trapping-desorption model. The bulk diffusion process is described with the following 
equation; 

an,- d2n, 
at a x 2  
- -D- +Kdnt-K,nf 

where nt is the fraction of mobile tritium in the solid, n, is the fraction of trapped tritium, D is the diffusion 
coefficient for the mobile tritium, and I<d and Ka are the detrapping and trapping rate constants respectively. 
Note that within the present model the trapping and detrapping processes are assumed to be first order. The 
dynamics of the trapping/detrapping process are described by the following equation; 

( 2 )  

There is no diffusive term for n, since one expects that the trapped tritium would be immobile 
within the time frame of the experiments. At the surface of the crystal a first order desorption process is 
used to model the departure of the tritium from the S i c  surface into a He+ 0.1% Hydrogen purge gas stream 
[ 2 1. The model assumes that the purge gas flow is efficient in removing the tritium from the solid and, 
therefore, it is not the rate-limiting step in the dynamics. This type of argument fixes the boundary condition 
for equation I to he of the following form: 

(3) 

where K,,, is the surface desorption rate constant. This set of coupled equations together with the initial 
conditions which specify the distribution of n,and n, at time t = 0 would give a general description of the 
transport, retention and release of tritium from vapor deposited silicon carbide. However this general model 
is composed of coupled partial and ordinary differential equations which contain no less than four transport 
or solid state reaction parameters, namely D,q,K, and be$. These four parameters are in Arrhenius form, 
each having its own unknown preexponential and activation energy factors. Practical application of this 
model towards understanding the available tritium release data [2,4] would be nontrivial at best. To make 
further progress one needs to derive a well-justified approximation to this general model. This simplified 
model would be described below with a careful discussion of its physical basis. 

By adding equations 1 and 2 one obtains the following equation; 
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a a2n, 
- (n f+nt)  =D- 
a t  ax2 

( 4 )  

Note that at this point equation 4 is still 'exact' within the general model. No approximation has yet been 
made. However, as it stands, equation 4 is not useful because one does not know the relationship between 
n,and n,. To proceed further one needs to introduce a 'closure' relation between n,and n,so that equation 
4 becomes solvable. There are two limiting cases to our general model in which this closure relationship 
can be derived. We shall discuss each of them in turn and utilize the physics of the release data to settle 
on the choice. 

If the diffusion process is slow compared to the trapping-detrapping process then local equilibrium 
between the mobile and the trapped tritium would be maintained at all times within the silicon carbide as 
tritium migration proceeds. This equilibrium relationship is given by the following equation; 

Where nT = (n,+ n,)  is the total tritium present in the solid, N,is the total number of traps, N, is the total 
number of interstitial sites in which tritium is mobile, and E,is the trap binding energy. P i  n,hr represents 
the probability that a tritium is mobile. With the relation expressed in equation 5 one could rewrite equation 
4 in the following form; 

Here D,, can be regarded as the effective diffusion coefficient of the tritium and is defined by 
D,,,=DP,. Physically equation 6 describes the diffusion of the entire tritium population in the solid as if there 
is no trap present but with a apparent diffusion coefficient D,, that has a decidedly nonarrhenius character. 
More importantly, as the tritium is released from the silicon carbide the trapped portion of the tritium 
population (i.e. n,) would continue to be depleted via detrapping into the mobile state so as to maintain the 
required equilibrium between the mobile and the trapped tritium population. In  this way the entire tritium 
content would be depleted eventually. Experimentally one should observe the fractional release as a function 
of time to approach a plateau of the value one. However this is in substantial contradiction to the observed 
behavior of tritium release from Sic [21. As discussed in the introduction, the fractional release at 1300 "C 
saturates at around 0.61. Similar behavior has been observed at other temperatures [2,4]. This implies that 
substantial fraction of the tritium population was held immobile in the solid during the entire annealing 
experiments. Therefore, the underlying assumption of equation 6 must be incorrect. That is, the mobile 
and the trapped tritium cannot be in equilibrium with each other during the entire release experiment. This 
leads to the other limiting case to our general model. 

If the diffusion process is fast compared to the trappingldetrapping process, and that the traps are 
strong traps then n,is only in equilibrium with nTat t=O, the beginning of an experimental run. Subsequently, 
the only tritium that would be released is that already in the mobile state at the beginning of the experiment. 
In this model, all the mobile tritium would be released at long time at the end of the experiment. But the 
trapped tritium would remain trapped throughout the course of the experiment. This would provide a natural 
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explanation of the saturation of the fractional release data that are much below 
unity. Thus within this model the release process is described with this equation; 

Note that only the mobile tritium is involved in this equation. Likewise the desorption boundary condition 
involves only the mobile component of the tritium population at the surface. Equation I has the following 
analytical solution [ 5 1 ;  

where n&O) is the mobile tritium present at the beginning of the experiment, pmis the nosolution (n=0,1,2. ... ) 
to the equation Ptan(P)=L. L=I&,JD, and I is the thickness of the Sic slab which in the present case is 
40 PIN 2 1.  

The initial condition is a uniform distribution of tritium, n&O), which is determined by the 
equilibrium between trapped and mobile state at temperature T of the particular release experiment. In the 
experimental approach the sample is brought to the furnace already at temperature [2,4]. Thermal 
equilibrium would be achieved in a short time but not instantaneously. So in the application of the present 
model only release data obtained at time 250 seconds or more after the start of the experiment would be 
utilized. 

As it stands, equation 8 cannot yet be used to analyze the experimental data since the fractional 
release data was not normalized to nXO) as was assumed in equation 8. The experimental normalization 
factor was obtained by first performing the release experiment (say at 1300°C) until saturation occurs. Then 
the temperature of the system was raised to 1600 “C and all the releasable tritium at that temperature was 
collected and the sum total of the amount collected at both 1300 and 1600 degrees then is used as the 
normalization factor. The key is that the amount collected at 1600 degrees may represent most but not 
necessarily all the tritium remaining in the system. 

Using equation 5 and the present discussion the correct renormalization factor R(T) at temperature 
T within our model is given by 

where P&T) is simply the value of Pf evaluated at temperature T. Using this renormalization factor and 
equation 8 one finally obtains the fractional release F,,within our model. This is the quantity to be compared 
to the experimental data. 
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Equations 5 .  8.9, and I O  represent the principal results of this paper. They are analytical in nature 
and therefore relatively easier to utilize. They are expressed in terms of the diffusion, desorption parameters 
and the trap characteristics ( i.e. binding energy and concentration). In the next section this model would 
be utilized to extract these parameters and the predictive capability of the model would be determined. 

Results and discussion 

The present model implies that when the experimental release data as a function of time reaches 
a plateau it indicates that the mobile tritium has been released ( relative to the normalization factor discussed 
in the last section). This means that the experimental value of the fractional release at saturation should 
be described by equation . The two data points at 1200 C (at 4000 seconds) and at 1300"C( at 2800 
seconds) were utilized in conjunction with equation to obtain a trap binding energy of 1.61 eV with a trap 
fractional concentration of 2 . 1 6 ~ 1 0 ~ ~  , The energetics indicates fairly strong traps for tritium with a 
reasonably high trap concentration which is 
consistent with the fundamental thesis of the 
model, namely that trapping is strong and is 
important in the release of tritium from vapor- 
deposited B-Sic. A plot of the fraction of 
mobile tritium, P,is shown in Figure 1 .  A clear 
non-arrhenius behavior can be seen throughout 
the plotted temperature range of 1000 "C and 
1700 "C. Note that at 1600 "C most (over 90%) 
hut not all of the tritium is mobile. This supports 
the notion discussed in the last section that 
caution is needed in analyzing fractional release 
data since it depends on the way the results are 
normalized. 

p r e  1 Fraction of mobile tritium versus 
~ 

reciprocal temperature ( OK-' ) 

Once the trap characteristics have been 
determined, one can utilize the tritium release spectra at 
two temperatures ( eg. 1200 "C and 1300 'IC) and equation 
10 to extract the diffusion and desorption parameters D 
and K, respectively. Figure 2 indicates excellent tit to 
the data has been obtained with the following results for 
the two transwrt parameters, where D = 1.688~10-~ exp(- ' 1.11 eViK,T) c> per sec., &, = 0.0322 exp(-I.i74 
eVIK,T) cm per sec, and KB is the Boltzmann constant 

igure 2 Calculated release curve fitted to 
I p i p 3 c p  A-+- -t I?M or I nlr.,P . 
llll".," U U L U  "L ._I"" .- , l".lY *YL , -  ~ 

and T is temperature in degree Kelvin. calculation; circle - data [ 2 ] ) 
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A plot of log D with respect to the inverse temperature is shown in Figure 3. The diffusivity lies 
between the range of 10.' and IO8cm'per sec in the temperature range of 1100 to 1600 "C. This indicates 
relatively rapid diffusion which is not surprising at such high temperatures . The range of values is in- 
between several sets of data on tritium diffusion in Sic reported i n  the literature [61. The result is consistent 
with the physical basis of the present model which postulates that diffusion is fast relative to 
trapping/detrapping. 

More importantly the determination of D and K,,, allow one to estimate L. Physically L is a 
measure of the relative contribution of diffusion versus desorption to the transport process of tritium in 
silicon carbide. A large value of L (say, I O  or larger) would indicate diffusion-limited process while a small 
value( say 0.1 or smaller) would suggest surface desorption to be rate-limiting. If L is of the same order 
of unity then one may say both processes are important and no one process is dominant. Figure 4 indicates 
that throughout the temperature regime of interest. L is of the order of unity. This suggests that for the 
present system diffusion and desorption processes are of comparable importance. Note that the system size 
1 enters into the consideration for L. In the present case a small diffusion distance of 40 pm plays a part 
in rendering diffusion not to be the dominant process. 

With the determination of all the trapping and 
transport characteristics, the present framework becomes 
a model with no adjustable parameters . In  order to test 
its validity, the model was then applied to estimate the 
complete time dependent release behavior of tritium from 
silicon carbide at a higher (I500"C )temperature regime. 
The comparison with experimental data [2,4] is shown 
in Figure 5 .  

p r e  3 Diffusion coefficient D versus 
reciprocal temperature ( "K-' ) 

The agreement with experiment is very 
good up to about 2000 seconds into the release 
process. Thereafter there appears a relatively 
small( a maximum of 15%) but systematic 
deviation between theory and experiment. To 
understand this point one recalls that the present 
theory is based on the assumption that no trapped 
tritium would be released during the entire 
experimental run. The amount that is releasable 
can only come from tritium that is already mobile 

igure 4 The parameter L = 1 K,,, I D versus 
reciprocal temperatures ( 'K~' ) 
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near the start of the experiment. This argument is likely to work very well for lower temperature release 
(eg. those at 1300 "C or below). Indeed, the present direct calculations have confirmed this. However, for 
higher temperatures( such as at I500"C) one would expect, on physical grounds, that as the mobile tritium 
was depleted detrapping would become increasingly strong. This effect would become increasingly important 
in the latter stages of the release. As a result the good agreement between theory and experiment would 
diminish. This corresponds precisely to the observed behavior. To remedy this effect one would need to 
describe the actual dynamics of the trapping/detrapping process. This is already incorporated within the 
general framework as represented by equation 1 and 2. Thus, should high levels of accuracy be required 
in future analysis (say better than 15%), the general model is already available as presented here. However, 
the computational effort required would be substantially more than is allowed by the approximate version 
used in this work. At the same time. the relatively small deviation between our analytical model and 
experimental data clearly indicates that the dynamical detrapping effect, while not negligible, is not likely 
to he an overwhelming part of the process. 

Conclusion 

10 I i i 0 1 0 9  

Figure 5 Calculated release curve ( with no 
adjustable parameter ) compared to data at 
1500 "C ( solid curve - calculation; circle - 
data [ 4 1 ) 

A general theoretical framework for describing 
trapping, diffusion and desorption of tritium from vapor- 
deposited p-silicon carbide has been proposed. An 
approximate analytical version of this model was 
derived. The model develops from the assumption that 
diffusion is fast relative to trapping/detrapping, an 
assumption that is based on features of the available 
experimental release data. This analytical model was then 
used to extract trapping, diffusion and desorption 
parameters from a limited part of the experimental data 
set. The resulting parameter-free model was then tested 
against other parts of the data sets. Calculations were 
performed with no adjustable parameters to obtain time- 
dependent release behavior at the high temperature 
regimes. Good general agreement with the release data 
was found. This provides supports for the general 
validity of the present approach. The results indicate 
that trapping is strong in vapor-deposited p-silicon 
carbide. Both diffusion and surface desorption plays a 
comparable role in tritium release from this material. A 
15% underestimate of the fractional release data was 
observed for the high temperature case at the long time 
limit. It was argued that this deviation between theory 
and experiment arose from dynamical detrapping effect 
which was neglected in the analytical model. However 
the deviation though not negligible, nevertheless does not - _ _  

represent a large effect thereby suggesting that dynamical detrapping cannot be an overwhelming part of 
the release process even at the higher temperature regime. It was suggested that for a proper inclusion of 
dynamical detrapping it is necessary to return to the general framework originally proposed. 

FUTURE ACTIVITIES 

Future activities would include an implementation of the full dynamical model as contained in 
equation ( 1 ) and ( 2 ). The nature of the traps in Sic for tritium as discussed here would be investigated 
via ab initio quantum cluster calculations. 
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RADIATION-INDUCED CHANGES IN ELFXTRIC, DDXFXXRIC AND OPTICAL PROPERTIES OF 
CERAMICS -- S J. Zinkle (Oak Ridge National Laboratoty) 

OBJEKTIVE 

The objective of this study is to review published data on several key physical properties of ceramic 
insulators. 

SUMMARY 

The data base on radialion-induced changes in the electric and dielectric propenies of ceramic insulators is 
reviewed. Ionizing radiation causes a prompt increase in the electrical conductivity that is generally 
proportional to the ionizing dose rate. The precise magnitude of the radiation induced conductivity is 
sensitive to the detailed manufacturing process and impurity content. The conflicting evidence regarding 
the possibility of permanent radiation induced electrical degradation (RED) is summarized. Further work is 
needed to define the physical mechanism and practical operating limits of the N E D  phenomenon. 
Displacement damage associated with neutron irradiation produces significant increases in the rwm 
temperature dielectric loss tangent of oxide ceramics for fast neutron fluences above 1 ~ 1 0 ~ ~  n/m2 
(-0.001 dpa). A brief summary of the effects of irradiation on the optical properties of ceramics and silica 
optical fibers is also presented. 

PROGRESS AND STATUS 

1. 

It has long been known that the electrical conductivity of insulating and semiconducting materials can be 
dramatically increased by energetic radiation, due to the excitation of valence electrons into the conduction 
band. The phenomenon of radiation induced conductivity (RIC) was apparently fist discovered in 1873, 
when the semiconductor selenium was observed to become more conductive during exposure to light 111. 
Similar photoconductivity experiments on different insulating materials followed around the turn of the 
century using X-ray 121 and gamma ray 131 sources. Radiation induced conductivity was subsequently 
observed to be a general phenomenon in insulators irradiated with ionizing radiation, including electron and 
alpha particle sources L4.51. Despite these early experimental observations, a sound theoretical 
understanding of RIC incotprating the general features of carrier excitation, trapping and recombination did 
not occnr until the 1950s when models by Rose [61 and Fowler [7] were published. There are numerous 
books and review articles devoted to photoconductivity and RIC [8-151. The term photoconductivity has 
historically been limited to induced conductivity associated with photon radiation sources, i.e., light. X- 
rays and gamma rays, whereas RIC is the more general term for any type of ionizing radiation source 191. 

Accurate measmment of RIC in ceramic insulators requires several experimental precautions. A suitable 
guard ring geometry 1161 is required to minimize surface leakage currents. However, it should be 
recognized that significant surface leakage currents may occur during irradiation even when guard rings are 
utilized, due to the deposition of conductive surface films from the surrounding atmosphere [171. 
Ionization of the surrounding ahnosphere can produce spurious currents unless the pressure is below about 
0.1 Pa, and the maximum ionization currents occur at intermediate pressures of -10 to 100 Pa [18]. This 
gas ionization is a particularly difficult problem for fission reactor RIC measurements. The measured 
radiation-induced current depends strongly on the behavior of the metallic electrodes that are in contact with 
the insulator 19-12], Two general categories of electrcde behavior are possible. depending on specimen 
surface preparation, the method of elecuode deposition, and the relative work functions (electron affinities) 
of the electrode and insulator. Many vacuum-deposited metals act as blocking electrodes (also known as 
rectifying contacts) at low and intermediate field strengths, i.e., charge carriers are not easily transferred 
from the electrode to the insulator, but charge carriers may he removed from the insulator by the 
electrode [I l l .  This can lead to the formation of Schottky barriers at the electrode-insulator interface. The 
preferred contacts are ohmic electrodes, which produce a linear relation between current and voltage. 

. .  
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However. all ohmic contacts tend to inject excess charge carriers into the insulator when the applied elestric 
field exceeds a certain value 19.101. This leads to space-charge-limited current flow and non-ohmic 
behavior. RIC acsocialed with ionizing radiation tendc to increase the upper lunit of the elecuic field for 
ohmic bchavior by reducing spacc-charge effects in the insulator. In practice. ohmic behavior must be 
experimentally verified (with and without ionizing radiation) in both the forward and reverse current 
dirrction &Ermine the allowable range of electric fields. 

. .  1.1 p 

Any source of radiation that is sufficiently energetic to ionize the atoms in a ceramic insulator by 
impaning kinetic energy to the valcnce elcclrons in excess of the band gap energy (typically a few eV) can 
produce radiation induced conductivity. Many of the ionized electrons and acsociated holes recombine 
within -10" s in the vicinity of their parent ion and do not contribute to any current flow (geminate 
recombination) 1121. I&xuons and holes that escapc geminate rewmhin3tion can diffuse undm an applied 
electric field and produce RIC. Suuctural imperfections in the cryshl, such as impurities. c r a w  uapping 
sites for the diffusing elccuons and holes wbcli  funher modifies the KIC behavior. Two types of lnpping 
sites are possible: recotnbinariun cenwrs, when: the capfurd charge canier recombines with a canier 0 1  
opposite charge. and trapping cenlers, where a charge carrier is temporarily captured .and is Illemall) 
reexcited into the conduction band before recombination occurs 110, 121. The demarcation between 
recombinalion and lrupping cenlers is approximalely the Fermi energy level (I$). Electrons caplured in 
sites more than Et. from the conduction band will generally experience recombination with a hole since 
lbermal reexeilatiun into the conduction band is negligihle. whereas electrons lying in sites within El from 
the conduction hand will gencrally be thermally cxcited back into the conduction hand kforc rwomhination 
occurs and are thmfom temporary trupping cenlrrs 1101. 

There is a large dala base on the insfanmeour incrcasc in elecuicd conductivity of ceramics induced by 
exposure 10 ionizing radiation 19, 12-15, 18-341. 'lhe high mobility and capture cross sections of elccwons 
and holes in the conduction band generally results in rcci)mbination of the ClecUOn-hole pairs created by 
ionizing radiation within s 1121. I l ene ,  RIC measurcmenlc must he performed in-situ while the 
specimen is being irnadiated. The e l ~ u i c a l  conductivity of the ceramic generally r c v m  to a v d u u  \'cry 
near its pmirradiation value immcdiafely after the inadintion source is turned off 112. 18. 281, although in 
some cases the time consmt for decay of the KIC can be seconds or days [ l l .  351. l h i s  delayed 
conductivity is due to thermal emission of charge carriers from frapping cenlers which arc located near the 
Fermi energy level ("deep uaps"). 

F i g m  1 shows a typical example of the temperature-dependcnt RIC of alumina measured during exposure 
to ionizing radiation [261. The RIC is only weakly dcpcndent on temperature at low irradiation 
temperatures, which is an indication of predominantly deep mpping sites. Various studies have obsencd 
either a slight increase 125.26. 30,331 or decrease 1251 in the KIC with increasing temperature in the rang 
of 25 Io 4WC. At high irradiation temperatures. the KIC curve gradually merges with the nonirradiatd 
elecaical conductivity cune. 

' h e  electrical conductivity mcasured during irradiation can generally be described hy the simple power law 
relation 

( 1 )  o = Q , o . K R  6 , 

where do is the conductivity in the absence of irradhtion, K is the ionizing dose rdte, and K and 6 are 
constants which depend on the material and irradiation conditions (6, 12, 14. 241. The proponionality 
consrant K bas typical room temperature values of l o 1 *  to I O 9  s/(Gy Q m) for ceramic insulators. lhe 
dose rate exponent 6 has been observed to vary between 0.5 and 1 for most materials 19, 10. 12. 151. 
Sevcral experimental studies have shown that the delailed behavior of 6 depcnds on both rcmperatm and 
defect concenmtion 110, 14,25.26. 32,331, with r e p m d  values as low as 0.5 and as high as 3 to 5.  lhe  
supralinear behabior is generally only observed over a narrow range of ionking fluxes 110,331 'lheMeljCal 
malels inwrponting multiple mp levels have been dcvelopcd to explain the different dose rate rusponscs 
110, 12. 251. 
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Fig. 1. Electrical conductivity of polycrystalline 
alumina vemus reciprocal temperanue, with and 
without ionizing radiation 1261. The 18 MeV 
proton ionizing dose rate given in the originally 
published paper has k e n  corrected using the 
revised dose. rate relation 1 nA/cm2 = 21 Gyls 
i331. 
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Fig. 2. Radiation induced conductivity of pure 
oxide ceramics measured during irradiation near 
room temperature [18,24-28,32,331. AU of the 
measurements were made on AI203 except for 
Hodgson and Clement [32] and Pells [33] which 
were made on MgO and MgN2O4, respectively. 
The data by Famum et al. [281 are previously 
unpublished results on a specimen irradiated at 
25'C to l o 3  dpa with 3 MeV protons. 

Figure 2 summarizes RIC data that has been obtained on high-purity Al2O3, MgO, and MgAl2O4 during 
irradiation near room temperature [18,24-28, 32,331. The room temperature conductivity in the absence 
of radiation was Slm in these materials. It can be seen that the RIC for these three oxide insulators 
is approximately proportional to the ionizing dose rate (6-1) over a very wide range (10 orders of 
magnitude) of ionizing flux. The precise magnitude of the RIC depends on the concentration and nature of 
impurities in the ceramics, which act as trapping and recombination centers for the electron and hole charge 
carriers. For example, Klaffky et al. [25, 291 observed that the RIC in single crysrai A1203 (sapphire) was 
decreased by more than an order of magnitude by the addition of 0.03 wt% Cr203. On the other hand, 
Gouldmg et al. [18] found similar values of RIC in pure sapphire and polycrystalline A1203 containing 
between 0.02 and 3 wt% impurities. Hence, the most important factor for charge carrier trapping is not 
necessarily the bulk concentration of the impurity but rather its spatial distribution and chemical bonding 
state (valence, etc.). Prolonged exposure of a sample to radiation sources that produce displacement 
damage generally has been found to produce a decrease in RIC, due to the creation of point defects and defect 
aggregates that act as charge carrier trapping or recombination centers [15, 17, 20, 28, 29, 36, 371. For 
example, the RIC data by Famum et al. [28] in Fig. 2 was obtained on a sapphire specimen irradiated with 
protons at room temperature to a damage level of about dpa and had about a factor of 40 lower RIC 
than the virgin material. The apparent exception to this behavior is radiation induced electrical degradation 
[36], which only occurs if a sufficiently large electric field is applied during the irradiation, and will be 
discussed in the following section. 

Most RIC studies performed to date have only considered the overall magnitude of the ionizing radiation, 
and have assumed that the spatial distribution of the ionization is not important. There is some theoretical 
[38] and experimental [21] evidence that the prompt RIC may be. less in insulators exposed to denscly 
ionizing radiation sources compared to diffuse or weakly ionizing radiation. due to enhanced electron-ion 
geminate recombination. However, the overall effect of ionization density appears to be small, since there 
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is no correlation between ionization density and FUC behavior for high purity A1203 irradiated with X-rays, 
gamma rays, electrons, protons, and neutrons (e.g. Fig. 2) 118. 24-28]. 

1.2 Permanent Electrical C o w r m  C h a w  

There have been numerous studies of the effect of prolonged irradiation on the electrical conductivity of 
ceramic insulators. Under certain irradiation conditions. it is possible to inject charge carriers into the 
insulator and thereby increase the postirradiation electrical conductivity for a limited period of time [I I]. 
However, prolonged irradiation without an applied electric field generally produces either no change or a 
moderate decrease in the postirradiation elecrrical conductivity compared to the preirradjation value [IS. 17, 
20. 28, 29, 36, 37, 391. The decrease in conductivity occurs in specimens subjected to displacement 
damage, which produces !sapping sites for the charge carriers. 

Several recent studies indicate that severe permanent increases in the electrical conductivity of ceramic 
insulators may occur during extended irradiation if an electric field is applied dnring the irradiation [36,37, 
40-491. This radiation induced electrical degradation W) apparently develops in oxide ceramics at 
moderate temperatures of about 200 to W C  after irradiation to rather low damage levels of to 0.1 
dpa. RIED has been reported for single crystal and polycrystal AI203 136. 37, 40-491. MgO [401 and 
MgAIzO.4 [37] irradiated with electric fields greater than about 20 V/mm. The effect of RIED is to increase 
the base conductivity (cro in eq. 1). Some studies have reponed permanent postirradiation electrical 
conductivities >lo4 S/m in degraded samples [37], which could severely limit the usefulness of ceramic 
insulators in radiation environments. 

Significant degradation in the electrical resistivity of e l m n  irradiated AI203 has been reported for electric 
fields as low as -20 V/mm, and the d e m o n  process is accelerated if the electric field is greater than -75 
V/mm [43, 441. It is worth noting that most insulator applications in nuclear radiation environments 
require continuously applied electric fields of 10 to loo0 Vlmm [e& IS]. In contrast to the well-known 
phenomenon of electrothermal dielectric breakdown in nonirradiated ceramics 1501, RIED has been reported 
to o c a  not only in dc electric fields, but also ac fields up to at least 126 MHz [43,44]. 

There is apparently a smng temperatnre dependence to the RIED process, with the largest degradation in 
insulators such as AI203 occurring near 450'C [15,45,461. Little or no degradation has been observed in 
AI203 or Y2O3 for neumn doses of 0.01 to 0.5 dpa at temperatures of 615 to 11WC with an applied dc 
electric field of -40 to 150 V/mm [51-54]. Similarly, R E D  was not observed in MgA1204 or AI203 
irradiated with 18 MeV protons at temperatures %WC [ S I .  Electron irradiation studies indicate that the 
lower temperature limit for RIED in A1203 is about 15o'C [461. whereas proton irradiations conducted at a 
somewhat higher damage rate found that significant levels of R E D  did not OCCLU if the irradiation 
temperature was below -3WC [37]. R E D  was not observed in 4 2 0 3  irradiated with fission neutrons at 
80'C up to -0.11 dpa with an applied electric field of 130 V/mm 1561. 

The phenomenon of R E D  has only been observed in specimens subjected to radiation sources which 
produce displacement damage, which suggests that the physical degradation mechani i  involves some type 
of point defect aggregation. Unfortunately. the physical process responsible for the electrical degradation 
remains uncertain. Hodgson [36,4247] has suggested that colloid (small metallic precipitate) formation 
may be the cause, based on optical microscopy, the general temperatnre and dose rate dependence of the 
process, and optical absorption (F and F+ center) measurements. However, transmission electron 
microscopy has failed to detect colloid formation in either degraded or nondegraded samples ifradiated with 
an applied electric field [49, 55,571. Furthermore, the irradiation temperature corresponding to the peak 
amount of electrical degradation (-45o'C) is several hundred degrees below the peak void swelling 
temperature for these materials [581. Since colloid formation and void swelling both involve nucleation 
and growth of vacancy type defects. a similar temperature dependence would be expected for both processes. 

. .  
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Figure 3 compares the results of several RIED studies on AI203 that were performed near the peak 
degradation temperature of 450 to 5WC [36.37,48.57]. Significant permanent degradation was observed 
in the electron irradiated specimens afm <lo4 dpa, whereas -0.1 dpa was required to induce RIED during 
fission neutron irradiation. The inability to correlate the R E D  results obtained in different irradiation 
sources with displacement damage level suggests that additional physical processes need to be considered, 
such as damage rate 1471 and irradiation spectrum [591. From Fig. 3. is appears that irradiation sources 
such as electrons which produce isolated point defects and high levels of ionization per atomic displacement 
may cause accelerated R E D  kinetics compared to fission neutrons, which produce relatively dense 
populations of defects in spatially localized regions and low levels of ionization per atomic displacement. 
It is well established that irradiation spectrum can have a strong influence on the microstructural evolution 
of ceramic insulators such as A1203 and MgA1204. and that point defect diffusion in ceramics can be 
greatly enhanced by ionizing radiation [59]. Hodgson [47] has also recently noted that the lower damage 
rates employed in the electron irradiation experiments would he expected to induce RIED at lower damage 
levels compared to high damage rate (fission neutron) experiments, if point defect aggregation is 
responsible for RIED (simple chemical rate theory predicts a square root dependence on dose rate). 
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Fig. 3. Effect of extended irradiation in different radiation fields on the electrical conductivity c U2O3. 
The electric fields present during irradiation ranged from 130 V/mm [361 to 500 V/mm [37,48,571. The 
displacement damage rates ranged from - 5 ~ 1 0 - l ~  dpds for the electron irradiation to about 1 . 5 ~ 1 0 - ~  dpds 
for the neutmn irradiation. 

Several recent studies have suggested the possibility that IUED may be due to surface leakage currents, 
instead of hulk conductivity changes [ 17,601. It was concluded in these studies that hydrocarbon deposition 
onto the specimen surface from residual gases in an evacuated target chamber could modify the optical 
absorption and surface electrical conductivity during irradiation, thereby creating an apparent "bulk" RED 
effect. Application of an electric field during irradiation was found to dramatically increase the electrical 
conductance of the surface film compared to the zero field case (perhaps by modifying the chemical nature 
of the deposited fh) [601. Further suppon for the importance of atmospheric contamination was obtained 
from a side-by side neutron irradiation experiment on A1203 [54]. No evidence for R E D  was obtained in 
capsules filled with AI gas during irradiition to about 0.03 dpa at temperatures of 395. 615, and 655'C 
with a dc applied field of 50 and 150 V/mm. On the other hand, conductivity increases similar to the RED 
curves (Fig. 3) were observed in specimens M i l e d  with an ac applied field of 130 V/mm in capsules that 
were evacuated and sealed before irradiation. Postirradiation examination of the specimens from the 
evacuated capsules is currently in progress, and will help determine if a conductive surface f i  caused thc 
RIED-like behavior for these specimens. It should be noted that the neutron irradiation study shown in 
Fig. 3 which reported evidence for IUED was performed in a capsule that was evacuated and sealed prior to 
irradiation [48]. 
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Further work is clearly needed to resolve the questions surrounding the RED phenomenon, namely: Is 
RED a bulk or a surface irradiation effect, and what are the physical mechanism responsible for NED? 
Colloid formation does not appear to be a likely mechanism for the electrical degradation, since a high 
volume fraction of metallic precipitates would be required to increase the electrical conductivity of A1203 
to S/m. In addition, colloid formation has not ken  observed by electron microscopy, even in 
specimens which have apparenrly suffered R E D  [491. On the other band, the work by Zong et al. (491 
indicates that specimens subjected to an electric field during irradiation experience significant bulk 
microstructural changes in their dislocation density. The average dislocation density in single crystal 
A1203 irradiated with an electric field of -210 V/mm was found to be -1013/m2, compared to -10B/m2 in 
regions irradiated without an electric field. The dislocations were heterogeneously grouped in low-angle 
subgrains [491. suggesting that RIED may he somehow associated with polygonization. The 
microstructure observed in the regions exposed to the electric field are reminiscent of the microstructure 
observed in dielectrics subjected to high temperature thermoelectric breakdown (611. 

Recent work by Hodgson [45,46] suggests that the production of F+ centers (anion vacancy containing a 
trapped electron) is enhanced during irradiation with an applied electric field. The F+ center is expected to 
be more mobile than the F center 1621, which could lead to defect aggregation at lower temperatures than 
normally occurs (i.e.. without an applied electric field) and could explain the discrepancy between the 
location of the RED and void swelling temperature peaks. Radiation effects studies on semiconductors 
suggest that applied electric fields may also enhance the defect production rate [62]. Finally. the possible 
role of space charge effects on the development of R E D  needs funher study. Large inhomogeneous electric 
fields can be induced in dielectrics by trapped charges 1631 and by electromagnetic radiation (64,651. It is 
conceivable that local amplification of the electric field applied during the R E D  experiments may occur, 
which could lead to localized dielectric breakdown. 

2. w n n  

Most ceramic insulators can withstand electric fields up to about lo7 V/m at room temperature without 
suffering permanent dielectric breakdown. Bulk dielectric breakdown occurs by either the avalanche or 
thermal (joule heating) mechanism, depending on the material, temperature, and duration of applied voltage 
[MI. The avalanche mechanism is dominant at low temperatures and for short voltage pulses, and occurs 
when electron motion induced by the electric field is sufficiently energetic to produce ionization from 
electron-electron collisions. The thermal mechanism is associated with the increased electrical conductivity 
that occurs with increasing temperature in insulators. If the joule heating associated with current flow in a 
dielectric is sufficiently high to increase the b u k  temperature, further increases in current are produced until 
runaway and breakdown occur. The dielectric breakdown strength of ceramics generally decreases with 
increasing temperature. due to the increased importance of thermal breakdown at elevated temperatures. 
Typical breakdown strengths for oxide insulators at 12oO'C are - 1 6  Vlm 1671. 

Irradiation appears to have a relatively minor effect on the dielectric breakdown strength of ceramic 
insulators. Postirradiation tests have shown that the room temperature breakdown strength was essentially 
unchanged in A1203 and other oxide ceramics following irradiation at 100 to 340'C to a fluence of 0.15 to 
2 . 2 ~ 1 0 ~ ~  n/m2 (E>O.l MeV) [681. Similar resulu were also obtained for A1203 irradiated at 650 and 
830'C to a flnence of 1 to 2x1OZ6 n/m2 (E>O.l MeV) 1691. A slight degradation in the dielectric 
breakdown strength of A12O3, Tho2 and ZrO2 was found during exposure to an X-ray field of about 5 Gyls 
at temperatures below 2 W C  1701. The X-rays did not affect the breakdown strength at temperatures above 
ZOO'C, due to the increased importance of field-enhanced thermal emission compared to RIC effects 1701. 
Concurrent ionizing radiation of 0.5 Gyls did not affect the breakdown strength of Be0 or A1203 at any 
temperature between 25 and 650'C 1301. 
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3. 

The power absorbed by a low-loss dielectric from an incident electromagnetic wave is dependent on two 
material parameters, the dielectric permittivity ( E )  and the loss tangent (tan&). The loss angle, 6. is related 
lo the phase difference between the applied ac field and the resulting current. For an ideal loss-free 
dielectric, the c m n t  leads the voltage by 90' and the loss angle &O. whereas in real dielectrics the phase 
difference between the current and voltage is 90'4 1711. Rigorously, the loss tangent is defined as the 
ratio E"/E' of the imaginary to the real part of the permittivity, where eE ' - iE" .  From an integration of the 
pmduct of the voltage and current, the power absorbed in the dielectric is given by [71] 

P=O E tan6 Ez (2) 

where 0 is the angular frequency of the ac electric field with root mean square amplitude E. The product e 
tan6 is commonly referred to as the dielectric loss factor. 

For high power applications such as radio frequency beating of the plasma in fusion reactors, it is desirable 
to have the lowest possible loss factor in order to minimize thermal stresses associated with power 
absorption. The dielectric permittivity of most ceramic insulators is approximately 10 E, over a wide 
range of temperature and frequency, where q, is the permittivity of free space [71]. On the other hand, the 
value of tan6 exhibits a pronounced dependence on temperature and frequency [72-741. Impurities have a 
relatively minor effect on the permittivity, but can cause dramatic increases in the loss tangent over several 
decades in frequency [71-741. The loss tangent can be represented as the sum of contributions from 
electrical conduction and polarization losses [7l, 761: 

(3) 

where 0 is the electrical conductivity (eq. 1) and x" is the imaginary part of the electric susceptibility. The 
electrical conductivity term is generally negligible compared to the polarization term unless there is a large 
amount of RIC. A typical loss tangent for a low-loss dielectric such as AI203 at 100 MHz is ~ 1 6 - 1 0 ~  at 
room temperature, and the electrical conductivity required to produce this large of a loss tangent would be 
0-5x10-~ S/m. The loss tangent generally decreases at all frequencies with decreasing temperature below 
room temperature. Loss peaks associated with impurities can produce complex behavior in the loss tangent 
at elevated temperatures, but the general trend is an increase in the loss tangent with increasing temperature 
[72-741. 

Postirradiation measurements indicate that radiation-induced changes in the permittivity are generally small 
(-1 lo 5%). with either slight increases f76.78-801 or decreases I771 reported. A slight decrease (-1%) in 
the permittivity of several ceramic insulators was measured during pulsed neutron irradiation with peak 
ionizing dose rates up to 4x104 Gyls at room temperature. due to electrical conductivity increases 
associated with RIC [181. 

Displacement damage can produce large increases in the loss tangent, with the magnitude of the increase 
depending on the material, irradiation conditions, and measurement frequency [73, 75-88]. Most of the 
irradiated loss tangent measurements have been performed on AI2O3. with relatively few studies paformed 
on MgAIz04 118, 82. 86. 881. BeO [77, 851, AlN [18. 821, Si3N4 118, 86, 881 and AlON [84. 86. 881. 
All of the ceramic materials appear to behave in a qualitatively similar manner, although significant 
quantitative differences can occur (due mainly to as yet unresolved impurity effects). Figure 4 summarizes 
some of the poslirradiation loss tangent measurements made at frequencies greater than 1 MHz on A I 2 0 3  
irradiated near room temperature [75,76,81.821. Neutron irradiation fluences up to about 1 ~ 1 0 ~ ~  n/m2 
(-0.001 dpa) produce only small increases in the room temperature loss tangent. Large increases in the 
loss tangent occur over a wide frequency range for nentron fluences above 1 ~ 1 0 ~ ~  dm2. 
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Irradiation at elevated temperatures requires progressively higher neutron fluences to induce comparable 
degradation in the loss tangent. For example, the room temperature loss tangent of AI203 measured at 
95 GHz increased from 3 . 9 ~ 1 0 . ~  to 8 . 3 ~ 1 0 - ~  after irradiation to a neutron fluence of 1x1G6 n/m2 (ES.1 
MeV) at 385'C [771, whereas a similar amount of degradation was observed in this frequency range for 
A203 irradiated to only - 3 . 5 ~ 1 0 ~ ~  n/m2 W0.l MeV) at 6O'C [811. Radiation-induced point defects that 
contribute strongly to dielectric loss are known to be thermally unstable at temperatures above room 
temperature from postirradiation annealing experiments on A1203 [81, 89,901. This causes the rate of 
loss tangent degradation to decrease with increasing temperature above room temperature. In addition, the 
predominant type of defect produced during irradiation changes from point defects at low temperatures 
(which are effective at increasing the loss tangent) to defect aggregates and dislocation loops at elevated 
temperatures (which are less effective at increasing the loss tangent per atomic defect). 

There is evidence that significant annealing of the induced loss tangent degradation in ceramics may occur at 
room temperature. Postirradiation measurements on AlzO3, MgAlzO4 and AlON irradiated with protons 
near roam temperature to damage levels of -0.02 dpa found that a substantial part of the loss tangent 
increase at 100 MHz was recovered within a matter of hours [86, 881. Since most loss tangent 
measurements on neutron irradiated samples are typically made several months after the irradiation (to allow 
for the decay of radioactivity), postirradiation measurements made on samples irradiated near or below room 
temperature may be an underestimate of the in-situ loss tangent. There have only been a few attempts to 
measure the in-situ loss tangent of ceramics during irradiation [18, 85, 871. Pulsed fission reactor 
irradiation at very high damage rates (-4x104 Gy/s) caused a significant prompt increase in the loss tangent 
at 100 MHz of several ceramics due to radiation induced conductivity (cf. eq. 3). but the damage levels in 
this study were not high enough to investigate point defect annealing behavior 1181. A measurable increase 
in the loss tangent of A1203 was detected during proton irradiation at 300 K for damage levels greater than 

dpa [87]. This in-situ 
degradation is a b u t  an order of magnitude higher than that determined from postirradiation tests performed 
on neutron irradiated samples (cf. Fig. 4). 

dpa, and the loss tangent became larger than for damage levels 

ORNL~DWG 9 4 ~ 8 6 2 9  

,ie , , ,,url , ,,,,,,,, , , 

Unirrad. l o i 9  iozo loz1 iozz i o z 3  10" i o z 5  
NEUTRON FLUENCE (n/rn'. E>O.I MeV) 

Fig. 4 Effect of neutron irradiation near room temperature on the loss tangent of polycrystalline (pc) and 
single crystal (sc) A1203 [75,76,81.821. All of the measuremenls were paformed postirradiation at rOOm 
temperature at the indicated frequency. 

4. 

One of the characteristic features of dielectric materials is their good transmission at frequencies 
corresponding to the optical part of the electromagnetic spectrum [91]. Absorption of light is generally 
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small in ceramic dielectrics between the infrared and ultraviolet wavelengths of -100 p and -100 nm, 
respectively. Irradiation-induced defects in dielectric materials can reduce transparency by serving as 
resonant absorption and scattering centers. The strong coloration of irradiated ceramics results from defects 
having energy levels of opposite parity within the band gap [92, 931. This produces a unique resonant 
scattering frequency for each individual type of point defect (anion vacancy, anion vacancy with one trapped 
electron, etc.). Much of the present understanding of point defects in nonmetals has been obtained from 
studies on the optical absorption and luminescence associated with irradiation. Defect concentrations below 
1022/m3 (0.1 appm) can be detected by optical techniques [49,941. Vacancies on the anion sublattice in 
oxides are historically referred to as F-type centers, whereas vacancies on the cation sublattice are called V- 
type centers [93]. Numerous reviews on the optical properlies of irradiated ceramics have been published 
[92. 93. 95. 961. 

Optical absorption and luminescence measurements have been used lo determine fundamental parameters 
such as the threshold displacement damage energy in A I 2 0 3  [14,97, 981 and the effect of irradiation 
spectrum [99-1011 and temperature [14,90.101] on the defect production rate in AI203 and MgO. These 
studies have shown that the defect production rate decreases with increasing temperature. and that energetic 
collision cascades generally produce a smaller fraction of the calculated Kinchin-Pease displacements 
compared to low energy displacement events. The aggregation of p i n t  defects into defect clusters during 
annealing at elevated temperatures bas also been studied by optical techniques in ceramics such as A1203  
190, 1021. 

Numerous radiation effects studies have been performed on quartz and Si02 optical fibers, due to their 
technological imponance [93. 96. 103-1131, The optical fibers are often glassy silicates with significant 
concentrations of dopants such as Ge. P and OH and low coucentrations of other impurities. The basic 
design of an optical fiber consists of a transparent core surrounded by a concentric uansparent cladiig which 
has a lower index of refraction. This causes transmitted light to be confined to the core due to reflection at 
the interface between the core and cladding. Optical fibers composed of pure silica (SiO2) cores and 
fluorine-doped silica cladding have been found to have the best transmission properlies in a radiation 
environment [107,112,113]. Since Si02 suffers permanent damage during exposure to ionizing radiation, 
most studies have been conducted with X-rays or gamma rays. Several neutron Wiation studies have also 
been performed [103-1061. The fluence required to produce significant degradation in optical transmission 
depends on the wavelength of interest. For example. an attenuation of 10 dB/m is produced at 500 nm and 
700 nm in silica fibers after room temperature neutron irradiation to fast neutron fluences of 1 ~ 1 0 ~ '  and 
1x1022 dm2, respectively [106]. 

Radiolytic damage in optical fibers is characterized by breaking of bonds, which are then available as 
charge-trapping sites. Resonances for these absorption centers which occur in the optical specmrm (usually 
centered near the infrared) cause degradation in the transmission. Doping with multivalent elements to form 
elechon 01 hole mps with absorption bands outside of the wavelengths of interest has been used to decrease 
the sensitivity of optical fibers to radiation [109]. However, more recent work has shown that pure silica 
bas superior radiation resistance compared to silica doped with elements such as Ge or P [112, 1131. 
Similarly, low levels (-1 ppm) of impurities such as Al or the alkali metals or moderate levels (-100 ppm) 
of C1 can greatly reduce the radiation resistance of silica at certain wavelengths. Silica containing up to 
loo0 ppm OH (a common natural impurity) has better transmission characteristics than pure silica for 
wavelengths below 650 nm, but there are conflicting results on whether high-OH silica maintains this 
advantage after irradiation [1121. 

For most optical fibers, the transmission is significantly better at long wavelengths (1.5 pn) compared to 
short wavelengths (0.2 p), and lbi wavelength dependence is maintained after irradiation [106, 11 1-1 131. 
The effect of irradiation temperature on optical absorption is complex. Point defect annealing generally 
results in reduced optical degradation with increasing temperature. particularly above 200'C [112]. 
However, severe optical degradation can occur at high temperatures (above about 300'C). most likely due to 
deterioration in the optical cladding [107]. Periodic exposure of the irradiated optical fiber to an intense 
light source can cause significant recovery of the radiation induced attenuation by a process known as 
photobleaching [ 1081. 
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NEUTRON DAMAGE TO DIAGNOSTIC MIRRORS -- E. H. Famum and F. W. Chard.  Jr. 0.0s 
Alamos National Laboratory), S. P. Regan (Johns Hopkins University, Baltimore, MD), and B. Schunke 
(JET Joint Undertaking, Abingdon, Ox., UK.) 

OBJECTIVE 

The objective of this work is to assess changes in multilayered mirrors of the type that will he 
used in fusion reactor diagnostic systems, after exposure to neutron damage. 

SUMMARY 

Diagnostic systems for fusion reactors will require mirrors capable of reflecting electromagnetic 
radiation in the soft x-ray, near uv, visible, and ir wavelengths. These components will be exposed Io 
significant fluences of fast neutrons during use. Mirrors made from alternating layers of low-2 and high-Z 
materials were irradiated to a fluence of l . l ~ l O ~ ~  n/m2 at 270-300"C, and subsequently evaluated for 
structural changes and in some cases changes in optical properties. Short-wavelength mirrors retained their 
structural integrity while exhibiting slight changes in reflectance: some long-wavelength mirrors showcd 
structural degradation. while others did not. These results are discussed in terms of materials damage effects 
and possibilities for improvement of mirror performance under Severe operating conditions. 

PROGRESS AND STATUS 

Introductl 'on 

Fusion reactors will require a number of diagnostic systems to monitor plasma performance and. 
through feedback systems, to control plasma parameters for optimal performance. Mirrors play an 
important role in diagnostic systems by reflecting to detectors information on characteristic electromagnetic 
emissions (for example, emissions from carbon impurities in the plasma). The information to be 
transmitted can encompass wavelengths ranging from soft x-ray (typically 1 to 30 nm) to ultraviolet, 
visible, and infrared emissions (30 to 1200 nm). 

Although a variety of materials and mirror designs can he used for this purpose, layered synthetic 
microstructures (LSMs) are especially attractive because of their dispersive qualities, high reflectance, and 
high throughput. Multilayered mirrors are made up of alternating layers of high-Z and low-Z materials, the 
former for the purpose of reflecting the incident radiation and the latter to serve as spacers to tune the 
reflectance to specific wavelengths. Figure 1 illustrates schematically the structure and function of an LSM 
mirror system. 

Exmimental procedures 

Test materials 

A total of nine mirrors were subjected to neutron irradiation testing. Included were four mirrors 
designed to serve as soft x-ray reflectors and five for use at near-uv, visible, and/or ir wavelengths. The sort 
x-ray mirrors were produced by T. Barbee at Lawrence Livermore National Laboratory. In all cases tllc 
multilayers were deposited using dc magnetron sputtering in an Ar plasma. Substrates used were made from 
Si, glassy Si02, or Zerndur [l]. whereas low-2 spacing layers were composed of Si, Si02, BqC, or C. 
High-2 layers were of composition Mo, W. Hf02, 2102, or Ti02. Specifications and characteristics of 
these mirrors are given in Table 1. 
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LSM Schematic 
- obeys Bragg Law of Reflection, mi l  = 2d sin(% 
- 1 O A  < k < 3 0 0 A  
- 20 A < d < 200 A 
- IO Bilayers < N < 100 

Bragg angle 

I I I z 
I I I I 

I I 
- 

Substrate 

Fig. 1.  Schematic drawing of the structure and function of a layered synthetic mirror (LSM), here as uscd 
in a soft x-ray diagnostic system. 
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Table 1. Characteristics of the Mirrors Tested Here 

Materials system d-spacing (nm) Number of bilayers 

Short-wavelength mirrors 

Mo/Si on Zerodur 
W/B4C on Si 
W/C on Si 
Mo/Si on Si 

8.78 
2.275 
2.53 
18.66 

50 
100 
100 
25 

Long-wavelength mirrors 

HfO~lSi02 on Si02 448 
ZrO2/SiO2 on Si02 389 
zrO2/Si02 on Si@ 332 
Ti02/Si02 on Si02 49 1 
Ti02/Si02 on S i O p  642 

37 
121 
29 
39 
39 

*Plate polarizer 
Irradiation testing 

The nine tesl mirrors were irradiated at the Los AIamos Spallation Radiation Effects Facility. 
LASREF is located at the beam stop of the Los Alamos Meson Physics Facility, where 800 MeV protons 
are stopped in a water-cooled copper block. Nuclear reactions between incident protons and Cu nuclei result 
in production of spallation neutrons, the energy spectrum of which can be characterized as similar to that of 
a fast fission reactor but with the addition of a high-energy tail. A typical neutron spectrum for LASREF 
is shown in Fig. 2. The LASREF facility has been funher described by Sommer et al. [2]. 

The proton beam at LASREF is pulsed, being on for 0.5 ms every 8 ms. The neutron flux 
averaged over this duty cycle at the location of the mirror samples was 2x10l6 n/m2s, and the gamma flux 
was 200 Gy/s. The accumulated neutron fluence was 1 . 1 ~ 1 0 ~ ~  n/m2, while the gamma fluence was 
1 . 1 ~ 1 0 ~  Gy. Total elapsed time for the experiment, including periods when the beam was off, was 
approximately Zoo0 h. 

The mirrors were irradiated inside a stainless steel capsule filled with AI gas. Nuclear heating 
resulted in a significant temperature increase of the samples above ambient; judging from temperaturca 
measured by thermocouple in another, similar capsule, the maximum temperature reached in the mirror 
capsule was 270-300°C. 

&s!& 

The four short-wavelength mirrors were examined visually before and after irradiation. The 
coatings appeared smooth and featureless before irradiation; no changes in appearance were observed aftcr 
exposure. 

The optical properties of two of these minors, The Mo/Si-coated, Zerodur-substrate system and Uie 
MdSi coaled, Si substrate system. were measured by C. T h o  and R. Watts of the Electron and Optical 
Physics Division, the National Institute for Standards and Testing, Gaithersburg, MD, and compared with 
data obtained from control samples. Resulls are shown in Fig 3. It may be seen that in each case tllc 
intensity of the peak reflectivity was decreased slightly by exposure at LAMPF, as was the associated 
wavelength. 
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Some materials deposited by thin-film techniques exhibit an amorphous structure, as was the case 
for the Si layers in the study by Rosen et al. [3]. Amorphous materials when heated can convert to a 
higher-density crystalline condition, thus adding another source of dimensional change in the direction 
observed. 

It is not obvious that irradiation to the neutron and gamma fluences employed here had a 
significant effect on the short-wavelength mirrors. The changes in optical properties could have resulted 
from irradiation-induced changes in density of the starting materials; however, most materials exhibit 
swelling upon hdia t ion ,  and such a change would have resulted in an increase in wavelength at peak 
intensity. Also, most materials do not show significant dimensional changes at the low fluence attained 
here. 

Long-wavelength mirrors 

Results for the long-wavelength mirrors show that exposure to a fluence of l . l ~ l $ ~  n/m2 at 270- 
300°C resulted in visible damage to three of the five reflectors. Differential swelling between substrates and 
their layered structures, and within layered structures, could be a source of damage here because the Si02 
substrate and low-Z layer material is highly damage-sensitive: glassy Si02 exhibits densification, at l e a l  
near room temperature, of approximately 1 vol. % at the present test fluence of 1 . 1 ~ 1 0 ~ ~  n/m2 [41. 
Further degradation could have resulted from swelling of the highZ layers; however, the highZ malends 
used here are not expccted to show significant dimensional changes at this low fluence. 

The mOSt likely source of changes in the Ma-Si-coated short-wavelength mirrors, namely chemical reaction 
between the layers, is less likely to apply to the long-wavelength mirrors, since relatively stable high-Z 
compound layers were used. 

Another factor that may contribute to damage of the long-wavelength mirrors is the much grealcr 
thickness of the bilayers (i.% d spacings) compared with that for the short-wavelength mirrors (Table 1). I (  
has been observed that when differential swelling occurs, coarse microstructures exhibit greater sensitivity 
to structural damage than do fine microstructures. An example is the ocurrence of enhanced microcracking 
in coarse-grained polycrystalline AI203 [ 5 ] .  a hexagonal-structure material in which c-axis swelling 
predominates [6] .  The relatively coarse microstructures of these mirrors may thus exacerbate the effect of 
swelling mismatches among the component materials. 

Variations in bilayer thickness among the long-wavelength mirrors do not correlate with Ihe 
observed damage effects (that is, a greater thickness does not lead to greater damage). On the other hand, it 
may be significant that the most severe damage occurred in the reflector that had the greatest number of 
layers (121, for one of the two ZrO2/SiO2 systems); the same materials system in 29-layer form showed 
significantly less damage. If the 121 layers behave as a single hulk phase, then differential swelling 
between that thick phase and the Si02 substrate could explain the near-complete delamination of this 
coating. 

Conclusions 

The following tentative conclusions can be drawn from this work 
1. Short-wavelength mirrors are relatively resistant to damage. 
2. In a multi-layered mirror. fewer and thinner bilayers give best performance. 
3. Materials used in the bilayers and substrates should be selected according to their resistance to both 
irradiation and heat-induced structural changes (e&, crystallization from the amorphous condition and 
formation of interlayer compounds). 
4. Significant benefits may result if substrates made from radiation-sensitive Si02 can be replaced wilh 
relatively radiation-stable low-Z interlayer and substrate materials. such as Al2O3, MgO. or MgA1204 
spinel. 
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5.  Alterations in fabrication procedures (e.g., heating the substrate to induce crystallization of deposited 
layers) could result in a more structurally-stable materials system. 
6. To the extent possible. mirrors used in fusion devices should be located in areas that are remote from Uic 
source of the irradiation (the plasma), or be well-shielded. For some materials systems, operation nciu 
room temperature will extend usahle lifetime; in these cases the possibility of supplying external cooling 
should be considered. 
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ELECTRICAL PROPERTIES OF AL2O3 DURING IRRADIATION WITH SPALLATION 
NEUTRONS -- E. H. Famum and F. W. Clinard, Jr. c o s  Alamos National Laboratory) 

OBJECTIVE 

The objective of this work is to determine the changes in electrical properties of AI203 ceramic5 
during neutron irradiation, and to interpret these results in terms of damage mechanisms and experimentiil 
variables. It is of particular importance to establish whether the apparent radiation-induced electrical 
degradation (NED) observed in ac measurements is a real effect. 

SUMMARY 

DC and AC conductivity of AI203 ceramics were measured at elevated temperatures during 
irradiation with neutrons and gamma rays at the Los Alamos Spallation Radiation Effects Facility. DC 
conductivity was increased at start of irradiation, but was subsequently reduced as displacement damage wa\ 
accumulated. AC conductivity appeared to increase at high levels of damage. The observed dc behavior is 
attributed to excitation of electrons into the conduction band by ionizing radiation, followed by charge 
trapping and recombination at damage sites. The ac behavior, which resembles RIED, is attributed to 
conductivity in the residual gas surrounding the samples. Surface conductivity, while not the source of lhr 
apparent RIED, nevertheless is of sufficient magnitude to be of concern for fusion applications. 

PROGRESS AND STATUS 

InUoduction 

Insulating ceramics used in fusion reactors must rebin adequate insulating properlies during and 
after irradiation with intense fluxes and fluences of neutrons and gamma rays. The principal influence of 
high fluences is to induce mechanical degradation (e&, fracture), which could render an insulator useless. 
The effect of ionizing fluxes is to excite electrons into the conduction hand; thus when an electric field is 
applied, radiation-induced conductivity (RIC) is observed. The combined effect of flux, electric field. and 
fluence (the latter short of causing structural failure), is to bring on radiation-induced electrical degradatioir 
(RIED), a phenomenon leading to increases in conductivity that are heyond those attributable to RIC and 
that are retained after removal from the irradiation source. RIC and RIED effects have recently been 
reviewed by Zong et al. [l]. 

The results reporlcd here are an extension of work reponed earlier [2,3]. In the earlier work i t  was 
demonstrated that polycrystalline AI203 irradiated at elevated temperatures with high-energy spallation 
neutrons at the Los Alamos Spallation Radiation Effects Facility (LASREF) exhibited RIC, hut that this 
effect was reduced by a buildup of displacement damage that induced charge trapping and recombination [21. 
On the other hand, single-crystal ac samples exhibited an apparent RIED effect [3]. This paper briefly 
reviews the RIC observations, and then considers possible explanations for the RED-like behavior of the iic 

samples. 

ExnerimentA Pmcedure 

DC samples were in the form of 19 mm diameter, 1 to 3 mm thick disks of Wesgo 995 (993% 
pure) alumina. Electric fields of 50 kV/m and 150 kV/m were applied through a threeelectrode (guard ring) 
configuration of Pt electrodes. These samples were encapsulated in stainless steel furnaces and held at 
temperatures of 395,615, and 655°C in an atmosphere of Ar gas during irradiation. Further details of the dc 
study are given in ref. [21. 
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The single-crystal ac samples [Crystal Systems, high-purity, face orientation (11?0)1 were disks of 
dimension 12.7 mm diameter and 0.216 mm thickness, with a three-electrode configuration of Pt electrales. 

These samples were subjected to an applied voltage of 131 kV/m rms at 10 kHz, and conductivity was 
monitored at 100 Hz. Irradiation temperatures were the same as those for the dc study. The ac samplcs 
were also contained in stainless steel furnaces, but in this case the capsules were evacuated and sealed ofl. 
Further details of the ac study are reported in ref. [31. 

The sample furnaces were irradiated at LASREF with spallation neutrons generated by the stopping 
of 800 MeV protons in a Cu beam stop. The resulting neutron energy spectrum is similar to that of a fast 
fission reactor, but with a high-energy tail. The proton beam at LASREF is pulsed, being on for 0.5 rns 
every 8 ms. For these experiments the neutron flux was 3 ~ 1 0 ~ 6  n/m2s and the fluence accumulated over ii 
ZOO0 h irradiation test was 2 ~ 1 0 ~ ~  n/m2. Corresponding gamma fluxes and fluences were 300 Gyls and 
~ ~ 1 0 9  cy. 

Dc data 

An example of dc data obtained is shown in Fig. 1. Before irradiation the conductivity at 655°C 
was (ohm-m)-l; immediately after irradiation began, conductivity increased by an order of magnitudc. 
This is by definition radiation-induced conductivity. As neutron damage accumulated, conductivity decreawd 
with increase in concentration of trapping and recombination centers. This effect is seen in both the hem- 
off and beamah condition. No indication of RIED (that is, an increase in conductivity with time as damage 
accumulates) was observed. 

The beam-on data show considerable scatter as a result of fluctuations in beam intensity and in the 
resulting neutron and gamma fluxes [2]. RIC is a function of flux, with the flux-dependence exponent 6 
often being near one [41. We fit the data of Fig. 1 with various values of 6 ,  and found the best fit to he 
obtained when 6 = 1.0. The flux-corrected data for Fig. 1 are shown in Fig. 2. 

In earlier work, in-situ dc RIC tests on single-crystal AI203 using 3 MeV protons as Uic 
irradiation source yielded resulu similar to those shown in Fig. 2 [51. In that work it was found thal llic 
best fit to the data resulted from a double exponential relationship with two time constants, suggesting Ui:il 
at least two mechanisms for trapping or annihilation of the electrons or holes that cause RIC wcrc 
operating. 

AC dau 

LASREF irradiation results obtained under ac conditions are shown in Fig. 3. In may be seen lliiil 
at all three test temperatures, conductivity rose dramatically starting at about loz2 n/m2. This behavior 
resemhles RIED, for example as reported by Hodgson [61 under dc conditions. However, in the work 
reported here we found that while post-irradiation conductivity was increased, the measured value was slill 
orders of magnitude lower than that observed in-situ. This suggests that the apparent RIED wa$ was not i n  
fact due to that effect. 

In bench-top laboratory work, Kennedy [71 modeled the circuitry of the samples used in the ac 
studies and found that a surface resistance of less than 50 ohms would be required to duplicate the in-silu 
resulu shown in Fig. 3. However, the post-irradiation surface resistance was measured and was found i n  
every case to be higher than IO00 ohms. These findings suggest that the RIED-like in-situ results wcrc 
caused by conductivity in the gas phase (a degrading capsule vacuum) surrounding the samples. 

Although surface conductivity is believed not to have been responsible for the increase in currcnl 
flow observed here, we are nevertheless interested in the source of the increase in surface conductivity noled 
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in post-irradiation tests. The area between the center electrode and guard electrode of the 395°C disk was 
subjected to surface chemical analysis by use of secondary ion mass spectromew (SIMS) and elecuon 
microprobe analysis [PI. The SIMS data showed surface contamination from hydrocarbns, carbn, and Ilie 
alkali metals Li, Na and K, while the microprobe results indicated the presence of Fe. Ni. and Cr. the 
constituents of 300-series stainless steels [9]. 

Results obtained under the present irradiation conditions indicate that with dc applied fields 
radiation-induced conductivity (RIC) is present, hut is opposed by a reduction in conductivity resulting frum 
trapping and recombination of charge carriers at irradiation-induced lattice defects. AC experiments produced 
effects similar to radiation-induced electrical degradation (NED), but those effects in fact appear to resull 
from conductivity in the gases surrounding the samples. Surface conductivity, while not controlling in the 
ac studies, was nevertheless found to be a measurable contributor to overall conductivity. 

It is important tn note the implications of the fact that both surface and gas phase conduclivity 
were observed in this work. Since fusion reactor insulators must operate in less than benign environment\. 
reactor designers should be alert to the possibility that such spurious conductivity effects can occur ( l o r  
example, if insulators are exposed to the plasma or are subjected to deposition of contamination layers), :ind 
should be prepared to deal with these potential problem areas. 
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A COMPARISON OF THE EFFECT OF RADIATION ON THE THERMAL CONDUCTIVITY 
OF SAPPHIRE AT LOW AND HIGH TEMPERATURE - D.P. WHITE (Oak Ridge National 
Laboratory) 

OBJECTIVE 

The effects of radiation on the thermal conductivity of sapphire have been calculated over a wide 
temperature range (77-400K). The phonon scattering relaxation times for various scattering mech- 
anisms have been used in order to determine the effect each mechanism has on the lattice thermal 
conductivity of sapphire. The methods of calculation at low and high temperature are reviewed, 
and the results of these calculations are presented to compare the effect at different temperatures. 

SUMMARY 

It has been proposed [1-31 that sapphire be used in insulating feedthrough and windows in ra- 
diofrequency and microwave heating systems in fusion reactors. The degradation of the thermal 
conductivity of sapphire with irradiation is a concern in the design of these windows [4-7]. It has 
been proposed [2,3] to cool microwave windows to liquid nitrogen temperatures to take advantage 
of the thermal conductivity peak, which occurs at apprdmately 30K in unirradiated sapphire, and 
the lower dielectric loss tangent at these temperatures. In this paper the methods used to calculate 
the thermal conductivity and the changes which occur with changes in point defect concentration 
will be reviewed and the results of the low temperature calculations will be compared to the high 
temperature calculations. 

I t  is found that vacancy scattering can significantly reduce the thermal conductivity over a wide 
temperature range; for example, a vacancy concentration of 0.01 per atom leads to a fractional 
change of about 90% at 77K versus 43% at 400K. This reduction has significance for the design and 
placement of radio frequency and microwave windows in fusion reactors. 

PROGRESS AND STATUS 

Review of Methods 

The calculation of the thermal conductivity degradation with vacancy concentration takes different 
forms at low and high temperatures. This is a result of the changes which occur in the phonon 
spectrum and the relaxation times of the various phonon scattering mechanisms with temperature. 
In both the high and low temperature cases the thermal conductivity integral has the following 
form; 

This expression is based on the the Debye approximation where w~ is the Debye frequency, is 
the phonon velocity, C,,(w) is the specific heat per normal mode at w,  and T(W) is the effective 
phonon relaxation time. The evaluation of Eq. 1 at high and low temperature differ in the form of 
Cph(W), and ~ ( w )  which are used. In the low temperature case the Callaway [E] formulation of the 
thermal conductivity is used. This formulation uses the low temperature form for the specific heat 
and an expression for the relaxation time which takes the effect of N-processes into account. In the 
high temperature case a formulation due to Klemens 191 is used. In this formulation the constant 
high temperature limit for the specific heat and a relaxation time which does not include the effect 
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of N-processes are used. The neglect of the effect of N-processes in the high temperature case is 
justified [9,10]. Table 1 summarizes the low and high temperature cases. In this table TN is the 

Table 1: The forms for the specific heat and relaxation 
times used in Eq. 1 for the low and high temperature cases. 
The values of the constants b,, b,, and a, and the parame 
ters P and B are discussed in the text. Also, z = hw/KbT 
and K b  is Boltzmann's constant 

Parameter Low T High T 
Cph(W)  KbZ2eXP(Z){eXP(Z) - I}-' K b  

T S W )  
- 

+(W) r c ( l +  P/TN) 
TN -1 b,wT4 
7; b,w2T exp(-O/uT) BwZ 

normal process relaxation time, 117. = l/rN + l/r,., l/rr = Cj l/r,> where ri are the relaxation 
times for resistive processes, including the umklapp scattering relaxation time 7,. The parameter 
P in the low temperature relaxation time is derived by Callaway 181 and is given by; 

J:'* exp(z){exp(z) - 1)-%4dz 

J:'= exp(z){exp(s) - 1) -~AIZ  
P =  

where O is the Debye temperature. The resistive process  considered here in the low temperature 
case are U-processes, point defect scattering, and boundary scattering (1/Tb = u / L ,  where L is a 
dimension on the order of the crystal). Boundary scattering will have little effect at temperatures 
much above the thermal conductivity maximum and is not expected to have much of an effect at 
77K [ll] and will not be considered here. At high temperature the resistive processes which are 
considered are U-processes and point defect scattering. The point defect scattering relaxation time 
has the form [lo]; 

where A is a parameter which is proportional to the defect concentration and depends on the 
nature of the defect. For vacancies, A = C,R(3AM/M)z1/4?ru3 110,121, where C, is the vacancy 
concentration per unit cell, AM is the change in maSS of the unit cell due to a vacancy, M is the 
mass of the unit cell, and Cl is the volume ot the unit cell. 

The Callaway formulation has been fitted to low temperature thermal conductivity measurements 
of sapphire by deGoer 1131. deGoer found that an excellent fit was found assuming the unit cell to 
be the formula unit, AI&, and assuming b, = 2.7 x lO-I3K-', b, = 1.7 x lO-'*sK-', and (2 = 2. 
Using these values and varying the vacancy concentration via the parameter A in Eq. 2, Eq.  1 has 
been solved numerically to determine the effect of vacancies at low temperature [14]. 

At high temperature, using the values in Table 1, Eq. 1 may be solved analytically [Q] to give; 

1/rP = Aw4 (2) 

wo W D  K = KO- arctan(-) 
W D  wo (3) 

where KO is the intrinsic thermal conductivity (without point defects), and wo is the frequency 
at which U-scattering and point defect scattering have the same strength and is given by wo = 
(B/A)l/z, and where B may be expressed in terms of the intrinsic thermal conductivity KO via 
Eq. 1 as B = (Kbw~)/(2x~vKo).  Thus by varying the vacancy concentration C, in parameter A 
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and given KO the effect of vacancy concentration on the thermal conductivity at high temperatures 
has been calculated. The value of Ko(400K) used in this study was obtained from measured values 
on pure sapphire [18]. The high temperature expression for the thermal conductivity given in Eq. 3 
has previously been used to model the high temperature thermal conductivity of irradiated alumina 
(1517j. 

Results of Calculations 

The results of the evaluation of Eq. 1 are shown in Figs. 1 and 2 for a range of vacancy concentra- 
tions. Fig. 1 shows the results of the thermal conductivity calculations versus vacancy concentration 
at  77 and 400K. Fig. 2 shows these results BS the fractional change in the thermal conductivity ver- 
sus vacancy concentration. The upper limit of the point defect concentration in these plots is 2%. 
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vacancy concentration (per atom) 

Figure 1: Plot of the thermal conductivity of sapphire ver- 
sus vacancy concentration per atom at 400 and 77K. 

This was &wen as the upper limit because the calculations of Rohde and Shulz 1161 have estimated 
that vacancy concentrations up to this magnitude exist in irradiated alumina. From these plots 
it is Seen that the low temperature thermal conductivity is much more sensitive to the vacancy 
concentration. The low temperature thermal conductivity is affected at much lower vacancy con- 
centrations than the high temperature cwe. For example, the vacancy concentrations which will 
produce a 5% reduction in the thermal conductivity at 77 and 400K are 8 x and 5 x 10W4 atom 
frscton respectively. Other representative values are given in Table 2. It is also seen that at 77K 
a fractional reduction of more than 90% is possible at the highest vacancy concentrations whereas 
the largest reduction at 400K is about 55%. 

The results of these calculations compare favorably with measured values of the degradation of 
the thermal conductivity of sapphire and alumina with irradiation. For example, Berman et.al. 
[19] measured the low temperature thermal conductivity of neutron irradiated sapphire and Sound 
very large reductions compared to non-irradiated sapphire. At -77K a reduction of roughly 70% 
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Figure 2 Plot of the fractional change in the thermal con- 
ductivity versus vacancy concentration per atom at 400 and 
77K. 

occurred after irradiation to a dose of -0.005 displacements per atom (dpa). From Fig. 2 it is seen 
that a comparable decrease occurs at a vacancy concentration of 0.001. It was also found [16] from 
measurements on irradiated alumina that the maximum degradation in the thermal conductivity at 
400K was roughly 60% for samples neutron irradiated to a dose of 0.4 dpa at 473K, this compares 
the the maximum degradation of 55% calculated here for a vacancy concentration of 2%. 

It should be pointed out that the damage dose and the vacancy concentration are different parame- 
ters, with the vacancy concentration being the remaining defect concentration after recombination. 
The relationship betuveen these two parameters is dependent on many factors including, irradiation 
temperature, radiation spectrum, and post-irradiation annealing. The vacancy production rate is 
greater at low temperature than at high temperature. Atobe and Nakagawa [20] studied the pro- 
duction rate of F centers with irradiation temperature in sapphire. They found that the F center 
production rate was much higher in sapphire which was neutron irradiated at 15K than in sapphire 
neutron irradiated at 360K in the range of dose they studied, 1.6 x 10l6 - 3 .3  x 10" n cm-2. Agnew 
[21] studied the vacancy concentration produced in ion irradiated sapphire and found higher damage 
efficiency at 77K than at room temperature for all the ions included in the study. 

CONCLUSIONS AND FUTURE WORK 

The results of the calculations show that for a given point defect concentration the reduction in the 
thermal conductivity at low temperature is much greater than at high temperature, and that this 
large reduction takes away a large part of the thermal conductivity advantage gained by going to 
low temperature. As noted in the previous section the defect production rate is dependent on the 
temperature and Rohde and Shultz [16] have shown that irradiation temperature has an important 
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Table 2: Values of the vacany concentration per atom and 
corresponding fractional reduction in the thermal conduc- 
tivity at 77 and 4M)K. Values for vacancy concentration 
necessary for 75% and 90% reduction at 400K are not given 
because these would be above the maximum expected va- 
cancy concentration of 2%. 

Reduction (%) Vacany Concentration (per atom) . .  
77Ii 400K 

5 8.0 x 10Wb 5.0 x 10-4 
10 1.8 x 10-5 1.0 x 10-3 
20 5.0 10-5 2.5 10-3 

75 1.6 10-3 ~ 

90 1.0 x 10-2 - 

50 3.0 x 10-4 1.5 x 

effect on thermal conductivity of alumina. From this data they inferred defect concentrations with 
a higher concentration of residual defects being present in the material irradiated at the lower 
temperature as compared to the material irradiated to the snme fluence at a higher temperature 
as expected. Thus high temperature results can not be directly extrapolated to low temperature 
because of this difference in microstructural evolution. It is important to perform low temperature 
and high temperature irradiations on sapphire in order to determine the tolerable fluence level 
this material can withstand without an unacceptably large decrease in the thermal conductivity 
at a given temperature. This determination will dictate where the windows may be positioned in 
the reactor. Ideally the conductivity measurements would be performed in-situ. However if the 
measurements are to be performed post-irradiation it is important to maintain the samples at low 
temperature in order to guard against room temperature annealing effects which may occur, as seen 
by Kingery 1221 in low temperature neutron irradiated sapphire. 

It is also significant that the low temperature thermal conductivity is more sensitive to vacancy con- 
centration than the high temperature thermal conductivity. Thus in order to maintain the thermal 
conductivity of the window within a certain percentage of its non-irradiated value a cryogenically 
cooled window must be positioned in a region of much lower neutron hence than a high temperature 
window. From Table 2 it  is seen that for a corresponding decrease in the thermal conductivity the 
low temperature window must have a vacancy concentration of one to two orders of magnitude less 
than the corresponding high temperature window, and when defect stability at low temperatures is 
taken into account the difference in neutron flux levels which are tolerable will be even greater than 
this. 

Thus if cryogenically cooled windows are to be used in future fusion reactors, and the thermal 
conductivity advantage is to be maintained, the tolerable neutron fluence levels must be determined 
in order to position them properly. This determination will be more easily made if low temperature 
irradiations of sapphire can be made, as noted above. 
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NEUTRON-INDUCED CHANGES IN OPTICAL PROPERTIES OF MgAI,O, SPINEL - A. lbarra  
(CIEMAT, Madrid, Spain) and F. A. Garner (Pacific Northwest Laboratory)” 

OBJECTIVE 

The  objective of this effort is to determine the suitability of MgAI,O, spinel as a ceramic insulator 
for fusion applications. 

SUMMARY 

High purity MgAI,O, spinel specimens irradiated in FFTF-MOTA to very high exposure have been 
examined by three techniques to determine changes in their optical properties. Significant changes 
were observed in optical absorption, photoluminescence and radioluminescence. 

PROGRESS AND STATUS 

Introduction 

In  several earlier reports it was shown that  high purity MgAI,O, spinel irradiated in FFTF at 385’ 
to 750T was remarkably resistant to irradiation.’.’ The single evidence that  might indicate some 
significant degradation was that this spinel became quite dark  during irradiation due to the 
development of color centers. This darkening may imply some degradation in the electrical 
insulating properties. In this report, the initial results are  presented for a series of measurements 
on changes in optical properties, using optical absorption, photoluminescence and radioluminescence 
techniques. 

Experimental Details 

After irradiation, a thin slice (thickness between 0.2 and 0.5 mm) was cut from each of the single 
crystal cylinders, and then the slice was polished. Unirradiated specimens were prepared in the 
same manner. Optical absorption measurements between 400 and 2500 nm were made at room 
temperature using a Cary 17 spectrophotometer. 

Luminescence measurements were performed using a 6W Ar-ion laser as  the excitation source. 
Wavelengths at 457, 488, and 514 nm were used. Light emitted from the specimen was collected 
with a high diameter lens and focused on the input of a bundle of quartz optical fibers coupled to 
a high resolution monochrometer of 0.5 m length (with a 1200 linelmm grating blazed at 350 nm) 
and measured with a cooled EMI9G59QB photo multiplier (S20 response). For low temperature 
measurements, the specimen was installed in the cold head of a closed cycle helium gas cryostat 
operating between 30 and 700 K. The temperature was monitored using RhFe temperature sensors 
located near the specimen. 

For  radioluminescence measurements the excitation source was changed from a laser beam to an  
X-ray beam from a Siemens tube (tungsten anode) operated at SO kV and 5 to 30 mA. Irradiations 

‘Pacific Northwest Laboratory is operated for the US.  Department of Energy by Battelle 
Memorial Institute under Contract DE-AC06-76RLO 1830. 
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Fig. 1. Dependence of optical absoprtion on neutron dose and irradiation temperature. 

were performed through a 1 mm aluminum window at  a maximum dose rate of 3 x lo’ R min-’. 
The emission spectra presented i n  this report have not yet been corrected by the whole system 
response. 

Figure 1 shows the optical absorption results obtained in  both the irradiated and unirradiated 
specimens. A very clear irradiation-induced increase in the optical absorption occurs throughout 
the ultraviolet range. The samples with lower doses, independent of irradiation temperature, show 
a peak around 2.4 eV (510 nm), in agreement with previous qualitative results.’ This peak is not 
observed in the specimen a t  higher irradiation dose at 750°C. The unirradiated specimen shows a 
small peak around 4.8 eV and a constant increase in the deep ultraviolet range. This type of 
absorption behavior is usually ascribed to the presence of impurities like Fe” ions. 

There is very little information about the effects of high dose irradiation on the optical properties 
of stoichiometric spinel. I t  is known’” that both neutron and electron irradiation induce a new 
absorption band around 5.27 eV (235 nm) associated with the presence of oxygen vacancies. When 
the dose increases (up to a maximum of 3 x 10”n em-’, five orders of magnitude lower than that  of 
this study), a few small peaks in the region between 2 to 4 eV have been observed? These peaks 
have been attributed to absorption of impurities. In this case, the radiation-induced increase would 
be due to an  increased oscillator strength caused by the perturbation of the ion by a neighboring 
oxygen vacancy. 

Figure 2 summarizes the photoluminescence results obtained at room temperature, using the 514 nm 
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Fig. 2. Dependence of photoluminescence on neutron dose and irradiation temperature. 

line of the A r  laser at the excitation source. The unirradiated sample shows several sharp  peaks 
around 700 nm. This well-known response is related to the presence of octahedrically coordinated 
Cr" ions? In  fact, the relative height of the central doublet a t  1.8 eV and the side bands can be 
used to obtain information about the AllMg disorder: Unfortunately, in this work this information 
cannot be used to study the effect of irradiation on the disorder because this emission completely 
disappears or is overwhelmed in the irradiated samples. In  fact, figure 2 shows a new emission 
around 1.75 eV (710 nm), much more intense than that  of Cr" (more than a factor of 10 for the  
same excitation power). This emmission is so intense that it can be easily observed by eye. The 
emission seems to be composed of two Components at 1.75 and 2.1 eV, the latter proportionally more 
intense in specimens irradiated a t  higher temperature. The emission is more intense in the specimen 
irradiated at lower temperatures and increases with increasing dose. No temperature dependence 
has been observed in the shape o r  intensity of the hands, a t  least from 30 to 450K If the excitation 
wavelength is 457 nm, the Cr" emission in the unirradiated samples almost disappears, in agreement 
with the expected excitation spectrum when the intensity of the emission of the irradiated samples 
is more n r  less the same. The only difference is that  the relative intensity of the band a t  2.1 eV is 
higher. 

This emission has not been previously observed in other studies. It is probably related to a new type 
of defect induced by irradiation, although Cr" as its possible origin cannot be completely dismissed. 
In  fact, it has been observed that the Cr" emission is composed of sharp  components at 700 nm 
together with a broad emission around 750 nm associated to the presence of Cr" in distorted 
surroundings?' I t  has been found also that  the intensity of the emission around 720 nm increases 
in intensity and shifts the excitation spectra as a consequence of irradiation? This effect has been 
related to the perturbation of Cr" by nearby vacancies. 
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Fig. 3. Dependence of radioluminescence of MgAI,O, spinel on neutron irradiation. 

Figure 3 shows the effect of irradiation on the radioluminescence spectra. Before irradiation, the 
MgAI,O, spinel undergoes x-ray induced emission in the whole visible ultraviolet range with main 
bands at 4.8, 3.5, 2.7, 2.4, and 1.8 eV (260, 350, 460, 520, and 690 nm, respectively). Bands a t  520 
and 720 nm a re  known to be related to electron-hole recombination in Mn and Cr impurities, 
respectively, whereas the 5 eV emission has been ascribed to recombination at V-type centers9 and 
the 2.7 eV band has been related to oxygen vacancy centers" on other unidentified impurities? The 
main point is that all these emissions disappear o r  are  overwhelmed after neutron irradiation. Thus, 
emissions a re  not observed in the irradiated samples. That  means that  the electron-hole 
recombination probably takes place through non-radioactive processes. 

In conclusion, high temperature, high dose neutron irradiation on stoichiometric spinel induces 
many changes in the full range of optical properties, contrary to the lack of significant changes in 
dimension, elastic, o r  mechanical properties. Much more work is needed to clarify the 
characteristics of the new emission and absorption bands observed in this study. 
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