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FOREWORD

This is the tweny-sixth in a series of semiannual technical progress reports on fusion materials.
This report combines the full spectrum of research and development activities on both metallic
and non-metallic materials with primary emphasis on the effects of the neutronic and chemical
environment on the properties and performance of materials for in-vessel components. This
effort forms one element of the materials program being conducted in support of the Fusion
Energy Sciences Program of the U.S. Department of Energy. The other major element of the
program is concerned with the interactions between reactor materials and the plasma and is
reported separately.

The Fusion Materials Program is a national effort involving several national laboratories,
universities, and industries. A large fraction of this work, particularly in relation to fission reactor
experiments, is carried out collaboratively with our partners in Japan, Russia, and the European
Union. The purpose of this series of reports is to provide a working technical record for the use
of the program participants, and to provide a means of communicating the efforts of materials
scientists to the rest of the fusion community, both nationally and worldwide.

This report has been compiled and edited under the guidance of A. F. Rowcliffe by
Gabrielle Burn, Oak Ridge National Laboratory. Their efforts, and the efforts of the many
persons who made technical contributions, are gratefully acknowledged.

F. W. Wiffen
international and Technology Division
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BIAXIAL THERMAL CREEP OF V-4Cr-4Ti AT 700°C AND 800”C – R. J. Kurtz and M. L.
Hamilton (Pacific Northwest National Laboratory~ ~

OBJECTIVE

. To determine the biaxial thermal creep characteristics of V-4Cr-4Ti over the temperature
range 600 to 800”C at realistic stresses for comparison with uniaxial creep tests and
irradiation creep experiments.

SUMMARY

A study of the thermal creep properties of V-4Cr-4Ti is being performed using pressurized
tube specimens. In a previous report [1] relevant data on thermal creep of vanadium alloys
was reviewed to guide the selection of an initial test matrix. Experimental details and results
for exposure times of 1523 h at 700”C and 1784 h at 800°C were also covered [1]. This
report provides additional results for exposure times up to approximately 4000 h.

PROGRESS AND STATUS

An initial test matrix was developed from an evaluation of existing thermal creep data for
vanadium alloys and consideration of design basis service loads [1]. Three test
temperatures were selected, 600, 700 and 800”C. Stress levels were chosen to be below
the tensile yield strength at the test temperature of interest. Table 1 gives pertinent
information for each specimen in the first series of tests. The complete test matrix is given in
Reference 1. Specimen codes in italic type denote failed specimens. Two unpressurized
tube samples were also included at each test temperature to enable periodic microstructural
and chemical assays to be performed.

Table 1. Unpressurized creep tube dimensions, fill pressures and mid-wall hoop stress
levels.

Test Specimen Specimen Specimen Fill Mid-Wall Hoop
Temp., “C Code OD, mm Wall, mm Press., MPa Stress, MPa

700 ARI 1 4.5674 0.2601 2.896 72.5
AR12 4.5662 0.2532 3.909 99.9
AR13 4.5672 0.2456 4.937 129.6
AR14 4.5657 0.2499 5.930 151.9
AR15 4.5659 0.2553 6.964 173.4

800 AR16 4.5684 0.2477 2.654 77.3
AR17 4.5667 0.2507 3.571 101.2
AR18 4.5664 0.2461 4.482 428.7
AR19 4.5667 0.2543 5.419 149.4
AR20 4.5659 0.2527 1.793 52.0
AR21 4.5679 0.2454 0.910 28.9

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.
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Results and Discussion

Specimens are heated to 700 and 800°C in an ultra-high vacuum furnace for specific time
intervals and then periodically removed to measure the change in OD with a high precision
laser profilometer. The OD measurements were converted to strain values as described
previously [1]. Tables 2 and 3 give the effective mid-wall creep strain at 700°C and 800”C,
respectively. Rupture strains are denoted by bold type in the tables. These data are plotted
in Figures 1 and 2. An interesting feature of the curves is that they do not show evidence of
primary or secondary creep. Their shape is suggestive of tertiary creep from a very early
stage in the test. This behavior may be due to the presence of shallow longitudinal
scratches or defects found on the tube ID. Results of microstructural examinations of
several failed tubes and an as-received specimen indicate that these defects are common
[2] and are probably caused by the tube fabrication technique. Further work is needed to
fully assess the significance of these defects on the biaxial creep properties of V-4Cr-4Ti.

Table 2. Time dependence of effective mid-wall creep strain for 700”C tests.

Time, h ARI 1 AR12 AR13 AR14 AR15
168 0.0072 0.0000 0.0072 0.0072 0.0217
242 0.0072 0.0000 0.0072 0.0145 0.0361
357 0.0072 0.0072 0.0072 0.0289 0.0795
598 0.0072 0.0217 0.0145 0.0578 0.2096
1375 0.0072 0.0145 0.0217 0.1229 0.9246
1523 0.0072 0.0000 0.0361 0.1373 1.2783
2157 0.0361 0.0289 0.0578 0.3468 4.5424
2780 0.0289 0.0217 0.0578 0.8596 10.247
2804 - 12.956
2881 0.0289 0.0361 0.0867 0.9896 -
3258 0.0289 0.0217 0.0867 1.5309 -
3365 0.0361 0.0289 0.0939 1.6896 -
3532 0.0289 0.0289 0.0939 2.1008 -

I ‘3699 0.0289 I 0.0361 I 0.1011 I 2.3676 I - I
3890 I 0.0217 0.0361 0.1445 2.7712 I -
4057 0.0217 I 0.0361 I 0.1300 I 3.1820 I -

Comparison of the creep behavior of V-4Cr-4Ti at 700”C with results generated on HT-9
tube specimens show that V-4Cr-4Ti has much better creep resistance. The stress required
to cause 1% creep strain (a typical design limit) in 3000 h at 700”C is about 140 MPa for V-
4Cr-4Ti. For HT-9, 1‘%. creep strain is reached at a stress of 120 MPa and a temperature of
only 605°C [3].

Figure 3 and 4 give plots of the dependence of the creep rate on applied stress. The creep
rates shown in Figures 3 and 4 are instantaneous values determined from

$



5

where s is the effective mid-wall creep strain and t is time. The times given in Figures 3 and
4 are the mid-point of the interval. Rough estimates of the stress exponent were obtained by
fitting the data to the following equation

(2)

where o is the effective stress and A and n are material constants.

Table 3. Time dependence of effective mid-wall creep strain for 80C)°Ctests.

At 700°C the stress exponent, n, is 5.7 or greater for all time intervals and at 800”C n ranges
from 7.2 to 10.6. High values of n suggest that dislocation creep is the predominant
deformation mechanism [4]. Microstructural studies [2] of several failed creep specimens
support this conclusion. It should be noted, however, that grain boundary sliding and
accommodation processes must also contribute significantly to creep deformation since
extensive wall thinning is observed [2] near the failure location, but grain boundaty cavitation
is not found.

A comparison of the creep-rupture behavior of specimens tested hereto data gathered on V-
4Cr-4Ti (Heat BL-47) by Chung et al. [5] is presented in Figure 5. The data sets are
correlated using the Larsen-Miller Parameter, that is

~ = T(log r, + 20)

1000
(3)

,
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where T is the test temperature in K, and t, is the time-to-rupture in hours. The trend line is
reasonable, but the data are too sparse to firmly establish a Larsen-Miller Parameter
correlation for creep-rupture of this alloy.

Chemical analyses for pick-up of oxygen and nitrogen were performed on one of the
unpressurized 800°C tube specimens (Sample ID: 8-2). This specimen was in the vacuum
furnace for 2812 h. The chemical analyses were performed at Siemens Power Corporation
in Richland, Washington. The specimen was sectioned into three parts and each section
was prepared by etching in 10% HNO~ : 4.8% HF for 30 seconds to one minute, followed by
deionized water and acetone rinses with air drying. A LECO TC436 Nitrogen Oxygen
Determinator was used for the analyses. The method uses inert gas fusion of the sample in
a graphite crucible with nickel as a flux. Nitrogen is measured by thermal conductivity, and
oxygen is measured as carbon dioxide by an infrared detector. Four control standards were
analyzed along with the three sections of tube 8-2. Data for the control samples and
unknowns are presented in Table 4.

Table 4. Chemical analysis results for unpressurized tube specimen 8-2, tested for 2812 h
at 800”C.

Measured Levels
Sample ID Certified Content, wppm N, wppm O, wppm
NBS 73C 370 N 404 NA

LECO 501-551 1480 NA 146
LECO 502-047 13400 NA 1376

8-2 A NA 57.1 747
8-2 B NA 57.3 731
8-2 C NA 65.1 721

The average oxygen and nitrogen levels after 2812 h at 800”C are 733 wppm O and 60
wppm N. These levels may be compared with the as-received values of 560 wppm O and
95 wppm N [6]. The data indicate that a relatively modest 30% increase in oxygen level was
experienced during the course of the 2812 h exposure at 800”C. Additional chemical
analyses on as-received and exposed samples are planned to verii this trend.
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MICROSTRUCTURAL EXAMINATION OF V-4Cr-4Ti PRESSURIZED TUBES - D. S. Genes,
M. L. Hamilton, and R. J. Kurtz (Pacific Northwest National Laboratory)*

OBJECTIVE

The objective of this effort is to provide understanding of the processes controlling thermal creep
in vanadium alloys in order to provide comparison with response under irradiation.

SUMMARY

Failed thermal creep pressurized tubes of V-4Cr-4Ti tested at 700 and 800”C have been
examined using optical microscopy, scanning electron microscopy and transmission electron
microscopy in order to understand failure and creep mechanisms. Results show extensive
thinning was controlled by dislocation climb. Dislocation cell structure was not well developed,
Ti02 particles developed complex dislocation tangles and evidence for development of fine
precipitation during creep was found.

PROGRESS AND STATUS

Introduction

Biaxial thermal creep response for V-4Cr-4Ti at 700 and 800”C was recently reported.’ The
present effort describes examination of specimens that failed using optical microscopy (OM),
scanning electron microscopy (SEM) and transmission electron microscopy (TEM) techniques.
The OM and SEM examinations were intended to locate the failure sites and to begin evaluating
the failure mechanism. The work was extended to include microstructural examination by TEM
in order to verify the controlling deformation mechanism. Creep tests at lower temperatures had
shown high values for the stress dependence of secondary creep whereas grain boundary sliding
could apply for the test conditions used.

Ex~erimental Procedure

Specimens that failed during thermal creep testing of pressurized tubes are listed in Table 1.

Specimens AR15, AR17, AR18 and AR19 were examined by OM, and specimens AR18 and
AR19 were examined by SEM using standard techniques. Pieces remaining after sectioning for
OM and SEM were prepared for TEM by cutting 3 mm curved sections from tubes AR15, AR17
and ARI 9 using an ultrasonic drill, grinding the disks flat and then thinning the disks using
standard electropolishing procedures in a Struers twin jet polisher. Microscopy was performed
on a JEM 1200 EX using standard procedures.3

* Pacific Northwest National Laboratory (PNNL) is operated by the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0-1830.

.
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Tablel. Testcondtions for failed pressuflzed tubesp@imens of V-4Cr-4~(heat 8326652).

Specimen ID Temp. Effective Stress Time to failure “ Effective mid-wall
~c) (MPa) (hrs) strain (%0)

AR15 700 159 2804 -13.0

AR17 800 93 864 13.6

AR18 800 118 578 24.1

AR19 800 137 242 14.7

Results

Macroscopic features

Photographs of tubesAR18 and AR19 using OM are shown in Figures 1a, and b, and c, and d,
respectively. The tubes have been oriented to show the likely failure sites in the center of the
tube in a) and c) and at the top of the tube in b) and d). Tubes are 27.4 mm in length. In both
cases failure appears to be due to formation of a longitudinal crack.

b d

Figure 1. Failed pressurized tubes AR18 in a) and b) and AR19 in c) and d) shown w.Wthe likely
failure site face-on at the top and rotated towards the top at the bottom.

The tubes were then sectioned in order to examine the failure sites from the inside of the tube.
Photographs of the inner surfaces of the same specimens are provided in Figure 2, further
illustrating the longitudinal failure.

a b
Figure 2. Failed pressurized tubes AR18 and ARI 9 showing the inner wall in the vicinity of the
likely failure site for AR18ina)andforAR19 in b).
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SEM examination failed to conclusively ident”~ the failure sites. The inner surfaces of specimens
AR18 and AR19 were examined, and selected images are provided in Figures 3 and 4 that
correspond to the photographs in Figure 2. From the low magnification examples in Figures 3
and 4, a number of fine longitudinal cracks can be identified. [n each figure sequence, an area
within the low magnification image has been enlarged in order to show surface features in
greater detail. However, it cannot be demonstrated that these are through-thickness cracks.

Figure 3. Surface features found on specimen ARI 8 at the failure location

Figure 4. Surface features found on specimen ARI 9 at the failure location.

Metallographic sections were then prepared in order to locate through-thickness cracks,
Examples are provided in Figure 5 showing regions in specimens AR15, AR17 and ARI 9 that
contain areas that have been reduced in wall thickness between 60 and 75Y0. Figure 5 also
includes transverse and longitudinal examples of unthinned sections of specimen AR17. From
Figure 5, examples of grain elongation can be identified in each of the thinned sections,
indicating that strain within grains reached high levels in comparison to grains in unthinned
regions. Figure 5e) illustrates the bimodal distribution in grain size present in the tubing, i.e., the
existence of a group of large grains interspersed with smaller grains.
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Figure 5. Optical metallographic examples of thinned sections of specimens AR15, AR17 and
AR19 with unthinned transverse and longitudinal sections of specimen ARI 7 provided for
comparison.

Microstructure

Specimens for TEM were successfully prepared from specimensAR15, AR17 and AR19 but thin
area was limited. All microstructure were found to contain a moderate dens-ityof dislocations
non-uniformly distributed. However, evidence for clearly defined cell walls and therefore a cell
diameter characteristic of dislocation-controlled thermal creep behavior were not found. Instead
the structure contained areas with higher or lower dislocation density, depending on location.
However, in the vicin”~ of larger TiO, precipitate particles (-200 nm in diameter), the dislocation

density was significantly higher, indicating that such particles were probably obstacles to
dislocation evolution.

Examples of the microstructure found are given first for specimens tested at 800”C and then
for the specimen tested at 700”C. Figure 6 shows low magnification examples of specimen
AR17, tested at 800”C. Figures 6 a) and c) provide examples of grain boundary nodes indicating
that most grain boundaries are straight and precipitate free, but some are heavily decorated with
precipitation, presumably formed on cooling during heat treatrnent~ Figures 6 b) and c) indicate
that the dislocation structure consists of a moderate dislocation density, but 200 nm diameter
precipitate particles may be decorated at higher dens-ity. Also, figure 6 b) shows evidence of a
poorly defined cell structure towards the center of the micrograph.
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Figure 6. Low magnification examples of the microstructure of specimen AR17.

Figures 7 and 8 show the dislocation structure in greater detail for specimens AR17 and ARI 9,
respectively. In each case, the structure is shown as a series of bright field stereo pairs,
involving extensive tilting. Figures a) and b) give <110> images taken near (001), Figures e) and
f) give and <01 I > in the latter do you mean bar 1? images taken near (011) and Figures c) and
d) give eO02>images taken between (001) and (011). Assuming that dislocations in vanadium
alloys are of type a/2 cl 11>, then cO02> images should show all dislocations present in equal
contrast, whereas cl 10> and cOl I > images will only show two of the four sets, one of which will
be seen in both sets of images. By process of elimination, it should therefore be possible to
identify the Burgers vectors for all dislocations present.’ From these figures, several
observations can be made. The dislocation structure is non-uniformly distributed, with highest
density near large TiO, particles, but with formation of poorly defined cell walls, and containing
lowest densities between these cell walls. However, many small dark features can be identified,
believed to be precipitation of Ti(O,C,N) type that formed during thermal creep exposure.

-y- -, .T.--.
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Figure 7. Stereo pair images of the dislocation structure found in specimen AR17 showing
g=~ 01,002 and 01 ~ in a) and b), c) and d), and e) and 9, respectively with g vertical in all oases.
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Finally, Figure 9 is provided, showing examples of the dislocation structure found in specimen
AR15, tested at 700°C. In each case, contrast is due to <011> but the region was not
considered sufficiently uniform to pro~de a stereo sequence. Figure 9 demonstrates that
dislocation evolution during thermal creep at 700°C is similar to that found at 800°C

Figure 9. Examples of dislocation structures found in specimen AR15.

Creep measurements using pressurized tube techniques are inevitably limited by the quality of
the tubing used. Figures 3 and 4 reveal a number of small longitudinal defects and figure 5
indicates that where large strains have occurred, strain can be very non-uniform, showing that
surface defects probably played a role in strain localization. SEM investigations also revealed
larger inner surface defects such as radial scratches or gouges, but those examples are not
included in this report because they apparently did not play a role in failure. It is therefore
possible that failure to observe steady state creep response during biaxial thermal creep testing
of V-4Cr-4Ti could be a consequence of internal surface defects. Also, rupture times can be
expected to be underestimates for bulk material. Nonetheless, the quality of the tubing used is
demonstrably adequate to provide good estimates for bulk thermal creep properties.

Figures 5 b) and e) can be interpreted to indicate that oxidation occurred on the outer surface
of specimen AR17 during testing. Unfortunately, the dark banding on one side of the tube is
believed due to staining, a metallographic artifact. This can be corroborated based on oxygen
content measurements. An unpressurized control specimen in the 800°C furnace beside the
pressurized tubes contained 59.8 wppm N and 733 wppm O. Therefore, the increase in the
oxygen content was on the order of 30% over the levels after fabrication of 560 wppm.2 Also,
calculations indicated that oxygen penetration for the relevant time and temperature should be
on the order of 2000 pm, approximately ten times the thickness of the stain.

The microstructure found following thermal creep indicate that strain is controlled by dislocation
climb. This is confirmed by the elongated grain structure shown in figures 5 a), b) and c) and in
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agreement with the high stress exponent found for other tests.’ However, it is also apparent that
Ti02 plays a role in controlling creep rates by acting as obstacles to dislocation climb. And the
consequences of the small features expected to be Ti(O,C,N) precipitation are not yet
understood. The lack of a well-defined dislocation cell structure, and therefore, a well-defined
cell size, is possibly a consequence of the lack of steady state creep response.

A concern with the microstructural observations is that specimen preparation procedures may
have affected the observed dislocation structures. TEM specimen preparation using ultrasonic
drilling has not been used in the past, but was warranted because of the variation in tube
diameter found following creep testing. As control specimens were not prepared, it cannot be
shown conclusively that ultrasonic preparation has not influenced the results. Also, although
most dislocation images appear to be typical of climbing dislocations, the stereo pair of figures
7e) and 9 can be interpreted to contain a large number of slip dislocations oriented for optimum
slip.

CONCLUSIONS

Failed V-4Cr-4Ti biaxial thermal creep specimens have been examined using OM, SEM and
TEM in order to assess creep and failure mechanisms. It was found that deformation is probably
due to dislocation climb, influenced by TiO, precipitation, and that lack of steady state creep
response could be due to minor tube defects.

FUTURE WORK

This work will be continued within the confines of funding and specimen availability.
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UNIAXIAL CREEP BEHAVIOR OF V-Cr-Ti Alloys*
K. Natesan, W. K. Soppet, and D. L. Rink (Argonne National Laboratory)

OBJECTIVE

The objectives of the creep test program are to (a) to establish time/temperature relationships for
creep properties such as creep rupture strength, 1?40 creep in 10,000 hr, onset of third-stage creep,
etc., all of which are key parameters in designing structural components for “service at elevated
temperatures; (b) provide a basis to establish the upper-use temperature associated with creep limits
for application of V-base alloys; and (c) evaluate the influence of variations in substitutional and
interstitial element concentrations on the creep properties of fusion-reactor-relevant V-base alloys.

SUMMARY

A systematic study has been initiated at Argonne National Laboratory to evaluate the uniaxial creep
behavior of V-Cr-Ti alloys as a function of temperature in the range of 650-800”C and at applied
stress levels in the range of 75-380 MPa. At present, the principal effort has focused on the V-4Cr-
4Ti alloy of heat identified as BL-71; however, another heat of a similar alloy from General Atomics
(GA) will also be used in the study.

INTRODUCTION

Refracto~ alloys based on V-Cr-Ti are being considered for use in first-wall structures in advanced
blanket concepts that employ liquid Li as a coolant and breeding material. Further, advanced
concepts that use He as a coolant also require structural alloys such as V-Cr-Ti alloys that can
withstand the thermal loading at high temperature. For the advanced fusion system design concepts,
it is important to establish the upper temperature limits for structural components based on various
design criteria. At temperatures above 600”C, the time-dependent creep properties of V alloys must
be considered when evaluating performance limits.

Limited data on the creep and stress-rupture properties of unirradiated V and V-base alloys have

been reported by Chung et aL,l Schirra,2j3 Bohm and Schirra,4 Bajaj and Gold,5 Kainuma et aL,6

Van Thyne,7 Carlander,8 Bohm,g and Tesk and Burke.q 0 Results from these studies showed that
alloying of V with up to 3 wt.YoTi produces a significant increase in creep strength, but that additional
Ti concentrations cause a substantial decrease in creep resistance. Addition of up to 15 wt.% Cr to
V-(3-5)Ti alloy also produces significant strengthening in creep, while addition of 1 wt.% Si to V-3
wt.?40 Ti causes a significant decrease in the creep strength of this alloy. The data reported in these
studies indicate that substitutional and interstitial element contents in V-base alloys have a significant
effect on the creep properties. There are insufficient data available on the reference composition of
V-4 wt.%Cr-4 wt.70Ti, especially at temperatures above 650”C.

The long-term creep properties of the V-base alloys will be influenced by the time-dependent
nucleation and growth of precipitates that involve nonmetallic elements such as O, N, and C. Several
of the microstructural studies of V-base alloys have identified precipitates such as face-centered-
cubic Ti(O, N, C) with variable O, N, and C ratios. It is essential to establish the time-dependent
evolution of type, number, and location of precipitates in V-base alloys to correlate the microstructual
development with the creep properties. Further, development of several of these Precipitates can be
influenced by the exposure environment during creep testing. Over the long term, creep data are
needed for environments with a wide range of chemistry and that encompass high vacuum to low

*This work has been supported by the U.S. Department of Energy, Office of Fusion Energy
Research, under Contract W-31-109-Eng-38.
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partial pressures of oxygen and hydrogen, and helium of various puriiies.

SCOPE OF WORK

The program in the near term will experimentally evaluate uniaxial creep properties of V-Cr-Ti
materials in high-vacuum environments at temperatures of 650 to 800”C, with emphasis on baseline
creep behavior of the alloys and correlations between microstructure and properties. Another
aspect of the program will be to conduct creep tests on different heats of V-base alloys with a range
of both substitutional and interstitial concentration variations, in order to provide an understanding of
the effects of these variables on creep behavior. “

EXPERIMENTAL PROGRAM

The effort will initially focus on the ANL-procured large heat of nominal composition V-4Cr-4Ti and on
the GA heat of a similar composition. Four uniaxial creep-test machines have been allocated for this
program. Two of the machines are equipped with high-vacuum systems and with furnaces capable of
900°C. The other two machines have vacuum capability and gas flow systems capable of conducting
tests in low-partial-pressure environments and helium of various purities. We plan to use 1-mm-thick
flat creep specimens (see Fig. 1 for details) of the alloy designed and fabricated according to ASTM
Standard E8-69. A few specimens with cylindrical cross sections will be tested to validate the effects,
if any, of specimen geometry on creep properties. Initial tests are conducted on specimens annealed
at 10OO°Cfor 1 hr in vacuum. During this period, a test was conducted at 725°C and 260 MPa. The
specimen was wrapped in Ti foil to minimize contamination of the sample, especially by oxygen.

I)
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Dimensions in mm

A=19t0.50 Y = 2.2

B=12.7 w = 4.5

C=12.7 T=l.O

D = 4.0 R = 3.175

E = 7.6 L = 50.8

Fig. 1. Schematic diagram of creep specimen designed according to ASTM Standard E8-69.
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Creep strain in the specimen is measured by a linear-variable-differential transducer (LVDT), which is

attached between the fixed and movable pull rods of the creep assembly. Displacements of 5 x 10-3
mm could be accurately determined with the LVDT. Before each test, the LVDT was calibrated by
measuring its output for displacements that were set manually on a micrometer. The linear portion of
the calibration curve is used to measure strain in a specimen during creep testing. The strain
measurements are made at sufficiently frequent intervals during a test to define the creep straititime
curve.

A three-zone resistance-heated furnace is used in each testing machine to conduct creep tests at
elevated temperatures. Chromel-Alumel thermocouples with small beads are used to measure
specimen temperatures. Ceramic insulators are used on the thermocouples in the hot zone. In
general, three thermocouples are fed through the specimen chamber, one spot-welded onto each end
of the grips on the specimen near the shoulder region. The third thermocouple is held in the vacuum
environment adjacent to the gauge-length portion of the specimen. Temperature is maintained within
2°C of the desired value for each test. The specimens are loaded at a constant rate to full load at the
tesitemperature.

A detailed microstructural evaluation of the tested specimens is planned to characterize the
morphologies as a function of exposure temperature and time and to establish the mechanisms of
creep failure. The test program is aimed at obtaining the steady-state creep rate, onset of tertiary
creep, rupture strain, and rupture life. At least four different stress levels are planned at each
temperature to obtain sufficient data to develop Larson-Miller correlation between time, temperature,
and applied stress. The information will be used to assess the upper-use temperature for the
material, based on appropriate design criteria and as a basis for alloy improvement.

RESULTS

During this period, creep test facilities were set up with computerized data acquisition systems.
Figure 2 shows the creep strain/time plot for a V-4Cr-4Ti alloy specimen tested in vacuum at 725°C
and 260 MPa. Figure 3 is a scanning electron microscopy (SEM) photomicrograph of the specimen
fracture surface. It is evident that the fracture morphology is indicative of ductile mode of failure.
Figure 4 is an SEM photomicrograph of the polished cross section of the same specimen near the
fracture surface, after creep testing at 725°C and 260 MPa. Grain size is in the range of 20-25 pm,
and a significant number of minute cavities are seen at the grain boundaries.

To examine the extent of O contamination, if any, on the creep specimen, cross sections of the tested
specimen were mounted and polished, after which Vickers hardness measurements were made at
two locations along the thickness direction. Figure 5 shows the hardness profile for the tested
specimen. Hardness values ranged from 150 tol 80, with most of the region in a range of 150-160,
indicating that the contamination is minimal even at the test temperature of 725”C. Additional tests
are in progress at 650, 725, and 800”C, and the results will be reported in the future as they become
available.
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Fig. 2. Creep strain vs. time plot for V-4Cr-4Ti specimen
creep tested at 725°C and 260 MPa in vacuum
environment.

Fig. 3. SEM photomicrograph of cross section
of fracture surface of V-4 Cr-4Ti specimen,
after creep testing at 725°C and 260 MPa.

Fig. 4. SEM photomicrograph of polished cross
section of V-4 Cr-4Ti specimen near fracture
surface, after creep testing at 725°C and 260
MPa.
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Fig. 5. Vickers hardness profile in thickness
direction for V-4Cr-4Ti specimen, after creep
testing at 725°C and 260 MPa.
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HIGH TEMPERATURE TENSILE PROPERTIES AND DEFORMATION BEHAVIOR
OF V-4Cr-4Ti — A. F. Rowcliffe, D. T. Hoelzer, and S. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this work is to determine the strain-rate sensitivity of the tensile properties of V-
4Cr-4Ti as a function of temperature over the range RT to 800°C.

SUMMARY

The tensile deformation behavior of V-4Cr-4Ti has been determined over the range 20 to 800”C
for strain rates in the range 101/s to 10+/s. Changes in the strain rate sensitivity of stress
parameters are linked to the existence of three different regimes of deformation, namely, Ltiders
extension, dislocation glide/strain hardening, and dislocation creep.

PROGRESS AND STATUS

Introduction

The work described here is a continuation of an investigation into the strain rate sensitivity of the
deformation behavior of the 500 kg-heat of V-4Cr-411 (No. 832665). In an initial study [1], the
hardening strain rate sensitivity, m, was determined at room temperature for the 500-kg heat and
also for the 30-kg heat of V-3Cr-3Ti and V-6Cr-6Ti, where m is defined as

(1)

where csis the stress and & is the strain rate. It was found that for all three materials, m fell in the
range 0.022 to 0.024, which agrees well with the value of 0.024 for pure vanadium (containing
265 wppm oxygen) reported by Bradford and Carlson [2]. Dynamic strain aging (DSA) was
observed for all three alloys in the 400 to 700”C regime at a strain rate of 10+/s. Later work
extended the range of strain rates from 101/s to 10-5/sand it was shown that a regime of negative
strain-rate sensitivity associated with DSA extended down to 300”C in the V-4Cr-4Ti alloy [3].
Measurements of m for V-4Cr-4Ti irradiated in various reactors at temperatures ranging from 200 to
500”C were reported [4] and the radiation-induced changes in m were discussed in terms of a
weakly positive component introduced by a high number density of defect clusters. Unirradiated
tensile data generated in these studies were presented and combined with data obtained at other
laboratories to derive equations describing the temperature dependence of strength and ductility
properties at a strain rate of -1 U3/s[5]. In this report, new experimental data and the strain rate
sensitivities of several stress parameters are discussed in terms of related deformation
mechanisms.

Ex~erimental Procedure

Tensile measurements were performed on type SS-3 specimens (nominal gage dimensions 0.76
x 1.52x 7.6 mm). The specimens used were from the RC/RD series that were prepared from heat
no. 832665 using the fabrication steps shown in Table 1. As reported earlier [6], this procedure
resulted in a uniform microstructure with an average grain size of -23 pm and a hardness of 137
DPH after the final anneal at 10OO°Cfor two hours. Testing was carried out under a vacuum of



Table 1. TemperatureandStrainRateDependenceof RD,RCSeriesTensileProperties

InitialYield LowerYield Ultimate Stress Luders Uniform Total
Specimen Test Strain Stress Stress Stress for Strain Strain Strain

ID Temp. Rate 8% Strain e“
% s“’ M$a M!a M%a 0. ;: % 2

Ann. 1000”C.2h
RD16 RT 103 354 335 429 412 0.8 15.7 30.0
RD13 200 103 259 259 350 338 1.2 14.8 23.8
RC03 300 ‘ 10’ 283 330 349 346 0.5 11.7 22.3
RC16 300 ,0.2 — 271 332 330 — 13.5 22.3
RC02 300 103 212 233 345 326 0.8 15.0 22.7
RCI1 300 ,0.4 175 228 346 327 0.7 15.4 22.5
RC12 300 105 190 220 367 342 0.7 19.2 26.0
RD04 300 105 175 217 365 350 0.4 11.9 18.0
RC08 400 10’ 204 234 330 320 0.8 12.7 21.1
RC07 400 103 179 214 353 330 0.5 16.3 23.0
RC04 400 103 198 220 351 330 0.8 16.5 23.0
RC13 400 ,0.5 196 224 375 356 0.6 16.3 21.9
RC09 500 10’ 187 230 337 323 0.5 15.0 22.9 N
RC05 500 103 225 225 365 342 0.9 17.7 24.0 m

RDO1 500 ,0.3 221
RD22*

221 366 347 0.8 17.1 24.2
500 ,0.3 209 220 400 378 0.3 14.6 22.1

RD05 500 105 189 231 400 377 0.5 15.2 19.2
RC14 500 105 213 225 387 366 0.6 19.6 24.4
RCIO 600 10’ 207 222 351 336 0.4 13.3 20.0
RC06 600 ,0.3 191 233 384 364 0.8 16.1 21.1

“RC15 600 105 275 275 455 404 — 15.0 21.2
RD25 700 10’ 177 214 340 325 0.8 14.8 21.0
RD14 700 ,0.3 — 222 388 364 0.7 12.3 18.8
RD15 700 ,0.5 — 227 409 397 1.0 12.7 22.3
RD26 750 10’ 200 215 338 326 0.7 12.0 19.0
RD02 750 103 236 243 396 387 0.7 10.0 16.0
RD17 750 105 200 225 353 353 0.8 10.8 25.5
RD27 800 10’ 218 224 331 322 0.7 11.7 19.7
RD06 800 104 242 234 337 334 0.9 11.0 19.0
RD18 800 , ~, 185 210 280 — 0.3 6.7 31.1

●Ann. 1150”C,1h
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-2 x 107 torr using a screw-driven machine. Specimens were held at test temperature for 20-30
minutes before starting the test. Data were acquired digitally at a rate of 20 points per second.

Results

Testing was carried out at 20,300,300,400,500,600, 700,750, and 800”C at five strain rates
between 10-1and 105. These data are summarized in Table 1. The main features of the
engineering stress-strain curves for V-4Cr-4Ti are shown in Fig. 1, which contains data for nine
temperatures obtained at a strain rate of 103/s.
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Fig. 1. The stress-strain curves for the V-4Cr-4Ti alloy tested at temperatures between 20 and
800°C.

In the majority of cases, the end of the elastic extension is marked by a small permanent plastic
strain of the order of 0.1 to 0.2’ZO.This is followed by a L~ders extension typically ranging from 0.5
to 1.OYO.The lower yield stress, aY,is the stress required to propagate the Lfiders extension.
After the Ltiders extension is complete, deformation occurs throughout the specimen on a rising
stress-strain curve; eventually the work hardening rate decreases and the ultimate stress, au, is
achieved. For temperatures between 300 and 750”C, the flow curves exhibit jerky flow, which is
related to the diffusion of solute atoms to dislocations during the test, i.e. the phenomenon of
dynamic strain aging (DSA). As reported earlier [1], both the shape and magnitude of the
serrations changes with temperature, strain, and with strain ratq fur&heranalysis of this behavior
will be presented in future reports.

The strain-rate dependence was determined for the lower yield stress, CY,and for a parameter, a.,
which is the stress required to produce a strain of 8% after the completion of the Ltiders
extension. The 8% strain is an arbiirary value selected to represent material in the strain-
hardening regime. The strain-rate sensitivities of these parameters are presented in Figs. 2 and 3.

,
—.—. —..—



28

At 20°C, the lower yield stress exhibits a positive strain rate sensitivity (SRS). The SRS is also
positive at 300”C for strain rates 21O+/s,however, at lower strain rates, the SRS is markedly less
positive (Fig. 2). For temperatures in the range 400 to 800”C, the lower yield point is virtually
independent of strain rate over the entire range.

The stress for 8% strain, c,; shows very different behavior (Fig. 3). At 20”C, the SRS is positive
over the range 10’ to 10?s. At 300”C, however, there is a transition from positive to negative
behavior as the strain rate is decreased below -1 O+/s. This temperature-dependent transition to a
negative SRS coincides with the appearance of jerky flow in the stress-strain curve (Fig. 1).

At 400,500,600, and 700”C, the SRS is negative over the full range of strain rates examined with
m values in the range (-0.012 to -0.022). All stress strain curves in this regime are characterized by
jerky flow behavior with the exception of tests carried out at a rate of 101/s. For these tests, it is
possible that the data acquisition system was not sufficiently rapid to detect the load drops; it is
planned to repeat these tests with an upgraded, high-speed system.

A different type of behavior was observed at test temperatures of 750 and 800”C. At both
temperatures the strain rate sensitivity is negative over the range 10-1to 10+/s. At lower strain
rates, however, m becomes positive, indicating a transition into a different deformation regime.

The temperature-dependence of stress and strain parameters at a strain-rate of 103/s is plotted in
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Fig. 2. Effect of strain rate on the lower yield strength of the V-4Cr-4Ti alloy tested at
temperatures between 20 and 800°C.



29

, -.

280
I

0.. 800”C

260 F I I I I I d

1O* 10-5 104 10-3 10-2 10-’ 10°

Strain Rate (s-l)

Fia. 3. Effect of strain rate on the tensile strength (measured at 8% strain in the strain-hardening
re~irne) of the V-4Cr-4Ti alloy tested at tempe~atures between 20 and 800°C.
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Discussion

The phenomenon of strain aging occurs in a wide range of FCC, BCC, and HCP alloys (for reviews
see references ~, 8]). Strain aging is related to the segregation of mobile solute atoms to
temporarily arrested dislocations, which partially impedes dislocation motion. Both substitutional
and interstitial solutes can be involved. This pinning of dislocations by solute atmospheres gives
rise to the yield point phenomenon that occurs over a broad temperature range. After reaching a
peak, the flow stress drops to a lower value as a Ltiders deformation front propagates along the
specimen gage length at a constant stress. At temperatures where solutes are mobile, the
phenomenon of dynamic strain aging (DSA) may occur in which diffusion of solutes to dislocation
occurs during straining. The local solute concentration at arrested dislocations, C., is a function of
the waiting time at obstacles ~. When the strain rate is increased, a decrease in flow stress occurs
due to a decrease in C. resulting from the decrease in tW.Thus, the regime of DSA, which is
bounded by certain values of temperature and strain rate, is characterized by negative values of
the strain rate sensitivity parameter defined by equation.(1) above.

The DSA phenomenon gives rise to changes in the appearance of the flow curves. in BCC
materials containing interstitial solutes, regular serrations occur in the region of the Ltiders
extension in the temperature range where interstitial are mobile; this “serrated yielding” occurs at
a constant average stress. As the applied stress is increased and the material enters the work
hardening regime, the flow curve is characterized by small serrations whose frequency and
magnitude vary with strain, temperature and strain-rate. This is the regime of ‘jerky flow.” The
ability to detect the upper yield point, serrated yielding, and jerky flow depends upon the
sensitivity of the test machine and upon specimen geometry. Detection of serrations is favored
by (a) the use of a “hard machine, in which a small specimen extension produces a large drop in
load, and (b) by a high speed digital data acquisition system. Detection of the upper yield and the
observed magnitude of the load drop is sensitive to the specimen geometry, specimen
alignment, and surface quality.

Early work by Bradford and Carlson [9] related strain-aging phenomena in pure vanadium at 150-
170°C to the diffusion of oxygen and carbon. Subsequently, Thompson and Carlson [1O],also
working with pure vanadium, were able to relate strain-aging peak over the range 300 to 450”C to
the diffusion of nitrogen. In the V-4Cr-4Ti alloy it is expected that a positive interaction between
the substitutional titanium atom and the interstitial species [11], will shti the appearance of DSA
phenomena to somewhat higher temperatures in the alloy.

The data for the lower yield stress, OY,and for the stress at 8% strain, a,, shown in Figs. 2 and 3
represent deformation in two quite different deformation regimes, and consequently, exhibit
rather different strain rate sensitivities. During the Ltiders extension, weakly pinned dislocations
are activated and slip bands form on only a limited set of available slip planes. Once the Ltiders
front has propagated along the gage length, the stress must be increased to unlock further
dislocations; the dislocation density increases rapidly as the material enters the strain-hardening
regime. At room temperature, the SRS of aYis positive with m = 0.025. At 300”C, m is positive
only for strain rates 21Os/s, and for these conditions, serrated yielding in the Ltiders regime could
not be detected. At lower strain rates, m becomes markedly less positive and serrations begin to
appear in the Ltiders extension. At all test temperatures above 300°C, although serrated yielding
occurs within the Lfiders extension for all strain rates, crYis essentially insensitive to strain rate.

The O, parameter is measured at a fixed value of the strain (8Yo),which is well into the strain-
hardening regime. At room temperature, the SRS of as is positive, with m = 0.019 (Fig. 3). At
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3000C, the strain rate dependence of q displays a classic U-shape, with a positive sensitivity at
high strain rates undergoing a transition to a negative sensitivity for strain rates S1O+/s. Based
upon the relative diffusivities of the interstitial species in vanadium, it seems likely that the
appearance of jerky flow at low strain rates at 300°C is related to the mobility of carbon and oxygen
[1]. At temperatures of 400,500,600, and 700°C, the SRS for OSis always negative, with m in the
range (-0.012 to -0.022).

At these temperatures, nitrogen is sufficiently mobile to play a role in DSA. At some temperature,
all of the interstitial solutes will be sufficiently mobile to migrate with dislocations moving at the
highest strain rates used and will lose their effectiveness in pinning dislocations. It is possible that
at sufficiently high temperatures, DSA effects could arise from the substitutional solutes Ti and Cr.

It can be seen from Fig. 1 that the appearance of serrated yielding in the LOders extension
coincides with the appearance of jerky flow in the strain hardening regime, suggesting that the
load-drops have a common origin in the locking of dislocations by mobile interstitial species. This
type of behavior has been observed in mild steel [12].

The strain rate insensitivity of aYin the 400 to 700°C range contrasts with the strong negative
strain rate sensitivity of q over the same range; this difference is not understood at present.

At 750 and 800°C, the negative SRS of q for strain rates in the range 10“1to 10%s is similar to that
for lower temperatures with m in the range (-0.037 to -0.008). At lower strain rates, however, m
becomes positive. This reversal in SRS indicates a change in deformation mode and is probably
related to a transition into a power law creep regime. Additional intermediate strain rate tests are in
progress to allow determination of an activation energy for deformation in this regime. The stress-
strain curves at 750”C are compared for two strain rates in Fig. 5. The two curves are very similar,
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Fig. 5. The stress-strain curves for the V-4Cr-4Ti alloy tested at 750”C and strain rates of _103/s
and 105/s.
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initially. However, at a strain-rate of 10-5/s,the strain-hardening rate decreases more rapidly due to
climb-enhanced dislocation rearrangement.

Work is continuing to determine the strain rate sensitivity of V-4Cr-4Ti, pure V, and V-4Cr-4Ti weld
metal and is also being carried out utilizing hardness and resistivity measurements. Together,
these studies will provide the basic information needed to advance our understanding of the
effects of test temperature, strain rate, and irradiation on the flow and fracture of V-Cr-Ti alloys.
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EFFECT OF ORIENTATION ON EFFECTIVE TOUGHNESS-TEMPERATURE CURVES IN V-

4Cr-4Ti — E. Donahue, G.R. Odette, and G. E. Lucas (University California, Santa Barbara)

OBJECTIVE

The results reported here are part of a larger effort to characterize effective fracture toughness -
temperature K,(T) curves of the program heat of V-4Cr-4Ti alloy as a function of specimen size,
geometry and orientation as well as for plates with somewhat different processing histories. The
current report focuses on tests of specimens larger than previously studied and in two different
orientations with respect to rolling direction.

SUMMARY

Fracture tests were performed on fatigue precracked, 20?!. sidegrooved 0.26T compact tension
specimens in LT and TL orientations under static loading conditions over temperatures ranging
from -196°C to -11O°C. The effective toughness-temperature K,(T) curves were similar for both
LT and TL orientations. The corresponding 100 MPa~m transition temperature was estimated to
be about -155”C. Additional tests to evaluate effects of specimen size, orientation and material
fabrication histoty on the K-T curves are underway.

MATERIALS AND PROCEDURES

Specimens were fabricated from a cold-rolled 6.6 mm thick plate fabricated from the large
program heat of V-4Cr-4Ti (#832665) produced by Teledyne Wah Chang [1]. Compact tension
specimens (0.26T) were machined in LT and TL orientations, annealed at 1000”C for 2 hours
under vacuum, precracked to crack length (a) to specimen width (W) ratio a/W-O.5, and side-
grooved to depths of about 10% on each side. These specimens were tested over the tempera-
ture range from -196°C to -11O“C under static loading conditions. Effective toughness values
were calculated from load-displacement traces.

RESULTS

Figure 1 shows the toughness-temperature data for LT and TL orientations. The 100 MPa~m
transition temperatures of about -155°C are similar for both orientations as are the lower knee
toughness values at around 60 MPa~m. Notably, the Kc(T) curves for these larger CT speci-
mens were shifted up in temperature by about 20-30”C relative to that measured using smaller
3.3 x 3.3x 25.4 mm precracked three point bend bar specimens [2]. Specimens tested at low
temperatures exhibited classical cleavage fracture surfaces, while specimens tested at higher
temperatures also exhibited large, transverse fissures.

Fracture Reconstruction (FR) methods have also been used on selected specimens to charac-
terize the sequence of events which lead to fracture. Figure 2 shows the fracture area maps
from the FR for a specimen in LT orientation tested at -140”C. It shows limited damage up to a
crack tip opening displacement of about 6 = 100 pm and then a large pop-in at about 8 = 130

-w[3,41Thispm. This corresponds to a KS= 137 MPa~m as calculated from & –

value is in excellent agreement with the standard Ke = 130 MPa~m measured from the load-
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6 = 120 pm a=130pm

Figure 2. The Fracture Reconstruction for a specimen tested in LT orientation at -140°C. The

critical crack opening is about 5 = 130pm.
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displacement record. The FR shows that damage in the form of isolated cleavage facets was
widely distributed prior to reaching the critical displacement for macroscopic fracture.a

FUTURE WORK

Future work will involve additional tests of specimens W-Mdifferent orientations, sizes and
material fabrication histories. The overall data base, coupled with extens”wefractographic and FR
studies as well as constitut”we models, will be used to develop self-consistent predictive models of
cleavage initiation and ductile tearing toughness including the effects of irradiation, loading rate
and specimen/ffawed component geometry.
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STUDY OF IRRADIATION CREEP OF VANADIUM ALLOYS,f H. Tsai, R. V. Strain, M. C. Billone, T.
S. Bray, and D. L. Smith (Argonne. National Laborato~} M. L. Grossbeck (Oak Ridge National
Laboratory) K Fukumoto, and Ii. Matsui (Tohoku University, Japan)

.
SUMMARY

Thin-wall tubing produced from the 632665 (500 kg) heat of VA wt.% Cr4 wt’%0 Ti material was
formed into pressurized tube specimens and irradiated in the HFIR RB-12J experiment to study
irradiation oreep. Irradiation and the required cooldown follow”ng irradiation have been oompleted
and disassembly of the vehicle is underway. Calculated dose for the s~”mens ranged from 5.5 to
6.0 dpa and the calculated irradiation temperatures were 400 to 500°C.

OBJECTIVE

Vanadium alloys are oandidate structural materials for fusion first walls and blankets beoause of their
attractive high-temperature properties and low activation. While many alloy properties have been
extensively studied, irradiation-induced creep has not. Data on irradiation creep are important
because oreep maybe a prinoipal mntributor to deformation and is potentially Performanelimiting.
The objective of this task is to determine the creep rate at 500”C under a range of loading conditions.

CREEP SPECIMEN FABRICATION

The oreep specimens used in the RB-12J experiment are 25.4 mm long x 4.57 mm OD x 0.25 mm
wall tubes with welded end plugs, as shown in Fig. 1. The tubes were fabricated by drawing of bar
sttiand the end plugs “were produced by electricdischarge maohining of plate sto~l].
Circumferential plug-to-tube welds were made with an electron-beam welder in vacuum. The
speoimens were vacuum-annealed at 1000°C for 1.0 h while wrapped in Ti foil, then pressurized,
through a 0.25-mm-dia. meter hole in the top end plug, with high-purity helium in a pressure chamber.
The final olosure weld of the hole was made W-tha laser through the quartz WMOW in the chamber.
Si speoimens, with at-temperature hoop stresses ranging from Oto 200 Mpa, were irradiated in the
RB-12J experiment. The speoified pressure loading was determined with a cede that accounted for
thermal expansion of the creep tubing and compressibility of the helium gas. FolloMng the leak
= the dimensions uf the assembled creep specimens were measured with a preoision laser
profUometerat 5 axial (xL = 0.1,0.3,0.5,0.7, and 0.9) and 19 azimuthal looWons to an accuraoy of
104 mm.

Fig. 1. Schematic Diagram of Creep Speoimens

To mitigate gaseous impurity uptake, the six creep speamens were loaded in two sea16d thin-wall

%his work has been supportedby the U.S. Departmentof Energy,Ofka of FusionEnergyResearch,
underContractW-31-I 09-Eng-38.
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Zircalloy capsules, which acted as an impurity getter. A pinhole was drilled in the end plug of the
Zircalloy capsule to prevent pressure buildup in case of an unexpected specimen failure. The inside
dimensions of the Zircalloy tubing were 81.3 mm long x5.05 mm ID and the wall thickness was 0.10
mm.

IRRADIATION SUMMARY

The imadiation of RB-12J was completed in 10 HFIRcycles,from Cycle352 (Feb. 7, 1997) through
Cycle 361 (Jan. 17, 1998). The irradiation location was RB-5B.

Calculated temperatures and neutron damage [2] for the six creep specimens are shown in Table 1.
The range of temperatures reflected the impact of several factors changes in HFIR power levels
during operation, 180° capsule rotation at the end of each cycle, movement of the HFIR control
plates, uncertainties in the relationship between specimen temperatures and thermocouple
temperatures, and variation in individual therrnomuples over the course of the 10 cycles.

In Cycle 353, an attempt to recover from a mmputer failure led to three separate hightemperature
excursions total duration was about 4 min. The peak temperatures during these times were
estimated to be dO°C above those shown in Table 1 [2].

Table 1. Creep Specimens from HFIR-12J Experiment
Specimen Calculated Calculated Nominal Hoop

No. Temp.(eC) Dpa Stress (MPa)

BI 496= 5.96 0

B12 399QI 5.96 50

BI 1 496S22 5.75 100

B3 476S22 5.45 150

B9 496&2 5.75 150

B5 476- 5.45 200

STATUS OF EXPERIMENT

Following the postirradiation cooldown in the HFIR pool, the RB-12J vehicle was moved to the
ORNL hot cell in Janua~ 1999 for disassembly. At the time of m-ting, the specimens have been
retrieved from the imadiationvehicle but not from the Zircalloy getter tubes.

FUTURE ACTIVITIES

The specimens WNbe retrieved from the Zircalloy getter tubes and their diameters vdl be measured
w.th a precision laser prtillometer. Stress dependence of the creep strains will be evaluated, and
stress-free swelling of the material from the O-MPa specimens w411also be evaluated. These results
will be mmpared with the limited previously published in-reactor creep data on vanadium alloys.

REFERENCES
1. H. Tsai, R. V. Strain, and D. L. Smith, ‘Study of Irradiation Creep of Vanadium Alloys,’
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FRACTOGRAPHY RESULTS FOR V-ALLOY TENSILE SPECIMENS IRRADIATED IN THE
BOR-60, ATR, AND FFTF REACTORS. T. S. Bray, H. Tsai, R. V. Strain, M. C. Billone, and D. L.
Smith (Argonne National Laboratory)

Summary

Fractography studies were conducted on numerous V-alloy tensile specimens. These specimens
had been irradiated in the ATR, FFTF, and BOR-60 reactors at temperatures ranging from 273 to
600°C and damage doses from 41 to 51 dpa. The results of the fractography studies show the
medium dose (17 to 19 dpa), low irradiation temperature materials irradiated in BOR-60 to have
mostly ductile fractures but with low areal reduction. The low dose (-4 dpa) ATR samples display
a wide range of areal reductions with mostly ductile fractures. The fractography results for the FFTF
samples with irradiation temperatures from 520°C to 600”C and damage doses from 41 to 51 dpa
show a wide range of reductions in area and all ductile fractures. Side-view observations revealed
evidence of slip bands that are typically associated with dislocation channeling.

Objective

The objective of the task was to determine the failure mode and measure the reduction in area for
tensile specimens irradiated in ATR, F~F, and BOR-60.

Background

The tensile properties of these specimens were measured and results were reported [1+]. The
compositions of the materials are presented in Table 1. The summary of the tensile results are
presented in Table 2. The results of the tensile testing for the BOR-60 irradiated specimens
mrroborate previous findings [3-8]; a significant loss of work hardening capability in the materials
exists. Fractographic examinations of samples- tested at room temperature (irradiation
temperatures from 318 to 323°C) show a mixture of ductile tear and briffle cleavage. Consistent
with the poor elongations, the reduction in area values were low (3-4’%.)[2].

Table 1. Nominal composition of the alloys investigated
Heat Nom. Composition (wt.%) Impurity content (wppm)

832665 V-3.8Cr-3.9Ti 310 85 80 780

T87 V-5. OCr-5.OTi 380 90 110 550

VX8a V-3.7Cr-3.9Ti 350 70 300 500

BL-42b V-3.lTi-O.5Si 580 190 140 nla

BL-47 V-4.1 Cr-4.3Ti 350 220 200 870
a From Russia. Contains (in wppm) 1120 Al, 280 Fe, 500 Co, 270 Mo, 1280 Nb, and 19 Zr.
bContains 0.02 wt% Fe.
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Table 2. Tensile data summary for specimens subject to fractography studies in this report
~1,2,7,8].

Reacto Specimen Material/Heat had. Tensile dpa 0.2% UTS UE TE
r Exp. ID No. Temp. Test (MPa) (%) (%)

(“c) Temp. (;la)
(“c)

71-2 V-4Cr-4Tii832665 318 23 17 1115 1120 0.3 0.4

71-2H-I V-4Cr-4Tti832665 318 318 17 892 926 0.4 2.2

71-2H-2 V-4Cr-4111832665 318 23 17 1100 1115 0.3 0.5

BOR- 71-A V4Cr-4Tti832665 318 318 17 953 962 0.4 1.3

60 71-B V-4Cr-4Ti1832665 318 23 17 1120 1125 0.5 0.8

Fusion- 69-1 V-4Cr41_VVX8 323 323 19 909 936 0.5 2.3
1 69-2 V-4Cr-4TilVX8 323 23 19 1135 1170 1.4 2.8

72-1 V-5Cr-5TilT87 323 323 19 953 955 0.1 1.8

72-2 V-5Cr-5Tii87 323 23 19 1145 1150 0.4 0.4

71-LZ-I 832665/Laser 320 320 18 a 782 0.0 0.0

71-F V-4Cr-41_d832665 273/280 290 4.3 945 983
ATR

0.7 2.1

47-E V-4Cr-4TtiBL-47 288/302 290 4.6 844 866 0.5 4.9
ATR-
AI

72-D V-5Cr-5Tii87 284/300 290 4.1 880 941 1.1 4.1

71-LZB 832665/Laser 288/302 290 4.6 a 607 0.0 0.0

143 V-3.ITLO.5WBL42 520 520 41 525 624 4.2 8.1

144 V-3.ITLO.5WBL42 520 520 46 453 559
FHF

7.7 16.4

146 V-3.lTLO.5WBL42 600 600 47 373 541 11.0 15.9
~qOTA 147 V-3.lTi-O.5Si/BL42 600 600 51 368 566. 10.4 14.4
,,

148 V-3.ITI-O.5WBL42 600 600 51 380 539 11.7 17.2

149 V-3.lTi-O.5SilBL42 600 22 51 . 424 615 11.7 15.0

aNo measurable plastic deformation; offset yield strength could not be determined.

Results

Fractographic examinations were conducted with a scanning electron microscope (SEM). The
objective of the examination was to determine the mode of fracture and the reduction of gauge
cross-sectional area. All fractures except for 71-lZ-l and 71-U-B (laser weld samples) were
ductile fractures as shown in Figures 1 and 2. Sample 71-L.7-1, irradiated in BOR-60 at 320”C to
a damage dose of 18 dpa, shows briffle cleavage except for a small comer that displays ductile
tear (Figures 3 and 4). This ductile tear comer could be the result of the fracture not following the
plane of the weld. Sample 71-U-B, irradiated in the ATR-AI experiment at 288/302°C to a
damage dose of 4.6 dpa, shows brittle cleavage.

.

.

.———— .
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Figure 1: Sample146ductile hxture (ET
325643).

Figure 2: Sample72-1 ductile ficture (ET
325623).

Figure 3: Sample71-LZ-I brittle fkwture (ET
325627).

Figure 4: Sample71-LZ-1 comer showing both
ductile andbrittle fracture (ET 325630).
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Figure 5: ExampIeof surfacestepshorn Sample
69-1 indicating dislocation channeling.(ET
325620)

Side surface examinations were mndticted to determine if slip bands that are characteristic of
dislocation channeling were formed during testing. Slip bands were apparent in most samples
examined. Atypical example of slip bands is shown in Figure 5. Side surface examinations also
revealed short transverse cracks initiated at the sutface. These transverse cracks, observed in
necked regions, grew perpendicular to the direction of the applied tensile load.

Reduction-in-area measurements completed are reported in Table 3. The low reduction in area
results (Oto 17’Yo)for the BOR-60 specimens were consistent with previously reported reduction
in area and elongation data. The laserweld sample (71-lZ-l ) fracture was briffle, and as expected
did not have a measurable reduction-in-area. This fractography data supports findings that the V-
4Cr-4Ti alloys maybe susceptible to significant low-temperature embrifflement [3,5,6,71.

The low damage dose samples irradiated in ATR displayed a higher reductions-in-area than the
majority of the samples irradiated in BOR-60. These differing results are consistent with the tensile
test data and can be explained by saturation effects. The laser weld sample (71-LZ-B) fracture was
briffle, and as expected did not have a measurable reduction-in-area.

Reduction in area measurements for the BL-42 heat, irradiated at higher temperatures in FFTF,
showed good reductions-in-area even at high damage doses of 41 to 51 dpa(13 to 41 ‘%0).The only
exception is sample 147. This sample displays a ductile fracture through SEM analysis, but did not
have a measurable areal reduction. This result is currently under further investigation.

The variability in these results can be attributed to saturation effects and impurity content variations
in the samples.

7:.-. --- ,------ -.—-7- --- ~,.~~~ Y i, .,.-.. V7$—-----=r ,, ... ‘.,-,,l% , >-,-. -, ..., ?. >., . .
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Table 3. Reduction in area measurement results.

Reactor Specimen ID Material/Heat had. Tensile dpa ‘?/oRA
No. Temp. Test Temp.

(“C) (“c)

71-2’ V-4Cr-4Ti/832665 318 23 17 1

71-2 H-I V-4Cr-4Ti/832665 318 318 17 0

71-2H-2= V-4Cr-4Ti1832665 318 23 17 1

71-A V-4Cr-4Ti1832665 318 318 17 0

BOR- 71-B= V-4Cr4W832665 318 23 17 1

60 69-1 V-4Cr-4Ti/VX8 323 323 19 17

69-2a V-4Cr-4TilVX8 323 23 19 4

72-1 V-5Cr-5TilT87 323 323 19 10

72-2a V-5 Cr-5TiiT87 323 23 19 1

71-LZ-I 8326651Laser 320 320 18 0

71-F V-4Cr-4Ti1832665 273/280 290 4.3 16

47-E
ATR

V-4Cr-4Ti/BL-47 288/302 290 4.6 12

72-D V-5Cr-5TilT87 284/300 290 4.1 32

71-LZ-B V4Cr-4TilLaser 288/302 290 4.6 0

143 V-3. ITLO.5WBL42 520 520 41 35

144 V-3.1Ti-0.5Si/BL42 520 520 46 41

146 V-3.lTi-O.5Si/BL42
FHF

600 600 47 34

147 V-3.lTLO.5WBL42 600 600 51 0

148 V-3.lTi-O.5Si/BL42 600 600 51 13

149 V-3.1Ti-0.5Si/BL42 600 22 51 17
aResults originally reported in Reference 3, included here for completeness.
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IMPURITY STUDIES OF GAS TUNGSTEN ARC WELDING OF VANADIUM ALLOYS -

M.L. Grossbeck and J.F. King (Oak Ridge National Laboratory)

OBJECTIVE

The goal of this research is to acquire a fundamental understanding of the metallurgical

processes in welding vanadium alloys and to develop techniques for joining structural

components made from vanadium alloys.

SUMMARY

An improved getter system has been installed on the welding glove box since progress was last

reported. Gas tungsten arc (GTA) welds using both oxygen and hydrogen getters resulted in

very low oxygen levels but very high hydrogen levels in V-4Cr-4Ti. Charpy impact testing,

nonetheless, determined a DBIT lower than previously achieved. The first weld W-kha DBll_ at

room temperature was made. Erratic results following post-weld heat treatments or low-

temperature outgassing treatments were previously attributed to hydrogen cracking. It is now

believed that this behavior is not so ematic and might result from precipitation. Transmission

electron microscope studies have been initiated to study the unusual behavior.

INTRODUCTION

The susceptibilii of vanadium alloys to interstitial embrittlement is most pronounced in welding.

In welding, it is usually not possible to achieve the ultra-high vacuum necessary for high

temperature processing. In addition to the contamination from the welding environment, the

rapid heating and cooling associated with welding quenches interstitial in the lattice. Thicker

plates result in lower cooling rates so that techniques used for welding thin sheet might be

useless for thicker plates required for building an actual structure. Electron beam (EB) welding,

which can be used to successfully weld vanadium alloys is limited by the size of the vacuum

chamber available. Although EB welding is likely to be used in joining small parts, it will never

be practical for welding the large structures associated with fusion devices.

For the present study, 6.4 mm plate of V-4Cr-4Ti (Wah Chang heat 832665) has been selected

as a reasonable thickness for which to study welding methods. When methods have been

developed to weld 6.4 mm plate, thicker sections can be researched. However, since

unacceptable embrittlement is observed after GTA welding of 6.4 mm plate, beneficial research

can be conducted on this material.

EXPERIMENTAL RESULTS AND DISCUSSION

The welding methods for GTA vanadium alloy welding have been previously described.l The
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primaty test method to evaluate brittleness of the welds remains the Charpy impact test. Static

fracture toughness tests on pre-cracked Charpy specimens are expected to be done in the

future. However, since a DBTT below room temperature has not yet been achieved, such tests

will be deferred in order to avoid the necessity for pre-cracking at elevated temperatures.

Previously, oxygen levels below 1 wt. ppm were achieved in the glove box atmosphere by the

addition of a molecular sieve filter combined with a hot titanium getter.l In doing so the oxygen

contamination level was lower than previously achieved, but the sample, GTA 16, was

contaminated with hydrogen to a level of 3000 at. ppm.1To alleviate this problem, an additional

getter was added to the system. Unlike the titanium getter which was part of a recirculating gas

system, the hydrogen getter was placed in the glove box directly. It consisted of a Zr-Al alloy

deposited on a constantan substrate.l The getter is heated to dissolve the oxide surface layer

to expose a clean metal surface. The getter is then cooled to dissolve hydrogen.

Using the hydrogen getter system, the oxygen level in the glove box atmosphere was off scale

using a zirconia detector. An additional weld on V-4Cr-4Ti, GTA 17, was made using these

conditions. In this case, the hydrogen level in the fusion zone was measured by inert gas fusion

analysis to be 5000 at. ppm. The impurity concentrations in the weld and the welding

atmosphere are shown in Table 1 for this weld and the previous weld, GTA 16. This high level

of hydrogen was attributed to an incorrect use of the hydrogen getter. Since there was no

thermocouple on the hydrogen getter, its temperature could only be monitored by color.

Because the substrate begins to melt above 800”C, the getter had to be heated conservatively,

which was probably the cause of the poor performance of the getter in absorbing hydrogen.

Table 1. Impurity concentrations in welding atmosphere and in the weld fusion zones

Welding Atmosphere Fusion Zone Concentration

Weld PWHT Oxygen Moisture Oxygen Nitrogen Hydrogen DBIT

Wt. ppm Wt. ppm Wt. ppm Wt. ppm Wt. ppm “c

GTA 16 AS 0.8 25 370 107 63 85

WELDED

GTA 16 400°C/1 h 38

GTA 17 AS <<1 c1 347 99 99 20

WELDED

GTA 17 400°C/1 h 1.9

Charpy impact tests were performed on weld GTA 17 despite its high level of hydrogen

contamination. A DBTT of 20”C was obtained, the lowest value for at GTA weld in 6.4 mm

‘Manufacturedby SAESGetters,Milan,Italy
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vanadium alloy plate. Not only hydrogen interstitial hardening, but hydrogen embrittlement from

stress induced hydride formation could have occurred at such a high level of hydrogen resulting

in a reduced DB~ do to the hydrogen alone. To investigate this possibility, samples were

outgassed at 400”C for one hour. Theresulting Charpy impact curves obtained before and after

the outgassing treatment are shown in Fig. 1. As can been seen from the curve for the as

welded samples, the data fit the curve reasonably well, giving a well defined DBIT. In the case

of the outgassed samples, the data are badly scattered. Previously, this phenomenon has been

attributed to pre-existing cracks resulting from hydrogen embriilement. The proximity to the

hydride SOIVUSis also shown in Fig. 1. Application of a stress could shift the SOIVUSto a higher

temperature resulting in cracking significantly above the stress-free hydride SOIVUS.2However,

weld GTA 16, which had 3000 at. ppm hydrogen, was treated similarly. The Charpy impact

curves for this weld appear in Fig. 2. As with GTA 17, the as welded curve is well behaved, in

this case, giving a DBIT of 85°C. Following outgassing at 400°C for one hour, the data are

again scattered. However, comparison of the curves for the two welds shows that it is not

random scatter. There is a dip in the Charpy energy curve at 50 and 10O°Cfor GTA 17 and

GTA 16, respectively. Other welds have shown a similar phenomenon following higher

temperature heat treatments. Weld GTA 10 exhibits dips in the Charpy energy curves between

100 and 150°C following post-weld heat treatments of 750,850, and 950°C for two hours.3 In

all cases of unusual lower shelf behavior, the fracture surfaces exhibit entirely cleavage

fracture. However, this would also be expected to result from hydrogen embrittlement.

Nonetheless, this phenomenon of unexpected dips in the Charpy energy curves is now believed

to be a real effect.

A precipitation phenomenon is a possible explanation for the effect. Transmission electron

microscopy (TEM) is being use at the present time to investigate the microstructure. A brittle

second phase could explain a high DBIT. However, it is difficult to explain a dip in the Charpy

energy curve in terms of a brittle precipitate. As shown in Figs 1 and 2, the ductility returns at a

lower temperature. This phenomenon is observed in the case of hydrogen embrittlement, but

even the 400°C heat treatment in an vacuum has been shown to reduce the hydrogen

concentration to below 2 wt. ppm.
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Figure 1. Charpy impact curves for weld GTA 17 before and after outgassing

treatment to remove hydrogen. The cross hatched area is the zone of hydride

formation under stress. “
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FUTURE DIRECTIONS

Two improvements have been made to the welding glove box. A thermocouple has been

installed on the hydrogen getter so that it maybe properly activated at a sufficiently high

temperature. In addition, a gas chromatographyhas been installed to monitor the hydrogen

concentration in the glove box atmosphere. A quadrapole mass spectrometer residual gas

analyzer will also be added to the glove box system. In the future, a weld will not be made

when the hydrogen concentration is high.

CONCLUSIONS

1. Reduction of oxygen concentration in the GTA welding atmosphere reduces the DB3T. A

DBll_ of room temperature has been achieved.

2. A strongly gettered system is necessary to reduce both oxygen and hydrogen to levels below

1 wt. ppm.

3. The unexpected dips in the Charpy energy curves, previously attributed to hydrogen

embriilement cracking, are believed to be related to precipitation during post-weld heat

treatments or outgassing heat treatments.
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IMPROVEMENT OF LASER WELD QUALITY OF V-Cr-Ti ALLOYS
Z. Xu, C. B. Reed, K. Natesan, and D. L. Smith (Argonne National Laboratory)

SUMMARY

During this report period, the use of a YAG laser to weld sheet materials of V-Cr-Ti alloys has focused
on (a) development of optimal laser welding parameters to produce deep penetration and defect-free
welds, (b) integration of a custom-designed environmental control box (ECB) into the laser system to
control the oxygen uptake during the processing, (c) examination of the porosity on longitudinally
sectioned welds, and (d) analysis for oxygen content of the welds. An innovative method has been
developed to obtain deep penetration and oxygen contamination free welds.

EXPERIMENTAL PROGRAM

Vanadium alloy heat #83~665, nominal composition V-4 wtYo Cr-4 wt%Ti (designated as BL–71) was
selected for the study. Bead-on-plate (BOP) welds were produced on 4 mm thick sheets of the alloy
using a 1.6 WV pulsed YAG laser with optical fiber beam delivey. Welds made with the same laser
parameters but different beam travel speeds were EDM wire cut longitudinally along the centerlines of
the welds to comprehensively examine for porosity. A custom-designed environmental control box
(ECB) capable of purging with high-purity argon (99.995%) has been integrated with the YAG laser to
improve the quality of the welding atmosphere. Figure 1 schematically shows the set-up of the laser
system with the ECB. The specimen was,placed in the ECB with fixtures. The high-purity argon was
purged into the box from both sides and the flow rate was well controlled such that a slow flow of argon
out from the slit on the top of the box could be formed This provided a good welding atmosphere to
minimize the oxygen uptake during the welding. A shielding disk just above the slit enhanced the
shielding effect and also provided a guiding sutface for the lens protection gas. The content of
oxygen, nitrogen, and carbon of laser-welded samples produced with and without using the ECB
were analyzed by Inert Gas Fusion (IGF) method.

LaserBeam

Figure 1 Set-up of the laser welding system
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RESULTS AND DISCUSSION

Examination of Porositv on Longitudinally sectioned welds

Cross-sectioned samples of welds with and without root porosity were reported on in the
previous report [1]. Cross-sectioned weld samples do not, however, reverd completely the
existence of porosity, since the randomly chosen section could be located just between
porosities. Table I lists the welding conditions and weld depths of four samples used to
examine for porosity in longitudinal sections. The side view of the longitudinal section of the
four welds is shown in Figure 2. Detailed views of individual sections are presented in
Figures 3 to 6. As it is revealed by the figures, the number of porosities decreases as the beam
travel speed decreases. Porosity-free welds were obtained when the weld depth reached full
penetration. It appears that fidl penetration provided a path on the bottom side of the sample
for the gas trapped in the welding keyhole to escape, thus eliminating porosity.

mELD *1 mm-u) *2 wEzD#3
r ...—. ,,... ..... . “

I

F-d 1 Clufs 1.2 Cm/k 1..5Cds 3.s &
Weid Depih 4 _ 3.4nlnl 2.9Xlnl 2.4-

Figure 2. Longitudinal section views of laser-welded samples showing welds with porosity
and a full penetration weld without porosity
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Table 1. Welding Conditions and Weld Depths

Weld No. Laser Energy Pulse width Repetition Rate Feed Rate Weld Depth
(Joules/ins) (ins) (Hz) (cm/s) (mm)

1 4 3 132 1 4

2 4 3 132 1.2 3.4

3 4 3 132 1.5 2.9

4 4 3 132 3.5 2.4

Figure 3. Closeup of longitudinal section
view of weld No. 1 in Table 1.

Figure 4. Closeup of longitudinal section
view of weld No. 2 in Table 1.
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!Figure 6. Closeup of longitudinal section
view of weld No. 4 in Table 1.
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Chemical Analvsis of Laser-Welded V-Cr-Ti Allov

Uptake of oxygen leads to embrittlement of the alloy and therefore must be avoided. Table 1
shows the cleaning and welding conditions used to prepare samples for chemical analysis.
The samples were wiped with acetone before and after welding except sample 990709B,
which was cleaned in a pickling solution after welding. The chemical analysis results of the
welds in Table II by IGF method are shown in Table Ill; values for the reference heat are also
shown for information. The welds produced in the ECB with nearly optimal shielding gas
(990712B and 990712C) have the lowest oxygen content. Welds using the ECB but with a
less than optimal gas shielding arrangement have higher oxygen content compared to those
with nearly optimal shielding. The welds obtained without using the ECB have the highest
oxygen content. The O, N, and C contents of welds produced using the ECB with near-
optimal shielding gas are essentially the same as the repotted values for the reference heat.
Oxygen analyses obtained from the chip samples apparently include additional
contamination. Subsequent specimens were not milled into chips prior to chemical analysis,
but rather submitted as small bars. This approach yielded O, C, and N measurements close to
those of the reference analysis for the Heat.

TAB
(Samf

Samples

990223A
990223B
990223C
990709A

990709B

990712B

99071 2C
99071 2D

-E Il. Cleaning and Welding Conditions {
laser parameters were used for all the w

pulse width: 3 ms, and pulse reQ

Beam travel speed ECB used?
(cm/s) YIN

Base material I Base material
1“ N
1 N

0.6 Y, but non-
optimal

shielding gas
0.5 Y, but non-

optimal
shielding gas

0.4 Y, near-optimal
shielding gas

0.25 Y, near-optimal
I shielding gas

‘Chemical Analysis
ids, laser energy 4
!tition rate: 133)

Clean conditions
before & after

welding
Acetone wiped
Acetone wiped
Acetone wiped
Acetone wiped

Cleaned in
pickling solution

after welding
Acetone wiped

Acetone wiped

~amples
wles/ms,

Sample
supplied shape

Chips
Chips
Chips

Bar

Bar

Bar

Bar
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TABLE Ill. IGF Chemical Analysis Results of Laser-We!ded V-Cr-Ti Alloy Samples
Sample O (wppm) C (wppm) N (wppm) Welded in Environmental

control box?
Heat 832665 310 80 8!5 Reference Analysis

990223A 780 100 80 Base material
990223B 1460 60 1970 No
990223C 1690 80 2710 No
990709A 360 100 180 Yes, but non-optimal

shielding gas flow
990709B 390 100 290 Yes, but non-optimal

shielding gas flow
99071 2B 320 100 70 Yes
99071 2C 320 100 80 Yes

A microhardness profile across the width of weldment 990712D is presented in Figure 7.
This profile shows only a slight increase in hardness in the weld metal, in comparison to the
adjacent base metal.

Vickers

hardness

(HV)

-1.1 -0.85 -0.6 -0.35 -0.1 0.15 0.4 0.65 0.9

Distance horn the centerline of weldment (mm)

Figure 7. Microhardness profile for oxygen-uptake-free weldment
(990712D) at half-width of weldment.

In the next re~ort period, deep penetration, defect free and oxy9en contamination free welds
will be produced on the vanadiu_mplates using the ECB, then Cfiarpy impact test samples will
be cut from the plates and tested. Further work on oxygen pickup and weldment
microhardness will be performed in the next report period.

REFERENCES
1. K. Natesan, D. L. Smith, Z. Xu, and K. H. Leong, “Laser-Welded V-Cr-Ti Alloys Microstructural and
Mechanical Properties,” Fusion Reactor Materials Progress Report for the Period Ending June 30,
1998, Argonne National Laboratory, DOE/ER-0313/24, p. 87, June 1998.
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DIFFUSION BONDING OF VANADIUM ALLOYS
Z. Xu, D. L. Smith, and C.B. Reed (Argonne National Laboratory)

OBJECTIVE

The objective of this task is to investigate the potential of diffusion bonding for joining of
vanadium-base alloys.

SUMMARY

Preliminary investigations are in progress to evaluate the potential of diffusion bonding processes
for joining vanadium-base alloys. Diffusion bonds were prepared on 3.8 mm thick V-4Cr-4Ti alloy
plate on a 50 KVA welder with a range of process parameters. Preliminary microstructural analyses
conducted on the test samples indicated that bonding was achieved for a range of process
parameters.

BACKGROUND

Continuous diffusion bond-type joining (roll bonds) potentially offers several advantages for
fabrication of vanadium alloy for firstwallhlanket systems. Current blanket designs for
vanadium/lithium systems provide for joining of -4 mm thick sheet with long weld joints. This type
of joining produces minimal effects on the alloy microstructure since melting is not required. Also,
the extent of the heat-affected zone is more limited than in most types of welds. This approach
may also reduce the stringent environmental control required to avoid excessive oxidation effects
frequently observed in more conventional weld processes.

EXPERIMENTAL PROGRAM

Weld specimens were prepared from 3.8 mm thick V-4Cr-4Ti alloy (heat #832665) in the annealed
condition. Specimens were surface polished and cleaned with acetone before joining. Lap-type
diffusion bonds on these sheet specimens were produced on a 50 KVA welder at ANL. Process
parameters that were set or varied included: transformer tap, tip geometty and size, tip force,
preweld squeeze time, weld time, power setting, and post-weld hold time. Based on previous
experience for other materials, several of these parameters were held constant for the first series
of experiments. Prima~ variables included weld time and power setting. “

Diffusion bonds of the specimens were metallurgically prepared and etched to reveal the
microstructural features of the joints. A Nikon MSZ-B stereomicroscope, a Nikon optical
microscope and a COHU high performance CCD camera were used for the microstructural
evaluation.

RESULTS AND DISCUSSION

Table 1 presents a summary of the parameters and results of the diffusion bonds produced in the
first series of experiments. The apparent bond strength of five of the bonds appeared to be quite
good. The parameters used for test #1 produced a large heat affected zone and significant
porosity in the joint (see Figure 1) indicating excessive power in this test. Tests 2,3,7, 10,11,
and 12 resulted in either no bonding or limited bonding, indicating instiicient power. Tests 4, 5,
6, and 8 appear to provide good bond strength with only modest restructuring. Test #6 appears
to provide the best joint with apparent good bond strength with minimal restructuring. Results
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obtained thus far are quite encouraging since the bond strength appears to be good and only
modest changes in microstructure of the bond region are observed for several machine
parameters.

TABLE 1. I

F

E
1

2
3
4

5

6

F=9
10
11

Iiffusion bondingparameters and bond characteristics of V-Cr-Ti alloy
Squeeze Weld time Heat Hold time Bond characteristic Porosity
(Cycles) (Cycles) (Ye) (Cycles)

50 50 95 30 Good bond, Y
grain growth

30 25 95 30 Minimal bond N
30 20 95 30 No bonding
30 99 75 30 Good bond, N

significant structure
change

30 75 75 30 Good bond, some N
structure change

30 50 75 30 Good bond, minimal N
structure change

30 25 75 30 No bonding
30 99 70 30 Good bond, some N

structure change
30 99 65 30 Minimal bond N
30 75 65 30 Broke on cooling
30 99 50 I 30 I No bonding I
30 I 25 I 50 I 30 I No bonding I

FUTURE WORK

More detailed analyses will be conducted on these test specimens to further characterize the
bond microstructure, strength, and any contamination; and to develop a better understanding of
the effects of the machine parameters on the bond characteristics. Additional test samples will be
prepared with more optimal process parameters and mechanical test specimens will be prepared
from samples with good bonds.
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under contract No. W-31 -109 -ENG-38.
Accordingly,the U.S. Government retains a
nonexclusive,royalty-freelicensetopublishor
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‘igure 1 Cross section view of diffusion bond of V-Cr-Ti alloy (Test
10.1 in TABLE 1)showing porosity and grain growth due to
verheating.

F
igure 2 Cross section view of diffusion bond of V-Cr-Ti alloy (Test
0.6 in TABLE 1)indicating good bond and minimal structure
hange of the bond.
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DEVELOPMENT OF ELECTRICALLY INSULATING CaO COATINGS*
K. Natesan, M. Uz, and S. Wieder (Argonne National Laboratory)

OBJECTIVE

Theobjectives ofthistask are to (a)develop electrically insulating coatings, with emphasis on the
basic understanding of the thermodynamic conditions and kinetics of coating development needed to
achieve stable coatings of CaO that are compatible in an Li/Li-Ca environment;
(b) perform detailed postexposure analysis of the surface layers by several electron/optical
techniques to characterize the elemental and phase compositions, quantify stratification in the layers,
and establish the role of compositional changes in the coating defects and microstructure; (c)
measure the electrical resistance of the coatings, before and after exposure external to Li; and (d)
establish optimal procedures from the standpoint of sample preparation procedures, exposure time
and temperature, and sequence of operations in order to obtain reliable and reproducible coatings
with adequate electrical resistance for use in an Li environment.

SUMMARY

A systematic vapor transport study has been in progress to develop electrically insulating CaO
coatings that are compatible with use in a liquid Li environment. Several experiments were
conducted to study how the deposition of Ca on V-4Cr-4Ti substrate alloys is affected by variations in
process temperature and time, and specimen location, surface preparation, and pretreatment. During
this reporting period, several specimens were prepared with a coating of CaO by thermal/chemical
deposition and measurements were made of the electrical resistance of several CaO-coated
specimens before and after exposure to an Li environment.

EXPERIMENTAL PROGRAM

Experiments were conducted to develop Ca-rich coatings by using the thermal/chemical deposition
process. The experiments involved exposure of V alloy specimens to a pack of fine Ca pellets at
700-800”C. The specimens were either completely enclosed within the pack or hung above the pack
material in a static Ar environment. Figure 1 shows the temperature dependence of the vapor
pressure of Ca. Above 700”C, the vapor pressure of Ca is >0.1 torr and is sufficient to deposit a layer
of Ca on the specimens. Several geometrical arrangements were examined to obtain a uniform
coating of Ca on the specimens, which were typically coupons that measured 5 to 10 x 5 x 1 mm.
Effort during this period concentrated on developing procedures to develop a thick adherent coating
of CaO on a V-4Cr-4Ti alloy substrate and on measuring the electrical resistance of the coated
specimens as a function of temperature up to =71O“C.

RESULTS AND DISCUSSION

In previous reports, we discussed the procedure for the deposition of Ca and subsequent oxidation to

convert the Ca into CaO.l ~2 The coated specimens exhibited insulating characteristics after this
oxidation step. X-ray diffraction studies on these specimens showed good correlation between high
resistance values at room temperature and a high concentration of Ca in oxide form. Calcium
concentrations in the range of 60-80 wt.Yo were obtained in several specimens. However, coating
thickness in a given specimen or among various specimens was not uniform; in some specimens,
coating spallation was noted. The results also showed that Ca deposition via vapor phase transport
is possible but that the coating thickness and the adhesive bonding of the coating to the substrate
after a single deposition/oxidation procedure was not adequate to produce the desired insulating
characteristics.

●This work has been supported by the U.S. Department of Energy, Office of Fusion Energy
Research, under Contract W-31-109-Eng-38.
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Fig. 1. Temperature dependence of Ca vapor pressure.

Fig. 2. SEM photomicrographs of cross sections of two V-4Cr-4Ti alloy specimens after double Ca
deposition/oxidation treatment.

Additional experiments, with several procedural modifications, were conducted and, finally, a double
deposition/oxidation treatment seemed to produce a thicker coating that was more adherent and
exhibited adequate insulating characteristics at room temperature. Preliminary results on electrical
resistance (measured by a two-probe method) of the coatings as a function of temperature up to
=550°C were described in Ref.2.

During this period, several additional specimens were coated using the double Ca
deposition/oxidation treatment, and the microstructural and compositional characteristics of the
coatings were evaluated in detail. Figure 2 shows typical scanning electron microscopy (SEM)
photomicrographs of cross sections of two V-4Cr-4Ti alloy specimens after a double Ca
deposition/oxidation treatment. Coating thicknesses in these specimens were 15 to 30 Um. Energy-
dispersive X-ray (EDX) analysis of the specimen surfaces showed the coatings to be CaO and also
revealed the virtual absence of any elements from the substrate alloy. Figure 3 shows a typical EDX
spectrum of the coating surface and indicates primarily Ca and O peaks. Cross sections of several
specimens were analyzed as a function of depth for constituent elements of the coating and
substrate. Depth profiles for two of the coated specimens are shown in Figs. 4a and 4b; the profiles
in indicate coating thicknesses of 16 and 34 pm, respectively. The coating composition was
predominantly CaO in both specimens, and negligible amounts of substrate elements were detected
in the coating region. The difference in scale thickness between the two specimens in due to the
proximity of different specimens in the Ca pack. Both specimens, after double Ca and oxidation
treatment, were exposed to Li of normal purity at 500”C for 68 h.
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I

Fig. 3. EDX spectrum of surface of V-4Cr-4Ti alloy
specimen after double Ca deposition/oxidation treatment.
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Fig. 4. Elemental concentrations as a function of coating thickness for V-4Cr-4Ti alloy specimens
after double Ca deposition/oxidation treatment (a) coating thickness = 16 pm;

(b) coating thickness =34 pm.

To examine the stability of the coating and its electrical resistivity at elevated temperature, a two-
probe method was used to measure resistance in some of the coated specimens at temperatures up
to =700°C. The variation in the product of resistance times area (Rx A) as a function of temperature
obtained on specimens -of V-4 Cr-4Ti alloy with Ca deposition/oxidation and with Ca
deposition/oxidation and redeposition of Ca was discussed in Ref.2. Those results showed that the

as-coated specimen (with a double Ca and oxidation treatment) had resistance values of 104 to 105

Q.cm2. During this reporting period, resistance measurements were made on specimens that were
double Ca/oxidation treated and subsequently exposed to liquid Li of normal purity at 500”C for 68 h.
Figure 5 shows the variation in R x A as a function of temperature obtained on a CaO-coated and Li-

exposed specimen of V-4Cr-4Ti alloy. The figure shows that R x A values are >107 Q.cm2 from room

temperature to 200”C; the value gradually decreases to =5x 106 S2.cm2as temperature is increased
from 200 to 540”C. The specimen was maintained isothermally at =540°C for =6h, after which it was

further heated to =700”C. Even at 700°C, the specimen exhibited an R x A value of 104 Q.cm2, at
least two orders of magnitude higher than that required in a fusion device using a Li blanket. Figure 6
shows variation in R x A as a function of exposure time obtained on a CaO-coated and Li-exposed

specimen of V-4Cr-4Ti alloy. It is evident that the coating had R x A values of 105 and 104 Q.cm2 at
541 and 702”C, respectively.
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During this period, specimens of V-4Cr-4Ti alloy with a coating of CaO developed in-situ in an
Li-Ca environment were examined to characterize the microstructure and coating resistance. Figure
7 shows an SEM photomicrograph of the surface of a “CaO’’-coated V-4Cr-4Ti alloy specimen after
exposure to an Li environment. The surface region consisted of Li20 as the outer layer
(characterized by a rough, light toned texture) and a Ca-enriched inner layer (a smooth gray texture).
Figure 8 shows the variation in R x A as a function of temperature for this specimen. The value for R
x A at temperatures up to =300”C is more than the minimum needed, but the value decreases
substantially as temperature increases to 614“C. Maintaining the specimen at 614°C for extended
time periods seems to improve the resistance of the coating; further increase in temperature to 713°C
results in a slight reduction in resistance. In the cooling part of the cycle, the resistance values are at
least two orders of magnitude higher than in the heating part of the cycle, with a probable inference of
coating consolidation/densification and subtle change in chemistty of the coating during the heating
part of the cycle. Figure 9 shows the variation in R x A value as a function of time for the same
coated specimen. The results indicate that the resistance values for the coating in the cooling part of
the cycle are substantially higher than in the heating part of the cycle, even though the coating is
maintained nominally at the same temperature (e.g., 336/339 and 539/538°C) during both the heating



and cooling portions of the cycle.
heating/cooling cycles will be conducted
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Additional experiments are planned in which multiple
on the same coated sample to evaluate whether the coating

characteristics become stabilized and to see whether the coating resistance attains a stable value at
each isothermal condition, irrespective of heating or cooling cycle.

Additional experiments are underway to evaluate the characteristics of coatings developed on several
other specimens. Furthermore, the microstructure of several of these coated specimens will be
characterized and compositional gradients will be determined. Also, planned is the in-situ
measurement of the resistance of the coating in a Li environment.
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Fig. 7. SEM photomicrograph of surface of V-4Cr-4Ti alloy
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2.0 SILICON CARBIDE COMPOSITE MATERIALS
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METHODS FOR JOINING SILICON CARBIDE COMPOSITES FOR HIGH TEMPERATURE
STRUCTURAL APPLICATIONS - C. A. Lewinsohn, R. H. Jones (Pacific Northwest National
Laboratoty~, M. Singh (NASA Lewis Research Center), T. Shibayama (Center for Advanced
Research of Energy Technology, Hokkaido University), T. Hinoki, M. Ando, Y. Katoh, and A.
Kohyama (Institute of Advanced Energy, Kyoto University)

OBJECTIVE

Reliable and practical joining techniques are required to enable the use of silicon carbide
composites in fusion energy systems. Based on criteria relevant to fusion applications,
silicon carbide has been selected as a promising joint material. The objective of this work is
to evaluate the thermal stability and mechanical properties of silicon carbide joints fabricated
via reaction-forming.

SUMMARY

Joining methods are required to allow affordable fabrication of large or complex SiC/SiC
components for fusion energy systems. Previous analysis of the criteria for successful and
functional joints indicates that reaction-formed and polymer-derived silicon carbide should be
considered as candidate joint materials. This report summarizes prelimina~ mechanical
properties of silicon carbide joints formed by a reaction-based approach. Both the test
methods and materials are preliminary in design and require further optimization. The values
of the room temperature strength of the joints, tested in flexure, are one-third to one-quarter
the expected value. It is believed that the material evaluated was not fully reacted during
fabrication. Further annealing, in vacuum, also decreased the strength of the joints.

‘PROGRESS AND STATUS

Introduction

Silicon carbide has many desirable properties for use as a “first-wall” in a fusion energy
system [1-4]. Composites consisting of continuous silicon carbide fibers in a matrix of silicon
carbide offer mechanical reliability that is not available in unreinforced silicon carbide. A
limitation of these composite materials, however, is that they can only be produced in limited
sizes and shapes. Therefore, to fabricate a complete fusion energy system a method of
joining SiC/SiC components, without compromising the properties that are needed, is
required. [n fusion energy systems utilizing silicon carbide first-wall materials it would be
undesirable to use a joining technique that introduces dissimilar materials at the inner face of
the first wall. In addition, to avoid poisoning the plasma the first wall must be hermetic.
Therefore, two attractive methods of joining silicon carbide with other forms of silicon carbide
have been developed: reaction bonding [5-8], and preceramic polymer adhesives [9-15]. In
this paper, preliminary results obtained from joints formed by reaction based forming will be
presented. Although other investigators have demonstrated that joints with required values
of strengths can be formed [5-8], the long term stability of the joint, and consequent affects
on the mechanical properties of the joint, require further attention. In this study joints were

“ Pacific Northwest National Laboratory (PNNL) is operated by the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0-I 830.
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annealed under long term static and cyclic, high temperature conditions and the resulting
mechanical properties and microstructure were examined.

Experimental Technique

To evaluate the suitability of joints formed by the reaction-based forming approach, plates of
monolithic silicon carbide (Hexoloy SA, Carborundum Co., Niagara, NY) were joined using
the ARCjoinT technique [6-8]. Two plates of monolithic silicon carbide were cut into 25 mm-
Iong by 4 mm-thick pieces. A carbonaceous mixture was applied to the ends of the plates that
were to be joined and this was cured at 11O-120”C for 10 to 20 minutes. Subsequently, a slurry
of pure silicon powder was applied to the surface of the joint region and heated up to 1425°C for
5-10 minutes. Capillay forces drew the molten silicon into the joint region where it reacted with
the carbon to form silicon carbide. The resulting joint material consisted of silicon carbide with
controllable amounts of silicon and other phases as determined by the composition of the raw
materials and intlltrant.

A limited number of joints between pieces of silicon carbide composite material were also
fabricated. This composite was reinforced with Hi-Nicalon fibers (Nippon Carbon Co.,
Yokohama, Japan) that had been coated with a 1 pm-thick layer of carbon prior to matrix
infiltration via chemical vapor infiltration. In addition, an approximately 2 pm-thick layer of
silicon carbide was deposited on the outside of the composite to inhibit oxidation at high-.
temperatures.

The plates that were joined using the method described above were cut into bars that were
44x 4 x 4 mm. The bars were cut so that the joint was at the middle of the bar and the plane
of joining was aligned so that it was parallel to the applied load. Several of the bars were
annealed in a resistively-heated, quartz-image, furnace under vacuum. A series of
specimens was annealed at 1100”C for ten consecutive 10 h long cycles. The
microstructure of untreated and annealed specimens was investigated via scanning electron
microscopy (SEM), energy dispersive X-ray analysis (EDX), transmission electron
microscopy (TEM), and high-resolution transmission electron microscopy (HRTEM).

Mechanical tests were performed by applying flexural loading to the bars described above.
Two types of loading configurations were used. The first was standard 1/4, four-point
bending (Figure la). This configuration subjects the specimens to a constant tensile stress
in the region between the two inner load points. This test, therefore, is a measure of the
tensile strength of the joint. The other test uses asymmetrical four-point loading (Figure 1b).
This test, as described by Unal [16], subjects the specimens to a constant, through-thickness
shear stress in the middle of the specimen. This test, therefore, is a measure of the shear
properties of the joint material. Flexural loading was obtained by applying a compressive
force on the fixtures using a rigid, mechanical test frame.

Results

As reported earlier [1fl, (Figure 2), joining pieces directly or between the outer coating of
silicon carbide was equally successful and no evidence of a deleterious reaction between the
joint material and the composite was observed, despite the high-temperature used to melt
the pure silicon infiltrant. Apparently, these composite materials are not affected by exposure
to the liquid silicon during the short infiltration time.
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(a) (b)

Figure 1. Schematic drawings of mechanical test configurations: (a) 1/4, four-point bending,
and (b) assymetric, four-point bending.

Figure 2. Micrograph of a cross section of two pieces of silicon carbide joined with reaction-
bonded silicon carbide.

Experiments were conducted to investigate the long term stability of the reaction-formed joint
material at elevated temperatures. Several specimens were annealed in a treatment that
involved heating the specimens from 25°C to 11OO°Cin 55 rein, holding the temperature at
1100”C for ten hours, rapidly cooling the specimens to 25°C (about 30 rein), and repeating
this cycle until the specimen had been subject to ten hold periods. Initial SEM microscopy
and EDX results, Figure 3, indicate that after this treatment the silicon signal across a typical
cross section of a joint is relatively constant. In addition, the appearance of the joint material
near the interface with the monolithic silicon carbide is different from that in the middle of the
joint. It is possible that further reactions between unreacted silicon and the extremely fine-
grained carbon in the untreated joints occurred during annealing. Further microscopy will be
conducted to investigate this hypothesis.

— —..——— —.-. .—— — ___ .— — .-. . I
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Figure 3. Scanning electron micrograph, with EDX spectra from silicon superimposed, of a
cross section of two pieces of monolithic silicon carbide joined by reaction-bonded silicon
carbide after annealing for ten cycles to 1100”C.

At room temperature, the maximum tensile stress obtained in flexural loading of joined
composites and unreinforced SiC (monolithic) were similar (Figure 4). Unfortunately, the
measured values of strength were lower than the first matrix-cracking stress, roughly 80-100
MPa [18], for the composites used. As mentioned earlier, the materials were not optimized
for mechanical properties. The room temperature strength of reaction-formed silicon carbide
joints has been reported as 255 ~ 3.2 MPa [6]. The reasons for the lower than anticipated
tensile stress values are not fully understood. The initial microstructural investigation [171,
however, revealed that the untreated joints contained excess carbon and silicon that is
indicative of an incomplete reaction. Therefore, it is likely that the joints were weaker than
expected because the reaction to silicon carbide had not been completed.

The through-thickness shear properties of the joints were also tested. As described above,
asymmetric, four-point bend tests were used to measure this property. As expected, the
maximum through-thickness shear strength is lower than the maximum tensile stress in
flexure (Figure 5). Despite the less than optimum strength properties of these joints, the
through-thickness shear strengths were approximately one-third to one-quarter of a typical
value for a reliable joint. Of course, the actual strength value required is highly dependent on
the joint geomet~ and service stresses. After annealing in vacuum at 1000”C for either 100
h or ten 10 h cycles, the value of the through-thickness shear strength decreased
significantly (Figure 6). Initial microscopy [17] revealed that these annealing conditions
promoted the formation of additional SiC at the interface between the joint material and the
substrate. Although the formation of additional silicon carbide at the interface between the
joint and the substrate would seem to be desirable, diffusion of the required reactants from
the joint material may have created porosity in the joint and made it weaker (Figure 3). This
hypothesis must be examined further. These results emphasize the importance of carefully
controlling the processing conditions during fabrication of the joints. Finally, the strength of
composite material joined between approximately 2 pm-thick outer layers of unreinforced
CVD SiC oxidation-protection coating were almost identical to the strength of those joined
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Figure 6. A comparison of the through-thickness shear strength after thermal annealing.

between cut surfaces. These results indicate that there need not be any special fabrication
requirements prohibiting the cutting of materials with a protective layer supplied by a
manufacturer.

CONCLUSIONS

Preliminary studies have shown that joints between silicon carbide and silicon carbide
composites can be fabricated by a reliable, low-cost reaction-forming technique. Initial
mechanical test data indicates that the joints have lower than anticipated strength values. In
addition, annealing further decreases the measured values of strength. Additional work is
required to characterize the microstructure and mechanical properties of untreated and
annealed joints.
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IMPURITY CONTENT OF REDUCED-ACTIVATION FERRITIC STEELS AND THE EFFECT
ON THE REDUCED-ACTIVATION CHARACTERISTICS-R. L. Klueh (Oak Ridge National
Laboratory), E. T. Cheng (TSl Research, Inc.), M. L. Grossbeck, and E. E. Bloom (Oak Ridge
National Laboratory)

OBJECTIVE

This work was conducted to obtain concentrations of important impurity elements in reduced-
activation ferritic steels, to estimate the lowest concentrations of the impurities that could be
achieved with present technology, and concentrations that could be achieved in the future with
innovative processing techniques.

SUMMARY

Three heats of reduced-activation martensitic steel were analyzed by inductively coupled
plasma mass spectrometry for low-level impurities that compromise the reduced-activation
characteristics: a 5-ton heat of modified F82H for which an effort was made during production
to reduce detrimental impurities, a l-ton heat of JLF-1, and an 18-kg heat of ORNL 9Cr-
2WVTa. Specimens from commercial heats of modified 9Cr-1 Mo and Sandvik HT9 were also
analyzed. The objective was to determine the difference in the impurity levels in the F82H and
steels for which less effort was used to insure purity. Silver, molybdenum, and niobium were
found to be the tramp impurities of most importance. The modified F82H had the lowest
levels, but in some cases the levels were not much different from the other heats. The impurity
levels in the F82H produced with present technology did not achieve the limits for low activa-
tion for either shallow land burial or recycling. The results indicate the progress that has been
made and what still must be done before the reduced-atilvation criteria can be achieved.

PROGRESS AND STATUS

Introduction

Development of low-or reduced-activation materials for fusion has focused on the issue of
radioactive waste disposal [1] or recycling [2] of materials from fusion power plant components
after they have reached the end of their service lifetime. The objective has been to eliminate
or minimize those elements from an alloy that would produce long-lived radioatilve isotopes
during irradiation in a fusion neutron spectrum. Emphasis in the development process has
generally centered on eliminating Nb, Cu, Ni, Mot and N, widely used alloying elements, with
niobium usually receiving the most attention, because of the very low levels (c1 wppm) that
niobium cannot exceed if the steel is to meet low-activation criteria.

Besides the elements listed above, Butterworth and co-workers [2-4] have pointed out that there
are various other elements that must be restricted to extremely low levels. Such elements
could appear in the materials as tramp impurities and include Ag, Ho, Bi, Co, Sm, Lu, Dy, Gd,
and Cd. Murphy and Buttenvotih [4] calculated the maximum amount of these elements
allowed for recycling based on the assumption that ‘lhe concentrations of impurity elements
were restricted to levels that would allow attainment of a surface y dose rate not exceeding the
“hands-on” dose rate limit of 25 @vh-l at a 100 y cooling time for material subjected to a first

‘2. This limit was suggested as a target value” [4].wall neutron fluence of 12 MWym

Since the Mu~hy and Buttemorth work [4], an updated library of activation cross sections,
FENDIJA-2.0, was developed as part of the Fusion Nuclear Data Library (FENDL) under the
coordination of the International Atomic Energy Agency [5,6]. These new cross sections were
used previously to calculate the concentration limits of natural elements in low-activation fusion
materials r], and they will be used in this paper to compare the values obtained by analysis of
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selected steels. It needs to be emphasized that these criteria have no “official” status relative
to what might be required in the future (when fusion power plants are built or when they are
decommissioned) for recycling or shallow land burial (should that be allowed at that time).

Activation calculations to determine the decay characteristics of radioactive products produced
during irradiation of a material in a fusion environment have often ignored many of the tramp
impurities listed above. In this paper, several of these elements have been determined in
selected steels by analytical techniques to establish a base concentration for activation
calculations and also to give an indication of what elements may need to be considered when
processes are developed for maximizing reduced-activation characteristics for potential
structural materials. A similar procedure was used previously to explore impurities in V-Cr-Ti
alloys [8].

Murphy and Butterworth [4] chose to apply the criterion to each element individually and
disregard additive effects. However, they pointed out that additive effects could be imporlant
foi real materials. Under those conditions, the concentration of an individual element must be
less than the limit for that element, and the amount allowed for the material to meet the
guidelines for shallow land burial or recycle will depend on all the non-reduced-activation
elements present. For n restricted elements, shallow land burial will be allowed if the waste
disposal rating (WDR) is

(1)

where Ciis the concentration of the WI element present in the alloy and Ci= is the maximum
allowable concentration for that element as determined by the guideline for shallow land burial.
A similar materials recycling rating (MRR) can be defined, where ci- is the concentration of
the %helement and Cti is the maximum allowable concentration of that element according to
guidelines for recycling.

Experimental Procedure

A sample from a heat of ferritic/martensitic reduced-activation steel was anal~ed by
inductively coupled plasma mass spectrometry (ICPMS). The steel specimen was taken from a
5-ton heat of modified F82H (E/4 Mod F82H), a nominal Fe-7.5Cr-2W-0.2V-0.02Ta-0.1 C steel
(all compositions are in weight percent) that was purchased by the Japan Atomic Energy
Research Institute, Tokai, Japan, from NKK Corporation, Kawasaki, Japan, for use in a collabo-
rative test program by investigators in the U.S., Japan, and the European Union coordinated by
the International Energy Agency (IEA) to establish the feasibility of using ferntic steels for
fusion. During the production of this heat, an effort was made to minimize niobium in the steel,
but no special effort was made to reduce any of the other elements that are not specified (i.e.,
Ag, Cd, Co, etc).

To determine the variation in impurities in current fusion-program steels (reduced-activation
and commercial steels), several other steels were analyzed by ICPMS. These included
specimens taken from: (1) a l-ton heat of JLF-1, a nominal Fe-9 Cr-2W-0.2V-0.09Ta-0.02N-
O.lC reduced-activation steel (also used in the IEA collaboration) produced in Japan by Nippon
Steel Corporation; (2), an experimental 18-kg heat of the ORNL 9Cr-2WVTa, a nominal Fe-
9Cr-2W-0.25V-0.07Ta-0 .01C steel produced by Combustion Engineering, Chattanooga, TN, (3)
a commercial heat of modified 9Cr-1 Mo, a nominal 9Cr-1 Mo-O.2V-O.07Nb0.06N-O.l C steel;
and (4) a commercial heat of Sandvik HT9, a nominal 12Cr-1Mo-0.3V-0.5W-0.5Ni-0 .2C steel.
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The metal samples for the ICPMS were dissolved in a m“tiure of HNO~, HF, and HZ02 A
reagent blank was prepared with the sample. A semiquantitative scan was conducted of the
samples, and the spectra were examined for elements of interest and any other elements that
were present. Before analyzing the sample, the instrument was checked for mass calibration
and resolution. All elements reported were obtained by quantitative analysis using a blank, 10
ppb and 60 ppb standard for ail the elements in a calibration curve. A calibration verification
combined of an EPA QC standard and a multi-element SPEX standard was analyzed to vali-
date the calibration standards. All elements in the verification standard were within 10% of the
calibration standards. A ten-fold dilution was made on the dissolved sample that was analyzed,
and the reagent blank was subtracted and calculated with an appropriate dilution factor applied.
A portion of the diluted sample was spiked with 20 ppb of all elements reported. Spike
recoveries were within 10YO,which is the accuracy reported for the technique. Two readings
were made and the precision for the elements for the first specimen are given in Table 1.

Table 1. Precision for elements analyzed by inductively coupled plasma mass spectromet~
(wppb)

Element Concentration Element Concentration

Li 0.01 Cd 0.23

Ni 1.2 Nb 0.7

Ag 0.4 Mo 1.2

B 1.8 Pd 0.04

Bi 0.03 Sn 0.5

Element

Ta

Er

Tb

Ho

Y

Hf

w

Eu

+

1.5

0.2

0.4

2.0

0.14

0.5 I
0.14 I

Results

The following elemental impurities that must be limited for reduced-activation consideration
were determined by ICPMS: Ag, Bi, Cd, Co, Dy, Er, Eu, Ho, Ir, Mo, Nb, Ni, 0s Tb, and U.
Results for two specimens of the IEA Mod F82H are given in Table 2. Also shown in the table
are results for the JLF-1, ORNL 9Cr-2VUVTa, Modified 9Cr-1 Mot and HT9 steels.

Discussion

Table 2 indicates that with the exception of two elements, cobalt and nickel, the concentrations
of the individual impurity elements in the IEA F82H steel are lower or as low as in any of the
other five steels. Nickel and cobalt are lowest in the JLF-I. These results provide an indication
of what may be possible for reduced-activation steels. They can also serve as the starting point
for determining how these steels can be processed to the purity levels required. That is, a
detailed analysis of the materials processing techniques used for these heats could indicate
reasons for the differences and how the impurities might be further reduced.

..,,— .... -r ,.. .7. ”. . . . . . . . . . . . . . . . . -.?..-. . . . . ————-
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For the IEA Mod F82H heat produced by NKK Corporation, high purity iron ingots were
produced using a converter, after which only ingots containing below 0.5 ppm Nb were selected
for the heat [9]. Clean materials were also selected for the other alloying additions, and

Table 2. Chemical composition of deleterious impurity elements in reduced activation of ferritic
steels determined by indu@ively coupled plasma mass spectrometiy (wppm)

Element IEA Mod F82H JLF-I ORNL Modified HT9
9Cr-2WVTa 9Cr-1 Mo

Ag <0.05 <().1 0.21 0.16 0.23 1.3

Bi <0.2 <0.05 <0.1 <0.05 <0.1 <0.1

Cd <().4 <0.05 <0.05 <0.05 3.3 5.1

co 28 16 7.6 34 58 393

k <0.02 <0.05 <0.05 <0.05 <0.05 <0.05

Mo 21 19 20 70 * *

Nb 3.3 2.4 4.3 4 * 23

Ni 474 13 402 1251* 5692-

0s <().()5 <o.t)5 <0.02 <,0.02 <0.05

Pd <().05 <0.05 0.18 0.27 0.4

Dy <().05 <0.05 <0.05 <0.05 <0.05

Er <0.05 <0.05 <0.05 <0.05 <0.05

Eu <0.02 <0.05 <0.05 <0.05 <0.05 <0.05

Ho <0.05 <0.05 <0.05 <0.05 <0.05 <0.05

Tb <().02 <0.05 <0.05 <0.05

u <0.003 <0.05 <0.05 0.6 0.12 <().05

* Element is part of the specified composition

vacuum-induction melting (VIM) was used. This choice of materials resulted in this steel
having the lowest silver and niobium content for the steels in Table 2. Despite the chosen
process to reduce niobium content, the concentration for the IEA F82H was only slightly lower
than for JLF-1 and 9Cr-2VWTa. The exact procedure used for choosing the melt stock for the
JLF-I is not known, but VIM was used for melting. The ORNL 9Cr-2WVTa was a small 18-kg
experimental heat of steel made using off-the-shelf melt stock that was air melted and then
electro-slag remelted. Molybdenum was slightly lower in the IEA Mod F82H and the JLF-1 steel
than the 9Cr-2WVTa, but only by a factor of 3. The Sandvik HT9 and modified 9Cr-1 Mo steels
were large commercial heats, probably made with scrap. The niobium concentration was an
order of magnitude higher in the HT9 than for the reduced-activation steels (niobium is part of
the specified composition of modified 9Cr-1 Mo steel).
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Table 3. Limits of deleterious impurity elements for shallow land burial and recycle compared
o the cons

Element

Ni

Mo

Itration of these elements in present and future reduced-activation-steels (~pm~

Waste Disposal Limitb Materials Recycle IEA F8~H Present Future
Limitb

15-38% 87-470 474 13 0.1
(1.6-4.3%~

31-37 3.6-20 20 5 1
(4.1-23)

1.2-2.7 0.012-0.026 <0.1 <0.05 <0.005
(0.017-0.036)

22-109 0.017-0.41 <0.2 <().()5 <0.01
(0.48-3.2)

0.14-1.7% 2.1-24 <0.4 <0.05 <o.t)5
(2.9-29)

Ag

Bi

Cd

co 19%-No Limit I 2.3-14 I 28
(0.33-1 8%)

8 I <II.(I2
k

Nb

22-29 I 0.21-0.27 I <0.05
(0.37-0.48)

2.4-3.5 I 0.055-0.08 I 3
(0.055-0.08)

<0.05 CO.020s

Pd

560-3100 I 5.2-29 I <005.

I (9.3-52) I

110-1700 0.17-2.5 <0.05
(0.23-3.5)

4.6-140 0.095-2.0 <0.05
(0.11-2.8)

28-285 0.73-6.5 <0.05
(0.82-7.3)

<0.05 <0.05

<0.05 <0.05Dy

Er

Eu

Ho

<0.05 I <0.05

1.3-1.470 I 0.016-0.0054
(2.4-1.3)

<0.05 <0.02
I

0.01

T0.7-1.2 I 0.017-0.028 “
(0.019-0.032)

<0.05

Tb

Al

1.9-5 0.0046-0.012
(0.0099-0.026)

<0.02 <0.02 <0.001

660-3900 I 13-79
(13-79) I ’40I 30I 05

73%-No Limit I 160-No Limit 1101101<5Cu

I I (20%-No Limit) I I I
Cooling time for waste disposal and hands-on materials recycling 100 y after 20 MW y/m2

exposure.
bThe low number of the two is for first wall alone; the high number is for the blanket average.
c Concentration limits given in parentheses are for cooling time of 300 y.
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As pointed out, the EEAMod F82H had the highest nickel-and cobalt content of the reduced-
activation steels. These elements go togethe~ that is, most of the cobalt probably comes from
the nickel. Even electrolytic nickel (described as 99.95% Ni+Co), which is also known as “pure
nickel,” contains 0.3-0.5’% cobalt. The data in Table 3 indicate a correlation between the cobalt
and nickel in the steels. Nickel (0.5Yo)is added to the HT9, and this steel also has the highest
cobalt (0.04%) content. Of interest is the low level of cobalt in the JLF-I and the relatively high
level in the IEA Mod F82H and 9Cr-2WVTa.

Since no nickel was added to any of these steels, tracing the origin of the nickel should indicate
part of the solution to reducing cobalt in future heats, should that be necessav.
These results provide a “starting point” for discussing the present status of reduced-activation
ferritic/martensitic steels and the steps required to reach the goal of a steel that meets the
criteria for shallow land burial and/or recycling. In Table 3, the Waste Disposal Limit (WDL)
and Materials Recycle Limit (MRL) are calculated using FENDIJA-2.O [5,6] for the elements
that need to be restricted for a fusion system after four years of operation at 5 MW/m2, an
integrated wall loading of 20 MW y/m2. In the range of values given for the WDL and MRL, the
low number is for the first wall alone, and the high number is for the blanket average. Values
are for a cooling time of 100 y, except for the MRL values in parentheses, which are for a 300 y
cooling period. The WDL and MRL values are the Ci- of Eq. (1) used to calculate WDR and
MRR, which are given in Table 3.

The fourth column of Table 3 gives the concentration of restricted impurity elements for the IEA
Mod F82H (the highest of the two values in Table 2 was chosen). A WDR value of 2.2-1.5 was
calculated with Eq. (1) for the low and high WDL values, indicating that more of the restricted
elements need to be removed before the steel will meet reduced-activation criteria for shallow
land burial. Calculated WDR and MRR values are given in Table 4.

Table 4. Waste disposal rating (WDR) and materials recycle rating (MRR) for reduced-
activation ferriticlmattensitic steels’

Rating IEA Mod F82H Present Future

WDR(100 y) 2.1-1.2 0.51-0.28 0.09-0.04

MRR (100 y) 120.2-60.6 33.1-16.8 4.6-3.3

MRR (300 y) 82.2-45.5 21.1-10.7 2.9-1.25
‘ WDRCI and MRRc1 to meet criteria for shallow land burial and recycling, respectively.

In the column labeled “Present,” concentrations are given that are the lowest values that have
been measured in different steels (e.g., the low values measured for IEA Mod F82H, the Ni and
Coin JLF-1, 0s in ORNL 9Cr-2WVTa, etc.). These values should be achievable at present
with a relatively modest effort by analyzing the techniques used to achieve the low levels in the
different steels. The WDR calculated for these values are 0.53-0.32 (Table 4), thus meeting
the criteria for shallow land burial.

The final column in Table 3 labeled “Future” gives estimated concentration values that should
be possible to achieve in the near future with the proper choice of techniques to produce “pure”
melt stock. These estimated values were arrived at by chemically analyzing ‘high purity” Fe,
Cr, W, and V obtained from commercial vendo= and other sources. The materials analyzed
included a piece of iron purified by “selective prepunfication and oxidation zone melting’ [1O].
This material contained <0.2 ppm Nb, the lowest value of this element in any of the iron
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analyzed. The lowest value in commercial high purity iron was 1.2 ppm. WDR values for the
“Future” concentrations are 0.09-0.04 (Table 4).

Despite the low WDR values for the “Future” reduced-activation steel, the steel would not meet
the criteria for recycling because the MRR is 4.6-3.3 after a 100 y cooling period. For a 300 y
cooling period, the MRR drops to 2.9-1.25, still above the value required for “hands-on’
recycling. This applies to the 20 MW y/m2 integrated first wall neutron exposure. It could be
hands-on recycled after 100 years if the neutron exposure was reduced to 6 MW y/m2 or after a
300 y cooling period if the exposure was reduced to 16 MW y/m2.

These results lead to a similar conclusion for the reduced-activation ferritic/martensitic steels to
that reached previously for V-Ti-Cr alloys [8]. Namely, it should be possible to produce steels
that will meet the present-day criteria for shallow land burial of the nuclear waste, but this will
probably not be achieved without some effort and expense. Much more work and probably
considerable more expense will be required to reach the levels required for materials recycling
based on a “hands-on” dose-rate limit of 25 pSvh-’ at a 100 y cooling time. Even a 300 y
cooling time would not allow these criteria to be reached easily for a 20 MW y/m2 neutron
exposure. Indeed, it would probably take considerable effoti and expense just to determine if
those criteria for recycling could ever be met for the compositions in question.

Another problem for recycling an Fe-Cr-W-V-Ta steel appeam when the WDL and MRL values
are examined for the major alloying elements (Table 5). Although none of these elements will

rable 5. Estimated Concentration of Typical Elements in Reduced-Activation. Steel (wt %~

Element Waste Disposal Limit Materials Recycle Limitb IEA F82H Present Future

c. No Limit No Limit 0.1 - -

Si No Limit No Limit 0.1 - -

Mn No Limit No Limit 0.2 -

P No Limit No Limit 0.008 0.002 0.001

“s No Limit No Limit 0.002 0.001 0.001

Cr No Limit No Limit 7.5 - -

w 41-No Limit 0.11-0.37 2
(1.8-19)

v No Limit No Limit 0.2 -

B No Limit No Limit 0.002 - -

N 0.18-0.36 No Limit 0.006 0.006 0.001

Ti No Limit 0.14-1.4 0.001 0.001 0.0005
(9.3-No Limit)

Ta No Limit 0.026-1.0 0.05 0.05 0.05

I I (2.2-7.8) I I I
Cooling time for waste disposal and hands-on materials recycling 100 y after a 20 MW y/m2 “

exposure.
bConcentration limits given in parentheses are,for cooling time of 300 y.

..— ..-—. x, . . - . ..— —= —. —...— ——— -.
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affect the WDL values calculated from the impurity concentrations ~able 4), there will be an
effect of tungsten and tantalum on the MRL. Obviously, if a reduced-activation steel is ever to
be recycled under the criteria used for the present calculation-those proposed by Murphyand
Buttenhrorth [4]—then they would essentially have to be free of tungsten. Tantalum would
probably also need to be restricted, depending on the levels of other restricted elements” This .
means that new steels need to be developed for the recycling option.

Conclusions

Chemical analysis of potential reduced-activation ferritic steels produced by present technology
were analyzed to provide an indication of the level of tramp impurity elements that compromise
the reduced-activation characteristics of the steel. The results for the steels indicate that
progress has been made in reducing the level of detrimental impurities for two large heats of
reduced-activation steel. Silver, niobium, and molybdenum proved to be the most important of
the restricted elements, and the steels that have been made up to now do not meet the criteria
for low-activation for shallow land burial of nuclear waste made up of these steels after an
integrated wall loading of 20 MW y/m2 after a 100 y cooling off period. However, it appears
that reduced-activation steels could be produced with these detrimental impurity elements at
levels low enough to meet the present criteria for shallow land burial. If instead of shallow land
burial, it is desired to recycle the steel, with a “hands-on” dose rate timit of 25 @vh-l after a 100
y cooling time, then it appears that considerable research and expense will be required to
develop processes that will allow the production of steel that will meet these criteria.

There has probably never been a requirement for a structural material to be processed to have
specified impurity levels as low as those required to meet the reduced-activation criteria. Even
though the materials will not be needed for sometime, it would appear that an effoti should be
mounted to determine the means to achieve the desired purity levels, especially if recycling is
to be pursued. Such an effort should enlist suppoti from industrial materials processors to
examine techniques used in the past to produce high-purity materials and determine ways that
these techniques might be combined with the latest technology for future application. The
effort should not be delayed if reduced-activation materials are to be available when fusion
power production is ready to begin operation.
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CONSTITUTIVE AND FRACTURE TOUGHNESS PROPERTIES OF AN ADVANCED FERRITIC/

MARTENSITIC STEEL — P. Spatig, G. R. Odette, G. E. Lucas and M. Victoria (University of

California, Santa Barbara); M. Victoria (Technologiesde la Fusion-Centre de Recherches en

Physique desPlasmas, Ecole Polytechnique Federale de Lausanne)

OBJECTIVE

The objectives of this work are to characterize both the constitutive and fracture behavior of
advanced ferritic-martensitic steels in support of developing physically based models for accu-
rately predicting defect tolerance in flawed fusion structures, based, in large part, on small
specimen test methods. This report focuses on developing a compact, multi-term constitutive
equation for the IEA heat of martensitic steel, with special emphasis on strain-hardening behavior.
New effective fracture toughness-temperature data are also presented, along with an update on
the status of the US-Swiss collaborative ~ster~urve ~xperiment (MACE).

SUMMARY

A detailed investigation of the strain-hardening rate of the International Energy Agency (lEA)
program heat of 8 Cr unirradiated F82H ferritic-martensitic steel has been undertaken in the
temperature range [80K-723KJ The overall tensile flow stress is decomposed into an athermal/
thermal yield stress contribution plus a mildly temperature-dependent strain-hardening compo-
nent. The latter isbased on a phenomenological dislocation mechanics model. Compared to
simple power law treatments, this formulation provides a m-oreaccurate and physically based
representation of the flow stress as a function of the key variables of test temperature, strain and
stain rate. Fracture toughness measurements from small 0.18T CT specimens are also reported
and analyzed using a constraint correction model to estimate a small scale yielding KIC(T) tough-
ness curve. Finally, the status of the MACE collaboration is briefly summarized. The first irradia-
tion at 250°C to 0.5 dpa has been tentatively completed, and is awaiting confirmation of the
preliminary dosimetry. Near term plans for higher doses and other temperatures are described.

PROGRESS AND STATUS

Materials and testina conditions

The alloy investigated in this study was the modified, normalized and tempered martensitic steel
F82H. This is the reduced activation steel internationally investigated as part of the lEA coordi-
nated program on ferritic/martensitic steels. The heat-treatment of this steel was:

- 0.5h at 1313K for normalization and2hat1013K for tempering

Tensile tests ware performed on round specimens (3mm diameter, 18 mm gauge length). The
tests were carried out with a servo-hydraulic MTS machine at constant nominal strain rate of
2x10+ s-l, 2xl 0+ sl and 2x10-2s-l. Tests at higher temperature (up to 723K), performed at the
Paul Scherrer Institute in Switzerland at constant nominal strain rate of 2.8x1 0-5sl and
2.8x1 O+sl, are also reported and reanalyses in this report.
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me fracture toughness tests were performed on 20% side-grooved 0.18T CT specimens using
procedures described elsewhere [1].

Tensile testinq

Two typical true stress-true”strain curves at 293K and 123K are presented on Figure 1. The two
curves look quite similar with a strain-hardening rate, defined as eP=da/dEP,decreasing alon9 the
entire curve. The “parabolic” type of curve seen on Figure 1 has been found at all temperatures
and strain rates. Prior to necking, a roughly similar amount of strain hardening is observed in both
cases. However, there are important and subtle differences as well. For example, near the yield
stress 002,defined at 0.2% plastic strain, the transition between the elastic and the plastic domain
is very smooth at 293K, while at 123K a pronounced slope change is observed. Other systematic
effects of temperature on hardening at higher strains are not negligible and are analyzed below.
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Figure 1: True stress - true strain tensile curve at 293K and 123K.

Understanding of the strain-hardening requires a flow stress decomposition into several contribu-
tions. The overall flow stress, which depends on the plastic strain, plastic strain rate and tempera-
~re ~=a(:p, 6P,T) can be considered as the sum of the yield stress, CTy,and the contribution frOm
plastic deformation CJpl,primarily resulting from dislocation-dislocation interactions. It WaSprevi-

ously shown [2] that Oy exhibits a strong temperature and strain rate dependence, as expected
for bcc materials. I%e strain hardening contribution is expected to be much less sensitiie to
temperature and strain rate. A reasonable general trial decomposition of the flow stress is:

. T)o = OY(iP,T)+ GP1(EP>EP, (1)

The ay term can itself be decomposed into different athermal and thermal components due to
both the lattice friction stress and microstructure resulting from the alloy composition and thermal-
mechanical treatment, including contributions from:

- the initial dislocation density

the distribution of nondeforming particles such as carbides
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- the distribution of weaker precipitate phases

- the solid solution hardening

- polycrystalline grain and subgrain boundaries
- the intrinsic friction stress of the lattice (Peierls stress) which is primarily responsible

for the strong temperature and strain rate dependence.

The increase of OPIwith strain, i.e. the strain-hardening 6p=dapl/dsp, is primarily determined by
the evolution of the dislocation microstructure in the material. Both the variation of the total
dislocation dens”~ with strain and the organization of dislocations into a substructure determine
the shape of the deformation curve. A convenient way of presenting the evolutionary behavior of
the constitutive behavior of metals, as proposed by Mecking [3], is plotting Op,evaluated from the
experimental tensile curves between yield and necking, against the corresponding flow stress.

Figure 2:

Figure 3:
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This procedure is not only very useful in establishing appropriate analytical relations for integrated
stress-strain laws, ~pI(Sp), but also in ident”mng various strain-hardening stages associated with
different mechanism regimes. Figures 2 and 3 show 6p versus the flOWstress between ~p=o.oop
and necking at 273K and 173K respectively. In both cases there appears to be a simple linear
relation between eDand 0~1at high stress. However below a stress, corresponding to &p= 0.01,
ep deviates from the simpl’e linear relation, rising increasingly rapidly with decreasing CS~I.

EIpfor plastic strain larger than &p> 0.01 can be simply written as:

d~P,
ep=—= K1(iP,T) – K2(iP,T)(o – GO-O,)

d&P (2)

where the coefficient K1 and K2 are in MPa and dimensionless, respect-wely. Note an explicit
strain rate and temperature dependence on the coefficient K1 and K2 have been retained.
Integration of Equation 2 with the initial condition o = CJO.01at sp = 0.01 yields:

~pl(&p) = :[1 – exP[–K2[% – 0.01]]]+ cs~.~,
2

However, it is more convenient to write Equation 3 as,

K1
– —exp[–Kz[ep – 0.01]]~pl (&p) = ~sat ~<

2

(3)

(4)

where the saturation stress, ~sat, is equal to K1/K2 + ao.01. The exponential type of stress-strain
relation was originally proposed, accompanied by a mechanistic justification, by Vote [4]. The
temperature and strain rate dependence of apI, if anY, is contained in the K1, K2 and ~sat terms.
This relation describes the behavior of stress-strain curves tending to a saturation stress, which
typically cannotbe reached in a tensile test due to necking, nominally at fll=o. Note that the
classical strain-hardening law for engineering materials of the type cr=KE , would provide a poor
fit to this experimental data, since this representation is not compatible w~h a linear decrease of
ep or with a ~sat. Further, n implicitly depends on ay and a higher ay requires a lower n even if
the actual strain hardening behavior were completely athermal. Figure 4 shows the fit to Equation
3 of experimental data at 173K. Similar quality ftis at other temperatures were also obtained.

Following the work of Kocks [51for copper, aluminum and stainless steel, plots of non-dimensional

asat/p and (Kl /K2)/p are presented on Figure 5 and Figure 6 respectively as a function of the
dimensionless temperature, 100kT/pb3. Here p is the shear modulus and b is the Burgers vector.

The temperature dependence of p was deduced from that of the Young’s modulus [6]; and b was

taken equal to 2.68 ~. The Iogariihms of both ~sat/~ and (K1/K2)/p decrease roughly linearly with

100kT/~b3 between values of about 0.2 to 0.76, corresponding to T=223K and 723K. The tempera-

ture dependence of K2 is given on Figure 7 where it is seen that K2 increases roughly linearly with

normalized temperature between about 0.2 and 0.63, corresponding to 223K and 623K. “
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Figure 5: Normalized ~sat against normalized temperature
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Figure 7 K2 against normalized temperature

There is no evidence of a strain rate dependence of (K-I/K2)/I..L~sat/~ or K2 for the limtied strain
rate range in this study. Least square fits to the data from 223K-623K, shown as the solid line in
Figures 5,6 and 7, are

(K, / K,)/ I-L=33.501 *lOa * (3.232 *10-2)AX (5a)

ant / p = 33.174* 10-’ * (1.705* 10-’)” x (5b)

K2 = -4.1087 +186.86*X (5C)

with x = 10OkT/mb3for 0.2< x <0.63 and m=E/2(1 +n) where n is the Poisson’s ratio and
E=6900*(32.3-6.1 @l Oq4.34*1 07) for E in MPa and T in ‘K.

Figure 8 plots the absolute magnitude of the saturation stress versus temperature along with S02
at the strain rate of 2x10+ S-l.The total flow stress is simply the sum of these two ind-widually
aggregated contributions. However, SOQdepends strongly on the strain rate as well as tempera-
ture. The temperature T for a strain rate ~ different than a reference strain rate ~r at T for the
same S02is given by the relation:

T = T[l + Cln(& / A)] (6)

Figure 9 shows yield stress, ao.2/p versus a strain-rate compensated temperature, T’, for a
reference strain rate of 2x104 S-l. The solid line is for C =0.0417, which is somewhat larger than
found previously [6]. In this case C was derived for the temperature dependent regime I below
about 220”K, 00.2/IAcorresponds to an athermal plus activated flow process. In regime I the
controlling mechanism is of Peierls type, where &p = so exp(–AG / kT), and where AG=kT/C

[2].
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In the temperature regime II from about 220K to 300K the yield stress is more weakly thermally
activated and approximately athermal in regime Ill above 300K. In the latter temperature regime,
the plastic flow is considered to be controlled by polycrystalline grain and lath packet sizes, long
range stresses, discrete dislocation obstacles and interactions between the moving and the forest
dislocations like in the FCC materials. The overall temperature dependence of cro.2 is given by

00.2 / v = 67.49 *10A –3.90*10-7 *T 270K<T’<723K (7a)

00.2 / p = 18.51* 10-3 –87.61*10A *T +16.17* 10+ *T2 T<270K (7b)

I
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An example of application of equations 5 to 7 is shown on Figure 10 where the measured flow
stress of several tensile tests is plotted against the calculated flow stress. The flow stresses have
been calculated between the yield stress 00.z and the stress at necking at different strain levels
for tests at temperatures ranging from 223K to 623K and for strain rates between 2xl O+s-l and
2.8x1 0-5s-1. Each symbol corresponds to a test at a given temperature and strain rate. A very
good agreement between the calculated stresses and the experimental data is found and the
model predicts the data within an error margin of less than 4Y0.
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Figure 10: Measured flow stress vs. calculated flow stress for different temperatures and strain
rates.

The reversibil-~ of the flow stress has been tested with Cottrell-Stokes experiments ~. This type
of experiment is performed in two steps. First, one specimen is deformed up to a given strain at a
fixed temperature T, and unloaded. Then, the test temperature is changed to Tz and the deforma-
tion is continued. Usually T2 is chosen lower than T, in order to avoid irreversible annealing
processes. The flow stress required to deform plastically the specimen at Tz can be compared to
that obtained on a specimen tested only at Tz. This technique allows one to quantify the influence
of temperature on the development of the microstructure and to assess the reversibility of the flow
stress for a given strain-hardened state. An example of a Cottrell-Stokes experiment is shown in
Figure 11 for which a specimen of the IEA steel has been deformed up to about 0.02 plastic strain
and than deformed at a lower temperature. The second deformation curve at Tz is compared to
that of a single reference specimen tested only at Tz. The pre-deformation up to 0.02 plastic strain
at T, does not influence the flow stress and/or the strain-hardening for deformation at Tz. Similar
experiments performed between the temperatures T1-TPequal to 293K-223K and 223K-I 23K
showed no influence of pre-deformation. Thus, while the strain-hardening rate has been found
slightly temperature sensitive, the flow stress appears to depend only on the existing deformation.
This observation provides additional support to the conclusion that the temperature dependence
of the strain-hardening is weak.
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Figure 11: Cottrell-Stokes experiment between T1=293K and T2=1 73K, IEA steel

The strain-hardening law presented above is semi-empirical and the physioal meaning of the
parameters, K, and 1$, is not obvious, especially for a physical system as complex as a ferritic/
martensitic steel. The most notable feature of the results is that this BCC alloy shows a strain
hardening behavior that is FCC like in character, even at low temperatures. In low dislocation
density BCC single crystals dislocation, strain hardening and dislocation interaction mechanisms
are dominated by the formation and collapse of junctions at the intersection of bowed edge
segments of otherwise straight screw dislocations. In this regime, junction oollapse is controlled
by the rate of jog nucleation on the straight screw segments [8]. This suggests that strain
hardening should be strongly dependent on both temperature and strain rate. However, such
mechanisms are only dominant if the overall dislocation density is sufficiently low, and if edge
segments are not effectively stored. This is clearly not the case in complex structural alloys,
such as F82H, where nascent dislocation densities exceed 1014/m2[9] and complex pinning point
and boundary structures result in complex mixed screw and edge substructures.

Kocks [51rationalized Vote curves for FCC metals and alloys by developing a phenomenological
model of strain-hardening, based on the storage and dynamic annihilation of dislocations and
derived a linear relation between the strain-hardening and the flow stress similar to Equation 2.
In Kocks’ model, KI is the term related to the storage rate of dislocations, depending on their
mean free path while t$ characterizes the dynamic dislocation annihilation. It has been experi-
mentally shown that dislocation annihilation takes place even at low temperatures in both FCC
and BCC metals [1O].The annihilation of the screw segments can occur by cross-slip owing to
the strong elastic interaction [11] between them and the annihilation of non-screw segments ean
take place either by climb (only important at high temperature) or by spontaneous annihilation
when the attractive elastic force between two dislocations on different glide planes exceeds the
force required for dislocation climb [12,13]. Note, in the Kocks model, the key struoture param-
eter is is the total dislocation dens”~ the detailed distribution of dislocations and thpir evolution
with strain are not treated. Given the complex struoture of these steels more detailed models

.



than that of Kocks should be evaluated. In particular, the evolution of the dislocation structure
within the laths, the PAG and lath boundaries are likely to play important roles.

More advanced models have been developed to account for the evolution and reorganization of
the dislocation structures up to large strain, e.g. [14-17’J.For example, the recent cell structure-
based (CSB) model of Fang and Dahl [16] yields a relation for the evolution of the dislocation
density similar to that of Kocks by taking into account the reorganization of dislocations. They
showed that Kocks’ model is a simplification of their CSB model. In the context of their model, the
physical significance of t$ has to be related to the mean free path of the dislocation in the cell
interior and in the trapping rate of mobile dislocations in the walls, while that of \ lumps together
ail the annihilation effects. The development of the microstructure as a function of strain, the
influence of the size distribution of the carbides and the PAG size resulting from the initial heat
treatment are a few examples of parameters whose influence on the flow stress and strain
hardening needs to be investigated further.

Fracture touahness testinq

As a part of an extensive study of the effect of specimen geometry and specimen size on fracture
toughness, a series of fracture toughness tests were carried out on fatigue pre-cracked 0.18T
compact tension (CT) specimens with a/W=O.5 and a specimen thickness (B) to width (W) ratio of
B/W = 0.5. These are the same type of CT specimens which are also currently being irradiated in
the Budapest Research Reactor as part of the MACE study.Thus the effective toughness, K.,
results reported here const.~e a baseline for the unirradiated material. The typical brittle to
ductile transition curve obtained in the lower shelf region is presented on Figure 12, where the
typical and inherent large scatter is observed. All specimens failed by quasi-cleavage, in some
cases after a large amount of plastic deformation and crack blunting, resulting in the so-called
“loss of constraint”. Constraint loss is primarily associated with plasticity encompassing a large
fraction of the untracked ligament of length, b. The degree of such in plane constraint loss can be
generally characterized by a non-dimensional constraint parameter M as

M = bayE / K:

where E is the plane strain elastic modulus. For this specimen geometry, values of M greater
than about 75 are sufficient to ensure relatively high constraint. Thus in this case the maximum
valid toughness that can be measured where K,= KA is about 90 MPdm. Below this value,
contraint loss initially occurs gradually, with K, increasing roughly as M-114[18]. At temperatures
higher than 180K, a clear lateral contraction of the specimens near the crack tip was observed
suggesting additional out-of-plane constraint loss. In this regime both in-plane (controlled by b)
and out of plane (controlled by B and side grooving) constraint rapidly diminishes approaching
plane stress conditions.

The effective fracture toughness data of the 0.18T CT specimens can be compared to previous
results on precracked 20% sidegrooved 0.2T three point bend bars (3PB) [19], with W =0.5 and
BPJV= 1, shown as the open symbols in Figure 12. Clearly the effective toughness measured by
the 3PB specimens is much lower than that found in the recent CT tests.
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Figure 13 shows both sets of data corrected to small scale yielding (ssy) values based on three
dimensional FEM calculations of Nevalaien and Dodds [20]. The correction is determined by
calculating the large scale to small scale yielding ratio of the J/Ja, required to produce the same
area within a specified non-dimensional principal stress (oP) contour normalized by the yield
stress, R = Cr~CJY.The magnitude of the correction for a given M factor depends on the particular
specimen geometry, alloy constitutive law and R. The small scale yielding estimates are given by

KC= &/(J/Jw) 0“5.In this case R was taken as 3 and the strain-hardening exponent was assumed
to be 0.1. The ssy values are similar, although the CT data still fall somewhat above those for the
3PB specimens.

While providing a reasonably consistent estimate of $Cfrom both specimen sets, the results do
not fully explain the separation of the uncorrected data. There are several possible explanations
including some combination ot

- Weakest link-type statistical effects associated with the crack front length which is roughly

2.8 larger for the 3PB compared to the CT specimens.

- The maintenance of greater lateral constraint for the 3PB specimens with W/B= 1.

- Details of the side grooving.
Material inhomogeniety.

Unfortunately it is not possible to determine which, or which combination, of these effects maybe
responsible. Further testing and analysis is planned to clarfi this issue.
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Figure 12: Fracture toughness measured with 0.18T CT and 3PB specimens
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Figure 13: Constraint correded fiacturetoughness measured w"ti 0.18TCT and3PB specimens

MACE status

The first irradiation of the lEA steel specimens started in April 1999 at the Budapest Research
Reactor KFKI AEKI. The test matrix is described elswhere [21]. The initial irradiation was carried
out at 250”C for 768 hours which is estimated to yield the target dose of 0.5 dpa. Dosimetry
capsules are being analyzed to confirm the preliminary estimates and, if necessary the capsule
will be re-inserted for a time needed to reach the target exposure. Following irradiation the
capsule will be shipped to the PSI for testing in their hot cells. Two additional sets of specimens
are now being prepared at UCSB for irradiation at 250”C to 1 dpa and at 350”C to 0.5 dpa.
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MICROSTRUCTURE OF ISOTOPICALLY-TAILORED MARTENSITIC STEEL HT9
IRRADIATED AT 400”C TO 7 DPA IN HFIR - N. Hashimoto, J.P. Robertson (Oak Ridge
National Laboratory), and K. Shiba (Japan Atomic Energy Research institute)

OBJECTIVE

The objective of this work is to generate TEM data for isotonically-tailored martensitic steel HT9
irradiated in the temperature range for swelling.

SUMMARY

The microstructure of reduced-activation martensitic steel, HT9-std. (12Cr-1 MoVW) and HT9
doped with ‘Ni and ‘Ni, irradiated at 400”C to 7 dpa in the High Flux Isotope Reactor (HFIR), were
investigated by transmission electron microscopy. No cavities were observed in any alloys.
Irradiation-induced aOcl00> and (a~2)cl 11> type dislocation loops were observed in all alloys;
the number density and the mean diameter of aOcl00> type loops were higher and larger than
that of (~2)cl 11> type loops. Also, there was a tendency for the number density of loops in the
HT9 doped with ‘M to be lower than those in the other alloys. Irradiation-induced precipitates
were observed in all alloys, which were identified as MGC(q)type carbide, a’ phase and ~ phase.
The ~C(q) type carbides and a’ phase were formed along dislocation loops, suggesting that
dislocation loops are sites of Cr segregation during irradiation and that Cr segregation plays an
important role in the precipitation behavior in martensitic steels.

PROGRESS AND STATUS

1. Introduction

Ferritic/martensitic steels are attractive candidate structural first wall materials for fusion energy
systems [1]. The high-energy neutrons produced by the D-T fusion reaction induce
displacement damage and generate gas atoms in the materials from (n,p) and (n,a) reactions.
Simultaneous production of helium atoms from (nja) reactions is considered to strongly influence
the nucleation processes of cavities. To clarify the effect of helium atoms on the microstructural
development and mechanical property change in martensitic steels under fast neutron irradiation,
HT9 (12Cr-1MoWN) and HT9 doped with %ti and ‘Ni were irradiated with neutrons in the High
Flux Isotope Reactor (HFIR). Irradiation of 58Ni-doped alloys in a mixed spectrum reactor like the
HFIR results in the following transmutation reaction with the thermal neutrons:
5sNi(n,y)59Ni(n,a)5GFe.The concept of isotopic tailoring to separate the individual effects of IV and
helium on microstructural development was described eatfier [2-4]. The specimens examined
here are part of an experiment conceived 10 years ago by researchers at ORNL, UCSB and PNNL
and irradiated under the US/JAERl collaborative irradiation program. Another part of this
experiment utilizing ‘Ni and 5gNidoping was described earlier by D.S. Genes [5].

2. EXDtXhfSfItd Procedure

HT9, and HT9 doped with ‘Ni and %fi were included in this experiment the compositions and
heat treatment are given in Table 1. Standard 3-mm diameter transmission electron microscopy
(TEM) disks were punched from 0.25-mm thick sheet stock. Irradiation was carried out at 400”C in
the capsules of HFIR-MFE-JP-20 in the High Flux Isotope Reactor (HFIR) to a neutron fluence of -
5.16 x 10x n/cm2 (E> 0.1 MeV), resulting in a displacement dose of -7.4 dpa. The details of the
design, construction, and installation of JP-20 have been reported [6-9]. The irradiation
conditions and the calculated helium concentrations in the steels are given in Table 2.
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Table 1. Chemical compositions of the specimens (IwFX.) (Balance Fe) and heat treatment.
Steel Cr ‘Ni ‘NiwNi SiCNMn WvNb Mo

HT9-std. 12.0 0.5 - - 0.18 0.20 0.02 0.5 0.5 0.3 “ 0.01 1.0
HT9-1.4wt%58Ni 12.0 - 1.4 - 0.18 0.20 0.02 0.5 0.5 0.3 0.01 1.0
HT9-0.5wt%mNi 12.0 - - 0.5 0.18 0.20 0.02 0.5 0.5 0.3 0.01 1.0
HT9-1.4wt%aNi 12.0 - - 1.4 0.18 0.20 0.02 0.5 0.5 0.3 0.01 1.0

Heat treatment 1050°C/1 h/AC + 780°C/2.5 h/ AC

Table 2. Irradiation conditions and helium concentration.
dpa appm He He/dpa

HT9-std. 7.4 10 1.3
HT9-I .4wt%58Ni 7.4 40 5.2
HT9-0.5wt%WNi 7.4
HT9-I .4wt%mNi 7.4

TEM specimens were thinned using an automatic Tenupol electropolishing unit located in a
shielded glove box. TEM disks were examined using a JEM-2000FX (LaE$)transmission electron
microscope equipped with a special objective lens polepiece that lowers the magnetic field at the
ferro-magnetic specimen. The foil thicknesses were measured by thickness fringes in order to
evaluate quantitative defect density values:

3. Results and discussion

3.1 Dislocations and dislocation loom

During irradiation of Fe-Cr binary alloys, dislocation evolution in an initially almost dislocation-free
condition proceeds by the formation of interstitial type dislocation loops with an aOcl00> and/or
(a~2)cl 11> Burgers vector [10,11]. Figure 1 shows the dislocation segments and loops in the
HT9 alloys after irradiation at 400°C to 7.4 dpa using the diffraction conditions: g=l 10, (g,4g).
Table 3 summarizes the quantitative results of dislocation loops. In all of the alloys, there is a
tendency for the number density of irradiation-induced aOcl00> and (a~2)cl 11> type dislocation
loops in HT9-std. and HT9 doped with ‘Ni to be higher than those in the HT9 doped with ‘Ni.
This suggests that the existence of helium generated by the (n,c$ reaction with the thermal
neutrons assists the nucleation of dislocation loops in these alloys. On the other hand, the
number density and the mean diameter of aOcl00> type loops in all alloys are higher and larger
than that of (aJ2)cl 11> type loops, respectively. According to a previous paper which
investigated a relationship between the type of dislocation loop and the content of interstitial
impurities [12], there is a tendency for aOcl 00> type loop to form in alloys which have high
concentrations carbon and nitrogen, which is true for the alloys used in this study.

Table 3. The summary of dislocation looPs in alloys after irtidiation at 400”C to 7.4 dpa in HFIR.
Steel aOel00> type loops (a~2)cl11> type loops

Number density Mean diameter Number density Mean diameter
(mh (rim) (m? (rim)

HT9-std. 1X1022 14 3X102’ 10
HT9-1 .4wt%58Ni 1xl o~ 16 5X102’ 8
HT9-0.5wt%WNi 9X102’ 10 4X102’ 9
HT9-1 .4wt%80Ni 5X102’ 16 2X102’ 10

. . . . . .. .-— —— —- —
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Figure 1 Dislocation segments and loops in (a) HT9-std., (b) HT9-1.4wt%5*Ni, (c) HT9-0.5wt%WNi
and (d) HT9-I .4wt%mNi after irradiation at 400°C to 7.4 dpa using the diffraction conditions:
g=l 10, (g,4g).

3.2 Cavities

Cavities were not observed h any of the alloys irradiatedat 400”C to 7.4 dpa in HFIR. This
suggests that the irradiation dose in this study was not sufficient to generate visible cavities in
these steels.

3.3 Precit3itates

Before irradiation, the alloys used in this study include M2~CGprecipitates on grain boundaries with
the number density and the mean diameter of about 6X1019ma and 75 nm, respectively. The
irradiation produced precipitates in the matrix and/or along dislocation loops in all alloys. The
spacing of moire fringes was used to identifiy two of the irradiation-produced precipitates, which
were identified as MGC(q)-type carbides and ~ phase. Figures 2 and 3 show the irradiation-
induced M~C(q)-type carbides in the alloys and Iv&X phase in the HT9-1 .4wt0AwNi alloy after
irradiation at 400°C to 7.4 dpa, respectively. Precipitation of a Cr-rich ~C(q) has been observed
in a number of 8-12Cr steels that contain > 0.3wPL0Ni during FBR (Fast Breeder Reactor) and
HFIR irradiation at about 400”C [13-16]. The ~ phase was observed in 9Cr-1MoVNb-2Ni and
12Cr-1MoVW steels irradiated in HFIR at 500”C and in 9Cr-1 MoVNb steel irradiated in F17F (Fast
Flux Test Facility) at 407°C [13]. XEDS compositional analysis has shown that this phase is
composed of mainly Cr and N [13,14]. In addition, another type of precipitate was found along
dislocation loops without moire ffinges, which was tentatively identified as d-phase, which is a Cr-
nch body-centered cubic (bee) ferrite phase. A high density (> xl W m? of a’ was reported to
occer in HT9 steel irradiated in the F17F at 420”C [17]. In the present study, the ~ phase was
observed only in HT9-1 .4wt%WNialloy, while the MGC(q)carbides and a’-phase were found along
dislocation loops in all alloys, as shown in Figure 2. The number density of MGC(@carbides and a’-
phase in HT9-1 .4wt%mNi alloy were lower than that in the other alloys. As mentioned in section
3.1, the HT9-1 .4wt%WNi alloy showed a lower number density of dislocation loops than that in the
other alloys. This results suggests that dislocation loops act as sites of Cr segregation during
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irradiation and play important roles in the precipitation
summarizes the quantitative results of precipitates.

behavior in martensitic steels. Table 4

Figure 2 Irradiation-induced precipitates in (a) HT9-std., (b) HT9-I .4wt%=Ni, (c) HT9-0.5wt%WNi
and (d) HT9-1.4wt%mNi after irradiation at 400”C to 7.4 dpa

Figure 3 Irradiation-induced MZXphase in the HT9-I .4wt%wNi alloy after irradiation at 4000C to 7.4
dpa.
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Table 4. Summary of precipitates in the alloys after irradiation at 400”C to 7.4 dpa.
Steel M93c. M.C(q) a’

Mean Size Number Mean Size Number Mean Size Number Mean Number
(rim) Density (rim) Density (rim) Density Size Density

(m? (mq (m? (rim) (m?

HT9-std. 75 6x1019 6 2X102’ 4 4X10*1 - -

HT9-1 .4wt%58Ni 75 6x1019 7 2X102’ 4 3XIO*1 - .

HT9-0.5wt%WNi 75 6x1 019 6 2X102’ 4 3X1@ - .

HT9-I .4wt%mNi 75 6x1019 10 1Xl O*’ 5 2X102’ 30 1xl 02’

FUTURE WORK

The investigation of isotopicaily-tailored martensitic steels irradiated at 400”C to about 18 dpa in
HFIR will be carried out to clarify the effect of helium atoms and Ni on the formation of cavities and
the microstructural development.
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TENSILE PROPERTIES OF LOW ACTIVATION FERRITIC STEELS FOLLOWING
IRRADIATION IN ORR - M. L. Hamilton, and D. S. Genes (Pacific Northwest National
Laboratory)

OBJECTIVE

The objective of this effort is to determine irradiation hardening response
ferritic steels following irradiation at temperatures below 400°C in
understanding behavior in this alloy class at low irradiation temperatures.

SUMMARY

in low activation
order to better

Post-irradiation tensile test results are reported for a series of low activation steels
containing Mn following irradiation in the Oak Ridge Reactor at 60,200, 330 and 400°C to 10
dpa. Alloy compositions included 2Cr, 9Cr and 12Cr steels with V to 1.5% and W to 1.07..

Strength increases were higher in all alloys for irradiation conditions below 400”C, with peak
hardening occurring following irradiation at 200”C, corresponding to a minimum of 4% total
elongation. The 9Cr alloy class exhibited the smallest increases in hardening. Test results
are provided and compared with behavior following irradiation in FFTF.

PROGRESS AND STATUS

Introduction

Post-irradiation tensile test response has been reported for a series of alloys containing
manganese following irradiation in FFTF at 420 and 585°C to 15 and 45 dpa.l That work -
investigated the response of a series of alloys including 27. Cr alloys with V additions, and
97. and 12% Cr alloys containing Mn with V and W additions. It was found that irradiation at
420”C to 15 dpa produced significant hardening in the 2Cr alloys whereas the other alloys
where unaffected, and irradiation at 585°C produced softening for all alloys. Further
irradiation to 45 dpa resulted either in little change or in softening. Similar specimens
irradiated in ORR at 60, 200, 330 and 400°C to 10 dpa were recently retrieved; the tensile
data obtained from these specimens are documented in this report.

Experimental Procedure

Compositions and identification codes for specimens irradiated in the ORR-MFE 6J and 7J
tests are provided in Table 1. Specimens were of SS-3 flat tensile geometry, with nominal
gauge dimensions of 0.3 x 0.030” x 0.060 (7.62 mm x 0.76 mm x 1.5 mm). Tests were
performed at both room temperature and the nominal irradiation temperatures. The initial
strain rate was 4 x 104 /sec. The 6J test accumulated a midplane fluence of 2.4 x 10=
n/cm2 (total) or 8.8x 1021n/cm2 (E>O.1 MeV) and the 7J test accumulated a fluence of 2.7x
10z n/cm2 (total) or 9.5x 1021n/cm2 (E>O.1 MeV).2’3 This corresponds to damage levels of
6.6 - 6.8 and 7.1 - 7.3 dpa respectively, variations corresponding to lower or higher
chromium levels. Predicted helium levels are 2.1 to 2.3 for both tests, wfih variations due to
higher or lower chromium levels, respectively.
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Table 1. Compositions and identification codes for specimens irradiated in the ORR-MFE 6J
and 7J tests.l

ID Heat #or Composition (w/o)

code alloy name Cr v w Ta Mo c Mn Nb Ni

TE V02262 2.25 0.5 0.1
TZ Uc-19 2.25 1.5 0.2 0.1 0.3
TH V02263 2.25 1.0 0.1

2.25Crl Mo 2.25 0.03 1.0 0.1 0.5

TR V02268 9 0.3 1.0 0.1 2.5
TM V02264 9 0.5 0.1
TP V02266 9 0.5 0.1 2.0
TN V02265 9 1.3 0.2 1.0

9Crl Mo 8.75 0.2 0.9 0.1 0.5 0.08

l-r V02702 12 0.2 0.8 0.1 6.5
TU V02269 12 0.3 1.0 0.1 6.5
Tw V02754 12 0.3 1.0 0.2 “ 0.1 6.5

TL V02267 12 1.0 0.1 6.5
TF V02700 12 1.0 0.1 6.5
TX V02755 12 1.0 0.2 0.2 0.1 8.0

HT9 12 0.3 0.5 1.0 0.2 0.6 0.5

Results

The tensile results are given in Table 2 and plotted in Figures 1-8. Significant hardening
and loss of ductility were observed at room temperature in all three alloy classes for
irradiation at 330”C and below. Similar trends were observed in tests conducted at the
irradiation temperature, although the results are less well-defined because of the pauc.~ of
data on unirradiated material.

Discussion

Tensile data obtained on F~F-irradiated specimens were comparable to the data obtained
for specimens irradiated in ORR under similar conditions. These results were obtained for
all materials where such a comparison was possible, for specimens irradiated at about
400”C to 10 dpa and tested at room temperature. Such a comparison was not possible for
all of the alloys. Yield and ultimate strengths, and uniform and total elongations, were
essentially the same as the comparable data provided in reference 1 for two of the 2Cr
alloys (TE [V02262] and TZ[UC-1 9]), four of the 9Cr alloys (TN~02265], TR~02268],
TP~02266] and TM~02264]), and a single 12Cr alloy (lW~02269]).1 The 9Cr alloys
exhibit the most stable properties, and significant hardening can occur following irradiation at
low temperatures. The ORR database indicates that property degradation is worst following
irradiation at 200”C, but irradiation at 60”C produces similar behavior for the 12Cr alloys.
However, it can be anticipated that irradiation to higher dose at 60°C can be expected to
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degrade properties further: and therefore it appears worthwhile to continue this work by
testing identical specimens from ORR that were further irradiated in HFIR.

Table 2. Tensile results on low activation steel specimens following irradiation in ORR.

Dose Thick-
Width Irr Test UTS UE TE ~omments.

Temp T::P (~$a) (MPa)‘D (dpa) ;;;:l (roils)
(c)

(%) (%)

TE22 0 28.74 51.65 0 22 791 886 4.6 13I t ,

TE23 o 29.49 53.33 0 22 769 .870 3.4 11.5 Rusty

TE17 10 29.24 53.49 200 22
RP some”

1315 1345 0.6 4 -, ,-;

TE11 10 29.97 49.99 330 22 1367 1412 0.8 5.8 RP, small P
TE13 10 29.26 51.80 400 22 1198 1230 0.8 6.9 RP?, rusty

TF11 10 28.47 53.66 330 22 954 997 1.4 8.1 Rusty
TF15 10 28.52 52.30 400 22 828 912 3.8 10.4

TF12 10 27.66 53.81 330 330 787 832 1.2 6
Semi RP,
rustv!

TF16 I 10 , --. .-, -.
I I ! 1 .—-.

I ?%49 I 55.67 400 400 665 728 1.6 6.7 Rusty
TH09 I O I 29.02 I 59.87 0 22 328 532 14.4 28.7 Large bow. ---- . —-. .

THI O 0 29.29 59.16 0 22 345 538 11.9 24.2 Slight bow

TL25 o 29.32 58.70 0 22 761 911 3.2 11.1 P
1 --

TLI 6 10 29.26 57.29 60 22 1073 1114 0.7 5.4 :; ‘ome

TL19 10 29.07 56.54 200 22 1203 68 RP, some1255 1 . rust

—

TL1l I 10 I 29.52 I 59.47 I 330 I 22 I 970 I 1004 I 3 I 10.8 1P –,

TL13 10 29.34 59.79 400 22 ,53 Small P,719 846 7.1 . rus

TLI 7 10 29.99 59.61 60 60 1012 1053 0.8 6.5 :s~ ‘ome

TWO 10 28.87 59.47 200 200 1072
G, RP, some1141 1 . t-lI.st

—

—

—

.---

TM25 o 28.89 55.67 0 22 565 646 4.3 15.4 P

TM19 10.4 28.99 61.31 200 22 918 920 0.2 9
RP, some
rust,

TM1l 10.4 29.37 61.88 330 22 879 883 0.3 9.6 RP
TM13 10.4 -29.22 62.53 400 22 584 640 3.5 15.4 Rusty
TM26 o 28.89 55.40 0 200 512 566 1.9 12.4 RP, ,
TM22 10 28.79 55.09 200 200 845 I 851 0.2 9.2 RP, rusty

TN09 o 29.54 60.49 0 22 I 538 ! 665 I 7.2 ! 18.7 PI ——
I I I I .-.

1-

TN1O I O I 29.02 I 60.31 I O I 22 I 559 I 688 6.8 I 17.4 1P

TN19 10.2 28.96 59.16 200 22 998 1005 0.4 7.8 RP, rusty
TN1l 10.2 29.41 59.11 330 22 917 933 0.6 8.9 RP, rusty
TN13 10.2 29.76 62.22 400 22 504 618 7.4 20.1 P, rusty
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+
~o~e Thick-

Width
Irr Test

UE TETemp TemP (J:a) (wP:) (%) (%)‘D (dpa) &;:, (roils) Comments’
(c) (c)

TP16 10 28.21 62.62 60 22 899 901 0.3 5.5 RP, rusty
TP19 10 29.44 63.03 200 22 1021 1030 0.4 7.5 RP, rusty

TPI 1 10 29.37 63.00 330 22 960 971 0.5 8.1 :~ ‘ome

TP13 10 29.29 62.88 400 22 565 643 5.1 17.8 P, rusty

TPI 7 10 29.39 RP rusty,62.88 60 60 770 773 0.3 5.1 ~d~ test

TP25 o 31.60 57.88 0 200 500 580 3.8 15.8 Small P
TP20 10 29.31 58.46 200 200 862 902 0.6 9.3 RP, rusty

TR1O 9.8 28.82 59.84 200 22 1012 1030 0.5 8.7 RP

TRII 9.8 29.57 52.13 330 22 885 893 0.4 8.4 :~ ‘ome

TR15 9.8 29.76 54.98 400 22 576 673 6.2 16.6 P

TR22 10 29.07 58.03 200 200 909 918 0.4 9.2 RP
TR12 10 29.29 54.78 330 330 731 736 0.3 8.3 RP, rusty
TR08 o 29.79 59.94 0 400 443 518 2.6 12.8 Small P

TRI 6 10 29.52 53.91 400 400 468 520 2.1 11 :; ‘ome
. I

T-IV1 10 29.02 57.09 330 22 1016 1073 2.7 10.8 P. some rust I

l-rl 5 10 28.76 59.41 400 22 833 938 4.1 10.8 Rusty

-I-I-12 10 28.56 58.14 330 330 828 890 I 1.3 6.3 Some rust

TTl 6 10 28.91 59.20 400 400 760 817 1.5 7.7 ~; ‘ome I

TU07 10 28.47 60.22 60 22 1132 1174 0.7 7 RP. rustv I

TU1O 10 28.96 60.29 200 22 1189 1263 0.8 6.7 g; ‘ome

TU11 10 30.02 59.57 330 22 1009 1066 1.4 7.8

TU15 10 29.77 59.15 400 22 755 888 5 10.2 Some rust
I TU19 I 10 I 30.02 I 60.01 I 60 I 60 I 1010 I 1067 I 0.7 I 7 IRP. rustv I

3TU22

TU12

10

10

-+

TU16

-i-WI 1

10

10El
28.91

30.09

30.22

29.62

53.84

55.35

60.96

61.19 R
200 200 1123

330 330 846

400 400 597

60 22 1100

912 I 1.7 I 6.5

+&-k&
1=Small P:
some rust
Small P?,

1=
rust
Small P,
some rust

RP. rustv

TW14 10 29.05 61.12 200 22 1265 1304 0.8 7.3 :; ‘ome

TW13 10 29.07 60.32 60 60 1099 1158 0.8 9.6 RP, rusty

TW15 10 28.79 60.54 200 200 1105 65 RP, some1170 1 .
rust

------ —-.. .
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~o~e Thick-
Width

Irr Test
UTS UE TE ~omments*

Temp T::P (~~a) (MPa)‘D (dpa) ;;:, (roils) (c)
(%) (%)

TX12 10 31.30 58.78 60 22 1108 1138 0.5 4.9 ~; ‘ome

TX14 10 28.72 61.62 60 22 1235 1280 0.6 8.1 RP, rusty

TX15 10 29.15 58.20 200 22 1311
RP some

1377 0.9 7.7 ru~;

TXI 3 10 29.39 60.39 60 60 1139 1218 0.8 5.9 RP, rusty

Failed
without
yielding;

TZ22 10 28.92 56.70 200 22 826 826 0 0 yield given
as
maximum/fail
ure strength
Failed
without
yielding;

TzI 1 10 29.49 56.62 340 22 1014 1014 0 0 yield given
as
maximum/fai
ure strength

TZ15 10 25.39 57.02 400 22 661 700 1.4 8.6 RP, rusty

TZ1 O 0 28.69 61.07 0 330 240 “370 9.2 17.4 P

TzI 2 10 26.36 56.29 330 330 872 875 0.4 5.1 RP

TZ25 o 28.27 56.79 0 400 334 437 4.5 13.6

TZ16 10 28.67 56.87 400 400 598 612 0.4 6.3 RP

*The comment RP indicates that the specimen reached a peak load quite rapidly, with little
work hardening. The comment P indicates that the load trace exhibited a load plateau at
maximum load.

It has been noted that the alloy series being studied in this effort contains manganese
additions for austenite stabilization, and that manganese additions are now understood to
cause chi phase formation during irradiation in the vicinit of 400”C,5 leading to

xembrittlement as evidenced by an increase in the DBll_. It was therefore expected that the
hardening observed in the 9 and 12Cr alloys at 330°C and below would also be due to
precipitation of chi phase. Further evaluation of the results in Table 2 (see Figure 9),
however, shows that no direct correlation exists between irradiation hardening and Mn
content and the hardening observed at 330”C and below must be due to something other
than chi phase formation. It must also be concluded that the correlation of DBTT with Mn
content is due to the effect of chi phase on toughness per se rather than hardening.

CONCLUSIONS

ORR and FFTF irradiation under comparable conditions (400”C, to -10 dpa) appear to
produce similar changes in tensile behavior for a series of low activation alloys containing
Mn additions. Significant hardening and loss of ductility resulted from irradiation at
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temperatures ranging from 60 to 330”C. The hardening cannot be attributed directly to Mn
additions, indicating that chi phase does not cause the hardening. The cause of the
observed hardening is not yet understood.

FUTURE WORK

Companion TEM specimens will be shear punch tested and examined by TEM using 1 mm
specimen preparation techniques. Effort is then expected to shift to acquisition and testing
of the ORR specimens further irradiated in HFIR.
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EFFECT OF HEAT TREATMENT AND IRRADIATION TEMPERATURE ON IMPACT
PROPERTIES OF Cr-W-V FERRITIC STEELS—R. L. Klueh (Oak Ridge National Laboratory)
and D. J. Alexander (Los Alamos National Laboratory)

Extended Abstract*

In the developmentof reduced-activationsteelsat ORNL, eight experimentalsteels have been
studied. The steels are basically Fe-XCr-2W-0.25V-0.1 C (compositions in wt. %) with 2.25% Cr
(designated 2%Cr-2WV) 5% Cr (5Cr-2WV), 9% Cr (9Cr-2WV), and 12% Cr (12Cr-2WV). Also,
compositions with 2.25% Cr and O%W (2ZCrV), 1% W (2ZCr-lWV), and O%V (2%Cr-2W)
were studied along with the 9Cr-2WV steel to which 0.07% Ta was added (9Cr-2LVVTa).

To determinethe effect of heat treatment (cooling rate from the austenitization temperature),
specimens were taken from normalized-and-tempered 15.9-mm plate and 3.3-mm bar. Charpy
impact properties were determined on the eight reduced-activation Cr-W ferritic steels in the
normalized-and-tempered condition and after irradiation in FFTF to =14 dpa at 393°C.

In the normalized-and-tempered condition, the microstructure of the 2ZCr steels in the 15.9-
mm plate (slow cool) were bainite with various amounts of polygonal ferrite, and they were
100% bainite when heat treated as 3.3-mm bar. The 5Cr steel and the two 9Cr steels were
100% martensite and the 12Cr steel was martensite with =25% &fern-te after heat treatment in
either geometry.

The change in microstructure caused by heat treatment of the 2XCr steels fromduplex
microstmctures of bainite plus ferriteto 100%bainite resulted in improvement in the Charpy
impact properties before irradiation. After irradiation, however, there was little difference in the
properties for the two different heat treatments. As expected, cooling rate had little effect on
the high-chromium (9 and 12% Cr) steels before or after irradiation. However, the Charpy
properties for the 5Cr-2WV steel before and after imadiation were improved by the faster cool-
ing rate. The reason for this change is unclear, but it may be due to the different precipitates
present in the 5Cr steel as compared to the other martensitic steels (MTC~is the primary
precipitate present in the 5Cr-2WV steel, and MZCGis the primary precipitate in the other
martensitic steels).

Results from the present irradiation experiment at 393°C were compared with previous experi-
ments for irradiation at a lower temperature (365”C) but at similar dpa levels. The DBTT
values of all but the 5Cr-2WV and 9Cr-2WVTa steels were lower after irradiation at 393°C than
after irradiation at 365”C, which is the expected behavior. The contrary behavior of the 5Cr
steel was tentatively attributed to the MTC3carbides that form in this composition that are not
present in the 9Cr and 12Cr steels. The inverse temperature effect in the 9Cr-2WWa steel
was suggested to be due to the loss of tantalum from solution during irradiation at the higher
temperature. Tantalum in solution may give the 9Cr-2WVTa steel its advantage over the other
steels by increasing the cleavage fracture stress or changing the flow stress-temperature
relationship, and this advantage is decreased by the precipitation of tantalum from solution
during irradiation. However, a thorough analytical TEM examination of these steels is required
to confirm the suggested mechanism.

.

* Extended abstract of paper published in the JoI.u??a/otNuc/ear Matefia/s, Vol. 265, p. 262-
272, March 1999.
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4.0 COPPER ALLOYS AND HIGH HEAT FLUX MATERIALS
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POST-IRRADIATION ANNEALING RESPONSE OF PURE COPPER IRRADIATED AT
10O°C - D.J. Edwards (Pacific Northwest National Laboratory~, B.N. Singh, P. Toft and M.
Eldrup (Risa National Laboratory)

(To be presented at the 9ti International Conference on Fusion Reactor Materials)

EXTENDED ABSTRACT
,

Pure copper and its alloys have long been evaluated for use in fusion reactor designs
because of the need for a heat sink material with sufficient thermal conductivity to handle the
high heat loads in the plasma facing components. Recent investigations have demonstrated
that copper and copper alloys suffer from the irradiation-induced loss of ductility and plastic
instability when irradiated at temperatures below the recovery stage V [1-51. This behaviour
has also been observed in fee, bcc and hcp metals and alloys (see Ref. 6 for a recent review
on this topic). The source of the radiation hardening is derived from the radiation-produced
damage processes that yield a high density of small defect clusters that are both sessile and
glissile depending on their size and nature (vacancy or interstitial). The presence of these
defect clusters produced during irradiation can cause substantial changes in the mechanical
and physical behaviour of the material, including the loss of uniform ductility and work
hardening, large increases in yield strength, formation of a yield drop, and overall loss of
conductivity. The changes in the deformation behavior of the material are particularly
worrisome given that the formation of the yield drop often signifies the onset of plastic
instability (dislocation channeling or microtwinning) during deformation. Several issues
remain unclear, in particular the actual mechanism responsible for the yield drop, why a
given material will experience work softening or work hardening depending on the dose, and
how these changes in deformation mode will affect the cracking susceptibility.

One issue that bears further study is the’ possibility of being able to anneal the radiation
damage out of the irradiated material, for example, during the periodic bakeout of the vessel
chamber needed to improve the vacuum. This is a complicated issue since the
microstructure evolves over time, and the annealing may in fact produce different results
depending on when the anneal is done, that is, at doses of 102 dpa versus 0.5 dpa. Further
complicating the issue is how multiple cycles of annealing and irradiation may affect the
microstructural evolution over the lifetime of the component. As a first step toward
investigating the effect of annealing on irradiated copper, tensile samples of pure copper

(annealed at 550”C for 2h in vacuum, 10%torr) were irradiated in the DR-3 reactor at Ris@
National Laboratory at IOO”C to different dose levels in the range 0.01 to 0.3 dpa (NRT). All
specimens were irradiated with a displacement damage rate of -5 x 10= dpa (NRT)/s. A
subset of the irradiated specimens were given a post-irradiation annealing treatment under
vacuum (<105 torr). Microstructural examinations have been completed for both the as-
irradiated and the post-irradiation annealed samples, and results of the prelimina~ tensile
tests (strain rate of 1.2 x 103 S-l, 100”C in vacuum, <10“4torr) are available also. Electrical
resistivity measurements have already been reported separately ~.

The microstructure contains a high density of small stacking fault tetrahedral (SFT’S) and line
dislocations that were present before irradiation. The size distributions of the SFT’S in the
as-irradiated samples are shown in Figure 1 as a function of dose. A slight broadening of the

“ Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0-1830.
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Figure 1. The size distributions for the as-irradiated pure copper are shown, and reveal that
irradiation from 10-2 to 0.3 dpa produces only slight differences in cluster sizes. The average
size of-2.5 nm is similar for all four conditions.

overall distribution occurs as the dose increases, with the average size staying at bout -2.5
nm. The effect of post-irradiation annealing on the size distribution of the SFT’S is presented
in Figure 2, showing that annealing causes a noticeable shift toward larger sizes as well as
an overall broadening of the size distribution. However, for the samples irradiated at 0.3 dpa
and then annealed, the average size is actually smaller than that of the samples irradiated to
0.1 and 0.3 and then annealed. The dose dependence of the cluster densities shown in
Figure 3 for the as-irradiated and post-irradiation annealed samples also demonstrate the
effect that annealing has on the microstructure. The cluster densities after annealing are
lower than that measured in the as-irradiated samples, and this is particularly true for the 10“2
dpa samples where the difference is almost a factor of 5. The annealed 0.3 dpa sample,
however, is within a factor of 2, basically within the experimental scatter. Note that the
cluster density for the annealed 0.3 dpa sample is almost the same as that of the as-
irradiated 10-2dpa sample, but with a larger average size.

The tensile properties are given in Table 1, and show that the as-irradiated samples exhibit a
large increase in yield strength even at 10-2dpa. The uniform and total elongation decrease
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Figure 2. Post-irradiation annealing increases the overall size of the clusters and broadens
the size distributions compared to the same dose in the as-irradiated condition. The
annealed 0.3 dpa condition has a smaller average size than 0.1 dpa and 0.2 conditions, but
the reasons for this are not presently known.

substantially in the as-irradiated samples, and in fact disappear entirely after irradiation to 0.1
dpa and above. A sharp yield point begins to appear even at 10-2dpa, and evolves into an
upper and lower yield point at the higher doses. Work hardening after irradiation is negligible
after 0.1 dpa and above, and essentially the upper yield strength and ultimate strength are
the same due to the poor work hardening ability. Annealing has a profound effect on the
mechanical properties, and restores the work hardening ability and uniform elongation of the
material at all doses. However, the yield strength remains considerably higher and the
ductility lower than that measured for the unirradiated specimens, which agrees with the fact
that the microstructure still retains a high cluster density. It is important to note that no yield
point is present in the annealed 0.3 dpa sample even though the cluster density is the same
as the as-irradiated 10-2 dpa sample and the average size is larger. Microstructural
examination of the deformed samples from the as-irradiated samples show that dislocation
channeling occurs in all conditioris, but the degree of dislocation channeling is higher the
greater the yield strength and more prominent the yield drop. While dislocation channels are
still observed in the annealed and deformed samples, significant dislocation motion in those
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Figure 3. The density of the clusters saturates at about 0.1 dpa in the as-irradiated condition
in agreement with results presented in the literature at similar irradiation temperatures. The

density in the post-irradiation annealed condition is significantly lower at 102 dpa compared
to its as-irradiated counterpart, but the density begins to approach that of the as-irradiated
samples as the dose increases. The high density of clusters and smaller size distribution at
0.3 dpa suggests that the annealing kinetics can change as the microstructure evolves.

Table 1. Tensile properties of OFHC-copper and different copper alloys
in the unirradiated, as-irradiate

-
1 I

Unirr
0.01
0.1
0.2
0.3
0.01
0.1
0.2
0.3

300”C for 50 h
300”C for 50 h
300°C for 50 h
300”C for 50 h

245
250
265

and post-radiation heat treated conditions

~
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areas in-between the few channels is observed that explains why the material exhibits a
more normal work hardening behavior.

The formation of the upper and lower yield point is thought to be due to the dislocations being
decorated in a manner analogous to that of the solute atoms that form the Cottrell
atmosphere in pure Fe [8]. Singh, Foreman, and Trinkaus [6] proposed a new mechanism
called Cascade-Induced Source Hardening (CISH) where the grown-in dislocations are
decorated by small dislocation loops or clusters formed during irradiation. The possibility
also exists that impurities are segregated to the dislocations, a factor which may be more
prominent in the case of alloys. The CISH mechanism seems to be supported by the
annealing results. Although the density of clusters remains high and the size of the clusters
is larger after annealing, normal work hardening occurs during the tensile test without any
evidence of a yield drop. This implies that annealing effectively removes or decreases the
degree of dislocation decoration and unlocks the grown-in dislocation sources. The clusters
in the matrix still contribute to the overall strength of the material since dislocations moving
through the matrix must interact with the sessile loops, but these interactions are thought to
be rather weak in comparison to the dislocation decoration. Further analysis of the
deformed microstructure and overall behavior is needed, and the results will be evaluated in
light of the CISH model and the traditional “dispersed barriet’ model to explore the radiation-
induced increase in yield strength.
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MICROSTRUCTURES OF Ti-Al INTERMETALLIC COMPOUNDS IRRADIATED AT

673 K IN HFIR -Y. M“w%T. Sawai (Japan Atomic Energy Research Institute), D. T. Hoelzer (Oak
Ridge National Laborato~) and A. Hishinuma (JAERI)

OBJECTIVE

The objective of this work is to present recent TEM data of Ti-Al intermetallic compounds neutron
irradiated at 673 Kin High Flux Isotope Reactor.

SUMMARY

Four kinds of Ti-Al intermetallic compounds were irradiated at 673 K to the fluence of 5.1 6x1 0%
n/rr? (E>l MeV) in HFIR. One consists of cz2-Ti@lsingle phase, and the others consist of ct2-Ti@l
and y-TiAl duplex phases. After irradiation, transmission electron microscopy was carried out. In
both a2-Ti~Al and y-TWl phases of the specimens, loop-shaped and dot-like “clusters were
observed. However the nucleation behavior of cavities in az-Ti@l and y-TiAl phases has been
influenced by chemical compositions and fabrication processes.

PROGRESS AND STATUS

Introduction

Ti-Al intermetallic compounds offeradvantages of large strength-to-weight ratio and high strength
and good oxidation resistance at elevated temperature. InTi-Al intemetallic compounds, az-ll~l
with the hexagonal ordered DO1~structure and y-TiAl with the tetragonal ordered LI ~structure are
promising candidates for nuclear application. Both Ti and Al are elements with low neutron-
induced radioactivii and small cross sections of neutron absorption, compared with conventional
austenitic stainless steels. In spite of the generation of a long-lived y-em-tier ‘Al from
‘Al(n,2n)%A1 reaction by 14 MeV neutron, the fast decay of radioactivity of Al to safe maintenance
level within 2 weeks after reactor shutdown is attractive [1]. Therefore Ti-Al intermetallic
compounds are attract-wecandidates for application in future fusion nuclear systems, as well as in
fission nuclear systems.

Several papers have been published on the effect of electron irradiation [2], He+ irradiation [3,4,5,
6] and neutron irradiation ~, 8] on Ti-Al intennetaliic compounds. The ordered intermetallic
compounds showed asupenor resistance to void swelling under electron irradiation at 873 K [2],
and ductilization after neutron irradiation at 873 Kto 1xl 024n/rr? (E>l MeV) [7]. On the other hand,
they showed a poor resistance of He bubble nucleation in y-TiAl after He+irradiation to 2.9 dpa at
room temperature [6] and a significant ductility loss with neutron irradiation to the fluence level of
1.6x1 0= nhr? at 376-873 K [8]. Ltile is known on the effects of irradiation, especially neutron-
irradiation, on Ti-Al intermetallic compounds.

[n this report, the microstructural observation of 4 kinds of Ti-Al intermetallic compounds irradiated
at 673 K to the fast neutron fluence of 5. 16x1 0s n/m2(E>l MeV) are presented.
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Experimental Drocedure

The materials used were 4 kinds of Ti-Al intermetallic compounds, and were produced by powder
metallurgical processing. The powdets for3 kinds (K1, K2, K3) of intermetallic compounds were
prepared by the mechanical alloying, and another powderfor K4 was prepared by the plasma
rotating electrode process (PREP). The nominal chemical compositions and notations are listed in
Table 1. The conditions of powder metallurgical processes are also listed in Table 1. The nominal
microstructure were an ctz-Ti@ single phase forKl, an az-Ti#lI + y-TiAl duplex phase for K2, a y-
TiAl single phase for K3, and an ct2-Ti~l +y-TiAl duplex phase forK4, respectively. Hereafter, a2
and y denote a2-Ti@l and y-TiAl, respectively.

The powders used forKl, K2 and K3 had an average particle diameter of about 30 pm. The main
impurities in those powders were Fe (50 ppm), C (70 ppm), H (120 ppm) and O (3200 ppm) in Ti,
and Fe (1600 ppm) and Si (600 ppm) in Al, respectively. These powders were mixed in order to
obtAin the nominal compositions listed in Table 1. These mixed powdets were then mechanically
alloyed in an Ar gas atmosphere for 720 ks using a stainless ball mill. The mechanically aloyed
powders were isostatically hot pressed in a pure titanium capsule in vacuum underl 76.8 MPa at
1373 K for 10.8 ks to obtain high density compacts. in order to obtain higher strength and ductility,
these compacts were annealed in vacuum at 1473 K for 36 ks.

The powder used for K4 was prepared from cast mother alloys by PREP, and had an average
particle diameter of about 250pm. A cylindrical compact, about 60 mm in diameter and about 100
mm in height, was made by hot isostatic pressing (HIP) under 176.8 MPaat 1323 Kforl 0.8 ks in a
pure titanium capsule. This was followed by isothermal hot forging up to a reduction of 787. in
height with a strain rate of 3.8x1 04 S-lat 1223 Kin vacuum.

TEM disks, 3 mm in diameter and 0.25 mm in thickness, were prepared by We cutting. These
TEM disks were irradiated at about 673 K in a HFIR target position in the capsule of HFIR-MFE-
JP20/position 9. The resulting thenmal and fast neutron fluences, taking into account the
specimen position in the reactor were 1.83x10= n/n_?(EcO.5 eV) and 5.16x10% n/nf (E>l MeV),
respectively [9]. The He production in Al was 6.42 appm [9]. The He production in Ti calculated by
using the Japanese evaluated nuclear data library, J.ENDEL-3.2, was about 3.7 appm.

After irradiation, the disks were electrically thinned by a twin jet technique in a solution of 12.5
vol.’?’.sulfuric acid and 87.5 VOLYOmethyl alcohol at 263 K with a constant current of about 150 mA
and a varying voltage of 10-12 V. The TEM observation was cm”ed out using a JEM 2000-FX
microscope. The unirradiated disks were also observed using a Phillips CM12 equipped with an
energy dispersive X-ray (EDX) analyzing system, VP9900.

Table 1 Nominal chemical compositions (atomic Y.) and heat treatment conditions

Ti Al o N H Powder HIP heat treatment

KI 65.78 31.49 1.49 0.17 1.08 MA 1373 W10.8 ksl176.8 MPa annealing/1473 K./36 ks

~K21 52.53145.90 II .2610.1210.191 MA 11373 W1O.8 ks/176.8 MPa lannealing/1473 K/36 ks I
K3 49.30 48.11 2.31 0.19 0.09 MA 1373 WI 0.8 ks/176.8 MPa annealing/1473 K/36 ks
K4 52.41 46.87 0.63 0.06 0.03 PREP 1323 K/l 0.8 ks/176.8 MPa hot forgingl 1223 K
MA: Mechanical alloying, PREP: Plasma rotating electrode processing
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Results and discussion

Unirradiated Ti-Al intermetallic comoounds

Figure 1 shows low-magnification microstructure of the unirradiated Ti-Al intermetallic
compounds. In mechanically alloyed compounds (KI, K2 and K3), the grain size of KI (fig. 1(a))
was the largest, and that of K3 (fig. 1(c))was the smallest. The grain size of K4 (fig. 1(d)) which was
made by PREP was larger than that of KI. The ASTM g~-n size numbers measured by lineal
analysis were listed in table 2. The distribution of phases observed in the microstiuctures of fig. 1
is illustrated schematically in figure 2.

Table 2 ASTM grain size number before and after irradiation.

before irradiation After irradiation

K1 16.8 16.9

K2 17.5 17.8

K3 19.1 18.7
K4 16.1 No observation

KI consisted of a duplex structure of matrix and island grains, as seen in figs. 1(a) and 2(a). The
matrix was cx2phase. The islands existed in matrix grains and along grain boundaries. In the islands,
the concentration of Ti was higherthan that in the matrix, and a higher number density of planar
defects was observed. From diffraction pattern analyses, the island grabs seemed to be also ctz
phase. The volume fractions of matrix and island grdns were -93Y0 and -7’Yo, respectively (table
3). The diametraf size distribution of matrix and island g~”ns is shown in fig. 3(a). The grain size of
the islands was smaller than the matrix and was generally smaller than 1.0 Vm. However a large
island gm”n about 2 pm in diameter was observed. The maximum diameter of matrix g~.ns was
about 4pm. The average diemeterof matrix and island grabs were -1 .64pm and -0.53 Urn (table
4), respectively. No impurities were detected in both the matrix and islands by EDX analysis.
Dislocation lines were not observed in the matrix and islands, but twin boundaries were observed
in both. Pores were observed in grdns and especi~ly on gtin boundafes (fig. 4(a)). The pores
on grain boundzufes seemed to be largerthan those in grains. The pores had a varfetyof shapes,
so the shorter diameter was measured in each pore. The diametral size distribution of pores is
shown in fig. 5(a). The size distribution had apeakat about 8 nm, and the maximum diameter was
about 70 nm. The pores in islands were smaller than those in matrfx, and average diameter in
islands and matrix were 9.7 nm and 14.4 nm, respectively (table 5). The number density of pores
in K1 was about 6x101g/m3 (table 6), and that in island seemed to be higherthan that in matrix. In
these pores, Ar was detected by EDX analysis.

K3 was designed to be a single phase, y-TiAl, intenmetallic compound. However K3 consisted of
three phases of AlzOs az and y. The volume fractions among A403, Uzand y were 3-4Y0, -10’3!.
and -87Y0, respectively (table 3). In the other intermetallic compounds, there were no alumina
grains. The diameter of most alumina grahs ranged from 0.3 to 0.9 Lm, but Iargergrahs ranging to
2.8 pm in diameterafso existed. The avemge diameter of alumina gtahs was -0.63 pm. Imputies
such as P, Ti, Cr, Fe, Ni and Arwere detected in alumina by EDXanalysis. As seen in figs. 1(b) and
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2(b), relatively Iargery g~”ns and smalleraz grains were observed. Figure 3(b) shows the diametral
size distribution of y and ct2gm”ns. The average diameter of az and y gm”ns were 0.46 pm and
0.83 pm, respectively (table 4). The diameter of czzgrahs was not largerthan 1.0 Urn,and that of y
grabs was over 2 pm. From EDX analyses, impurities such as Fe, Cr and Ni were detected in y
phase, but not in ctzphase. Itappeared that these impurities came from the stahless balls during
mechanical alloying processes. From the comparison of the presence of impurities between y and
U2phase in K1 and K2, it seemed to be more difficult to dissolve the imputfties in a2phase than in
y phase. Twin boundatfes were observed in y grains, but only a few twin bounds-es were
obsetved in cx2g~”ns. There were pores in y grabs and especially on grdn boundaries (fig. 4(b)).
Pores were not typically observed in the a2 grabs. The diametral size distribution of the pores is
shown in fig. 5(b). The size distribution has apeakat -10 nm, and the maximum diameterwas -70
nm. The average diameter of the pores was -13.0 nm (table 5). The distribution of pores which
existed on y~ boundaries was similar to that in KI which had only czz-a2boundaries. The number
density of pores in K3 was about 9x1019/m3 (table 6). In these pores, Ar was detected by EDX
analysis.

K2 was designed to have a duplex microstructure consisting of the ctzand y phases in orderto
obtain better ductility. The analysis of K2 showed that it consisted of two phases. The volume
fraction of ctzand y phases measured byared analysis were -22% and -78%, respectively (table
3). A combination of relatively larger y-TiAl grabs and smaller az-Ti@l grabs was observed, as
seen in figs. 1(c) and 2(c). These microstructural characteristics were similar to that in K3 (figs. 1(b)
and 2(b)). But the grab size in K2 is slightly Iargerthan that in K3. The diametral size distribution of
txzand y grabs is shown in fig. 3(c). The average diameter of a2 grAs in K2 was -0.65 pm, and
was largerthan that in K3. The average diarneterof y grdns in K2 was -0.98 pm, and was similar to
that in K3. The maximum diameter of y grabs in K2 was similarto that in K3, and was about 2 pm.
Impurities such as Fe, Crand Ni were detectedin both azand y phases by EDXanalysis. Though
no impurities were detected in a2 phase of K3 and also of K1, impurities were detected in a2
phase of K2. The amount of impurities in Uz phase of K2 is less than that in y phase. Twin
boundatfes were observed in both azand y gm”ns. Twin bound~.es existed in a2grahs of K2, but
few twin boundaries existed in those of K3. Pores were observed in gm.ns and especially on g~-n
bounda”es, as seen in fig. 4(c). The pores were not observed in az gtains, which was a similar
result to K3. Therefore it is more d-ticult forporesto occurin a2phase than in y phase. Figure 5(c)
shows the diametral size distribution of pores in K2. The diametml size distribution has two peaks
at -4 nm and 10-12 nm, and the maximum was about 60 nm. The larger peak and maximum
diarneterin K2 were aboutthe same asthose in K3, and also about the same as those in KI. The
average diameterand number dens-@rof pores in K2 were -13.4 nmand -6x1 01g/m3,respectively
(table 5 and 6).

K4 consisted of a duplex microstructure of the a2and y phases, as seen in figs. 1(d) and 2(d). The
volume fraction of the az and y phases measured by areal analysis were -11 YO and -89Y0,
respectively (table 3). Some cxzgrdns were isolated within y grabs. These isolated az grabs
sometimes crossed y-nil grabs, or arranged in parallel rows. The diametral size distribution of a2
and y grdns is shown in fig. 3(d). The grain size of a2and y g~-ns in K4 was much kargerthan in
both K2 and K3, which had similar duplex microsttuctures. The average diameter of a2 and y
grains were -1.07 pm and -2.40. ~m, respectively (table 4). No impurities were detected in the a
and y phases by EDX analyses. Dislocation lines and twin boundm.es were observed in both a2
and y phases, as seen in fig. 4(d). The dislocation density in y was 8-9x1013 /nf. No pores were

... -. ——.——. .—. —.-. _
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observed in K4, which might
instead of mechanical alloying.

have resulted from a fabrication process that used hot forging

Table 3 The volume fraction of phases in Ti-Al intermetallic compounds (%)

y-TAl a2-Ti# AI,O,

K1 — 100 (Matrix -93, Island -7) — 4
K2 -78 -22

K3 -87 -lo 3-4

K4 -89 -11

Table 4 Average grain size of phases in Ti-Al interrnetallic compounds (diameter, ~m)

I K3 I 0.83 i 0.46 I

1 K4 I 2.40 I 1.07 I

Table 5 Average diameter of pores in Ti-Al interrnetallic compounds (rim)

y-TiAl I a2-Ti*l

KI — matrix: 14.4, island: 9.7

K2 13.4

K3 13.0 1
I K4 I No I

Table 6 The number densities of pores in Ti-Al intermetallic compounds (m<)

I K1 I - 6x1 0’9 1

I K2 I - 6x1 019 I

K3 - 9X10’9

K4 No

Irradiated Ti-Al intermetallic com~ounds

After irradiation, the TEM specimens were stored for about 5 years to decay the radioactive
isotope. The dose mtes of TEM specimens were -9.8 ml?lh at 1 cm in K1, -53 mFUhat 1 cm in K2,
-150 mR/h at 2.54 cm in K3 and -3.7 mFUhat 1 cm in K4, respectively. As seen in the nominal
chemical compositions in table 1, the amount of impurities such as Fe, Cr and Ni were not
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measured, but these impurities were detected by EDX analysis. By assuming that the ionizing
radiations mainly come from these impurities, the amount of these impurities in KI was the lowest
among mechanical afloyed specimens of K1, k2 and K3. The amounts of these impurities in K2
and K3 were about fiie times and over fiieen times higher than in KI, respectively. This
estimation about the amounts of these impurities corresponded roughly to the results of EDX
analysis.

The ASTM g~”n size number of the Ti-Al intermetallic compounds after irradiation were similar to
those before irradiation. Those numbers are listed in table 2.

Figures 6(a) and (b) show cavities observed in both the matrix and island grains of the irradiated KI,
respectively. The faceted cavities occurred in both matrix and islands after irradiation. The cavities
in the matrix occurred preferentially around pores within the range of about 75 nm from the
surface of the pores (fig. 6(a)). Some small cavities also occurred farfrom pores. The distribution of
cavities in the matrfx was not uniform. In the island g~”ns where a high dens”~ of planar defects
was observed before irradiation, the cavities were smaller than in matrix (fig. 6(b)). The number
density of cavities in the islands was much higher than that in matrix. In the island, the-cavities
seemed to be arranged in rows, and few cavities were on the planar defects. On the gm”n
bounda”es between the mattfx and island g~”ns or between matrix g~-ns, few cavities were
observed. The diametml size distributions of cavities in the matrix and island gw”ns are shown in
figs, 6(c) and (d), respectively. The size of cavities in both matrfx and island grains was much
smaller than that of pores. The average diameter of cavities in the matrixand island g~”ns was -5.6
nm and -3,4 nm, respectively (table 7). The maximum diarneterin the matrix was-1 Onm, and was
similarto that in the islands. The number densities of cavities in the matrix and island gm”ns were
-4x1 Om/m3 and 2x1 Oz /m3, respectively (table 8). Loop-shaped and dot-like defects were
observed in both matrix and island grabs, as seen in figs. 7(a) and (b). In the matrix, dislocation
loops about 20 nm in diameter were observed. Some of these dislocation loops seemed to be
tangled. In islands, smaller dislocation loops about 5 nm in diameter were observed. It seemed
that the dislocation loops in the mattfx we~e larger than those in the islands, and that the number
dens.Ryof dislocation loops in the islands was higherthan that in the matrfx. In both the matrix and
island grabs, these dislocation loops occurred nearthe grdn bounds-es and near cavities or
pores. In the island grdns, the planar defects which existed before irradiation remained after
irradiation.

In irradiated K3, small cavities occurred only in the y phase. Figures 8(a) and (b) show that the
faceted cavities occurred uniformly in y grains. As seen in fig. 8(a), there were cavity free zones
around y~ grain bound=.es, and the width of the cavity free zones was about 100 nm. However,
there was a YW grab boundary where many cavities occurred. There were no cavities around
pores in y grabs, which was different from the cavity nucleation behavior in azphase of KI. [n the
a2 gnins of K3, no cavities were obsetved after irradiation, though many cavities occurred in a2
grabs of KI. The diarnetral size distribution of cavities in y phase is shown in fig. 8(c). This size
distribution looked like a hi-modal distribution, and has’two peaks at -2 nm and -10 nm. This
distribution did not include the pores located on grain boundaies. The larger peak in the diarnettal
size distribution of cavities was similar to the peak for pores. The maximum diameter was -20 nm,
which was larger than that in KI. The average diameter and numberdensity of cavities in y phase
were -9.4 nm and -2x1 021/m3, respectively (table 7 and 8). Loop shaped clusters and dot-like
defects formed in both y and czzphases after irradiation. Figures 9(a) and ~) showthe dislocation
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loops in y and az grains, respectively. The dislocation loops in y g~”ns were smaller than those in
a2grains, and the diameterwas about 5 nm. The loop diameter in a2 g~”ns was about 15 nm. In
the y grains, the number density of dislocation loops near gm”n boundw”es seemed to be lower
than that in grain interiors. However the loop density neartwln boundaries in the grab was not
different from that in grzin interiors, and defects existed on the twin boundaries. The dislocation
loops also existed near both cavities and pores.

Figures 10(a) and (b) show the cavities that were obsetved in both the a2 and y phases in
irradiated K2. As seen in fig. 10(a), small cavities appeared in some y grabs, but not in all the y
grains. There were no cavities around pores in y grains, which was similar to K3. There were no
cavities on-y-y g~-n boundaries, but there were some cavities on twin boundaries in y grains. On
the other hand, a higher density of small cavities occurred inaz gm-ns (fig. 10(b)). These cavities
were faceted. The cavities appeared around pores in the range of about 75 nm from surface of
pore, which was similar to the cavity nucleation behavior in K1. The cavities also formed on a2~
g~”n boundaries (fig. 10(a)). The diametral size distributions of cavities in y and a2 grabs are
shown in figs. 10(c) and (d), respectively. The size distribution of cavities including pores in y
phase shows a hi-modal distribution (fig. 10(c)). From a comparison of the diametral size
distributions of pores or cavities in ‘y phase before (fig. 5(c)) and after irradiation (fig. 10(c)), it
appeared that the fraction of cavities that were 4.-6 nm in diameter increased and the peak for
larger cavities group shifted from 10-12 nm before irradiation to -20 nm after irradiation. This
suggested that irradiation might cause nucleation of small cavities and growth of the pores. As
seen in fig. 10(d), the diametral size distribution of cavities in a2 phase was similar to that in az
phase (matrix) of K1. The average diameter of cavities in a2 and y grains were -5.7 nmand -17.5
nm, respectively (table 7). The number densities of cavities in az and y gmhs were -1 xl 021/m3
and -4x1 0’9 /m3, respect”wely (table 8).There were loop-shaped and dot-like defects in both a2
and y phases afterirradiation. Figures 11 (a)and (b) show the dislocation loops in y and a2 grabs,
respectively. The diameter of dislocation loops in y grakrs was similarto or slightly larger than that
in cx2grabs. These dislocation loops were about 10 nm in diameter. The number density of
dislocation loops in a2 grAns seemed to be higher than that in y g~”ns. These defects existed
near grain boundaries and cavities.

In irradiated K4, TEM specimen did not electropoiish uniformly which resulted in limited thin
regions of the foil. As a result, only two y grabs were observed. In these y grabs, small cavities
occurred after irradiation, as seen in fig. 12(a). These faceted cavities formed aJongthe dislocation
lines which existed before irradiation. There were some cavities on twh boundades in the y grdn,
but no cavities on grab boundaries. Figure 12(b) shows the diametral size distribution of cavities
in y groins. A hi-modal distribution was observed. The critical diameter of smaller cavities was -2
nm. The average diameter and numberdensity of cavities in y grains were -5.6 nm and -8x1 Oa
/m3, respectively (table 7 and 8). Large stacking fault dislocation loops that were about 50 nm in
diameter formed in y grains. Figure 13(a) and (b) show the dislocation loops they grain. These
dislocation loops were much Iargerthan those in y grabs of K2 orK3. These loops formed near
the dislocation lines that existed before irradiation, and also formed preferentially near g~”n
boundaries. The distribution was not uniform. The number density of dislocation loops was much
lower than that in y-TiAl grains of IQ or K3.
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Table 7 Average diameter of cavities in phases (rim)

y-TiAl a2-Ti~l

KI — matrfx: 5.9, island: 3.4

K2 17.5 5.7

K3 9.4 No

K4 5.6

mxxxxxx: TEM observations were not carried out

Table 8 Number densities of cavities in phases (mq)

y-TiAl az-~~l

K1 — matrix: -4x1 Oa, island: 2x1 Oz

K2 4X10’9 Ixloa

K3 2X1on No

I K4 I -8x1 Oa I 1
xxxxmxx: TEM observations were not carried out

Cavitv nucleation in a,-TIAl and Y-liIl phase--

Cavities formed in both a2 and y phases during neutron irradiation at 673 K, though there were
some exceptions in K2 and K3. This irradiation temperature corresponded to 0.27 T~ (T.: melting
point) for y and 0.34 T~ foraz, respectively. The size distributions of cavities looked likehi-modal
distributions. The relatively larger cavities were faceted. This suggests that the larger cavities
might be voids. tt is well-known that voids form during irradiation in the temperature range from 0.3
to 0.55 T~ in metals. It was expected, therefore, that the Ti-Al ordered intermetallic compounds
afso experienced void swelling in this temperature range.

In the az phase of KI, K2 and K3, cavities formed in K1 (both the matrix and islands) and in K2, but
not in K3. [n KI and K2, the cavities formed preferentially around pores. These pores existed prior
to irradiation, and contained Ar gas. The range where cavities existed from the surface of pores
was about 75 nm. It is suggested that Ar is recoiled from the pore by the elastic collision with
neutrons, which makes an atomic displacement, and assists the nucleation of gas bubble. The
maximun recoil energy of Arwith 1 MeV neutron bythe elastic scattering was about 96 keV. The
range of these energetic Ar ions in a2 phase was calculated using TRIM 85 with the displacement
energy of 25 eV for both Ti and Al, and was about 73 nm. This calculated range co~esponded well
to the measured range of cavities from the pores surface. Therefore the cavities around pores
might be Argas bubble, and Argas might assist the nucleation of cavities. In K3, however, cavities
were not observed both in a2 grains and around pores. The Ar gas was ako detected in pores of
K3. This means that the presence of Argas and other gas might be the key factorforthe formation
of cavities in the az phase. In addition to Argas, helium was also generated from nuclear reactions
of Al and Ti. The calculated He concentration in cx2-Ti@lwas about 4.4 appm. However although
helium was produced in K3, cavities were not observed. Therefore this amount of helium might

--— ,.. .Y.-..,,., . . . . . . ... . ... ,, .-. ,, >.,......
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not have an influence on the cavity nucleation, or might be less effective than Ar. Oxygen is also
present in these compounds. K3 contained twice the amount of oxygen compared to KI or K2.
However alumina was observed only in K3, and the volume fraction of alumina was about 3Y0.
From the estimation of the amount of oxygen in alumina, almost all oxygen sis associated with
alumina Therefore KI and K2 dissolved the oxygen, but K3 dissolved much less oxygen. This
suggested that the oxygen had an influence on the cav.Rynucleation in the az phase. Other
impurities such as Fe, Cr and Ni were detected only in K2 but not in KI and K3, which did not
correspond to the nucleation behavior of cavities among them.

In they phase, the cavities were observed in every specimen, except for K1. Howeverthere were
differences in the nucleation behavior of cavities among K2, K3 and K4. [n K2, the number
density of cavities was much lower than in K3 and K4. In K3, the number density of cavities was
the largest, and cavities formed uniformly in y grdns. In K4, cavities occurred along dislocation
lines which existed before irradiation. The size distribution of cavities in K3 and K4 showed bi-
modal distributions. [n all they gmhs investigated, there were no cavities near pores. Therefore
the Ar gas in pores was not effective to form cavities in y phase, which was d.tierent from the
effect of Arin a2phase. The calculated concentration of He gas which was generated from nuclear
reaction of Ti and Al was about 5 appm. This amount is similar emong K2, K3 and K4. Such an
amount of He gas had Iiile influence on the nucleation behavior of cavities in y phase. Oxygen
was also contained in these materials. Though the content of oxygen was highest in K3, almost all
the oxygen was tied up with alumina as discussed above. The amount of free oxygen in K3
seemed to be very low. The amount of oxygen in K2 was higherthan in K4. The number density
of cavities was the largest in K3, and the smallest in K2. Therefore the tendency of oxygen gas
affecting the cavity nucleation in y phase was opposite in rxzphase. Nakataet. al. reported a similar
effect of gas atoms on cavity nucleation behavior in He’ ion irradiation experiment [3, 4]. In front of
the calculated projected range of He ions, where the He concentration was very low, the number “
dens.~ of cavities in y phase was largerthan that in czzphase [3]. In the calculated projected range
of He ion, where the He concentration was high, the number density of cavities in az phase was
largerthan that in y phase [4]. Therefore the effect of gas atoms on the cavity nucleation behavior
might be d.tierent between y and Uz phases. Other impurities such as Fe, Cr and Ni were
detected in K2 and K3 but not in K4. This did not correspond to the cav-Rynucleation behavior
among them.

Reference

[1] T. Noda, F. Abe, H. Araki and M. Okada, J. Nucl. Mater. 155-157 (1988) 581-584.
[2] A. Hishinuma K. Nakataj K. Fukai, K. Ameyama and M. Tokizane, J. Nucl. Mater. 199 (1993)
167-171.
[3] K. Nakata K. Fukai, A. Hishinumaj K. Ameyama and M. Tokizane, J. Nucl. Mater. 202 (1993)
39-46.
[4] K. Nakata, K. Fukai, A. Hishinuma and K. Ameyama, J. Nucl. Mater. 240 (1997) 221-228.
[5] O. Okad~ K. Nakat3 K. Fukai, A. Hishinumaand K. Ameyam~ J. Nucl. Mater. 258-263 (1998)
1750-1755.
[6] M. Song, K. Furuya, T. Tanabe and T. Noda, J. Nucl. Mater. 271&272 (1999) 200-204.
~ A. Hishinuma, J. Nucl. Mater. 239 (1996) 267-272.
[8] A. Kohyama T. Yamadaj M. Ogaw% H. Matsui and M. Narui, Proc. of 2nd Japan/ChinaSym. on
MaterfaJsfor Advanced Energy Systems and Fission and Fusion Engineering (The University of



135

Tokyo, Japan, 1994) p.472.
[9] L. R. Greenwood and C. A. Baldwin, Fusion Reactor Materials Semiannual Progress Repott,
DOE/ER-313/23, p.305 (1997)

.—. ——— — —. ——.~



:C)

Figure 1 Low magnified TEM images of unirradiated Ti-Al intermetalic compounds.

(a) K1: ct2-Ti,Al, (b) K3: y-TiAl/Q2-Ti,Al/A120,, (c) K2: y-TiAl/a2-Ti,Al, (d) K4: y-TiAl/cx2-Ti,Al.K1, K2 and K3 were made by

the mechanical alloying, and K4 was made by the plasma rotating electrode process.
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Figure 3 diametral size distributions of grains in unirradiated (a) KI, (b) K3, (c) K2 and (d) K4.
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Figure 4 Microstructure of unirradiated (a) K1, (b) K3, (c) K2 and (d) K4. In mechanically alloyed K1, K3 and K2, pores

were observed especially on grain boundaries.
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Figure 7 Weak-beam dark-field images in (a) matrix and (b) island of

irradiated K1.
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Figure 8 Cavities and diametrall size distribution of

cavities in y-TiAl of irradiated K3.

(a) Cavity free zones along y-yand et,-ygrain bound-

aries; (b) Cavities in y grain.
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Figure 9 Weak-beam dark-field images in (a) y-TiAl and (b) az-Ti~Al of

irradiated K3.
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Figure 11 Weak-beam dark-field images in (a) y-TiAl and (b) ct2-Ti3Al of
irradiated K2.
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Figure 13 Weak-beam drak-field images in y-TiAl of irradiated K4.

Figure 12 Cavities and diametral size distribution in y-TiAl of irradiated K4.
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5.0 AUSTENITIC STAINLESS STEELS

No contributions.
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6.0 INSULATING CERAMICS AND OPTICAL MATERIALS

No contributions.
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7.0 SOLID BREEDING MATERIALS

No contributions.
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8.0 RADIATION EFFECTS, MECHANISTIC STUDIES,
AND EXPERIMENTAL METHODS .
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AN INTEGRATED THEORY, MODELING, EXPERIMENTAL, AND DATABASE
PROGRAM FOR THE DEVELOPMENT OF ADVANCED FUSION MATERIALS—
R. E. Stoller(OakRidge National Laboratory), G. R. Odette(University ofCalifomia-SantaBarbara),
and H. L. Heinisch (Pacific Northwest National Laboratory)

SUMMARY

A Whitepaperon an Integrated Theoy, Modeljng, Experimental, and Database Program has been
prepared as part of the overall AMP planning process. A review of the current program status has
lead to the following primary recommendations: (a) an ambitious integrated modeling program
should be initiated and closely linked to the entire AMP program, (b) program planning should
consider the items identified by the workshop participants described in Appendix A and those
listed in Table 4.1, (c) the program should encourage inter-institutional collaborations, i. e.
between national laboratories and universities as well as between national laboratories, (d) regular
program exchanges and reviews should bean integral part of the program, (e) both new and
ongoing research should demonstrate relevance to the issues described in this document and
the overall AMP White paper.

OBJECTIVE

The objective of this report is to describe the program’s response to the FESAC panel
recommendation for increased attention to modeling and the relationship between the modeling
and experimental components of the program. It has been prepared as part of the larger AMP
planning process. The overall AMP White Paper identifies the technological challenges to
establishing the feasibility of utilizing the four groups of structural materials currently under
consideration for applications in fusion environments. These feasibility issues provided the
anchor-point for the development of the integrated modeling and experimental program
discussed below.

PROGRESS AND STATUS

1. INTRODUCTION AND OBJECTIVES OF PLANNING ACTIVITY

This white paper attempts to describe an improved framework for establishing an integrated
theory, modeling, experimental, and data base program for developing advanced fusion
materials. This document is not intended to be a complete review of the current program with
examples, data, models and references. Rather, the intent is to provide guidance on fundamental
issues related to fusion materials development and to describe the concept of integrated
modeling. The overall objective is to infuse the program with new ideas and people, to leverage
broad advances in science and engineering and, most importantly, to accelerate the
development of materials systems that will help make the promise of fusion energy into a 21st
century reality.

The Advanced Materials Program (AMp) is funded through the U.S. DOE Office of Fusion Energy
Sciences. This program is currently being restructured to reflect an increased focus on the
underlying science required to develop matetials for use in a fusion power system. As part of this
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process, the AMP was recently reviewed by an expert panel appointed by the Fusion Energy
Sciences Advisory Committee (FESAC). In its report, the FESAC Materials Review Panel
recommended that the AMP should adopt the following as its prima~ goal: “To provide the
materials science knowledge base that will enable the utilization of fusion energy. The near-term
emphasis will be on feasibility issues for in-vessel components for deuterium-tritium systems.”

The panel recognized that combined advances in materials science understanding and modern
computing capabilities can be used to extend the AMP’s ability to develop meaningful physically-
based, semi-empirical models that can guide and help interpret ‘costly and difficult to obtain’
experimental information. The panel recommended that these models should be developed and
applied to the key feasibility issues associated with each class of material, and that crosscutting
phenomena common to multiple materials are particularly good candidates for their application.

The greater emphasis on modeling should primarily be seen in the context of increased
integration of theoty, experiment, and database development as part of the long-term effort to
build a knowledge base. It is essential that an expanded computational materials efforl should:

a)

b)

c)

d)

e)

focus on the key issues in fusion materials,

be closely integrated with the experimental program, which should include experiments
designed for model validation and obtaining parameters requited by the models,

be as collaborative as possible and be leveraged by other activities,

produce tangible useful results (e.g. more reliable predictions of properties), and finally

provide the scientific basis for improved design and methods of structural integrity
assessment.

In a related recommendation, the panel encouraged the AMP to utilize a system of roadmaps as a
means of defining feasibility issues, and of identifying the skills and resources required to address
them. In response to this recommendation, the AMP has recently developed a draft White Paper
and a roadmap that discusses its current strategic pathway to fusion materials development. The
AMP White Paper identifies the long-term goal of the AMP as the development of structural
materials that will permit fusion to be developed as a safe, environmentally acceptable, and
economically competitive energy source. This goal is to be accomplished through a science
based program of theory, experiment, and modeling that

a)

b)

c)

provides an understanding of the behavior of candidate material systems in the fusion
environment and identifies limiting properties and approaches to improve performance,

undertakes the development of alloys and ceramics with superior properties for service in
the fusion environment through the control of composition and microstructure, and

provides the materials technology required for production, fabrication, and power system
design.

This Whitepaper on an Integrated Theory, Modeling, Experimental, and Database Program
(hereafter referred to as the integrated modeling program) has been prepared as part of the
overall AMP planning process. In particular, it is the program’s response to the FESAC panel
recommendation for increased attention to modeling and the relationship between the modeling
and experimental components of the program. The overall AMP White Paper identifies the
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technological challenges to establishing the feasibility of utilizing the four groups of structural
materials currently under consideration for applications infusion environments. These feasibility
issues provided the anchor-point for the development of the integrated modeling and
experimental program discussed below.

As part of the process of developing this document, the authors circulated a draft version of this

document to the larger materials science community to solicit comments. That draft version also

provided the basis for discussion at an open workshop that was held to obtain further input from

the community. A summary of the workshop is provided in Appendix A. This final version of the

whitepaper attempts to incorporate the comments that have been received. Although the conclu-

sions and recommendations represent primarily the views of the authors, they have been

assisted by an ad hoc peer-planning group of other AMP-funded scientists G. E. Lucas (UCSB),

K. Natesan (ANL), S. J. Zinkle (ORNL), A. F. Rowcliffe (ORNL), and R. J. Kurtz (PNNL). Contact

information for the authors is given in Appendix B.

2. INTEGRATION OF MODELING AND EXPERIMENTAL ACTIVITIES IN
ADVANCED MATERIALS PROGRAM

The overall strategy is a commitment to developing physically-based models that can be used to
address the materials feasibility issues in the AMP White Paper, e.g. to make predictions of key
mechanical properties starting in the as-fabricated state and evolving as a function of prolonged
service in a fusion environment; Including consideration of the pre-service properties forms a
strong and interactive link to material design and the influence of the entire thermal-mechanical
history experienced by a material in a component, from initial processing though fabrication of
integrated structures. It also serves as a basis to develop the requisite fundamental
microstructure- property and basic property-engineering property models.

In-service effects will be mediated by a combination of factors including temperature, stress, the
chemical environment and the neutron flux, fluence and spectrum. It is well known that there are
synergistic interactions among this multitude of variables; and that complex-~ is further amplified
by the overall temporal history of the service environment. Thus as a reasonable and necessary
expedient, this effort will start with relatively simple models for selected properties, with ongoing
development leading to more robust and comprehensive models as the knowledge base is
improved. Finally, the integrated modeling program should also establish links with researchers
involved in the development of advanced design and structural integrity assessment methods.
For example, ,a better understanding of the micromechanics of the ductile-to-brittle transition can
be obtained by linking our understanding of both atomic scale processes and embrittlement
phenomena to an engineering code-based structural integrity assessment such as the master
curve method.

Generally, the underlying physical basis of these models developed under OFES funding will be
microstructural, including the mechanisms that lead to the production, transport and fate of
defects and key constituent species as a function of the material and irradiation-service variables.
The microstructure must be linked to basic structure-sensitive properties, like the yield stress, and
such basic properties must in turn be linked to other engineering properties, like fracture
toughness. Microstructural information and mechanical property data developed within the
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experimental component of the AMP, as well as relevant data generated by other programs such
as Basic Energy Sciences (BES), the Nuclear Regulatory Commission (NRC), and the wider
materials community, will provide the basic information needed for model development and
verification. This implies developing and applying:

o integrated multiscale models of microstructural evolution and material properties
mechanistic models describing key phenomena

o an appropriate mix of mechanical property testing and microstructural characterization tools
0 experiments to investigate specific mechanisms (e.g., to explore helium transport, fate and

consequences)
o verification of model predictions using the results of integral database experiments
“ physically-based, engineering correlation models from evolving databases

A key product commitment is the development of mechanical performance maps (similar to
. Ashby maps) by systematizing and condensing the information in the knowledge base. This

will also help to provide an interface between materials research and engineering design
studies.

Clearly the long-term tasks outlined above are an enormous challenge and cannot be fully, or
even primarily, funded by OFES. Thus, a critical part of this effort will be establishing links to the
expanding general knowledge base regarding the microstructure, properties, and performance
of materials to fusion specific applications. A high priority should also be given to developing and
enhancing interactions between OFES-funded research and other research efforts in the larger
materials science community. Support for new research efforts should require effective
awareness and expertise in the larger field of materials science, while at the same time
demonstrating a useful fusion focus. The efficient use of resources also requires that the
research groups funded by OFES collaborate effectively. This will ensure that information flows
freely and will eliminate unnecessary duplication of effort. Thus, an additional commitment is to
improve the framework for collaboration between those institutions and individuals that are
funded by the program. This involves cooperation and the development of partnerships between
the national laboratories as well as between the laboratories and university programs.

3. FUNDAMENTAL MATERIALS ISSUES IN THE FUSION REACTOR

ENVIRONMENT

As noted above, an effective integrated modeling effort cannot focus solely on effects of the
radiation environment. Not only do many other factors in the service-environment itself affect
material performance and lifetimes (e.g., fatigue loading, environmentally assisted cracking,...),
but a myriad of other issues such as materials processing, fabrication and joining, developing
functional coatings, fracture and structural mechanics need to be considered. However, it is also
clear that the microstructural changes induced by the radiation environment and, hence,
corresponding changes in the constitutive and fracture properties are an overarching
consideration. Further, because of limitations in available irradiation facilities, assessing long- term
high-fluence radiation effects in a fusion environment represents perhaps the most difficult
challenge. Given this circumstance and the practical limitations of preparing this brief background
paper, radiation effects, and the unique aspects of the fusion environment, will be the primary
focus of the following discussion.
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3.1 Radiation Effects Issues

3.1.1 DT fusion radiation environment

The basic irradiation environment in the high neutron flux regions of a fusion system is in many
ways similar to that experienced by the in-core components in a high flux fission reactor. Thus
many of the phenomena noted above can, and indeed have been, studied in fission reactors.
Unfortunately, however, there are significant differences between the neutron spectra in fission
and fusion systems that must be considered. It is expected that early fusion systems will generate
energy by the fusion of deuterium and tritium (DT). The primary differences between the radiation
damage source term in the two environments are related to the fact that the DT fusion neutrons
are all.born at 14.1 MeV, while the fission source exhibits a spectrum with a peak near 2 MeV. The
neutron spectra in both cases cover a wide range of energy as a consequence of scattering
reactions. However, the presence of higher energy fusion neutrons has two major impacts: a)
higher energy primary atomic recoils; and b) high nuclear transmutation production since many
such reactions have energy thresholds well above 2 MeV. In particular, the rate of helium and
“hydrogen generation by (n,a) and (n,p) reactions is on the order of 10 to 100 times higher in the
DT fusion case.

Since fission reactor experiments are a major source of radiation effects data, much of the
previous experimental and modeling work in the fusion materials program has been aimed at
determining the impact of the higher energy DT neutrons. The impact of higher energy atomic
recoil cascades has been most successfully examined by molecular dynamics (MD) simulations of
displacement cascades. Considerable evidence based on simulations now supports the view that
the net effect of spectral differences between fission and fusion maybe rather small. This
conclusion is also supported by various experimental evaluations that suggest dpa is often a
good correlation parameter to account for spectral effects arising from differences in primary
displacement damage production. However, the MD results provide information on the radiation
damage source term only for times up to -100 picosecond. Understanding the correlated local
evolution of the nascent cascade damage overtimes as long as gigaseconds, and the
consequences of this process to long-time and long-range defect transport and fate is a key
unresolved issue. Further, subtle differences between cascade damage in fusion versus fission
environments may be amplified at these longer times. The resolution of these issues requires the
use of techniques such Monte Carlo (MC) simulations to examine the evolution of the cascade
residue for times long enough to permit diffusion of and reactions between the point defects.

Finally, it should be mentioned that there is no single “fusion irradiation environment.” The
neutron flux level and the energy spectrum change significantly as the distance from the plasma
increases due to neutron scattering and absorption. The flux and spectrum are also influenced by
the different neutronic characteristics of the various coolants (water, helium, or lithium) and
structural materials (iron-based, vanadium-based, SiC) that maybe employed. These flux and
spectrum changes are particularly important for assessing the anticipated effects of transmutation
products. Thus, the irradiation environment for any one location in a given fusion reactor design
must be evaluated in detail to determine how different the conditions are from those available in a
fission reactor environment or other available irradiation test facilities.
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3.1.2 Modeling radiation damage

The high energy neutron bombardment leads to elastic collisions with atoms which are in turn
ejected from their crystal lattice positions (atomic displacements), and the production of
transmutant products by nuclear capture reactions. Insoluble helium and reactive hydrogen gases
are major transmutation products. Typical end-of-life fluences for fusion structural materials will
lead to 200 displacements per atom (dpa), 2000 appm of helium, 20,000 appm hydrogen and
percent-level production of solid transmutants. These “primary damage” products act in tandem
with thermally and stress-driven processes to produce profound changes in the pre-existing
microstructure (e.g., dislocations, precipitates, lath boundaries , ...). In addition, radiation damage
leads to the formation of new microstructural features such as dislocation loops, voids, bubbles,
regions of chemical segregation, and radiation-induced or enhanced precipitate phases that are
often new and non-equilibrium in character.

The processes controlling microstructural evolution are mediated by a complex combination of
atomistic level dynamics, defect physics, non-equilibrium thermodynamics, and transport kinetics.
Relevant length scales range from atomistic to continuum, and time scales from femto to
gigaseconds. The microstructural changes often lead to severe degradation of a wide range of
important mechanical properties, as well as significant dimensional instabilities. Radiation- induced
changes in physical properties are generally not a concern for metals, but changes in properties
such as thermal and electrical conductivity will be important for ceramic components as discussed
in section 3.3.

The ultimate aim of radiation materials science is to understand the production, transport, fate and
consequences of all defect and material elemental species. This requires an integration of
sophisticated theory, models, mechanistic experiments and comprehensive engineering
databases. Understanding of key microstructural processes is the underlying requirement for
developing practical methods to accurately assess the in-service performance under irradiation,
and to develop more radiation stable materials. For example, superior performance can be
achieved by enhancing the recombination of displaced atoms and vacant lattice sites, and by
controlling the distribution of helium. Such understanding requires combining atomistic (e.g.,
electronic, MD and MC) and mesoscopic models (e.g., rate theory) with high-resolution
microanalytical characterization measurements and specially designed single variable
experiments. Further, modeling the consequences of microstructural evolution on property
changes requires developments at the frontiers of the science of deformation, fracture and
fatigue.

The production of primary defects and aged cascade features is only one small, albeit critical, part
of irradiation induced/enhanced microstructural evolution. Long range transport of defects leads
to: a) additional clustering (vacancies, interstitial and gases) and extended defect formation; b)
defect annihilation, that may or may not change the character of the corresponding sinks (e.g.,
increases or decreases in network dislocation density); and c) rearrangement of solutes
accelerated by radiation enhanced d.tiusion or driven by coupling with persistent defect fluxes
(e.g., the inverse Kirkendall effect). A key feature of these processes that has received vety little
attention in most previous radiation damage studies to date is the profound role of alloy chemistty.
All the post cascade formation stages of these processes are likely to be affected by details of the
interaction of multiple atomic species. For example, it has been shown that even small defect
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clusters formed in cascades are complexed with various solutes. Thus it is critical that atomic level
descriptions of alloy thermodynamics and kinetics be developed and coupled with mean field rate
theory models. The former can be accomplished by combining appropriate models of interatomic
interactions, like the embedded atom method, with MD, MC and similar simulation tools. Treating

long range interactions (e.g., strain fields) is another major challenge that will require the
application of new tools like domain decomposition methods.

Rate theory is based on spatially and short time averaged solutions to the production, diffusion,
drift, reaction equations that describe conservation of all pertinent species. These typically take
the form of large sets of coupled ordinaty differential equations, where the pertinent physics is
included in the coefficients for the various reaction terms, invoking the assumption of local
equilibrium. [t should be noted here that there is a natural synergism in such atomistic-continuum
couplings. Specifically, while rate theory has been shown to be a powerful tool in understanding
effects of irradiation on microstructure, it has three main drawbacks:

a) computational challenges associated with solving large sets of coupled equations;

b) substantial uncertainties in the averaged reaction coefficients; and

C) all the key physics must be input in the model equations and coefficients.

If some of the relevant physics is missing, it will not be revealed in the solutions to the rate theory
equations. Some of the barriers to rate theory are dissolving in the face of the expanding
capabilities of computers and more sophisticated mathematical methods of computation.
Electronic-atomistic methods can now be used to provide much-improved estimates of not only
the rate theory coefficients themselves, but also insight into the key physics and phenomena that
must be modeled.

Ongoing model development may lead to a healthy competition between the rate-theory-based
models and more atomistic approaches, such as MC simulations. Computational advances are
extending the reach of MC into larger length and longer time scales, while the rate theory is being
enhanced by ’increasing physical robustness and the computational tractability of solving large
scale simulations. Both approaches are likely to be important sources of new insights and their
hybrids will provide the basis for developing powerful microstructural evolution models.

3.1.3 Helium effects

Returning to the unique aspects of the fusion environment, a variety of techniques have been
applied to examine the role of transmutant helium on microstructural evolution and mechanical
property changes. Although some insight has been obtained, key aspects of the behavior and
effects of helium remain unresolved. The effects of transmutant helium (and to a lesser extent
hydrogen) can be synergistic with displacement damage. Helium stabilizes small vacancy clusters;
depending on other factors, this may lead to either more or less void swelling and a potential
reduction in creep rupture times and ductility due to enhanced grain boundaty cavitation. The
effects of helium on creep rupture are an example of a direct connection between microstructure
and properties. In this case the combination of applied stress, temperature, helium, matrix

. hardening, irradiation and thermal creep all combine to influence this key property.

I
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Helium management, generally accomplished by trapping a fine distribution at stable sinks, is a
major objective of alloy development efforts, and leads to a belief that the effects of helium may
be greater in single-phase alloys, particularly at high temperatures. There is also some puzzling
evidence that high helium levels may produce low temperature embrittlement in excess of that
associated with hardening. Thus, understanding the generation, transport, fate and
consequences of helium transmutation remains a very high priority that cuts across material types.
Similar arguments may be pertinent to environmental and transmutant induced hydrogen;
however, the high mobilityof this element may limit its consequences.

3.2 Performance Related Mechanical Properties in Metallic Alloys

While understanding and modeling microstructural evolution is a necessaty condition for
developing useful physically based models, it is far from sufficient. It is also necessary to develop
models of how the altered microstructure influences the basic constitutive properties and local
‘fracture’ properties that control material separation by both ductile and brittle processes. This
information must in turn be related to continuum measures of engineering mechanical properties,
like fracture toughness, and ultimately to structural load and displacement capacities. Even when
fully focused on fusion specific issues, this subject is too large to be reviewed here. Rather,
selected targets for developing microstructure-property and property-propetty models are given.
Indeed, in several of these cases there has been a great deal of recent progress.

3.2.1 Radiation induced elevations of the yield stress.

At low strains, obstacle hardening due to precipitates, cavities, defect cluster-complexes and
dislocations in the form of loops and a dislocation network can be reasonably modeled by
combining assessments of the individual strengths of the obstacles with models of how
dislocations move though arrays of such features. Key unresolved issues include: a) details of
dislocation-obstacle interactions, b) dislocation self-interaction effects, and c) multiple dislocation
effects.

3.2.2 Static post-yield constitutive properties and deformation patterns.

Engineering alloys normally strain harden and can be well modeled at a continuum level by
relatively simple flow and plasticity laws. However, post yield behavior following irradiation is often
characterized by softening and highly localized flow in coarse slip regions and, in extreme cases,
in flow channels. The macroscopic consequences of such strain softening and flow localization
range from negligible uniform elongation in tensile tests to severe reductions of toughness
associated with fracture by shear band decohesion. This problem is very rich, involving the effect
of local plasticity on dislocation obstacles, the dynamics of dislocation structure formation, strain
induced damage generation and dilatational plasticity, and internal stress and multiaxial stress
state redistnbutions.

3.2.3 Swelling and irradiation creep

It seems unlikely that dimensional instabilities in fusion structures can be avoided due to void
swelling and irradiation creep. The basic mechanisms of these phenomena are reasonably well
understood. In the simplest view, both arise from biased partitioning of vacancies and interstitial
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to various sinks. In the case of swelling, excess vacancies flow to growing voidq in the case of
creep, excess interstitial fluxes flow to stressed dislocations as a function of their Burgers vector.
Swelling and creep are interactive as demonstrated by phenomena such as stress assisted”
swelling. Although irradiation creep appears to be ubiquitous, some alloys fortunately appear to
be swelling resistant. However, a number of major issues remain to be fully resolved, including>

a) the effects of high helium levels and consequential interactions with displacement
damage;

b) the mechanisms which give rise to apparent swelling resistance in some bcc alloys and
‘ the persistence of this resistance;

c) interactions between swelling and phase instabilities;

d) the role of defect cluster-complexes formed in cascades, and the properties of these
complexes; and

e) the effects of stress and stress sate.

Since swelling and creep are directly linked to microstructural evolution, resolution of these
issues will require a combination of tools listed above.

3.2.4 Thermal creep, creep rupture and creep crack growth

At temperatures above about 40% of the absolute melting point, thermal creep, creep ductility
and rupture times are important. The influence of irradiation on thermal creep rates depends -
primarily on changes in the microstructural features that act as obstacles to dislocation climb and
glide. A more serious issue is the effect of high helium levels on rupture times and ductility
because of its influence on fracture mechanisms. Helium promotes the nucleation of high
concentrations of grain boundaty cavities that become unstable to growth at lower stresses and
coalesce at smaller strains tlian coarser populations of normal creep cavities. The presence of
stress concentrations at the tips of growing creep cracks could lead to very short time, low ductility
failures. Simple models focusing only on cavity growth are inadequat~ the effects of local
microstructure and deformation processes in the matrix, near boundaries, and in the boundaries
themselves play key roles. Inhomogeneous deformation processes lead to complex internal
stress and stress state redistributions. Thus, better understanding will require the application of
sophisticated multiphysics models that can deal with combined geometrically and constitutively
complex defect flow-deformation processes.

3.2.5 Fast fracture and the ductile-to-brittle transition temperature (DBIT_)

There are two types of low toughness fracture processes that are of concern. The first is
associated with loss of strain hardening/ductility and flow localization; in the extreme this may lead
to very low toughness and shear band decohesion. Progress will require understanding the
microstructural conditions that mark this regime, developing basic constitutive laws for materials in
this state, and large deformation modeling of local processes leading to material separation.
Elevation of the DBIT is caused either by hardening or a reduction in the local tensile stresses
required to produce cleavage or intergranular fracture. For example, the latter may occur due to
seg~egation of elements such as phosphorous at grain boundaries, which maybe accelerated by
radiation-enhanced diffusion. The presence of hydrogen (from various sources) may also lead to
this type of embrittlement. progress will require continued development of combined
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micromechanical-macromechanical models of brittle fracture based on detailed observations of
local fracture processes. These efforts should also seek close and direct ties to advanced
structural integrity assessment methods based largely on small specimen testing.

3.2.6 Fatigue, creep fatigue and fatigue crack growth

Given the anticipated extreme thermal-mechanical loading conditions, avoiding fatigue related
failures in complex fusion structures represents a tremendous challenge even when the
complications of the effects of irradiation are not considered. One part of the challenge is that
“fatigue” has numerous manifestations (for example, S-N limits in both low and high cycle ranges,
da/dN rates, thermal-mechanical local and global ratcheting, and creep fatigue, just to name a
few). Each of these types of fatigue are, in turn, controlled by a large number of intrinsic (material)
and extrinsic (Ioading-geometty) variables. In fact, fatigue failures are very sensitive to details of
the structure as well as the underlying material properties. Some, and perhaps most, multiphase
alloy systems that have a useful balance of properties tend to experience cyclic softening and
high rates of mechanical damage formation. Of course radiation-induced changes in the
microstructure, basic constitutive properties (including irradiation creep) and deformation patterns
may have a profound effect on the various types of fatigue processes. Given this tremendous
complexity and the relative paucity of pertinent data, it is recommended that fatigue not be a high
priority target of early-integrated modeling research. However, experiments aimed at generating’
engineering type data should be carried out with an eye to the ultimate development of
microstructure-mechanism based fatigue models.

3.2.7 Environmentally-assisted cracking

The chemical environment otlen has very large deleterious effects on fracture and fatigue
processes, enhancing crack initiation and subcritical growth. However, these effects not only
involve multiple physical mechanisms that are complex and poorly understood, but are also often
very system specific. Further, while there may be significant effects of the radiation environment,
the relevant database for fusion.alloys is very limited. Thus as in the case of fatigue, it is
recommended that integrated modeling research on environmentally assisted cracking should
not be an early priority for the initial integrated modeling effort.

3.3 Other Significant Materials Issues

The previous discussion has focused on metallic alloys and their microstructural and mechanical
stability in a fusion environment. However, there are many other opportunities for an integrated
modeling effort dealing with issues such as:

a) ceramic composites and the stability and functionality of their engineered constituents;

b) insulator and barrier coatings;

C) corrosion and system level corrosion product transport;

d) the kinetics and consequences of impurity pick-u~

e) processing, fabrication and joining;

f) detailed component-level integrity-lifetime assessments that involve many phenomena
(neutronics, magnetics, thermalhydraulics, stress and inelastic deformation) when the
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materials are used in a complex, time-dependent stress state arising from gradients in the
damage and thermal and mechanical loads.

3.3.1 Silicon carbide composites

SiC composite materials have been considered an attractive possible fusion structural material for
primarily two reasons. The first reason is their potential for use at high temperatures with a
concomitant increase in the thermal efficiency of the system. Successful high temperature
application will require that the thermal conductivity of the material be high enough to limit
stresses induced by thermal gradients. The thermal conductivity of current commercial materials
is not sufficiently high due to the presence of impurities, and irradiation will lead to reductions in
the thermal conductivity. The second desirable feature of SiC is its neutron activation and decay
properties. The relatively low level of induced activity in SiC minimizes the ~mount of decay heat
that must be removed after reactor shutdown. In addition, the induced radioactivity of pure SiC
components wouldquicklydecay, leading to possible hands-on maintenance of the structure
within several days. However, the level of purity than can be obtained in commercial materials also
limits this potential benefit. Even modest levels of metallic impurities significantly raise the level of
induced radioactivity.

A short summary of current key issues for SiC composites would include:

a)

b)

c)

d)

e)

f)

fiber and coating stability and the consequences to bridging mechanics,

hermeticity and sealing coatings

swelling and creep (at high helium levels)

radiation-induced reductions in thermal conductivity,

joining; and

the integrity of complex, thermal-mechanically loaded brittle structures.

The role of nuclear transmutation, potentially leading to a high level of SiC bumup in service also
warrants further investigation.

It is recommended that near-term modeling is best directed toward developing an understanding
of the response of monolithic materials. A coordinated effort of fundamental modeling and
experiments is needed to determine parameters such as the atomic displacement threshold on
both the Si and C lattices, point defect formation and migration energies, and point defect binding
energies for helium and hydrogen.

3.3.2 Ceramic coatings

The blanket system is one of the most important components in a fusion reactor because it has a
major impact on both the economics and safety of fusion energy. The primary functions of the
blanket in a deuterium/tritium-fueled fusion reactor are to convert the fusion energy into sensible
heat and to breed tritium for the fuel cycle. Infusion applications, the structural material of the
system must be capable of maintaining structural integrity for long periods while exposed to
moderately elevated temperatures, mechanical loads, thermal cycling, and possibly intense
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irradiation. The material must be compatible with the coolant, which may water, helium, or a liquid
metal

A major challenge in’the design of liquid-metal-cooled blankets for use in high magnetic field
tokamaks is the accommodation of the strong influence of the magnetic field on coolant flow. If
the flow direction is perpendicular to the field, a potential difference across the duct is induced in
the liquid metal. This can cause a large electrical current flow if the potential difference is short-
circuited by the duct walls. An electrical current flowing perpendicular to a magnetic field leads to a
mechanical force that causes a magnetohydrodynamic (MHD) pressure drop. It has been shown
that even thin conducting walls would lead to a rather high pressure drop under the conditions of
a fusion reactor blanket. For example, the pressure drop in a poloidal duct in an inboard blanket
segment would reach 8.6 MPa if the conducting liner was 0.1 mm thick. This unacceptably high
pressure drop shows the need for electrically insulating coatings in contact with the flowing liquid
metal. [t has been shown that a perfectly insulating coating on the wall would decrease the
pressure drop from 8.6 to 0.22 MPa.

The current focus of insulator coating research is for the self-cooled lithium blanket with a
vanadium alloy structure. Primary criteria for selection of candidate coating matecials include the
following:

* chemical stability/compatibilii of the coating with both the vanadium alloy and the lithium
of normal or specified practical purity at elevated temperatures

o high electrical resistivity

o potential for coating of complex channel geometries

o potential for in situ self-healing of any defects that might occur in the coating under
prototypic operating conditions.

Other considerations important to the development of insulating coatings for the fusion
applications include

● a thermal expansion coefficient similar to that of the vanadium alloy structure

● low-activation characteristics

● minimal chemical toxicity

● low cost and adequate resources

In the case of a lithium-vanadium system, considerations of chemical compatibility and electrical
resistance appear to limit the options for coating materials to AIN and CaO. It has been
demonstrated that these materials can have adequate insulating capacity in thin layers, but it has
not been shown that they will exhibit long-term stability in a thermal gradient. Methods of applying
such coatings with adequate mechanical integrity and adherence, achieving and retaining
electrical insulating capability, and a practical approach to producing a self-healing system are still
to be developed.
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3.4 Issues related to development or use of alternate materials

It is anticipated that the AMP will continue”to focus on selected feasibility issues identified with
four primaty material systems (see Section 4 below). However, several factors motivate some
interest in alternate materials. The first is the possibilii that the targeted materials will prove to be
unacceptable for their proposed applications. Secondly, future changes in the configuration,
mechanical design, or operating parameters of proposed fusion reactors could alter the choice of
materials. Finally, materials development efforts in other fields could yield new materials that better
meet the needs of the fusion program.

This highlights the importance of maintaining active ties with the wider materials research
community in order to leverage developments outside the purview of OFES. It is in the best
interest of OFES to keep this larger community informed of the desired properties and service
requirements of potential fusion reactor materials and to monitor the progress of research being
conducted outside the program. At the same time, researchers within the program should make
use of these outside contacts to maintain an awareness of where OFES-funded advances in
basic materials science will have a larger application.

3.5 Links to Experiment

As emphasized in the beginning, all integrated modeling efforts must be closely linked to
experiments of various sorts. To reiterate, these experiments must include

1. Focused studies of key phenomena and mechanisms, including those required for model
development and validation. An obvious example is special experiments to understand how
helium diffuses and is trapped under irradiation.

2. Controlled experiments on carefully conditioned samples, specially designed to reveal the
effects of material and irradiation variables, both singly and in synergistic combinations. For
example, doping with iron, boron and nickel isotopes, spectral tailoring, and the tritium-trick
can be used to systematically vary the He/dpa ratio for irradiations over a range of temperatures
and fluences and for various alloy systems.

3. Integral experiments to develop a database for alloy selection and optimization, and ultimately,
engineering design.

Since the integrated modeling effort aims to have a microstructural foundation, development and
application of high-resolution microanalytical characterization techniques, such as atom probe,
electron microscopy and radiation scattering, will be very important. Further, understanding of the
consequences of microstructural evolutions to property changes will require development and
application of small specimen testing methods.

4. CURRENT PRIMARY STRUCTURAL MATERIALS: CROSSCUTTING
PHENOMENA AND MECHANISMS
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Research in the fusion materials program is currently focused on three primary alloy classes:
advanced ferritic-martensitic steels, vanadium alloys, and silicon carbide composites. In addition,
copper alloys have a role in high heat flux components and as a potential structural or magnet
material in specialized reactor designs. However, a number of key phenomena crosscut multiple
material systems. Thus coordinated research with emphasis on these would have a highly
leveraged impact.

Examples of these crosscutting issues are listed in Table 4.1, where an “x” in the table indicates
that the phenomenon is relevant for the indicated material. Several of these were also identified
as critical feasibility issues in the AMP white papeu these are indicated by a ‘M/” in the table. The
metallic alloys share more issues in common among themselves than does SiC with the metals.
Furthermore, even in cases where an item has been identified as common between the metals
and SiC, e.g. welding and joining, the details maybe quite different for SiC. All these areas, and in
all likelihood others not included, are good targets for enhanced integrated modeling. The
importance of the first four issues, and good prospects for making progress in dealing with them,
make these issues our top priorities for initial emphasis in an integrated modeling program. No
additional prioritization should be inferred by the order of the remaining issues in the table.

We note that the second item in Table 4.1, flow localization, was not mentioned as a critical
feasibility issue in the AMP Whitepaper for any of the material systems. We include it here as a
high priority issue because of the growing realization that the phenomenon is more general than
previously thought. It appears that flow localization may limit the performance of most structural

I Table 4.1 Key Crosscutting Phenomena for Fusion Reactor Materials * [
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Cu SiC Phenomena, Issues, Comments

w - hardening and nonhardening embrittlement including underlying
microstructural causes and the effects of helium on fast fracture

x - flow localization, consequences and underlying microstructural
causes

x coatings, multilayers, functionally graded materials

x helium effects on high temperature deformation and fracture, and
development of improved multiphase alloys for helium control

x x thermal and irradiation creep

x w swelling and general microstructural stability

x w welding , joining and processing issues

x x fatigue

- hydrogen and interstitial impurity effects on deformation and
fracture

w physical properties, e.g. thermal conductivity
. w permeability of gases

x x x x erosion, chemical compatibility, bulk corrosion, cracking, product

● x relevant phenomenon, W phenomenon identified in AMP White Paper
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alloys under cer&ainirradiation conditions. Developing an understanding of flow localization, and

how to prevent it or mitigate its consequences will be directly relevant to the use of all the current

target materials and to any alloy development work that may take place in the AMP.

The role of both equilibrium and nonequilibrium alloy thermodynamics could also be considered a

crosscutting phenomenon. This topic was extensively discussed at the open workshop, and has

significance to radiation-induced microstructural evolution and mechanical property changes as

well as alloy development. The importance of thermodynamics has not been explicitly acknowl-

edged in much of the previous radiation damage modeling work, although it may have been

accounted for through the use of “effective” material parameters in these models. Thermodynam-

ics is not listed in Table 4.1 because it is qualitatively different than the listed phenomena, but an

increased emphasis on understanding alloy thermodynamics and more detailed theoretical treat-

ments of its impact in fusion reactor materials should be encouraged. We can note that research

carried out under the auspices of the Steel Research Group at Northwestern University provides a

good example of such work.

5. SUMMARY RECOMMENDATIONS

Based on the previous discussion we offer the following recommendations:

●

●

●

●

●

●

An ambitious integrated modeling program should be initiated and closely Iinked to the
entire AMP program.

Program planning should consider the items identified by the workshop participants
described in Appendix A and those listed in Table 4.1

The program should encourage inter-institutional collaborations, i.e. between national
laboratories and universities as well as between national laboratories.

Regular program exchanges and reviews should bean integral part of the program.

Both new and ongoing research should demonstrate relevance to the issues described
in this document and the overall AMP White paper.

When evaluating program research, several factors should be considered; these include:

a)

b)

c)

d)

e)

9

scientific quality and innovation of the researchers and their ideas,

demonstrated focus on the key issues in fusion materials,

close integration with other elements of the AMP program and, as noted above,
specific collaborations between institutions,

likelihood of tangible useful results including more reliable predictions of properties
and/or improved design and methods,

leveraging from other associated research activities, and

an effective awareness of and expettise in the larger fields of materials science and
engineering.
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Appendix A

Description of Planning Workshop

A. 1 Workshop Scope and Agenda

Workshoo on Integration of Theoretical and Ex~erimental Research
in the U.S. Fusion Materials Proaram

December 3-4, 1998

Sheraton Boston Hotel
Independence East Room

Boston, MA

The purpose of this workshop is to obtain input to further develop the AMP whitepaper on the
integration of theory/modeling and experiments. The workshop is open to anyone working in a
relevant area of research, but the format is intended to focus discussion on the draft version of
the roadmap in order to highlight areas where it may be improved. The breakout sessions and
contributed talks are expected to identify any shortcomings or omissions in this document.
Research presented in the contributed talks should specifically relate to the fusion materials
feasibility issues described in the draft roadmap.

Thursdav, December 3

1:00 pm Session 1: Introduction and Overview of Issues

9

●

●

●

●

OFES plans and activities -F. W. M/Men (U.S. DOE)

Summary of AMP White paper-E. E. Bloom (ORNL)

Summary of FESAC Panel Report and Planning Process -R. E. Stoner (ORNL)

Initial questions and comments on planning process and whitepaper

Invited Examples of Modeling-based Materials Development

- C. J. Kuehmann, QUESTEK Computer-aided Materials Design

- T. Diaz de la Rubia, LLNL Applications of Multiscale Modeling

- G. R. Odette, UCSB: Investigation of Embrittlement in RPV Steels

3:30 pm Break

400 pm Session 2: Breakout of Working Groups

●

●

●

Microstructural processes and helium effects, A. F. Rowcliffe (ORNL) and

B. D. Wirth (LLNL)

Deformation and fracture, G. E. Lucas (UCSB) and A. E1-Azab(PNNL)

Coatings and compatibility, K. Natesan (ANL) and G. S. Was (U of Ml)
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“ Ceramics and composites, W. J. Weber (PNNL) and L. L. Snead (ORNL)

Fridav, December 4

8:30 am Session 3: Working Group Reports and Discussion

. Working group chairmen reports (as above)

● Moderated discussion

10:15am Break

10:30 am Session 4 Open Forum (As contributed)

c John Vitek, ORNL, thermodynamic databases, a neural net application

11:30 am Workshop wrap-up, closing remarks: Workshop organizers

A.2 Workshop Discussion and Breakout Sessions

Invited presentations at the workshop provided examples of model-based materials
development, applications of multiscale modeling in the semiconductor industry, and the
interactive role of theory and experiment in successfully dealing with an applied materials
problem. These examples illustrated the recent progress in our abil.Ryto use modeling and
computer simulations to develop materials and to solve “real world” problems. A substantial
pottion of the workshop was devoted to four breakout sessions that will be summarized below.
Themes that were emphasized throughout the meeting included the increasingly general
observation of flow localization in irradiated structural materials, the potential usefulness of a
greater role for computational thermodynamics, and a materials engineering approach to
designing radiation-resistant materials. Overall, the discussion in both the breakout and general
sessions was generally suppofiive of the approach described in the draft white paper, i.e. that an
increased level of modeling work may lead to substantial progress when it is well integrated with a
focused experimental activity.

A.2.I Microstructural processes and helium effects

Discussion in this session focused primarily of four topics, primary damage production and
damage accumulation, helium management, computational thermodynamics, and alloy
development. With respect to damage production and accumulation, it was recommended that
alloy effects should be addressed. This will require the development of interatomic potentials for
concentrated alloys (e.g. Fe-xCr, V-xTi), and ways to implement the effects of alloy
thermodynamics in the parameters used in kinetic models employing both the rate theory and
Monte Carlo techniques. The effect of displacement cascades on the stabil-~ of oxide particles is
an unresolved issue for the ODS ferritic alloys, and for precipitate phases in general. Atomistic
modeling tools should be employed at the appropriate level and be used to provide information to
higher level models. Further modeling of helium interactions in the lattice (migration, trapping and
sinks and interfaces) must be closely tied with experiments to aid understanding and model
development.

The current successful use of thermodynamic models to treat multiphase steels was extensively
discussed. Work should be initiated to develop a similar level of sophistication for the alloys of
direct interest to the AMP. In particular, the effects of persistent point defect and solute fluxes
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must be incorporated into the thermodynamic models in order to predict phase stability under
irradiation. The approach of engineering materials to produce radiation-resistant microstructure
was suggested for any alloy development work that goes on in the program. For example,
modeling and focussed experiments could be used to identify and understand effective sinks for
helium, and such information could be applied in the development of microstructure that will
mitigate the effects of helium by trapping. Other materials problems that may yield to
microstructure-design-based solutions include developing grain boundary structures that are
creep resistant and the ability of a material to maintain its strain hardening capability under
irradiation.

The development. of innovative materials to expand the current limits on maximum damage level
and operating temperatures was discussed in the context of recent advances in the
computational design of materials. In other fields, systems approaches have been successfully
used to integrate processing, structure, properties, and performance relationships into the
design of multilevel- structured materials. Similar approaches could provide far-reaching benefits
to the fusion program.

A.2.2 Deformation and fracture

Several aspects of material flow and fracture behavior were discussed, the outstanding issues in
each area were described, and modeling-based approaches to develop an understanding of
these phenomena were proposed. Obtaining a sufficient degree of knowledge about the
predominant microstructure is a significant (although primarily experimental) issue for improving
our understanding of most aspects of a materials mechanical response. Outstanding issues with
respect to the yield strength, or yield strength change, of materials include a better definition of
the bartier strengths of various defect structures and the development of improved superposition
laws for realistic microstructure that contain multiple barrier types. These can be investigated by
an appropriate combination of atomistic and mesoscale models of dislocation dynamics and
dislocation-barrier interactions with key experiments on both irradiated and surrogate materials.
Knowledge and understanding of post-yield constitutive behavior is also important, and the loss
of work hardening and the onset of flow localization head the list of important post-yield
phenomena. A similar set of theoretical tools maybe used to investigate how dislocation
obstacles are destroyed, leading to the formation of clear channels for deformation. The critical
conditions for the onset of channeling should be determined to help guide efforts to design
microstructure that will resist this phenomenon.

Although thermal creep may not bean issue for many fusion applications, irradiation creep and
creep-swelling interactions will be important for most materials in the high flux regions near the first
wall. Improved kinetic models are needed to describe and simulate the effect of stress on
radiation-induced microstructural evolution. A combination of modeling studies and experiments
should be used to develop material performance maps (Ashby maps) for the materials and
irradiation conditions of interest to the AMP.

Issues related to fracture behavior include the need to obtain an improved understanding of the
micromechanics of fracture (including cleavage, quasi-cleavage, ductile fracture, and intergranular
fracture) and the relationship between micromechanics and the failure assessment of irradiated
structures that contain flaws. The micromechanics of fracture can be investigated with a
combination of phenomenological and finite element models with input from techniques such as
fracture surface reconstruction. These same tools can be used to quantify local crack tip critical
fracture conditions such as the critical stress and length scale parameters that control cleavage
behavior. Similar to the topic of post-yield behavior mentioned above, it is important that accurate
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constitutive relationships be developed and used. Since two of the AMP-target materials exhibit a
ductile-to-brittle transition, the mechanisms causing an increase in the DBIT must be elucidated.
Since a DBIT shift can arise by either matrix hardening, a reduction of the critical fracture stress, or
by intergranular fracture, determining the predominant mechanism(s) is essential for efforts to
mitigate embrittlement.

A.2.3 Coatings and compatibility

Although the focus of fusion reactor research in this area has been on lithium-based coolants, it
has built on the foundation of earlier work in the sodium-cooled fast breeder reactor program. The
concerns for compatibility between a liquid metal coolant and the structural materials are similar,
but the fusion reactor environment adds the requirement for an electrical insulating coating on the
structure to prevent unacceptable pressure drops due to magnetohydrodynamic (MHD) forces.
For the candidate system that employs lithium coolant and vanadium as the blanket structural
material, there are several issues that need to be considered with respect to the compatibility of
the coating involve. These include

a) the thermodynamic stability of the coating when contacted with the liquid lithium,

b) the extent of dissolution of the coating in the liquid lithium, which is dictated by the
volubility of coating constituents in liquid lithium under the temperature and temperature
gradient that exist in the system,

c) the degree of interaction between the coating constituents and other reactive elements
in the liquid lithium, and

d) compatibility relationships between the coating and the structural material.

For example, reactions with elements such as oxygen, carbon, nitrogen, and hydrogen may lead
to changes in coating chemistry, thereby altering its insulating characteristics. Dissolution of
structural material constituents can also bean issue if parts of the system are not coated or if the
coating is damaged.

Nonmetallic elements such as O, C, N, and H are known to migrate in structural-matenalliquid-
metal systems as a result of differences in chemical activity. Since coating reliability is of concern,
the program requires approaches to address several issues such as the thermodynamic stability,
physical and chemical characteristics of the coating; the viability of different coating methods and
the insulating characteristics of the coatings before and after exposure to controlled purity lithium.

A previous review of electrical resistivity data for several oxides, nitrides, and mixed oxides
showed that oxides such as CaO, MgO, SiOz,AlzO~,MgA1204and nitrides such as AIN and Si~N4
exhibit resistivities of>105 ohrnm at temperatures below about 600”C. The system requirement is
for the product of the electrical resistivity and the thickness of the insulator coating to exceed a
nominal value of 0.01 ohrnm2 under operating conditions. This translates to a minimum resistivity
value of 104ohrnm for a coating thickness of 1 pm, or 103ohrnm for a coating thickness of 10 pm.
Based on the resistivity values of materials listed above, a coating layer of cl pm in thickness of
any of these materials would be adequate from the insulating standpoint, provided the resistivity
is not reduced during operation, i.e., by irradiation or other operational parameters.

The electrical resistivity of two of the prime candidate coatings CaO and AIN has been assessed
for application in a lithium environment. Theeffort examined the development of CaO coatings by
thermal/chemical vapor deposition and in situ in lithium. smilafiy, detailed investigations of AlN’s
fabrication and metallurgical microstructure, and preliminary studies of its compatibility with liquid
lithium were conducted. The electrical characteristics of AIN matefial obtained from several
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sources were examined. Methods of applying thin coatings of CaO and AIN with adequate
mechanical integrity and adherence, achieving and retaining electrical insulating capability, and a
practical approach to producing a self-healing system are still to be developed

Theoretical modeling of the thermodynamics and kinetics of the chemical interactions between
the coating and a lithium environment can aid in the in-situ formation of insulating coatings in
lithium and can guide the experimental program to aid in the interpretation of experimental results.
Much of the original analyses conducted to identify potential candidate coating materials were
based on thermodynamic calculations to assess the stability of the coating materials and the
chemistry requirements for both the liquid lithium and the vanadium alloy systems. More detailed
calculations are necessary to assess not only the thermodynamic aspects of the coating
processes, but also the kinetics of reactions such as transport rates of oxygen, calcium,
aluminum, and nitrogen, etc.

Calculations of oxide or nitride growth rates can be used to estimate the ranges of temperature
and time required for coatings of desired thickness to form. Calculations of the thermodynamic
stability of various phases, e.g. CaO, CaVXOY,Ca-Mg-0, AIN, Al-O-N, LiAIOz,that can potentially
be formed need to be correlated with experimental observations and measured compositions of
the liquid lithium and vanadium alloys. The dependence of electrical resistivity on composition in
functionally gradient materials needs to be determined. Both modeling and experimental work
are required to investigate the in situ formation and repair of ceramic coatings. Current models
address primarily mechanical degradation such as cracking and spallation; the impact of
mechanicaldegradation on the electrical properties of the coatings needs to be addressed.
Finally, it is imperative that the coatings be evaluated in the presence of an irradiation environment
from the standpoint of their chemical stability, mechanical integrfty, and electrical resistivity.

A.2.4 Ceramics and composites

There is only limited experience applying ceramic matrix composites as structural materials, and
there is considerable international effort currently being invested in this general area. Therefore, it
was recommended that the fusion program adopt the strategy of focusing on those areas that are
specific to the fusion environment. For instance, engineering design codes and micromechanical
(constiiutive) modeling are two examples of topics that will be critically important for the use of SiC
composites in fusion applications. However, these are being aggressively pursued in other
programs and therefore are not focus areas of the fusion materials program.

Areas of research which are of unique interest to the application of SiC composites to the fusion
program are typically those dealing with the effects of radiation on monolithic or composite
structures. A significant example is the potential degradation of thermal conductivity as a result of
radiation exposure. While there has been some study of the effects of radiation on monolithic
materials there is still considerable work remaining experimentally and theoretically. Some
examples of areas which warrant study are radiation damage production, transport and trapping of
transmutation gases (e.g. H and He), basic defect properties such as activation energies for
formation and migration, effects of various defect types on phonon scattering, and effects of
swelling on mechanical properties. The goal of these studies wouldbe to provide the knowledge
base necessary to predict the performance of the composite material which is critically dependent
on the evolution and interaction of its three components: fiber, matrix and interphase.

It is hoped that the process of developing an understanding of radiation effects and their potential
impact on the constitutive properties will proceed in parallel with micromechanical model
development outside of the fusion community. AS this work matures, integration of these models
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should permit the evolution of thermophysical properties in SiC composites under irradiation to
be predicted.

A.3 Workshop Participants and Affiliations

Participants: 42 participants on Thursday (28 Friday), 16 with current ties to U.S. DOE Office
of Fusion Energy Sciences, 6 international

Affiliations: 7 from U.S. universities

25 from U.S. national laboratories

1 from U.S. commercial

3 from U.S. DOE Offices

3 from foreign universities

3 from foreign national laboratories or institutes

1
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A KINETIC MONTE CARLO STUDY OF MIXED l-D/3-D DEFECT MIGRATION - H.L.
Heinisch (Pacific Northwest National Laboratory~, B.N. Singh (Risfi National Laboratory,
Denmark), S.1.Golubov (Institute of Physics and Power Engineering, Russia)

(Summary of a paper presented at the international Union of Materials Research Societies
Fifth International Conference on Advanced Materials, Beijing, China, June 13-18, 1999.
The paper will appear in the Journal of Computer-Aided Materials Design)

EXTENDED ABSTRACT

Kinetic Monte Carlo (kMC) techniques are being used to study a key element of
microstructure evolution under irradiation: diffusion of defects by migration that has
characteristics of both one-dimensional (1-D) and three-dimensional (3-D) random walks.

It has been shown in virtually all MD simulations of displacement cascades in metals that
self-interstitial atoms (SIA) readily form clusters that are, or can become, glissile dislocation
loops. In MD simulations of collision cascades in pure metals it has been observed that
clusters of coupled crowdions can form directly during the production of cascades [1]. Such
clusters are crystallographically equivalent to small, perfect interstitial dislocation loops that
are glissile. Like single crowdions, the crowdion clusters can move one-dimensionally by
thermal activation, having extremely small migration energies [2]. In general, cascade-
producing damage events in metals introduce localized damage regions containing a mix of
SIA and vacancy defects that include (depending on the material and the temperature)
immobile clusters, mobile defects moving by three-dimensional random walks and mobile
defects moving by one-dimensional random walks. Analytical theories describing the
evolution of the defect population and the microstructure under irradiation must be able to
address the disposition of all these types of defects. It has also been observed in recent MD
simulations of glissile SIA cluster motion that the 1-D gliding clusters can change the
direction of their I-D motion by thermal activation [3,4] or by interaction with another defect
[5]. The result is that a gliding SIA cluster effectively moves in three dimensions by a series
of segments of 1-D random walks along different directions, we call this “mixed l-D/3-D”
migration.

The production bias model of void swelling (PBM) is an analytical theory that has been
developed to explicitly address the issues arising from cascade damage, including the
formation and transport of gliss$e SIA clusters [6]. In the current PBM model defect reaction
kinetics of both I-D and 3-D migration can be accommodated using d“tierent functional
forms for the dependence of I-D and 3-D reaction kinetics on the size and number densities
of the microstructural features. However, a functional form for the reaction kinetics of mixed
l-D/3-D migration is not known.

To gain insight into the reaction kinetics for mixed l-D/3-D migration, kMC simulations of
simple idealized problems can be performed and analyzed to determine the functional
relationships of relevant variables to the degree of mixed 1-D/3-D migration. For example,
the probability of absorption into a concentration of stationary absorbers of spherical capture
radius R varies as 1/R for pure 3-D migration and as I/Rz for pure 1-D migration ~. It is of
interest to examine the dependence on the absorber radius for mixed l-D/3-D migration.

I

* Pacific Northwest National Laboratory is operated for the U.S. Department of Energy by
Battelle Memorial Institute under contract DE-AC06-76RL0 1830.
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In the kMC model, the locations of defects are monitored as they hop on a face-centered
cubic lattice. The defects can execute l-D, 3-D or mixed l-D/3-D random walks of various
I-D segment lengths simply by choosing a value for the variable NJDC, the number of jumps
between direction changes, for I-D migrating defects. The basic concepts of the kMC
method for studying defect kinetics under mixed 1-D/3-D migration are described further in
earlier publications [8,9]. In these idealized studies all defects have the same properties and
there is no recombination or clustering. The migrating defects interact with stationary
spherical absorbers of uniform absorption radius R. The absorbers are unsaturable and do
not change size upon absorbing a migrating defect.

Simulations were done by placing a mobile defect at a random initial position near the center
of a random array of absorbers of radius R in a computational cell of fixed volume and
following it until it was either absorbed by a spherical absorber or escaped from the cell (or
equivalently, was absorbed by the boundary of the cell). Simulations were done with 1000
defects for each set of conditions, i.e., each data point on the following figures represents
the average results for 1000 defects.
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Figure 1. The fractions of mobile defects absorbed by a periodic array of absorbers of radius
R as a function of the average distance traveled between direction changes, L, in nm for
various values of R.

Figure 1 shows the fraction of defects absorbed in absorbers as a function of the average
distance traveled between direction changes L = a (NJDC/2)1n, where a is the FCC lattice
parameter. Data are plotted for various values of absorber radius, R, illustrating how the
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fraction absorbed varies with both R and L. The curves clearly illustrate the difference in
reaction kinetics of defects that are transported by 1-D, 3-D and mixed l-D/3-D migration.

Figure 2 shows the mean free path (the average distance traveled by a defect before being
absorbed) as a function of the absorber radius. Data are plotted for different constant values
of NJDC. These log-log plots are essentially straight lines of different slope, depending on
the value of NJDC. For pure 3-D migration (NJDC=I ) the mean free path should vary as
I/R, while for pure I-D migration it should vary as I/R*. In general, we might expect that for
mixed 1-D/3-D migration the mean free path should vary as I/R”, where M depends on the
value of NJDC.

●

‘1 L“’””l , , , d
; -
5 :

4

3

2

105 -

7
6
5 ,

4 :

3

t

NJDC

—---1
~ 20
~ 100
~ 1000
~ 20,000

21’’’’’’” J
,8 9100 2 3 4 56 7 8 9101

R, nm

Figure 2. The mean free path (average distance traveled by a defect to an absorber) in units
of defect ium~s on a FCC Cu lattice as a function of the absorber radius R in nm for various
values o; the number of jumps between direction changes NJDC for mixed l-D/3-D
migration.

[n Figure 3 a plot of the negative slope M of the lines in Figure 2 as a function of L reveals
that M varies from M=l.1 for NJDC=I (pure 3-D migration) to M=2 for NJDC=20,000 (near
pure I-D migration). Thus, the dependence of mean free path on absorber radius varies
approximately from l/R to l/R2 as expected, as the dimensionality of the migration changes
from pure 3-D to mixed l-D/3-D to pure l-D.

The values of M in Fig. 3 for pure I-D and pure 3-D migration are somewhat higher than the
ideal values because of the finite size of the computational cell and the fixed length of time
used in the kMC simulations. In essence, the entire distribution of diffusion paths is not
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being sufficiently sampled by the simulation. Thus, it is premature to determine the
functional dependence of M on L from data such as presented in Fig. 3. However, these
results illustrate the power of kMC simulations to explore phenomena and display
relationships between variables that would be very difficultor impossible to obtain through
analytical methods or results of experiments. Establishing such functional relationships is
important because, as an irradiation proceeds, the scale of the microstructure changes, so
the reaction kinetics for defects under mixed l-D/3-D migration change continuously as the
size and concentration of reaction partners changes. Also, the value of L that determines
the nature of the mixed l-D/3-D reaction kinetics may well depend on the changing
microstructure as well as on the temperature.

.
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Figure 3. Values of the exponent M, where the mean free path of defects to absorbers
varies as I/R”, as a function of L, the average distance between direction changers for
mixed 1-D/3-D migration.

Future work will include revising the kMC simulation technique for extraction of complete
mean free path information, followed by subsequent analysis of the functional relationships
involved in the reaction kinetics of mixed 1-D/3-D migration and the scale of microstructural
features, e.g. the size and concentration of absorbers.
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RADIATION DAMAGE CALCULATIONS FOR THE FUBR AND BEATRIX IRRADIATIONS
OF LITHIUM COMPOUNDS IN EBR41 AND FFTF - L. R. Greenwood (Pacific Northwest
National Laboratory~”

OBJECTIVE

To calculate displacement damage for lithium compounds irradiated in the EBR-11and FFTF
reactors.

SUMMARY

The Fusion Breeder Reactor (FUBR) and Breeder Exchange Matrix (BEATRIX) experiments
were cooperative efforts by members of the International Energy Agency to investigate the
irradiation behavior of solid breeder materials for tritium production to support future fusion
reactors. Lithium ceramic materials including Li20, LiAtOz, Li.$iOd, and Li~rO~ with varying
%i enrichments from Oto 95% were irradiated in a series of experiments in the Experimental
Breeder Reactor (EBR 11)and in the Fast Flux Test Facility (FFTF) over a petiod of about 10
years from 1982 to 1992. These experiments were characterized in terms of the nominal fast
neutron fluences and measured %i burnup factors, as determined by either mass
spectrometry or helium measurements. Displacement per atom (dpa) values have been
calculated for each type of material and irradiation. Values up to 11940%i-burnup and 130
dpa are predicted for the longest irradiations. Using these new calculations, previously
measured radiation damage effects in these lithium compounds can be compared or
correlated with other irradiation data on the basis of the dpa factor as well as ‘li-burnup.

PROGRESS AND STATUS

The recoiling alpha and triton from the %i(n,a)3H reaction create a cascade of seconday
recoil atoms from their interactions with atoms in the compound material. Fast neutron
interactions with atoms in the compounds can also cause primaty recoil atoms that also lead
to a cascade of secondaty recoil atoms. Both of these processes lead to radiation damage
characterized by the total number of displacements per atom (dpa). Although dpa is not in
itself a measurable effect, it has proven useful as an exposure parameter for correlating
material effects for different materials and radiation environments. The purpose of this report
is to document the calculation of dpa for the Li breeder compounds in the FUBR and
BEATRIX series of irradiations.

It should be noted, however, that other effects besides dpa will also be important for
characterizing the irradiation performance of these materials, especially transmutation which
leads to the creation of Li vacancies and the buildup of transmutant product interstitial. The
absolute value of the calculated dpa is somewhat irrelevant due to the very high rate of
atomic recombination in most materials. As an example, the longest exposures in this study
lead to the prediction of about 11% bumup of % and 130 dpa. However, if 99% of the
displaced atoms recombine, then burnup (transmutation) effects maybe a factor often more
important than stable product dpa in the evolution of material property changes. Irradiation
experiments performed on these lithium ceramics do not indicate any significant property

*Pacific Northwest National Laboratory (PNNL) is operated by the U.S. Department of Energy
by Battelle Memorial Institute under contract DE-AC06-76RL0-I 830.
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changes at these bumup or dpa levels that would seriously degrade the usefulness of these
materials for tritium breeding in fusion reactor applications. Ultimately, it is the measured
performance of lithium ceramic breeder materials as a function of irradiation exposure that
determines their applicability in fusion reactor designs. Comparisons with dpa levels in
structural materials such as stainless steel may thus be irrelevant.

The lithium containing ceramic materials were prepared by members of an International
Energy Agency collaborative program, as documented in several
publi~tions.1,2,3.4’5”G”7t8”g’10”11.12In EBR-H, ceramic pellets were irradiated in canisters placed in
several pins located in row 7 at d“fierent radial and axial locations. The irradiations in the
FFTF MOTA were designed to measure tritium release. The lithium was enriched in % in
varying amounts from Oto 95940.

All of the irradiation histories are summarized in Table 1. Details of the EBR-11irradiations
were provided by D. G. Porter (Argonne National Laboratory – West, 1999.) Details of the
FFTF-MOTA irradiations are documented in references 9 -12. Neutron dosimetry
measurements have been published for the EBR-11 reactor13’14 and for the FFTF
irradiations.15”1G

Table 1. Summary of the FUBR and BEATRIX Irradiation Histories

Experiment Subassembly Subcapsules Runs MWd EFPD

EBR-11 @62.5 MW

FUBR-IA X370 1,2,3,4 119-120 6041 96.7

X370A 5,6,7,8 123-126 11101 177.6
In both runs 9,10,11 119-126 17142 274.3

FUBR-IB X41 5 B1,B3,B6,B7 135A-141C’ 21344 341.5

BEATRIX-I X415A B8,B9,BI0,BI 144A-151 37455 599.3
1

In both runs B2,B4,B5 135A-151 58799 940.8
FUBR-IB X416 SI ,s2 135A-141Ca 21104 337.7

BEATRIX-I X41 6A S4,S5 144A-151 37455 599.3

In both runs S3 135A-151 58559 936.9

FFTF @291 MW

BEATRIX-II MOTA-2A IB,IC,ID,IE, 11 87213 299.7
5E,8B

BEATRIX-II MOTA-2B 1B,2C,5F,8B 12 59160 203.3
aX415 was removed for runs 137E and 138B; X416 was removed for 137E, 138B, and 138C.

Radiation Damaae Calculations

The %i(n,a)3H reaction releases 4.782 MeV of energy (Q value) resulting in energetic tritium
(2.733 MeV) and alpha (2.050 MeV) particle recoils. These high-energy recoils lose energy
and are stopped within a short distance in the lithium compounds. A small fraction of the
time, the recoiling particles hit a nucleus of one of the atoms in the compound leading to
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either an elastic scattering event or a nuclear reaction. These nuclear events cause
seconday atoms to be displaced from their lattice sites. If we use the Lindhard model of
energy loss and a modified Kinchin-Pease model for secondaty displacements, then we can
calculate the total number of displaced atoms for each ‘li(n,a)3H reaction. This leads to a
fixed relationship between burnup of %i atoms and dpa (for this reaction only). Each
compound will have a different ratio of burnup to dpa due to the differences in lithium content
and energy loss characteristics. In the modified Kinchin-Pease model, constant
displacement energy is assigned to each atom in a given compound. Unfortunately, these
values are not readily available for these compounds. Efforts are underway to use a better
model for these compounds; however, these results are not currently available. If we assign
values of 10 eV for Li, 30 eV for O, 27 eV for Al, 25 eV for Si, and 40 eV both for Ti and Zr,
then the calculated conversion of ‘%i burnup to dpa is given in Table 2, assuming 100’%
enrichment of %i. For a measured level of %i burnup and enrichment, the dpa can be

. calculated by multiplying the values in Table 2 times these two factors. For example, if we
start with 56% enriched LizO and the %i burnup is measured to be 8Y0,then the dpa due to
this reaction will be 117x 0.56x 0.08= 5.2. Once the ‘Li is fully burned out, this process will
stop and no further dpa can be generated from this reaction. H should be noted that the
conversion factors in Table 2 are technically only correct at low neutron energies since at
higher energies the energy of the incident neutron will raise the recoil energies slightly.
However, since this reaction mainly occurs with neutrons well below 1 MeV, this correction
for the neutron spectra of interest is negligible. Due to the burnup of %i as well as the
variations in the ‘1-i enrichment, dpa cross sections for these compounds depend on both of
these factors and change with irradiation as the ‘% burns up. Both of these effects were
taken into account in these calculations. Due to the high cross section of %i at lower neutron
energies, neutron self-shielding can also be an important time-dependent effect. Simple
approximations to the neutron self-shielding effects for the materials and neutron spectra
used in these experiments indicate that the corrections would typically be on the order of 5’Yo.
Due to the complicated geometries of these experimental assemblies and the relatively

small order of these corrections, neutron self-shielding corrections were not included. The
calculated ‘Li bumup values presented below agree favorably with measurements made for
these materials, as documented in various references in this report.

Table 2. Conversion of %i Bumup to dpa
(Multiply times %i enrichment)

Material Dpa / ?+. ‘Li Bumup
t-i~o 117.0

LiAlo~ 33.7
Li~rO~ 44.9
LiaSiOg 67.8

Of course, all other possible nuclear reactions will also cause dpa. The SPECOMP17
computer code was used to calculate these more conventional dpa cross sections as a
function of neutron energy for each type of lithium compound. These dpa cross sections
were then added to the SPECTERIB computer code for integration over the neutron flux
spectra in each series of irradiations. The calculated dpa values for each series of
irradiations are discussed below. Specific comments describe each experiment. In all of
these irradiations, the reactor power and hence dpa rates are essentially constant (c1O%
variation over the run cycles) except during reactor downtimes. For all of the irradiations, the
Li compounds were encapsulated in 316 stainless steel containers. The dpa values for the
316 SS cladding are also presented below along with the total neutron fluences. The

I
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composition of 316 SS was taken as Ni(O.13), Cr(O.18), Mn(O.019), Mo(O.026), and
Fe(balance).

FUBR-IA Irradiation in EBR-H

Eleven pins were fabricated for irradiation designated PIN-1 through PIN-I 1. Solid pellets
were irradiated at four different elevations in each pin. Canisters were placed symmetrically
about the reactor centerline at 1.2 to 7.9 cm and at 15.2 to 21.6 cm for irradiations of 96.7,
177.6, and 274.3 EFPD at a nominal power of 62.5 MW. The dpa calculations for the highest
exposure in these positions and exposure parameters are given in Table 3. The dpa values
in the table are average values for the assemblies and radial variations are <1O’YO.Axial flux
variations are also relatively small (<1OYO)near core midplane.

Table 3. dpa Calculations for FUBR-IA – Capsules 9,10,11 – 274.3 EFPD
Fluence (xl 0= n/cm2) 3.94 4.11 3.79

Dpa, 316 SS 15.9 16.8 15.2
%i Burnup,0/4: 3.38% 3.46% 3.14%

Height,cm: -20 0 +2(3

Material % Enrichment, ”/o dpa dpa dpa
Li*o 56 35.4 37.3 34.0

LiAio* 95 37.1 39.1 35.6
LigrO~ 95 37.6 39.5 36.0
LilSiOd 95 34.6 36.4 33.1

FUBR-1 B/BEATRIX-l Irradiations in EBR-11

Two different types of pins were fabricated for these irradiations. B7A pins labeled BI
through B11 contained canisters with Li ceramic pellets at three different elevations, -15.5 to
–21.6 cm, -7.6 to-13.2 cm, and +16.8 to +22.4 cm. S pins labeled S1, S2, and S3 contained
canisters with Li ceramic pellets at two elevations symmetrically around midplane at 1.3 to
7.9 cm. The B7A pins were irradiated for 341.5, 599.3, and 940.8 EFPD at 62.5 MW. Table
4 lists the dpa values at the maximum exposure. Calculations for capsules S1-S3 differed
slightly due to small differences in the irradiation exposures of 337.7, 599.3, and 946.9
EFPD. Variations in dpa are not very large for all of the different positions. The dpa values in
the table are average values for the assemblies and radial variations are Cl OYO.Axial flux
variations are also relatively small (<1OYO)near core midplane.

Table 4. dDa Calculations for FUBR-I B/BEATRIX-l – Camwles 2.4.5 – 940.8 EFPD
Fluence (xl Oz n/cm2) 13.5 “ 14.1 ‘ . 13.0

Dpa,316 SS 54.5 57.6 52.2
li Burnup,O/O: 11.11’%0 11.36% 10.38’%

Height,cm: -20 0 +20

Material 9-i Enrichment,’% dpa dpa dpa
Li~o 56 121.0 127.3 116.1
Li~o 7.5 114.6 120.8 110.0
Li*o 0.07 113.7 119.9 109.1

LiAIOz 95 127.1 134.0 122.0
Li~rO~ 95 128.6 135.2 123.2
LidSiOd 95 118.1 124.5 113.2
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BEATRIX-II Irradiations in FFTF

The BEATRIX-II experiments were conducted in the MOTA-2A and MOTA-2B irradiations in
FFTF. These experiments were primarily designed to evaluate the rate of recovery of tritium
during irradiation. The experimental assemblies consisted of solid pellets or tubes (rings) of
lithium ceramics with flowing gas in the center or sphere beds. In MOTA-2A, the Li20 ring
canister was in position 1E and solid pellets and single crystals were in positions 1B, 1C, 1D,
and 1E. [n MOTA-2B, the Li20 ring canister was located in position 1B and a Li@O~ sphere
bed was located in position 2C. LiA102, Li~rO~ and LidSiOQdisc samples were also
irradiated in both experiments. The dpa calculations listed in Tables 5 and 6 are quoted for
positions where the neutron flux spectra were determined from neutron dosimet~
measurements. Radial flux gradients are relatively small (<1OYO). Axial flux gradients are
relatively small near midplane where the main testing was done, but become quite steep at
the top of the core 8B position. However, the dpa values are so low at these out-of-core
positions that the materials damage effects are probably negligible.

Table 5. dpa Calculations for BEATRIX-II – MOTA-2A – 299.7 EFPD -
Fluence (xl Oz n/cm2) 8.89 7.44 0.24

Dpa, 316 SS 24.9 21.8 0.25
%i Burnup,%: 9.96% 7.60% 1.68%

Reactor Position: I-B, C,D,E 5E 8B
Height,cm: -42.7 +37.7 +IZZ4

Material % Enrichment,% dpa dpa dpa

Li~o 61 68.1 56.6 1.93
Li*o 0.07 60.8 51.2 0.72

LAI02 95 68.3 57.5 1.27
Li2ZrO~ 95 63.9 53.7 1.39
LiiSiOd 95 70.4 58.8 1.81

Table 6. dpa Calculations for BEATRIX-II – MOTA-2B -203.3 EFPD
Fluence (xIOZ n/cm2) 5.63 7.91 4.77 0.20

Dpa, 316 SS 14.2 21.1 12.9 0.23

%i Burnup,OA: 6.68% 7.92% 5.29% 1.27%

Reactor Position: IB 2C 5F 8B
Height,cm: -41.2 -27.3 “+44.3 +121.3

Material ‘W Enrichment, ”/o dpa dpa dpa dpa
Li*o 95 41.5 59.9 36.9 2.07

Li~rO~ 85 35.5 52.4 32.3 1.08
LizZrOa 0.2 32.9 49.4 30.3 0.59
LidSiOA 0.2 35.3 53.1 32.4 0.64

CONCLUSIONS

The calculations clearly show that most of the dpa damage in these materials arises from fast
neutron reactions such as elastic and inelastic scattering rather than from the %i(n,a)t
reaction. This effect can be seen most clearly in the tables that include materials that were
both enriched and depleted. For example, in Table 4 at midplane the dpa for Li20 with 56%
enrichment is 127.3 compared to 119.9 for depleted I&o. This means that with 56’%0
enrichment, only 6% of the dpa is coming from the ‘Li(n,a)t reaction. Using the dpa to
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bumup conversion factors in Table 2, it is easy to estimate the contribution to the dpa ftom
the %(n,a)t reaction for any entry in the dpa tables. The dpa values in this report were
calculated using the conventional dpa model. Newer calculations are in progress using
improved models. When these cross sections become available, it would be straightforward
to recalculate the dpa factors for these experiments. However, the current dpa values are
compatible with the conventional dpa calculations that are widely used and quoted in the
literature. For example, the dpa values for the316 SS cladding is also given for each of the
irradiations. Transmutation effects due both to the %i(n,a)t reaction as well as other nuclear
reactions may be very important in influencing the degradation of materials since these
effects produce a permanent change in the irradiated material. In the comparison of these
fast neutron experiments on lithium ceramics to similar experiments in thermal or mixed-
spectrum reactors, it is likely that the fast neutron dpa rates are much lower in the mixed-
spectrum reactors. Fusion reactors will also exhibit differences from fast reactors in the
neutron spectra due to both the 14 MeV neutrons and increased lower-energy neutron flux
due to Be blankets and other moderating materials. A more comprehensive technical report
of this work is being prepared.lg
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NEUTRON DOSIMETRY AND DAMAGE CALCULATIONS FOR THE TRIST ER-I
EXPERIMENT IN HFIR -L. R. Greenwood (Pacific Northwest National Laboratory)’ and C. A.
Baldwin (Oak Ridge National Laboratory)

OBJECTIVE

To provide dosimetry and damage analysis for fusion materials irradiation experiments.

SUMMARY

Neutron fluence measurements and radiation damage calculations are reported for the TRIST
ER-1 experiment, which was conducted in the removable beryllium position in the High Flux
Isotope Reactor (HFIR) at Oak Ridge National Laboratory (ORNL). The maximum neutron
fluence at midplane varied from 1.38 to 1.57x 102 n/cm2 resulting in about 2.4 to 2.8 dpa in
AI*03.

PROGRESS AND STATUS

The ER-I experiment was irradiated in the Temperature-Regulated in-Si Test (TRIST) facility
in the Removable Beryllium (RB*, without thermal neutron shielding) position of the HFIR during
cycles 344 through 346. The irradiation started March 8, 1996, and ended June 28, 1996, for a
net exposure of 75.78 effective full power days at 85 MW. The goal of the experiment was to
determine radiation induced electrical degradation (RIED) in A120~ceramic insulators. A
complete description of the specimen matrix and irradiation assembly has been published
previously.12’3

Neutron dosimetry capsules were inserted in between the specimen holders, as shown in
reference 1 and illustrated in figure 1. The dosimetry capsules consisted of small, welded
aluminum tubes measuring about 1.5 mm in diameter and 6.4 mm in length. Each tube
contained small monitor wires of Cu, Fe, Ni, Ti, Nb, 80.2’%0Mn-Cu alloy, and 0.112% CO-AI
alloy. Five dosimetry capsules were positioned in grooves 180° apart on each side of the
experimental assembly, which measured about 3.2 cm in diameter. Dosimeters were also
placed at two additional radial locations (90° to the other positions) at midplane to determine the
radial flux gradients. The experimental assembly had 12 equally spaced grooves around the
outside circumference. Dosime~ capsules were located at five different elevations between
grooves 1 and 2 and between grooves 7 and 8, as shown in figure 1. Dosimetry capsules were
placed at midplane between grooves 4 and 5 and between grooves 10 and 11. In an effort to
minimize radial flux gradient effects, the experimental assembly was rotated 180° two times
(after each cycle). After irradiation, each capsule was opened in a hot cell at ORNL and each
individual monitor wire was gamma counted to determine the residual activation. Due to the
delay between the end of irradiation and the opening of the capsules for analysis, the shorter-
Iived isotopes could not be detected. The activation results were then forwarded to PNNL for
analysis.

The measured activities were converted to activation rates as listed in Table 1 by correcting for
nuclear bumup, gamma self-abso@ion, decay during and after irradiation, isotopic abundance,

*Pacific Northwest National Laboratory (PNNL) is operated by the U.S. Department of Energy
by Battelle Memorial Institute under contract DE-AC06-76RLO-I 830.
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and atomic weight. Bumup corrections are based on an iterative procedure for the
thermal/epithermal monitor reactions. The resultant estimates of the therrnaf/epithermal
neutron fluences were then used to calculate bumup corrections for the threshold, fast neutron
monitor reactions. Bumup corrections averaged 5-1O’XO.The activation rates listed in Table 1
are normalized to full reactor power of 85 MW and have a net absolute uncertainty of about 5’%0.

1
12

11

Monitor10-11

10

9

8

Figure 1. Top view of the neutron flux monitor locations for the TRIST ER-I experiment. The
numbers refer to axial grooves around the circumference of the assembly, which was rotated
each cycle.

The activation rates in Table 1 were fit to a polynomial function of form f(x) = f(0) [ 1 + ax’],
where x is the vertical height from reactor centerline in cm, separately for the measured
activation rates in grooves 7/8 and 1/2. ,All of the data are reasonably well fit by the average
polynomial (coefficient a = -1.08 x 10S). Figure 2 shows the activity data for the ‘Fe(n,p)%Mn
reaction for the axial locations between grooves 1-2 (solid line) and between grooves 7-8
(dotted line), which were 180° apart. As can be seen, the activities differ by about 18% between
these two positions. The flux monitors located at 90° to these grooves, also shown on the
figure, fall between these two positions. The flux in between grooves 4-5 is about midway
between grooves 7-8 and fl-2 whereas the flux in between grooves 10-11 is nearly identical (2%
higher) to grooves 1-2. This radial flux pattern repeats for all of the measured activities except
that the thermal neutron gradients appear to be much lower (5-1OYO).

.— .. .. v.- — —me— ,. . . . . . ..
.-. —- . . --— —.— ._. ..- .—
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Table 1. Activation Rates (at/at-s) – TRIST ER-I

Monitor- Ht,cm 54Fe(n,p)
Grooves 54Mn

(E-11)

J12 1-2 21.34 0.652

J13 7-8 21.34 0.773

J16 1-2 9.17 1.22

J17 7-8 9.17 1.43

J19 7-8 0.00 1.72

=+%--l+
J27 10-

11 I
0.00

I
1.45

I 1

J24 1-2 -12.17 1.20

46Ti(n,p) 63cu(n,a) 55Mn(n,2n) 59Co(n,y) 93Nb(n,y)

46sc 60(30 54Mn 60~ 94Nb
(E-12) (E-13) (E-14) (E-8) (E-9)

0.86 I 0.39 I 1.91 I 1.15 I 0.50

1.04 0.47 2.20 1.07 0.48

1.64 0.74 3.45 2.50 1.03

1.96 0.86 4.11 2.52 1.06

2.26 1.00 4.61 3.18 1.31

1.90 I 0.86 I 3.88 I 2.69 I 1.26

2.13 0.92 4.39 3.37 1.28

I 0.89 I I I

1.57 0.71 3.29 2.54 1.02

J21 7-8 -12.17 1.39 1.90 0.84 4.01 2.53 1.05

J26 1-2 -21.34 0.744 1.00 0.45 2.18 1.69 0.68

J23 7-8 -21.34 0.900 1.19 0.54 2.63 1.71 0.65

G4-5

-25. -a. -15. -1o. -5. 0. 5. 10. 15. 20. 25.

H@n

Figure 2. Measured activation rates vs. reactor elevation for the aFe(n,p)aMn reaction. Data
from grooves 7-8 are shown by the circles and dotted Iinq grooves i-2 are shown by squares
and the solid line; the X is for grooves 4-5 and a triangle is for grooves 10-11.
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Midplane activation rates were then used in the STAY’SL4computer code to adjust the neutron
flux spectrum determined in previous spectral measurements in the RB* position in HFIR~
STAY’SL performs a generalized least-squaresadjustmentof all measured and calculated
values including the measured activities, calculated spectra, and neutron cross sections.
Neutron cross sections and their uncertainties were generally taken from the ENDF/B-~
evaluation. The resultant neutron fluence values are listed in Table 2. The activation rates and
the derived neutron spectra and fluences are in excellent agreement w“ti previous
measuretients in the HFIR RB* positions

Neutron damage calculations were performed using the SPECTER computer code7 at the
midplane position of HFIR. Midplane dpa and helium (appm) values are also listed in Table 2.
The fluence and damage values at other experimental positions can be calculated by the
gradient equation given above. l%e dpa values for A1203 were calculated using the
SPECOMP computer code8using threshold energies of 25 eV for Al and 65 eV for O.

Table 2. Midplane Fluence and Damage Values for TRIST ER-I

Neutron Fluence,x1021n/cm2 Element dpa He,appm

Grooves: 7-8 1-2 7-8 1-2 7-8 1-2

Total 15.71 13.83 c 2.6 2.2 2.4 2.0

Thermal (<.5 eV) 6.92 5.80 Al 4.1

0.5 eV -0.1 MeV 5.33 5.03 I v 2.8 2.5 I 0.03 0.03

>0.1 MeV 3.46 3.00 Cr 2.4 2.1 0.2 0.2

>1 MeV 1.34 1.14 Fe 2.1 1.8 0.4 0.4

i Ni Fast 2.4 2.1 I 6.5 5.5

59-Ni 0.8 0.6 454.3 331.9

Total Ni 3.2 2.7 460.8 337.4

Cu 2.8

I
316SS’ 2.3 2.0

1
60.2 44.2

A&os 2.8

*3I 6SS = Fe(O.645), Ni(O.13),Cr(O.18), Mn(O.019),Mo(O.026)wt%
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NEUTRON DOSIMETRY AND DAMAGE CALCULATIONS FOR THE HFIR-CTR-62 and 63
IRRADIATIONS - L. R. Greenwood (Pacific Northwest National Laboratory)’ and C. A. Baldwin
(Oak Ridge National Laboratory)

OBJECTIVE

To provide dosimetry and damage analysis for fusion materials irradiation experiments.

SUMMARY

Neutron fluence measurements and radiation damage calculations are reported for the CTR-62
and -63 experiments, which were conducted in the High Flux Isotope Reactor (HFIR) at Oak
Ridge National Laborato~ (ORNL). The maximum neutron fluence at midplane was 6.9E+22
n/cm2resulting in about14dpaintype316 stainless steel.

PROGRESS AND STATUS

The CTR-62 and -63 experiments were irradiated in the target position of the HFIR during
cycles 335 through 341, starting April 13, 1995, and ending December 16, 1995, for a net
exposure of 180.45 effective full power days at 85 MW. The two irradiation assemblies were
nearly identical and they were co-irradiated in HFIR. The goal of the experiment was to
irradiate reduced activation and conventional ferritic steels at temperatures of 300 and 400”C.
A complete description of the specimen matrix and irradiation assembly has been published
previously? ~

Neutron dosimetry capsules were inserted in between the specimen holders, as shown in
reference 1. The dosimetry capsules consisted of small, welded aluminumtubes measuring
about 1.5 mm in diameter and 6.4 mm in length. Each tube contained small monitor wires of
Cu, Fe, Ni, Ti, Nb, 80.2% Mn-Cu alloy, and 0.112% Co-Al alloy. Five dosimetry capsules were
irradiated with each of the experiments; however, only six of the capsules were analyzed. Each
capsule was opened in a hot cell at ORNL and each individual monitor wire was gamma
counted to determine the residual activation. Due to the delay between the end of irradiation
and the opening of the capsules for analysis, the shorter-lived isotopes could not be detected.
The activation results were then fotwarded to PNNL for analysis.

The measured activities were converted to activation rates as listed in Table 1 by correcting for
nuclear bumup, gamma self-absorption, decay during and after irradiation, isotopic abundance,
and atomic weight. Bumup corrections are based on an iterative procedure for the
therrnaI/epithermal monitor reactions. The resultant estimates of the therrnal/epitherrnal
neutron fluences were then used to calculate bumup corrections for the threshold, fast neutron
monitor reactions. Bumup corrections averaged 20-30% for the therrnal/epithermal reactions
and 5-30’%0for the threshold reaction rates. The activation rates listed in Table 1 are normalized
to full reactor power of 85 MW and have a net absolute uncertainty of about 5Y0.

_Eheactivation rates in Table 1 were fit to a polynomial function of form f(x) = f(0) [ 1 + a % ],
where x is the vertical height from reactor centerline in cm. All of the data are reasonably well fit

●Pacific Northwest National Laboratory (PNNL) is operated by the U.S. Department of Energy
by Battelle Memorial Institute under contract DE-AC06-76RL0-1830.

I

... r. —. —=>. — -.,.m-.,..J. -. , .,., , . -$L, ., . . . . . . .. m . .. . . , -.— -e—————— .— —-— . .— . I



—

200

by the average polynomial (coefficient a = -1.06 x 103). Midplane activation rates were then
used in the STAYSL2 computer code to adjust the neutron flux spectrum determined in
previous spectral measurements in the target position in HFIR$ STAYSL performs a
generalized least-squares adjustment of all measured and calculated values including the
measured activities, calculated spectra, and neutron cross sections. Neutron cross sections
and their uncertainties were generally taken from the ENDF/B-V4 evaluation. The resultant
neutron fluence values are listed in Table 2. The activation rates and the derived neutron
spectra and fluences are in excellent agreement with previous measurements in the HFIR
target position.3

Table 1. Activation Rates (at/at-s) - HFIR CTR-62 and -63

Experiment/ H@n ‘Fe(n,pFMn ‘Cu(n,a)%O ‘Mn(n,2n)SMn 59Co(n,Y)WCo ~Nb(n,Y)WNb
Monitor (E-11) (E-13) (E-13) (E-8) (E-9)

62-JI 18.3 3.94 2.45 1.22 !5.38 1.74

6X3 0.0 5.60 3.70 1.81 7.09 2.68

62-J5 -18.3 2.32 1.17 4.53 1.68

63-J6 21.3 3.22 1.98 0.97 2.97 1.43

63-J8 6.1 3.59 1.76 7.23 2.65

63-JI1 -15.2 4.38 2.75 1.97

Table 2. Midtdane Fluence and Damaae Values for HFIR CTR-62 and -63

Neutron Fluence,n/cm2 dpa He,appm

Total 6.91E+22 c 12.1 26.0

Thermal (<.5 eV) 3.15E+22 ,Al 21.9 9.8

0.5 eV -0.1 MeV I 2.08E+22 ~ V I 15.6 I 0.33

> ().1 Mev 1.68E+22 y Cr 13.7 2.3

>1 MeV 8.50E+21 Fe 12.1 4.0

I II Ni Fast I 13.1 1 53.7

59-Ni 11.5 6526.5

Total Ni 24.6 6580.3

I [Cul 105 I 3.6

Neutron damage calculations were performed using the SPECTER computer code5 at the
midplane position of HFIR. Midplane dpa and helium (appm) values are also listed in Table 2.
The fluence and damage values at other experimental positions can be calculated by the
gradient equation given above. Damage parameters for other elements or compounds have
been calculated and are readily available on request.

Helium production in nickel and nickel alloys requires a more complicated non-linear
calculation.G Helium production in stainless steel is detailed in Table 3.
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FUTURE WORK

Additional experiments are in progress in HFIR.

Table 3. dpa and He Values for 316 SS in HFIR CTR-62 and -63
(Includes 5’Ni effect)

9 12.9 729

12 12.0 659

15 10.9 570

18 9.5 464

316SS = Fe(O.645), Ni(O.13),Cr(O.18), Mn(O.019), Mo(O.026)wt%

,
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10,0 MATERIALS ENGINEERING AND DESIGN REQUIREMENTS

No contributions.
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11.0 IRRADIATION FACILITIES, TEST MATRICES,
AND EXPERIMENTAL METHODS
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CONCEPTUAL DEVELOPMENT OF FUSION-2 EXPERIMENT FOR IRRADIATION TESTING
OF VANADIUM ALLOYS IN A LITHIUM ENVIRONMENT AT Ss500-750°C IN THE BOR-60
REACTOR’ - V. Kazakov,V. Chakin,V. Efimov, V. Petukhov, A. Tuktabiev, P. Gabiev (Research
Institute of Atomic Reactors), H. Tsai, T. S. Bray, D. L. Smith (Argonne National Laboratory); and
A. Rowcliffe (Oak Ridge National Laboratory)

OBJECTIVE

BOR-60 is a sodium-oled fast reactor in Russia with a molant inlet temperature of 300-330”C.
Previous irradiation experiments conducted in the BOR-60, EBR-11,HFIR, ATR, and SM reactors
indicate that the threshold for low-temperature embrittlement of vanadium-base alloys is dOO”C.
The purpose of the proposed Fusion-2 experiment in BOR-60 is to study the effects of neutron
damage in vanadium-base alloys at or just near the high-temperature end, i.e., 500-750°C. The
objective of the present task is to develop the conceptual design of the experimental assembly
based on the functional requirements of the experiment. Conceptual development focuses on
instruction of the experimental assembly, methods of temperature control and measurement,
thermal performance of the assembly, and feasibility of conducting assembly and disassembly in
the Research Institute of Atomic Reactors (RIAR), where BOR-60 is located.

SUMMARY

The requirements of this task are to complete the conceptual designs of irradiation capsules to be
exposed to a neutron dose of =20 dpa in BOR-60. The specimen matrii W-IIinclude sheet tensile
specimens, mmpact tension specimens, bend bars, TEM disks, and pressurized creep tubes. To
better utilize the test volume and provide additional temperature options, it was decided to modify
the experiment from a twmapsule to a three-capsule design. All capsules will be liquid-metal-
bonded for temperature uniformity. Goal temperatures for the three capsules will be 450, 600,
and 700-750”C, with an emphasis on 600”C. A key objectiv~ of the experiment will be to
generate irradiation creep data for vanadium-base alloys, especially at the emphasized
temperature of 600”C, where thermal creep may not be dominant.

PROGRESS

The design for Fusion-2 would be similar to that shown in Fig. 1, with the exception of the number
of axially-arranged capsules, which would be increased from two to three. A threecapsule
design would permit better utilization of the high-value, high-flux space at the mre midplane and,
because each capsule can operate at a different temperature, a more diverse study of
temperature effects on irradiation. By adopting three shorter capsules, there would also be less
axial power/temperature tilt in each capsule would be reduced.

The materials of instruction for the Fusion-2 experiment would be as shown in Table 1. The
double-wall capsule (Item 3) would be made of austenitic stainless steel or Inconel for
compatibility with the bond sodium at elevated temperature. The subcapsules (Items 4 and 5)
containing the test specimens would be made of TZM (an Me-base alloy) for impurity control and
compatibility with the specimen lithium bond. There would be two sizes of subcapsules; those of
smaller diameter (Item 5) are sized to accommodate pressurized creep tubes.

Preliminary thermal analysis has been mnducted, and the results indicate that a wide range of
irradiation temperatures are attainable in the Fusion-2 experiment with this design. For
performance assessment of the vanadium-base alloy for fusion applications, we decided that the
most important test temperature at this time would be 600”C. Accordingly, the high-flux middle
capsule would be allocated for this temperature. Because the lengths of the three capsules need

1This work has been suppotied by the U.S.Departmentof Energy, Office of Fusion Energy Research, under
ContractW-31-109-Eng-38.
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not be the same, the middle capsule would be slightly elongated to provide a 240’%0total test
volume. The top and bottom capsules would be designed for 700-750
and would have a smaller test volume than that of the middle capsule.

1

11

%’I

ir%i
specimensin

‘u envifolunat
l\ *A

- 07xo.s ‘P.
TIlemlo.hlsulstillg :

9= WP

Cslcu!atad /
W9W

cifcun
sodium ~

and 450”C, respectively,

11-!=H’F

Fig. 1. Fusion-2 test vehicle (left, showing two capsules) and cross seotion of camde (right).
Note: design is being revised to a&ommodate th&e axial capsules. . . - .

Table 1. Materials of construction for Fusion-2 test assembly
Item Test Temperature =450, 550, Test Temperature = 700”C Fill Medium
No. 600”C
1 Hex Can Hex Can He
2 Ss Ss Na
3 304 Ss Inconel He (outer)

Na(inner)
4 Mo alloy of TZM or VM-lA type Mo alloy of TZM or VM-IA type Li-7, specimens
5 Mo alloy of TZM or VM-IA type Mo alloy of TZM or VM-IA type Li-7, specimens
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Another decision made in this reporting period was to forego the option of conducting a dynamic
helium charging experiment (DHCE) in Fusion-2. (In a DHCE, tritium is implanted in the capsule.
During irradiation, some of the tritium diffuses into the specimen and decays in-situ into 3He,
thereby yielding the concurrent effects of helium generation and neutron damage.) This decision
was made to ease the logistic constraint of tritium handlingltransport and to provide additional
time to better prepare for such an eventual experiment.

To monitor the specimen temperature, a limited number of thermocouples would be incorporated
in the top and middle capsules in the Fusion-2 vehicle. Because only one core location (D-23) in
BOR-80 permits deployment of thermomuples, the Fusion-2 experiment would be irradiated at ‘
this location, at least at the onset of the experiment. If this location is available for the entire
irradiation time and the mst is not prohibitive, the Fusion-2 capsule would remain at D-23 for the
entire =1-year irradiation to =20 dpa. Otherwise, it would be irradiated for a finite period, possibly
several weeks, at D-23 to confirm the test temperatures before being relocated to a comparable
core location (possibly E-23) to complete the irradiation.

Steady irradiation temperature is important in testing structural materials samples. For
pressurized creep specimens, this is particularly, because temperature fluctuation affects not only
creep properties but also internal gas pressure. Means to ensure steady irradiationtemperatures
are being explored.

Future Activities I

The Fusion-2 conceptual design effort will be completed in the next reporting period. A full
assessment of the experiment based on the optim”=ed design will be conducted.

REFERENCE I

1. V. Kazakov et al., “Conceptual Development of Fusion-2 Experiment for Radiation Test of
Vanadium Alloys in BOR-80 Reactor at 500-700”C in Lithium Environment,” Report on
Milestone 1 of Subcontract 28X-SZ738V of 08/08/98 with Lockheed Martin Energy Systems,
Inc., USA, 1998.

The submittedmanuscripthae been authored
by a contractor of the U.S. Government
under contract No. W-31 -109 -ENG-38.
Accordingly,the U.S. Government retains a
nonexclusive,royalty-freelicensetopublishor
reproduce the published form of this
contribution,or allowothersto do so, for U.S.
Governmentpurposes.
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OBJECTIVE
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OF IRRADIATION EXPERIMENTS - A. F. Rowcliffe (Oak

To provide an updated summary of the status of irradiation experiments for the fusion materials
program.

SUMMARY

The current status of reactor irradiation experiments is presented in tables summarizing the
experimental objectives, conditions, and schedule.

PROGRESS AND STATUS

Currently, there are three experiments in-reactor (RB-I OJ, RB-14J, and JP-25). Post-irradiation
testing is in progress on CTR-62/63 and RB-I lJ/12J. Experiments TRIST-TC1 and RB-I 3J have
been removed from reactor and are awaiting disassembly.
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Experiment Lead Lab

HFIR-TRIST-ERI OFW

HFIR.RB.IW OFrN1.

HFIR-RB-IIJ ORNL

HFIR-RB-t2J OWL

HFIR-RB-12J ORNL

HFIR.RB-14J ORNL

HFIR-TRIST-TCI ORNL

HFIR-CTR-62 ORNL

HFIR.CTR.63 ORNL

HFIR-JP25 ORNL

Collaborator

MONBUSHO/
JAERI

JAERI

MONBUSHO/
JAERI

MON13USHOI
JAERI

MONBUSHOI
JAERI

MCNBUSHO

MONBUSHO/
JAERI

JAERl

JAERI

JAERI

Summarv of Reactor Irradlatlon Exoarhr
Responsible

Parson Major Objectives Materials

I In-alluelecbical I
J, Zlnkle conductivity _]A1203

I
Vanadkrm,
316LN.IQ,

E. Pawel lTenslle, fracture IJ316

ILow acllvallon

, L, Grossbeck Tensile, fracture, TEM

*
farrillcs,

, L, Grossbeck Tanslle, fracture, TEM V alloys,SIC

-r’rat’on
L. Snaad h-situ thermal conductivity /s[c/sic,sic

and
Charpy Impact and He convantlonal

L. Kluah ef facts ferritlc steels

450

200, 500

300

500

200, 350, 50

300,500,80

160-700

300, 400

300, 400

300, 500

3E+25 n/rn2

5

5

5

5—

5

3

13

13

20

Irrad. Start

Apr-96

oct-98

Feb-97

Fab-97

JuI-98

Feb-99

Jan-99

Apr-95

Apr.95

Feb-99

High Flux Beam Reactor, Brookhavan National Laboratory
I

JuI.99 N

\
Dac-99 ~

Dac-95 &4ililllDac-95

Jan.00
m

,
HFBR4SEC-3 ORNL L.L. Snead In-sllu electrical WESGOA1203 450 1.5 JuI-95 Sap.95 j

$

HFBFWI ORNL L,L, Snead Tensile, fracture V-4Cr-4Tl 75, 150, 225 0.4 May-95 Jun-95 j

HFBR-V2
75, 225, 300,

ORNL L.L. Snead Tensile, fraclure V.4Cr-4Ti 375 0.4 JuI-95 Aug-95 \
\

HFBR-V3
160, 265,

ORNL L,L, Snead Tensile, fracture V-4Cr-4Ti 315, 420 0.4 Aug-96 Sep-96 :
\

HFBR-V4 Of=NL IL.L. Snead lTenslle, fracture lV.4Cr.4Tl 105.505 0.1



Summaw of Raactor Irradiation Exoadments
Responsible Temperature Dose (dpa)

Experiment Lead Lab Collaborators Person Major Oblectfves Matarfals c or fluance Irrad. Start Irrad. Finish Statua
I

AdvancedTeat Reactor, Idaho Falla
Tensile, fracture toughness,

ATR.A1 ANL t&Ne419io D.L. Smith TEM, creep Vanadium alloys 200, 300 5 Dee95 May-96

BOR-60 Reactor, RIAR, Dfmltrovgrad, Rueala
A.F. Rowcllffe, Mechenlcsland

BOR-60-Fusion.l ORNL,ANL RDIPE,RIAR D.L. Smith mlcrostructural properties V alloys 350-360 10 JuI.95 Mar-96

h)
P
-1
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1.

2-14.

15-16.

17.

18-19.

20.

21.

22.

23-25.

26.

27.

28-30.

31.

32-34.

Dkmmutlon

Advanced Micro Devices, Inc., 5204 E. Ben White Blvd., MS-613, PCAL-Analytical
TEM Section, Austin TX 78741

J. Gazda

Argonne National Laboratory, 9700 South Cass Avenue, Argonne, IL 60439
M. C. Billone A. B. Huil K. Nateson
T. S. Bray C. E. Johnson J. H. Park
O. K. Chopra J. P. Kopasz D. L. Smith
H. M. Chung R. F. Mattas H. C. Tsai .
D. R. Diercks

Argonne National Laboratory, EBR41 Division, P.O. Box 2528, Idaho Falls, ID
83403-2528

H. P. Planchon D. L. Porter

Auburn University, Department of Mechanical Engineering, 201 Ross Hall, Auburn, AL 36849
0 B.A. Chin

Boeing, Mail Code S 1067220, P.O. Box 516, St. Louis,
MO 63166-0516

J. W. Davis G. W. Wine

Carnegie Institute of Technology, Carnegie-Mellon University, Schenley Park, Pittsburgh,
PA 15213

W. M. Garrison, Jr.

Commissariatsa l’Energie Atomique, Direction des Technologies Advancees, M2R1/DECM
Cen-Saclay, Gif Sur Yvette, Cedex, France

F. Tavassoli

Dow Coming Corporation, 3901 S. Saginaw Rd., MS-500, Midland, Ml 48686-0995
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