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FOREWORD

This is the tweny-seventh in a series of semiannual technical progress reports on fusion
materials. This report combines the full spectrum of research and development activities on
both metallic and non-metallic materials with primary emphasis on the effects of the neutronic
and chemical environment on the properties and performance of materials for in-vessel
components. This effort forms one element of the materials program being conducted in
support of the Fusion Energy Sciences Program of the U.S. Department of Energy. The other
major element of the program is concerned with the interactions between reactor materials and
the plasma and is reported separately.

The Fusion Materials Program is a national effort involving several national laboratories,
universities, and industries. A large fraction of this work, particularly in relation to fission reactor
experiments, is carried out collaboratively with our partners in Japan, Russia, and the European
Union. The purpose of this series of reports is to provide a working technical record for the use
of the program participants, and to provide a means of communicating the efforts of materials
scientists to the rest of the fusion community, both nationally and worldwide.

This repott has been compiled and edited under the guidance of A. F. Rowcliffe by
Gabrielle Burn, Oak Ridge National Laboratory. Their efforts, and the efforts of the many
persons who made technical contributions, are gratefully acknowledged.

F. W. Wiffen
International and Technology Division
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database is based on tensile tests carried out over a wide range of temperatures and
strain rates. The overall constitutive model is based on additive yield and post yield
strain hardening contributions to the flow stress. The yield stress has both thermally
activated and atherrnal components. The former can be described by a two-

mechanism activated dislocation slip model, with contributions from both lattice
friction (lower temperature) and interstitial obstacles (higher temperature). The
model uses a weighted average of the two mechanisms as a function of a strain rate
compensated temperature. Post-yield strain hardening was found to be essentially
atherrnal. Strain hardening can be fii by a two-component modified Vote-type
model, which predicts saturating hardening behavior. The constitutive model is used
to determine flow stability limits as estimates of uniform tensile strains. The relatively
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the cleavage transition regime, including the influence of size and geometry that
mediate the loss of triaxial constraint. It appears that cross rolling lowers the cleavage
transition temperature. Irradiation and high loading rates result in significant upward
shifts in the transition temperature, due to corresponding increases in the yield
stress. A simple equivalent yield stress model accurately predicts these effects. Flow
localization following irradiation has a profound effect on effective ductile fracture
toughness, qualitatively consistent with effects of irradiation on the tensile
properties, dominated by reductions in uniform strain. The large cleavage transition
temperature shifts and ductile toughness decreases may limit the application of V-
4Cr-4Ti alloys for low-to-intermediate temperature irradiation environments.
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3 x 103 mmdh at a stress intensity factor of about 40 MPa~m. The crack growth rate
in argon with 2000 ppm oxygen was about 7 x 102 mmdh at the same intensity level.
The crack growth rates were very sensitive to the stress intensity factor. Over a
limited range of stress intensity values the crack growth rate in argon plus 2000 ppm
oxygen appears to be power-law dependent on stress intensity with an exponent of
about 8.9. The fracture mode in air and gettered argon was transgranular cleavage
with 20 to 30% intergranular fracture. In the oxygenated argon environment crack
growth occurred predominantly by transgranular cleavage.

1.6 OXIDATION OF V-4 Cr-4Ti AT LOW PRESSURES – B. A. Pint,
J. R. DiStefano, J. Bentley, and L. D. Chitwood (Oak Ridge National Laboratory) 40

To complement previous work on V-4Cr-4Ti at 400-500”C, similar oxidation
experiments were conducted at 600-700”C. In general, the rates were linear with
time. However, at higher oxygen pressures, e.g. 103 Pa (10-5 Torr), specimen
surfaces became slightly discolored indicating the formation of a surface oxide and
rates were linear-parabolic. The addition of more than 1000 ppm oxygen resulted in
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a significant loss of room temperature ductility. Annealing at 950”C was effective in
improving ductility at oxygen levels below 1500 ppm. With higher oxygen levels, the
anneal was ineffective or further reduced ductility. High resolution analytical electron
microscopy was used to examine the oxidized V-4Cr-4Ti microstructure before and
after annealing at 950”C. Low ductility before annealing is attributed to fine oxide
particles in the matrix inhibiting dislocation movement. Large Ti-nch oxide particles
were observed at grain boundaries while the alloy matrix adjacent to the boundary
was depleted in Ti.
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developed earlier on base alloy.

1.8 STUDY OF THE LONG-TERM STABILITY OF MHD COATINGS FOR
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This project began in June 1999. Initial testing has been performed on AIN + 5%
Y203 at 400-700”C. Wtih increasing temperature, this material was increasingly
attached by lithium in 1000 h tests and there was a corresponding increase in the
aluminum content of the lithium. These results suggest that the maximum use
temperature of AIN in lithium maybe 600°C or less. Currently, 1000 h experiments
are being completed with yttria-free AIN and CaO specimens at 400, 500, and
700”C.

1.9 ELECTRICAL RESISTIVITY AND MICROHARDNESS MEASUREMENTS
OF VANADIUM AND V-4Cr-Tl ALLOY - D. T. Hoelzer, S. J. Zinkle, and
A. F. Rowcliffe (Oak Ridge National Laboratory), and M. K. West (University of
Tennessee) 51

The purpose of this study was to investigate the interactions between Ti and
interstitial solutes over temperature ranges corresponding to thermally activated
processes such as precipitation, dislocation recovery and recrystallization, and grain
growth. In this study, room temperature electrical resistivity and microhardness
measurements were performed on cold-worked (CW) vanadium, CW V-4 Cr-4Ti,
annealed V-4Cr-4Ti, and the fusion zone of welded V-4Cr-4Ti plate over the
isochronal annealing temperature range from 200 to 12000C. The results
suggested that Ti solutes in the vanadium alloys interacted with interstitial O, C, and
N solutes at temperatures of 200°C and higher. Below -400”C, these interactions
influenced processes such as solute diffusivity and dislocation atmosphere
formation. Above -400”C, recovery, recrystallization and precipitation processes
had the most significant effect on the property measurements.
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assessment of the shear strength and ductility of the test welds. Fractography
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A systematic study is currently being conducted by Argonne National Laboratory
with support from REB Research to provide baseline data on the volubility of
hydrogen in selected LiCa, SnLi, and VCrTi alloys. The experimental approach
involves charging and degassing of vanadium alloys and vanadium alloy
encapsulated LiCa and SnLi specimens to various hydrogen partial pressures while
maintaining the system at constant temperature. With this procedure one avoids the
problems associated with the rapid redistribution of hydrogen that is typically
observed during cool-down of the specimens. Initial tests have been conducted on
solid cylindrical specimens of a vanadium alloy. The liquid metal alloy will be
contained in vanadium alloy capsules. Preliminary results for the V-4Cr-4Ti alloy
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Pressurized-tube specimens made from V-4 wt.Yo Cr-4 wt.Yo Ti (832665 heat) thin-
wall tubing were irradiated in the HFIR RB-12J experiment to study creep under
neutron-damage conditions. The calculated dose for the specimens ranged from
5.5 to 6.0 dpa and the calculated irradiation temperatures ranged from 400 to 500”C.
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Postirradiation tensile tests at room temperature and 500”C were performed on V-
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dimensions of 5.0x 1.2x 0.2 mm. The irradiation temperature was =500°C and the
attained neutron damage was =6 dpa. Results from these tensile tests show all
specimens retained respectable elongation and irradiation hardening was modest.
The properties of the V-(3-5) Cr-(3-5)Ti alloys appears not to be strongly affected by
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the TI and Cr composition variations. For the V-(3-4) Fe-4Ti-(O-0.1 )Si alloys,
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similar mechanical properties. Both the test methods and materials are preliminary in
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A-21 is less than the average value for modified 9Cr-1 Mo below 600°C, but is greater
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3.4

3.5

3.6

3.7

3.8

above 600”C. In a Charpy impact test, the transition temperature of A-21 is similar to
that of modified 9Cr-1 Mo, but the upper-shelf energy is higher. Because of the fine
TiC particles in the matrix, the creep-rupture properties of A-21 are superior to those
of conventional Cr-Mo or reduced-activation Cr-W steels. Although the composition
of the A-21 is not applicable for fusion because of the cobalt, the innovative
production process may offer a route to an improved steel for fusion.

ON HYDROGEN AND HELIUM EMBRITTLEMENT IN ISOTOPIC
TAILORING EXPERIMENTS – D. S. Genes, M. L. Hamilton, B. M. Oliver, and
L. R. Greenwood (Pacific Northwest National Laboratory) 149

The results of shear punch testing performed on irradiated isotonically tailored alloys
are considered in terms of hydrogen and helium embrittlement in order to quantify
the observed behavior. The results indicate that hydrogen embrittlement may be
more significant than helium embrittlement.

EMBRITTLEMENT OF REDUCED-ACTIVATION FERRITIC/
MARTENSITIC STEELS IRRADIATED IN HFIR AT 300 AND 400°C -
R. L. Klueh, M. A. Sokolov (Oak Ridge National Laboratory), K. Shiba, and Y. Miwa
(Japan Atomic Energy Research Institute) 154

Extended Abstract

A MiCROSTRUCTURAL STUDY OF THE OXIDE SCALE FORMATION
ON ODS Fe-13Cr STEEL– D. T. Hoelzer, B. A. Pint, and 1. G. Wright (Oak Ridge
National Laboratory) 155

Extended Abstract

IMPURITY CONTENT OF REDUCED-ACTIVATION FERRITIC STEELS
AND THE EFFECT ON THE REDUCED-ACTIVATION
CHARACTERISTICS – R. L. Klueh (Oak Ridge National Laboratory,
E. T. Cheng (TSl Research, Inc.), M. L. Grossbeck, and E. E. Bloom (Oak Ridge
National Laboratory) 156

Extended Abstract

EFFECT OF HELIUM PRODUCTION ON SWELLING OF F82H
IRRADIATED IN HFIR – E. Wakai (Japan Atomic Energy Research Institute),
N. Hashimoto (Oak Ridge National Laboratory), J. P. Robefison and R. L. Klueh
(ORNL), and S. Jitsukawa (JAERI)

Extended Abstract

SWELLING OF F82H IRRADIATED AT 673 K UP TO 51 DPA IN HFIR –
Y. Miwa, E. Wakai, K. Shiba (Japan Atomic Energy Research Institute),
J. P. Robertson, A. F. Rowcliffe (Oak Ridge National Laboratory), and
A. Hishinuma (JAERI)

157

158

Extended Abstract



xiii

3.9 DAMAGE STRUCTURE OF ISOTOPICALLY TAILORED HT9 STEELS
IRRADIATED AT 400°C IN THE HFIR – N. Hashimoto, J. P. Robertson
(Oak Ridge National Laboratory), and S. Jitsukawa (Japan Atomic Energy Research
Institute) 159

Extended Abstract

4.0 COPPER ALLOYS AND HIGH HEAT FLUX MATERIALS 161

4.1 ELECTRICAL CONDUCTIVITY AND TENSILE PROPERTIES OF
COPPER AND OXIDE DISPERSION STRENGTHENED COPPER
ALLOYS FOLLOWING HFIR IRRADIATION TO 13 DPA AT 200 AND
400”C - S.J. Zinkle and L.T. Gibson (Oak Ridge National Laboratory) 163

The tensile properties and room temperature electrical resistivity have been
measured for pure copper and MAGT 0.2, GlidCop AL15 and GlidCop AL25 oxide
dispersion strengthened copper alloys following irradiation in the spectrally tailored
HFIR-MFE-200J and -400J irradiation capsules. The tensile measurements were
performed at the irradiation temperature and at room temperature, at strain rates
between 2x1 05 s“’ and 0.01 s-’. Significant increases in the tensile strength were
observed following irradiation at 200”C, accompanied by a reduction in uniform
elongation. The irradiation at 400”C had only a slight effect on the tensile properties.
A large increase in the electrical resistivity (attributable to solid solution transmutation
products) was observed for both irradiation temperatures. The tensile strength
showed a slight increase with increasing strain rate, in agreement with previous
observations in copper. **SUMMARIZE MAIN RESULTS-change in resistivity,
presence of flow Iocalizatiord loss of strain hardening capac-~ in 200”C specimens;

mention microstructural results obtained in Risa.

4.2 THERMOPHYSICAL AND MECHANICAL PROPERTIES FOR
Ta-8%W-2%Hf – S. J. Zinkle (Oak Ridge National Laboratory) 175

The key thermophysical and mechanical properties for Ta-(8-l O)%W alloys are
summarized, including unirradiated temperature-dependent tensile properties,
stress-rupture behavior, elastic constants, thermal conductivity, thermal expansion,
specific heat, and ductile-to-brittle transition temperature. The estimated lower and
upper temperatures limits for structural applications are 700 and 1000”C due to
radiation hardening/embrittlement and thermal creep considerations, respectively,
although there are very few fracture properties data for irradiated Ta alloys.

4.3 NEUTRON IRRADIATION EFFECTS ON PLASMA-FACING MATERIALS
- V. Barabash, G. Federici (ITER Joint Central Team), M. Roedig (Forschungszentrum
Juelich), L. L. Snead (Oak Ridge National Laboratory), and C. H. Wu (EFDA – Close
Support Unit) 183

Extended Abstract



xiv

4.4

4.5

4.6

4.7

4.8

5.0

EFFECT OF HIGH DOSE NEUTRON IRRADIATION ON THE
MECHANICAL PROPERTIES AND STRUCTURE OF COPPER
ALLOYS AND CU/SS JOINTS FOR ITER APPLICATIONS -
S. A. Fabritsiev (D.V. Efremov Scientific Research Institute), A. S. Pokrovsky
(Scientific Research institute of Atomic Reactors), D. J. Edwards (Pacific Northwest
National Laboratory), S. J. Zinkle, and A. F. Rowcliffe
Laboratory)

Extended Abstract

EFFECT OF IRRADIATION TEMPERATURE

(Oak Ridge National

ON THE MECHANiCAL

184

PROPERTIES AND STRUCTURE OF CU/SS JOINTS IRRADIATED
TO LOW DOSES -S. A. Fabritsiev (D.V. Efremov Scientific Research Institute),
A. S. Pokrovsky (Scientific Research Institute of Atomic Reactors), D. J. Edwards I
Pacific Northwest National Laboratory), S. J. Zinkle, and A. F. Rowcliffe (Oak Ridge
National Laboratory) 185

Extended Abstract

EFFECT OF NEUTRON DOSE AND IRRADIATION TEMPERATURE
ON THE MECHANICAL PROPERTIES AND STRUCTURE OF
DISPERSION STRENGTHENED COPPER ALLOYS –A. S. Pokrovsky
(Scientific Research institute of Atomic Reactors), S. A. Fabritsiev (D.V. Efremov
Scientific Research Institute), D. J. Edwards (Pacific Northwest National Laboratory),
S. J. Zinkle, and A. F. Rowcliffe (Oak Ridge National Laboratory) 186

Extended Abstract

MICROSTRUCTURES IN Ti-Al INTERMETALLIC COMPOUNDS
IRRADIATED AT 673 K IN HFIR - Y. Miwa, T. Sawai, and K. Fukai (Japan
Atomic Energy Research Institute), D. T. Hoelzer (Oak Ridge National Laboratory),
and A. Hishinuma (JAERI) 187

Extended Abstract

EFFECTS OF HEAT TREATMENTS ON MICROSTRUCTURE
CHANGES IN THE INTERFACE OF CU/SS316L JOINT MATERIALS -
Q. Xu and T. Yoshiie (Kyoto University) and D. J. Edwards (Pacific Northwest
National Laboratoy) 188

Extended Abstract

A US TENITIC STAINLESS STEELS 193



xv

5.1

5.2

6.0

6.1

7.0

7.1

8.0

8.1

TENSILE PROPERTIES AND DAMAGE MICROSTRUCTURES IN ORR/
HFIR4RRADIATED AUSTENITIC STAINLESS STEELS – E. Wakai and S.
Jitsukawa, (Japan Atomic Energy Research Institute), N. Hashimoto (Oak Ridge
National Laboratory), T. Sawai (JAERI), J. P. Robertson (ORNL), and A. Hishinuma
(JAERI)

Extended Abstract

DEFORMATION MECHANISMS IN 316 STAINLESS STEEL
IRRADIATED AT 60 AND 330°C – N. Hashimoto, S. J. Zinkle, A. F. Rowcliffe,
J. P. Robertson (Oak Ridge National Laboratory) and S. Jitsukawa (Japan Atomic
Energy Research Institute)

Extended Abstract

INSULATING CERAMICS AND OPTICAL MATERIALS

IN-SITU THERMAL CONDUCTIVITY MEASUREMENT OF CERAMICS
IN A FAST NEUTRON ENVIRONMENT – L. L. Snead (Oak Ridge National
Laboratory), R. Yamada (Japan Atomic Energy Research Institute), K. Noda and
Y. Katoh (Kyoto University), S. J. Zinkle, W. S. Eatherly, and A. L. Quails (Oak Ridge
National Laboratory)

Extended Abstract

SOLtD BREEDING MATERIALS

FABRICATION AND PROPERTIES OF A TIN-LITHIUM ALLOY –
K. Natesan and W. E. Ruther (Argonne National Laboratory)

195

196

197

199

201

203

An Sri-25 at.% Li alloy has been fabricated by starting with pure Sn and Li. The alloy
was cast into various shapes and sent to researchers in several organizations in the
United States and abroad for property measurements. Melting temperature of the
alloy is 334°C and its density is 6.36 g/cm3.

RADIATION EFFECTS, MECHANISTIC STUDIES, AND
EXPERIMENTAL METHODS 209

THE EFFECTS OF ONE-DIMENSIONAL GLIDE ON THE REACTION
KINETICS OF INTERSTITIAL CLUSTERS H. L. Heinisch (Pacific Northwest
National Laboratory), B. N. Singh (RisO National Laboratory), and S. 1.Golubov
(Institute of Physics and Power Engineering) 211

Extended Abstract

.... .“. --z—r ----- -m-. ,3--?,,,..! ,r77-.e--- — — TA-----7IT-- -. ..-7, -- T —-.



xvi

8.2

8.3

8.4

8.5

8.6

8.7

8.8

8.9

SIMULATING THE INFLUENCE OF RADIATION TEMPERATURE
VARIATIONS ON MICROSTRUCTURAL EVOLUTION -Y. Katoh (Kyoto
University), R. E. Stoner Oak Ridge National Laboratory), A. Kohyama (Kyoto
University), and T. Muroga (National Institute for Fusion Science)

Extended Abstract

214

COMPARATIVE STUDY OF DAMAGE ACCUMULATION IN IRON
UNDER MAGNETIC AND INERTIAL FUSION CONDITIONS – E. Alonso
M. J. Caturla, and T. Diaz de la Rubia (Lawrence Livermore National Laboratory),

N. Soneda (Central Research Institute of Electric Power Industry), J- Marian and
J. M. Perlado (Instituto de Fusion Nuclear), and R. E. Stoner (Oak Ridge National
Laborato~) 215

Extended Abstract

COMPARISON OF A MICROSTRUCTURE EVOLUTION MODEL WITH
EXPERIMENTS ON IRRADIATED VANADIUM – S. Sharafat and
N.M. Ghoniem (University of California at Los Angeles) 216

Extended Abstract

CLUSTERING THEORY OF ATOMIC DEFECTS – N. M. Ghoniem
(University of California at Los Angeles) 218

Extended Abstract

FAST SUM METHOD FOR THE ELASTIC FIELD “OF 3-D DISLOCATION
ENSEMBLES – N. M. Ghoniem and L. Sun (University of California at Los Angeles) 220

Extended Abstract

DISLOCATION DECORATION WITH NANO-SCALE DEFECT CLUSTER
IN IRRADIATED METALS – N.M. Ghoniem, B. N. Singh, L. Z. Sun, and

T. Diaz de la Rubia (University of California at Los Angeles) 222

Extended Abstract

PARAMETRIC DISLOCATION DYNAMICS: A THERMODYNAMICS-
BASED APPROACH TO INVESTIGATIONS OF MESOSCOPIC PLASTIC
DEFORMATION – N.M. Ghoniem, S.- H. Tong, and L. Z. Sun (University of
California at Los Angeles) 224

Extended Abstract

INVESTIGATIONS OF RADIATION HARDENING AND PLASTIC
INSTABILITY IN FCC METALS – N.M. Ghoniem, L. Z. Sun, B.N. Singhj
and S.- H. Tong (University of California at Los Angeles) 226

Extended Abstract



xvii

8.10 3-D DISLOCATION DYNAMICS STUDY OF PLASTIC INSTABILITY IN
IRRADIATED COPPER – L. Sun, N.M. Ghoniem, and B.N. Singh (University of
California at Los Angeles) 229

Extended Abstract

9.0 DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION
CALCULATIONS 231

9.1 STATISTICAL ANALYSIS OF A LIBRARY OF MOLECULAR DYNAMICS
CASCADE SIMULATIONS IN IRON AT 100 K – R. E. Stoner (Oak Ridge
National Laboratory) and A. F. Calder (University of Liverpool) 233

Extended Abstract

9.2 ACCELERATED HELIUM AND HYDROGEN PRODUCTION IN
54FE DOPED ALLOYS - MEASUREMENTS AND CALCULATIONS
FOR THE FIST EXPERIMENT – L. R. Greenwood and B. M. Oliver (Pacific
Northwest National Laboratory), S. Ohnuki (Hokkaido Uniters-@), K. Shiba (Japan
Atomic Energy Research Institute), Y. Kohno (University of Tokyo), A. Kohyama
(Kyoto University), J. P. Robertson (Oak Ridge National Laboratory), J. W. Meadows
(Argonne National Laboratory), and D. S. Genes (Pacific Northwest National
Laboratory) 236 “

Extended Abstract

10.0 MATERIALS ENGINEERING AND DESIGN REQUIREMENTS 237

10.1 IMPACT OF TECHNOLOGY AND RADIATION EFFECTS ON LIFETIME
OF THE STRUCTURAL MATERIALS FOR ITER - V. A. Belyakov,
S. A. Fabritsiev, and L V. Mazul (D.V. Efremov Scientific and Research Institute of
Electrophysical Apparatus), and A. F. Rowcliffe (Oak Ridge National Laboratory) 239

Extended Abstract

11.0 IRRADIATION FACILITIES, TEST MATRICES, AND EXPERIMENTAL
METHODS 241

11.1 ENGINEERING DEVELOPMENT OF FUSION-2 EXPERIMENT FOR
IRRADIATION TESTING OF VANADIUM ALLOYS IN A LITHIUM
ENVIRONMENT AT 450-750”C IN THE BOR-60 REACTOR - V. Kazakov,
V. Chakin, V. Efimov, A. Tuktabiev, P. Gabiev (Research Institute of Atomic
Reactors), H. Tsai, T. S. Bray, D. L. Smith (Argonne National Laborato@; and
A. F. Rowcliffe (Oak Ridge National Laboratory) 243

The requirements of this task are to complete the engineering designs of irradiation
capsules in BOR-60. The specimen matrix will include sheet tensile specimens,
Charpy impact specimens, TEM disks, and pressurized creep tubes. This
experiment will not include DHCE samples. To better utilize the test volume and
provide additional temperature options, it was decided to modify the experiment
from a two-capsule to a three-capsule design. All capsules will be liquid-metal-



xviii

bonded for temperature uniformity. The top two capsules VW be fitted with
thermocouples for temperature measurement in early stages of the irradiation. Goal
temperatures for the three capsules will be 450, 600, and 700-750”C, with an
emphasis on 600°C. A key objective of the experiment will be to generate irradiation
creep data for vanadium-base alloys, especially at the emphasized temperature of
600°C, where thermal creep may not be dominant. To ensure correct generation of
irradiation creep data, knowledge of the temperature and minimal temperature
fluctuations during irradiation are important.

11.2 HIGH-SENSITIVITY QUADRUPLE MASS SPECTROMETER SYSTEM
FOR THE DETERMINATION OF HYDROGEN IN IRRADIATED
MATERIALS - B. M. Oliver, F. A. Garner, L. R. Greenwood, and J. A. Abrefah
(Pacific Northwest National Laboratory) 249

Extended Abstract

11.3 SCHEDULE AND STATUS OF IRRADIATION EXPERIMENTS –
A. F. Rowcliffe (Oak Ridge National Laboratory) 250

The current status of reactor irradiation experiments is presented in tables
summarizing the experimental objectives, conditions, and schedule.



1.0 VANADIUM ALLOYS





3

A GENERALIZED CONSTITUTIVE MODEL FOR A V-4 Cr-4Ti ALLOY - E. Donahue,

G.R. Odette, G.E. Lucas (University of California, Santa Barbara)

OBJECTIVE

The objective of this work is to develop a generalized constitutive equation for a V-4Cr-4Ti alloy

that can be used in conjunction with Finite Element Methods to predict crack tip stress and strain

fields as a function of temperature and loading rate.

SUMMARY

A physically based constitutive model for low-to-intermediate temperatures, strains and strain

rates is derived for the program heat of the V-4Cr-4Ti. The supporting database is based on

tensile tests carried out over a wide range of temperatures and strain rates. The overall

constitutive model is based on additive yield and post yield strain hardening contributions to the

flow stress. The yield stress has both thermally activated and athermal components. The former

can be described by a two-mechanism activated dislocation slip model, with contributions from

both lattice friction (lower temperature) and interstitial obstacles (higher temperature). The model

uses a weighted average of the two mechanisms as a function of a strain rate compensated

temperature. Post-yield strain hardening was found to be essentially athermal. Strain hardening

can be fit by a two-component modified Vote-type model, which predicts saturating hardening

behavior. The constitutive model is used to determine flow stability limits as estimates of uniform

tensile strains. The relatively compact, but mechanism-based, model has a number of both

fundamental and practical advantages that are briefly outlined. Extensions to directly model

compositionally and microstructurally mediated mechanisms, including the effects of irradiation,

and key phenomena, such as flow localization, are important objectives of future research.

PROGRESS AND STATUS

Introduction

Constitutive properties are required for design and to measure, apply and obtain a basic

understanding of a long list of life-limiting failure-related properties and parameters, such as

fracture toughness. In this work we develop a constitutive description of a V-4Cr-4Ti alloy in the

unirradiated condition for low-to-intermediate temperatures and strain rates (i.e., outside the

creep and strain aging regimes). Specifically, we seek a model that accurately and compactly

describes the effects of temperature (T), strain rate (~) and strain (e) on the uniaxial flow stress,

G,,(T, & ,&) underpinned by dislocation dynamics theories. The research involved three steps: a)

measuring and properly reducing the requisite tensile data base, b) analyzing the general data

trends in the context of simple, but physically-based, analytical formulations of constitutive

models; and c) quantitatively fitting the model equations to the data base.

.-— am. . .. .< , .,.. .~..--r - - ~ym
-.. .-. — .——. .Wx . . . . . . .
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Experimental Procedures and Data Reduction

Details of the materials and test methods for a wide range of temperatures and strain rates are

described elsewhere [1].

Results and Analvsis

Representative stress–strain curves have been reported previously [2]. Development of the

model equations follow the approach of Armstrong [3]. This model divides flow stress (of,) into

yield (CJY)and post yield (a:), strain hardening, contributions. The OYis composed of strongly and

weakly temperature-strain rate sensitive components as

q-r, E)=q-r,~)+ow (1)

The development of post-yield dislocation structures results in a strain hardening component, CSC.

For bcc single crystal crystals with low dislocation densities, O, also depends on & and T [4],

suggesting a general form:

CJ,,(T, &,&)= q-’rj E)+ap + 0,(7-,~ ,8) (2)

The (low) temperature-(high) strain rate dependence of crYin bcc metals and alloys is attributed to

the low mobility of screw dislocations which experience a high Peierls, or lattice friction, resistance

to slip [5]. The corresponding trade-off between temperature T and &can be represented in terms

of a strain rate compensated temperature (T’) where

T’=T[l+Cln(&/&)] (3)

Here T is the actual absolute temperature (K) for the reference strain rate, A,.

Taking the slowest strain rate of 4x10_Vs as the reference condition, the OYdata at all three strain

rates were plotted on T’ scale, using the ‘best fit’ value for C = 0.030 the T as shown in Figure 1.

For a single underlying thermally activated kink nucleation mechanism the simplest fit form is [6],

q-r’) = CJ,[l-(-m-c)]+ CJa (4)

where q and o. are the thermal and athermal yield stress contributions at O°K. However, dispersed

barrier strengthening by interstitial solutes is also important, particularly at higher temperatures. T’-

weighted averaging and fitting at and TCfor two (1 and 2) activated processes was used to model

CJY(T’)as

OY(T’) = [0,1- (a,, - @T’/T~[l -T/~C, + (T@-TC1)T’~e}] +q(l -~T) (5)

The best fit results are shown as the solid curve in Figure 1 foc a) Ox, = 780 and O@ = 110 MP3 a.

= 255 MP3 b) TC1= 188 and T= = 500°~ and P = 6x105 or

c$(T’) = 1035- 1.32T’ + (1.32T’-78OT’/(l 88 + 0.624T’) (M Pa) (6)

The post yield strain hardening contribution was experimentally defined for plastic strain levels of

0.5 to 3.0940in increments of 0.570 and from 3.0 to 14.0% in increments of 1.0% as

ql-’,&) = CW’,E)- q-u (7)

To a good approximation qcan be treated as being athermal. The corresponding cr,(E) averaged

over T for the 17 & levels is shown in Figure 3. Two regimes above and below an & of about 0.025

are observed. This was fit with a modified two-term Vote type equation ~] with the general form
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0,(.5) = ~,epI[l -exp(-e,l/&)] + ~(e-q 2 O)P41-exp(-@)] (8)

Here fil and ~ represent the magnitude of each strain hardening term, PI and p2 are the

corresponding power law, e~l and ~ are the flow stress saturation strains, and & is the threshold

strain for the second mechanism. The solid line in Figure 3 is a best fit given by the expression fo~

fi1=865MPa, ~=llOMPa; p1=p2 =1; G1 = 0.07, q2 0.23; and G = 0.025.

Equations 3,6 and 8 define an overall constitutive model,

o,,(T, &,&)= 1035- 1.32T’ + {(1 .32T’ -780T’)/(188 -I-0.624T’)} i-

865e[l - exp(-O.07/&)]+l 10(s-0.025)[1 - exp(-O.023/e)] (MPa) (9)

Predicted versus measured Ofl at & of 0.5, 1, 2, 4, 8 and 14% are shown in Figure 3. The overall

standard deviation of the predicted versus measured an is A 9.1 MPa. The model can be applied

over the combined T and ~ range to 10O”C, 2/see respectively.

Figure 4 shows the & data plotted against OY Except in two cases & ranges from about 0.10 to

0.’18. The exceptions were for the highest strain rate case at low temperatures of -132 and -

196”C. [n this case adiabatic heating may contribute to flow localization and the low q. The

constitutive model can be used compute&u based on the criteria that dP/d& <0. The dashed line

in Figure 4 is the nominal predicted q. While the trends are reasonable, the simple model over-

predicts the measured values. This discrepancy suggests that q is influenced by either defects

and other inhomogenieties in the specimens, or an inherent propensity towards flow localization.

These effects can be treated by a phenomenologically by increasing the effective rate of

reduction in load bearing area per unit strain by a constant factor. The solid line in Figure 4 shows

the corresponding results for a factor of 1.6

Discussion. Summarv and Conclusions

The crflfor the program heat of V-4Cr-4Ti alloy has a classical low-temperature activated am regime

and athermal contributions to both OYand o,. The athermal post-yield o. follows a two component

Vote-type hardening law. Overall, the model, which incorporates analytical expressions for these

processes that are fit to the tensile database, is broadly consistent with current understanding of

deformation in bcc alloys. The relatively simple and compact form of the constitutive model has a

number of practical and fundamental advantages as discussed elsewhere [1]. Developing

microstructurally based constitutive models, including the effects of irradiation, and key

phenomena such as flow localization, is an important objective of future research.

.--. ,~., ... . ....- _.y ..-. .— -?.,... ,.,....:.
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ON THE MECHANISMS AND MECHANICS OF FRACTURE IN A V-4 CR-4TI
ALLOY: MODELING THE EFFECTS OF IRRADIATION, LOADING RATE AND
SPECIMEN CONFIGURATION ON TOUGHNESS-TEMPERATURE CURVES –
E.G. Donahue, G.R. Odette, G.E. Lucas (University of California, Santa Barbara)

OBJECTIVE

The objective of this work is to understand and model the mechanics of fracture as a basis for
developing fracture assessment methods for defect tolerant design of vanadium-based fusion
reactor structures.

SUMMARY

The fracture behavior of the 500 kg heat of the V-4Cr-4Ti was used to characterize and model of
low dose, low-to-intermediate temperature irradiation, loading rate and specimen configuration on
toughness-temperature curves. A critical stress-critical stressed area cleavage criteria predicts
effective toughness-temperature curves in the cleavage transition regime, including the influence
of size and geometry that mediate the loss of triaxial constraint. It appears that cross rolling lowers
the cleavage transition temperature. Irradiation and high loading rates result in significant upward
shifts in the transition temperature, due to corresponding increases in the yield stress. A simple

“ equivalent yield stress model accurately predicts these effects. Flow localization foIlowing
irradiation has a profound effect on effective ductile fracture toughness, qualitatively consistent
with effects of irradiation on the tensile properties, dominated by reductions in uniform strain. The
large cleavage transition temperature shifts and ductile toughness decreases may limit the
application of V-4Cr-4Ti alloys for low-to-intermediate temperature irradiation environments.

PROGRESS AND STATUS

Introduction

The objective of this work is to develop physical models for the fracture toughness of a V-4Cr-4Ti
alloy that quantitatively treat the effects of: a) specimen/structure size and geometry; b) loading
rat~ c) metallurgical factors associated with processing and fabrication history; and d) in-service
degradation processes such as irradiation embrittlement. Fracture specimens of varying size,
geometry, orientation, processing history and irradiation conditions were tested. This study used
small to very small specimens, with limited redundancy

Experimental and Data Analysis Procedures

Details of the material fabrication and processing, specimen preparation, and fracture testing
conditions are described elsewhere [1]. The effective toughness data were evaluated with both
‘standard’ elastic-plastic fracture mechanics methods (~) [2,3] and by the confocal microscopy-
fracture reconstruction (CM-FR) technique (KJ [4,5]. Both CM-FR and scanning electron

microscopy (SEM) were also used to characterize the local fracture processes and mechanisms.

In selected cases, the ~ data were constraint corrected to provide estimates of K~Cbased on a
criiicaf stress (~*)/critical area (A*) local fracture model coupled with three dimensional finite

element method (FEM) calculations of crack tip stress and strain fields. Details of this model are
described elsewhere [6-8]. The 0*-A* model can be used to compute mean ~~ curves for a

given specimen and constitutive law [6]. In the limiting case of SSY the K~C(T)curve is unique. The

,;. .,. .>: . ..._..7-_r~ ....-_ , ...=..-.—— .—
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& data outside the SSY regime, can be corrected to K,e based on FEM calculations of the K~K,C-
ratio needed to produce the same stressed area.

Irradiation and loading rate induced shifts in the cleavage transition temperatures (AT$W) were

compared to predictions of the equivalent yield stress model (EYSM) [9]. A key assumption is that
a’ is independent of irradiation, loading rate and temperature.

Corresponding reductions in the maximum load toughness can be crudely predicted based on a
decohesion model proposed for irradiated stainless steels [1O]. In its simplest form, the ratio of the
irradiated (i) to unirradiated (u) toughness can be estimated from tensile properties as given by

K_mJKnaxu= {[(”yi+ ‘.i)/( ~yu ‘%I)l(&/%)}’n (1)

where q are the ultimate tensile stresses and q are the uniform strains.

Results

Figure 1 shows toughness data from MPCC tests from rolled versus crossrolled plate in the LT
orientation. The crossrolled material exhibited higher toughness associated with a downward shift
of L(T) data by about 20°C. The effects of specimen orientation was investigated in two different
plates. These comparisons suggest a slightly higher toughness for the TL orientation versus LT
for bend bars from the thin plate. However, there was essentially no difference in toughness
between the two orientations of 0.26T CT specimens taken from the thick plate.

Figure 2 shows the raw ~ data (open symbols), the constraint corrected K~Cdata (filled symbols)
for each MPCC specimen, and the SSY K~C(T)curves (lines) for both rolled and crossrolled plates.
A value of A* = 108 m2 was used for both sets of specimens. The d were 1750 (rolled) and 1900

(crossrolled) MPa. The constraint corrected data lie close to the SSY line.

Since OYincreases with increasing strain rate [11], higher loading rates shift K(T) curves to higher

temperature as reported previously [12]. The measured shifts associated with rate increases by
factors of 105 (low-dynamic) and 10s (intermediate-dynamic) were about 60 and 70”C, respectively.

Irradiation at low-to-intermediate temperatures also results in significant elevations of OY, even at

relatively low dose [13-1 5]. Data for smooth-sided MPCC specimens irradiated to -0.4 dpa at
200”C[13] shows a shift of about 165°C with a corresponding AOY -330 MPa [16]. As discussed

in more detail elsewhere [12], CM-FR and SEM show that irradiated versus unirradiated cleavage
fracture surfaces and processes are generally similar. However, there is abundant evidence of
irradiation enhanced flow localization in the form of coarse slip steps; and, in some cases, even
extrusions bridging transverse cracks that penetrate into the fracture surface. Large scatter in the
cleavage K, is also evident. Indeed the largest values of cleavage toughness are higher than the
values of maximum load ductile toughness, ~.X. The irradiated ~= toughness of about 95
MPadm was much lower than for the unirradiatecl material and, in contrast to the blunting-only
behavior in the latter case, involved tearing and sliding-off along slip bands of highly concentrated
deformation. Figure 3 shows that irradiations to -0.1 dpa at 160 and 255°C [14] produced even
larger reductions in the K~a. CM-FR and SEM also indicated more pronounced tearing and crack
sliding-off. Significant elevations of the cleavage transition temperature were also observed.
However, since the maximum load and cleavage toughness are of the same order, only about
60A1 O MPa~m at 160”C, it is difficult to define a cleavage transition temperature shift. The
reductions in maximum load toughness are smaller for the 0.1 dpa irradiations at higher irradiation
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temperatures of 390 and 295”C, and the increases in the cleavage transition temperature more
obvious.

Figure 4 shows. that the measured shifts in cleavage transition temperature (AT$t,P) due to

irradiation and loading rate are in excellent agreement with predictions of the EYSM and the
corresponding elevations in OY(AoY). Details of the method for estimating shifts due to loading

rate differences are described elsewhere [6]. Figure 4 also includes results from Alexander et. al.
[13]. The apparent success of the EYSM in predicting cleavage transition temperature shifts is
somewhat puzzling, in view of the severe flow localization which occurs in this alloy, particularly
after irradiation. Figure 5 compares the the predictions of the ratio of the irradiated to unirradiated
toughness estimated by Equation 1 using tensile data from the literature [14,15] with the
experimental estimates of the ~.X.

The dominant effect of irradiation on ~= is associated with reductions in the uniform strain (~)

from ~- 0.15 to &as low as 0.001. While Equation 1 is consistent with the observed trends, it

underpredicts K.u at lower irradiation temperatures. Indeed, tensile tests show substantial post-

uniform strains prior to fracture, as well as significant reductions in area [14]. An illustration of the
effect of using higher irradiated strains in Equation 1 is shown as the filled diamond symbols in
Figure 5, where ~ has been replaced by & + 0.01. Although somewhat arbitrary, this modest

adjustment produced much better agreement with the experimental estimates. Another
observation that may seem puzzling is also qualitatively consistent with this model. That is in the .
irradiation temperature range of 150 to 250”C, the lowest dose 0.1 dpa irradiation produce similar
or even larger reductions in fi= than irradiations to 0.4 dpa at 200°C. This can be understood by
the competing effects of ~ and ax. Specifically, Q decreases and the propensity for localization

increases more rapidly than the corresponding increases in am

Developing more rigorous fracture models will require detailed characterization of the underlying
physical processes. Fractographic evidence of the flow localization and its consequences is seen
in the form of coarse slip steps, transverse microcracks, flat-bottomed voids and extrusion-type
features on the fracture surfaces. Further quantification of these phenomena to guide the
development of new fracture models for the range of fracture modes from cleavage to
decohesion will be the focus of future research.

Summary and Conclusions

A micromechanical model based on a critical stress-critical stressed area, 0*-A*, cleavage criteria

provides a basis for predicting effective toughness-temperature, K(T), curves in the cleavage
transition regime, including the effects of size and geometry pertinent to the use of small
specimen data to estimate the fracture limits of structures. The cleavage transition temperature of
the as-fabricated alloy is high due to its relatively low strength (e.g., lower than typical steels)
combined with a high O* (comparable to typical steels). It appears that crossrolling lowers the

transition temperature. The effects of low strength on toughness is amplified in small specimens
by the loss of triaxial constraint.

Irradiation and high loading rates result in significant upward shifts in the cleavage transition
temperature. The shifts are largely due to corresponding increases in the yield stress. Notably,
the G*-A* concept also provides the basis for an apparently effective way to predict these effects

using the simple equivalent yield stress model (EYSM). However, the reason for this success is
not fully understood, in view of the severe flow localization observed in irradiated alloys.
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Flow localization following irradiation has even more profound effects on effective ductile fracture
toughness, K~.X, defined in this work as the K~ at maximum load in the load-displacement curve.
The trends in the experimental estimates of ~= are qualitatively consistent with a simple model
based on effects of irradiation on the tensile properties, as dominated by reductions in uniform
strain. However, more realistic models reflecting the complexities of the underlying physics are
needed and are under development.

Finally, it is clear that the large cleavage transition temperature shifts and ductile toughness
decreases may limit the application of V-4Cr-4Ti alloys for low-to-intermediate temperature
irradiation environments.
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UNIAXIAL CREEP BEHAVIOR OF V-4Cr-4Ti Alloy”

K. Natesan, W. K. Soppet, and D. L. Rink (Argonne National Laboratory)

OBJECTIVE

The objectives of the creep test program are to (a) to establish time/temperature relationships for

creep properties, such as creep rupture strength, 1Y. creep in 10,000 hr, onset of third-stage creep,

etc., all of which are key parameters in designing structural components for service at elevated

temperatures; (b) provide a basis to establish the upper-use temperature associated with creep limits

for application of V-base alloys; and (c) evaluate the influence of variations in the concentrations of

substitutional and interstitial elements on the creep properties of fusion-reactor-relevant V-base

alloys.

SUMMARY

A systematic study is currently being conducted at Argonne National Laboratory (ANL) to evaluate the

uniaxial creep behavior of V-Cr-Ti alloys as a function of temperature in the range of 650-800”C and

at applied stress levels in the range of 75-380 MPa. At present, the principal effort has focused on

the V-4Cr-4Ti alloy of Heat 832665 however, another heat of a similar alloy from General Atomics

(GA) will also be used in the study.

INTRODUCTION

Refractory alloys based on V-Cr-Ti are being considered for use in first-wall structures in advanced

blanket concepts that involve liquid Li as a coolant and breeding. material. Furthermore, advanced

concepts that involve He as a coolant also require structural alloys such as V-Cr-Ti, which can

withstand thermal loading at high temperature. It is important that for advanced fusion systems,

design concepts establish the upper temperature limits for structural components based on various

design criteria. At temperatures above 600”C, the time-dependent creep properties of V alloys must

be considered when evaluating performance limits.

The long-term creep properties of the V-base alloys will be influenced by the time-dependent

nucleation and growth of precipitates that involve nonmetallic elements such as O, N, and C. Several

of the microstructural studies of V-base alloys have identified precipitates such as face-centered-

cubic Ti(O, N, C) with variable O, N, and C ratios. To correlate microstructual development with

creep properties, It is essential to establish the time-dependent evolution of type, number, and

location of precipitates in V-base alloys. Furthermore, development of several of these precipitates

can be influenced by the exposure environment during creep testing. Over the long term, creep data

are needed for environments with a wide range of chemistry and that encompass high vacuum to low

partial pressures of O and H, and He of various purities.

●This work has been supported by the U.S. Department of Energy, Office of Fusion Energy

Research, under Contract W-31-1 09-Eng-38.
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SCOPE OF WORK

In the near term, the program will experimentally evaluate uniaxial creep properties of V-Cr-Ti

materials in high-vacuum environments at temperatures of 650-800”C, with emphasis on baseline

creep behavior of the alloys and correlations between microstructure and properties. Another

aspect of the program will be creep tests on heats of V-base alloys that represent a range of

variations in the concentrations of both substitutional and interstitial elements to provide an

understanding of the effects of these variables on creep behavior.

EXPERIMENTAL PROGRAM

The effort is focused on the ANL-procured large heat of nominal composition V-4Cr-4Ti and on the

GA heat of a similar composition.l Four uniaxial creep-test .machines have been allocated for this

program. All of the machines are equipped with high-vacuum systems and furnaces capable of

900”C. Flat creep specimens, 1 mm in thickness (see Fig. 1 for details), were fabricated according to

ASTM Standard E8-69 and used in the initial phase of the program. A few specimens with cylindrical

cross sections will be tested to validate the effects, if any, of specimen geometry on creep properties.

Initial tests were conducted on specimens annealed at 10OO°C for 1 h in vacuum. During this

reporting period, several tests were conducted at 650, 725, and 800”C. The specimens were

wrapped in Ti foil to minimize contamination of the sample, especially by O.

+’------4
I I

r)’ l-lB Y14 Iv’”1B“

Dimensions in mm

A=19a0.50 Y = 2.2

B= 12.7 w = 4.5

C= 12.7 T=l.O

D = 4.o R=3.175

E = 7.6 L = 50.8

I

Fig. 1. Schematic diagram of creep specimen designed according to ASTM Standard E8-69.
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Creep strain in the specimen is measured by a linear-variable-differential transducer (LVDT), which is

attached between the fixed and movable pull rods of the creep assembly. Displacements of 5 x 10-3

mm could be accurately determined with the LVDT. Before each test, the LVDT was calibrated by

measuring its output for displacements that were set manually on a micrometer. The linear portion of

the calibration curve is used to measure strain in a specimen during creep testing. The strain

measurements are made at sufficiently frequent intervals during a test to define the creep strainhime

curve.

A three-zone resistance-heated furnace is used in each testing machine to conduct creep tests at

elevated temperatures. Chromel-Alumel thermocouples with small beads are used to measure

specimen temperature. Ceramic insulators are used on the thermocouples in the hot zone. In

general, three thermocouples are fed through the specimen chamber, one spot-welded onto each end

of the grips on the specimen near the shoulder region, the third, held in the vacuum environment

adjacent to the gauge-length portion of the specimen. Temperature is maintained within 2°C of the

desired value for each test. The specimens are loaded at a constant rate to full load at the test

temperature.

A detailed microstructural evaluation of the tested specimens is planned to characterize the

morphologies as a function of exposure temperature and time and to establish the mechanisms of

creep failure. The test program is aimed at obtaining the steady-state creep rate, onset of tertiary

creep, rupture strain, and rupture life. At least four stress levels are planned at each temperature to

obtain sufficient data to develop Larson-Miller correlations between time, temperature, and applied

stress. The information will be used to assess the upper-use temperature for the material, based on

appropriate design criteria and as a basis for alloy improvement.

RESULTS

During this period, several creep tests were conducted at 650, 725, and 800”C. Furthermore, a test

was initiated at 700”C to complement and compare the data generated in the biaxial creep test

program at 700”C conducted at Pacific Northwest National Laboratory (PNNL).2 Figure 2 shows the

creep strain/time plot for a V-4 Cr-4Ti alloy specimens that were tested in vacuum at 650, 725, and

800°C at ANL. The data indicate that the prima~ creep period is negligible for all tests and the

secondary, or linear, creep portion of the curve is small. The curves show an accelerating creep

behavior over the range of the present tests, especially at 725 and 800”C. The creep strain/time

curves have been analyzed in detail to extract data on the onset of tertiary creep, creep strain at the

onset of tertiary creep, minimum creep rate (linear portion of the curve), and time and strain at

rupture. Data are listed in Table 1 for tests that have been completed.

To examine the extent of O contamination, if any, in the creep specimen, cross sections of the tested

specimen were mounted and polished, after which Vickers hardness measurements were made

along the thickness direction. Figure 3 shows the hardness profile for several specimens after testing

at 650, 725, and 800°C. Hardness values ranged from 145 to 195, with negligible variation in

hardness within a given specimen, indicating that the contamination is minimal over the range of the

..——---- ..— -— ——. -...—-. . —--- -- —-----
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current study. Examination of the fracture surfaces of tested specimens showed a ductile mode of

fracture in all of the specimens. The specimens tested at 800°C showed rupture strains of 30-619’.,

with significant thinning of the cross section in the fracture zone. Detailed examination of the tested

specimens by scanning and transmission electron microscopy is planned for the future.

A comparative analysis was attempted I order to correlate the uniaxial creep data developed at ANL

and the biaxial creep data developed at PNNL. At the common test temperature of 800°C, ANL tests

were conducted at applied stress levels of 174, 150, and 130 MPa. PNNL tests were conducted at

effective stress levels of 136.8, 117.7, 92.6, and 70.6 MPa. Figure 4 shows a comparative correlation

of the data between time-to-rupture and applied or effective stress developed at 800°C in ANL and

PNNL programs. The data developed at 800”C can be correlated as follows:
.

Time to rupture (h)= 1.5x 1012 [Applied or effective stress (MPa)]-4-58

Applied or effective stress (MPa) = 565.85 x ~me to rupture (h)]-0.2548

Additional tests are in progress at 650, 700, 725, and 800”C; results will be reported as they become

available. Furthermore, the creep curves will be analyzed in detail to evaluate the time for

accumulation of 1 and 2% strain and to develop correlations that relate stress with 1 and 2% strain in

10,000 h.

r I , ! I 1
0 200 400 600 800

i ,!.
i I I

0.30 A <

0 500 1000 1500
Testtime(h) Testtime(h)

0.35
1500 0

0.30

c 0.25
73=
w 0.20 00 .
Q A
al A
g 0.15 A
o A‘‘110(inprogress)

*8A

0.05

1,, ,. 1., ,1, ,., t.,
o 100 200 300 400 500

Testtime(h)

Fig. 2. Uniaxial creep strain-vs.-time plot for V-4Cr-4Ti alloy tested at 650 (top left), 725 (top right), and

800°C (bottom) in vacuum environment. Numbers next to the curves indicate applied stress in MPa.
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Table 1. Creep test data obtained for V-4Cr-4Ti alloy at 650-800”C

Ternpemture Applied Time to Rupture Minimum Time-to-onset Strain-to-onset
f’c) stress (MPa) rupture (h) strain creep rate (s- of tertiary (h) of tertiary

‘)

650 370

350

335

322

280a

700
.

250 a

725 260

230

200

180

800 174

150

130

Iloa

90a

300 0.18

414 0.14

661 0.15

718.5 0.16

139.2 0.17

329 0.25

737.4 0.27

1701.4 0.32

112.2 0.30

214.9 0.46

275 0.61

2.2 x 10-8 210 0.029

2.0 x 10-8 280 0.029

9.3 x 10-9 450 0.028

7.0 x 10-9 515 0.029

7.2 X 10-8 80 0.024

3.3 x 10-8 160 0.024

2.2 x 10-8 380 0.033

1.OX 10-8 530 0.029

1.1 x 10-7 45 0.036

2.3 X 10-8 85 0.015

=104 40 0.012

‘In progress.

REFERENCES

1. K. Natesan, W. K. Soppet, and D. L. Rink, Uniaxial Creep Behavior of V-Cr-Ti Alloys, Semiann.

Progress Report for Period Ending June 30, 1999, DOE/ER-031 3/26, Sept. 1999, p. 20.

2. R. J. Kurtz and M. L. Hamilton, Biaxial Thermal Creep of V-4Cr-4Ti at 700 and 800”C, ibid, p. 3.

. ------,,, --R —-. —---- --- -v,, .- ,.. ,, ,, . . .. -— .? .. —---- -- —--.7--.’,--T- ---- T—



22

17+

16$ I I 4
0 0’.2’ 0’.4 0.6 0.8 1

Distance in thickness direction (mm)

2

220 I I I I

i
2oo~

(n
(n
al

I: 180-
} 260 MPa

F 200 MPa
~
0160
x
.-
2

140 – 180 MPa

120 I I I I
o 0.2 0.4 0.6 0.8 1

Distance in thickness direction (mm)

I I ,,, , l’” 4

150 MPa

60

174 MPa
40 -i

-1

I I I I 1

0 0.2 0.4’ 0.6’ ‘ 0.8 1
Distance in thickness direction (mm)

Fig. 3. Vickers hardness profiles in thickness direction for V-4Cr-4Ti specimens, after creep testing at

various stress levels at 650 (top left), 725 (top right), and 800”C (bottom) in vacuum environment.

Numbers next to curves indicate applied stress in MPa.

I .,, . 1 I I I 1,. I 1 .,. t I 1 I I

open symbol-PNNL biadal creep data
~
= 200 - open symb.d-PNNL biaxial creep data

dosed symbol-ANL uniaxial creep data

closed symbol-ANL uniaxal craep data
:

g

g
. .$ ,00( ~

: 0

75 :
=“ a
~loo - ?

0 9C -
0 %

28 g

~ u)

< 7C -

6C - Ioc-
50’’’’’’’’’’’’’’’’’’’’’’’”

,,. I 0 1 ,,, ,,. I I I 8 I
o 1000 2000 3000 4000 5000 60 90 120 150 180

Stress rupture t,me (h) Applied or effacwe stress (MPa)

Fig. 4. Two correlations between time-to-rupture and applied stress, where independent variable is

time-to-rupture (left) and applied stress (right). Curves represent best fit of data at 800”C obtained in

both ANL and PNNL programs.



23

MICROSTRUCTURAL EXAMINATION ON V4Cr-4Ti RODS AND CREEP TUBES
- Y. Yan, H. Tsai, and D.L. Smith (Argonne National Laboratory)

OBJECTIVE

The objective of this task is to determine whether the V-4Cr-4Ti bars from the extruded 832665
and swaged 832864 heats are suitable feedstock for the upcoming creep tubing fabrication
campaign.

SUMMARY

Extruded V-4Cr-4Ti bar stock from ANL’s 500-kg 832665 heat and swaged rod stock from GAs
1000-kg 832864 heat were examined using optical microscopy and transmission electron
microscopy to determine whether they are suitable feedstock for the upcoming creep tubing
fabrication campaign. To compare microstructure, 832665-heat creep tubing from the last
fabrication campaign was also examined. The results of this study show a banded (stringer)
structure, consisted of fine Ti-rich particles, exists in both the 832665 and 832864 bars. In the
finished creep tubing, remnant of Ti-rich secondary phase particles could also be found although
the imhomogeneity is less pronounced than in the feedstock. A homogenization treatment (e.g.,
annealing at 1200°C for 2 h) may remove the banded structure and this will be tested on small
pieces of the 832665 and 832864 bars in the near future.

EXPERIMENTAL PROCEDURE

Specimens were prepared in directions both parallel and perpendicular to the extrusion direction “
of the bars in order to elucidate the microstructure, particularly the distribution of the banded
structure. After mechanical polishing and electropolishing, optical microscopy examinations were
conducted to delineate the grain sizes and the microstructural imhomogeneity. Transmission
electron microscopy (TEM) studies were carried out to identify the secondary phase particles
using a Philips-CM30 microscope, and high resolution electron microscopy (HREM) observations
were performed using a JEM4000EX microscope with a point-to-point resolution of 0.17 nm at
Argonne National Laboratoy.

RESULTS AND DISCUSSION

There are significant differences in microstructure, including grain sizes between the extruded
832665 and swaged 832864 rods, as shown in the low-magnification micrographs in Figs. 1 and
2. The microstructure of the extruded 832665 material, as shown in Fig. 1(a), consists of an
inhomogeneous mixture of small (5-20 pm) and coarse grains (25-50 pm). The grains are mostly
equiaxed. For the 832864 material, as shown in Fig. 2(a), the grains are elongated parallel to the
extrusion direction and the average grain size is larger than that of the 832665 material.

A banded structure parallel to the extrusion direction, as reported by Rowcliffe et al [1], was
observed in both materials. The average grain size in the banded region is considerably smaller
than that in the un-banded region, particularly for the as-extruded materials from heat no. 832665
(see Fig. 1(a)). The “dark-field” imaging (i.e. using the scattering light illuminating in optical
microsmpy), as shown in Figs 1(b)-(c) and 2(b)-(c), was used in our examinations to enhance the
contrast of the grain boundaty structure and the secondary particles. Figs. 1(b) and 2(b) are
higher magnification micrographs showing the banded structure in specimens from heat nos.
832665 and 832864, respectively. Detail analyses indicate that the width of the bands and the
distances between them are varied from region to region. The typical width of the bands ranges
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from 25 to 100 Lm, and the distances between the bands are = 50-150 pm in the specimens
examined.

Figs. 1(c) and 2(c) are higher magnification micrographs showing local areas without the banded
structure in the extruded 832665 and swaged 832864 materials. There is a strong tendency for
grain boundary interfaces to be faceted for as-extruded rods from heat no. 832665 (see Fig. 1(c)).
The faceted planes are presumably some low index crystallographic plans, which are usually in
favor of formation energy for grain boundaries. At the triple points (marked as TR in Fig. 1(c)) the
grain boundaries likely joint together at some special angles, such as -90°, -120°, or -135°. The
tendency to be faceted onto low index plans is decreased for the grain boundaries in the sample
from heat no. 832864 due to the deformation induced in swaging processing of round bars from
the original materials. It has also been found that the grain sizes are not uniform in the banded
areas. Although the average of the grain sizes in the banded area are smaller than that in the un-
banded areas, some large grains (>30 pm) were also observed occasionally in the banded areas,
as shown in Fig. 1(b).

TEM micrograph of Fig. 3(a) shows a secondary phase particle in the 832864 specimen.
According to other investigators [1,2], the globular-shaped secondary particles in V-4Cr-4Ti
consist of Ti-oxycarbonnitrides (Ti-OCN). Our preliminary TEM examinations confirmed the
predominant composition of Ti in the secondary phase particles. However, it appears that there
is no significant increment of the C and O peaks in the energy dispersive spectrum of the
secondary phase particle examined in our sample. A typical energy dispersive spectrum for the
impurity phase is shown in Fig. 3(c) and can be compared with the reference spectra obtained
from the V-4Cr-4Ti matrix, shown in Fig. 3(b). A more detailed analysis on the secondary pha<e
particles will be conducted in the near future.

Electron diffraction studies did not reveal any preferred orientation of the discrete Ti-rich particle
inclusions with respect to the V4Cr-4Ti matrix. TEM microscopy indicates further that the
interface between the V-4 Cr-4Ti and seconda~ phase particles is predominantly non-faceted, as
can be seen from Fig. 3(a). High-resolution electron microscopy (HREM) was used to examine
the interface structure. The lattice disorder, indicated by the non-uniform contrast in the HREM
image (see Fig. 4(a)) of the V-4Cr-4Ti phase around the second phase, was observed, although
the spatial distribution of the defects is better viewed at low magnification using the diffraction
contrast techniques. The lower magnification using a zone-axis bright-field image shown in Fig.
4(b) reveals the form and distribution of the stress field associated with the secondary phase
particle. In the area examined, the dislocations are non-uniformly distributed, with high density
near the Ti-based particles. The dislocations appear to extend to distances of up to hundreds of
nanometers from the interface of the V-4 Cr-4Ti and secondary phase particles.

Limited microstructural characterization on creep tubing from the previous fabrication campaign
was conducted to determine whether there are residual imhomogeneity from the feedstock.
Optical microscopy, conducted along both longitudinal (see Fig. 5) and transverse (see Fig. 6)

directions, shows that the grain sizes are from =1 O to 70 pm with elongated deformation parallel
to the longitudinal (i.e. drawing) direction (see Fig. 5). The secondary phase particles in the
creep tubes distribute more uniformly, as shown in Fig. 5(c), than in the as-extruded feedstock,
but the banded structure can still be observed (see Fig. 6(c)).

FUTURE PLAN

A homogenization treatment (e.g., annealing at 1200”C for 2 h) will be performed on small pieces
of the 832665 and 832864 bars, and microstructural examinations on the treated materials will be
conducted to determine whether the treatment will redissolve the secondary phase particles.
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Fig.3 (a) A TEM image showing a secondary phase particle (labeled as B) in the V-4Cr-4Ti rods from heat
no. 832864. (b) Energy dispersive spectrum obtained from the V-4 Cr-4Ti matrix.(c) Energy dispersive
spectrum obtained from the secondary phase particle. Note the lack of noticeable increase in C and O
peaks in the spectrum of the particle B.
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Fig.4 (a) HREM image showing the lattice disorder of the V-4Cr-4Ti phase
around the second phase particles. (b) A low magnification TEM micrograph
showing the microstructure in the band of the V-4 Cr-4Ti rods from heat
no. 832864.
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Fig. 6 (a) Optical micrograph of the creep tubing cut
along transverse direction: (a) a low magnification
optical micrograph and (b) a “dark” field image showing
the grain distributions, (c) a high magnification “dark”
field image showing a local banded structure.
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EFFECT OF OXYGEN ON THE CRACK GROWTH BEHAVIOR OF V-4CR-4TI AT 600”C -
R. J. Kurtz (Pacific Northwest National Laboratory)*

OBJECTWE

The objective is to determine the effect of oxygen on the subcritical crack growth behavior of
V-4Cr-4Ti alloys. Constant load compact tension tests are being performed to determine the
propensity for stress-assisted, oxygen-induced embrittlement of V-4Cr-4Ti.

SUMMARY

Exploratory experiments were performed to evaluate the effect of oxygen on the crack
growth response of V-4Cr-4T~ at 600”C under constant load. Tests were run in gettered
argon, argon containing 2000 ppm oxygen, and laborato~ air using fatigue pre-cracked

compact tension specimens. Crack growth was measured primarily by post-test fracture
surface examination, but also by in-test compliance measurements. Crack growth rates
measured in air and gettered argon were about 2-3x103 mm/h at a stress intensity factor of
about 40 MPa~m. The crack growth rate in argon with 2000 ppm oxygen was about 7x102

mm/h at the same stress intensity level. The crack growth rates were very sensitive to the
stress intensity factor. Over a limited range of stress intensity values the crack growth-rate
in argon plus 2000 ppm oxygen appears tb be power-law dependent on stress intensity with

an exponent of about 8.9. The fracture mode in air and gettered argon was transgranular
cleavage with 20 to 30% intergranular fracture. In the oxygenated argon environment crack
growth occurred predominantly by transgranular cleavage.

PROGRESS AND STATUS

Introduction

The mechanical properties of vanadium alloys being developed for fusion power system
structures are” sensitive to interstitial impurities such as oxygen, nitrogen and carbon.
Previous studies [1-7] have shown the profound effect these impurities have on the tensile
and fracture behavior of these materials. Effects include loss of ductility, increases in the
ductile-to-brittle transition temperature, and a propensity for mechanical failure by low-
energy modes such as cleavage or grain boundary fracture. The severity of the effect
largely depends on the concentration and distribution of interstitial in the microstructure, but
the details of how properties are degraded are not well understood. Relatively few studies
have been performed to evaluate the effect of environment on the sub-critical crack growth
and fracture behavior of candidate structural materials [8]. The objective of the present
investigation is to examine the effect of oxygen on the propensity for stress-assisted
dynamic embrittlement in V-4Cr-4Ti.

Dynamic embrittlement is a type of brittle fracture that occurs by quasi-static decohesion,
usually along grain boundaries, caused by the stress-driven diffusion of a surface-adsorbed
embrittling element. This type of embrittlement has been observed in a number of alloy
systems. Oxygen is found to embrittle nickel-base superalloys and interrnetallics [9-11], as
well as in a precipitation strengthened Cu-Be alloy [12]. Tin will embrittle bronze [13] and in
steels sulfur is the deleterious element [14]. Crack growth rates are between 0.1 – 100

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0-1830.
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mm/h which is many orders of magnitude slower than conventional brittle fracture. The

growth rate is determined by the diffusivity of the embrittling species, the stress profile ahead
of the crack tip (assumed to be time-dependent), and the concentration of the embrittling
element need to cause local fracture. Excellent review papers have appeared in recent

years describing dynamic embrittlement and quantitative models based on a modification of
Fick’s second law of diffusion [15,16]. In the present report, the results of exploratory
experiments to study the effect of oxygen partial pressure and stress intensity level on the
crack growth behavior of V-4Cr-4Ti at 600”C are presented.

Ex~erimental Procedure

Compact-tension (CT) specimens 30.5 mm wide by 3.8 mm thick were machined from
warm-rolled V-4Cr-4Tl alloy (Heat No. 832665) plate in the T-L orientation. The CT
specimens were cut according to the dimensions specified by the ASTM standard test
method for plane-strain fracture toughness of metallic materials [17]. After machining,
specimens were annealed at 1000”C for one hour in a vacuum furnace at a pressures 10-7
torr. This heat treatment produced a recrystallized microstructure with an average grain size
of 25 pm. Specimens were fatigue pre-cracked in room temperature air and then tested at
600°C in an appropriate environment.

Three environments were utilized 1) flowing (0.4-0.5 Vmin) purified argon, 2) flowing argon
doped with 2000 ppm oxygen, or 3) laboratory air. Table 1 summarizes test conditions for
the experiments performed to date. An oxygen gettering furnace was used to puri~ the
argon gas before passing it once through the test chamber. The oxygen concentration of the
purified argon leaving the gettering furnace was much less than -1 ppm oxygen as
measured by a zirconia-cell oxygen meter. To create an environment consisting of argon
containing 2000 ppm oxygen a gas mixing apparatus was used. Details of how the gas
mixing system operates have been described previously [18].

Table 1. Test conditions employed.

Specimen ID Total Test Time, h Test Environment

CT44-01 407 Gettered Ar

CT44-02 529 Air

CT44-05 241 Air
CT44-08 171 Ar + 2000 ppm 02

CT44-09 . 212 Gettered Ar

All experiments were performed in a controlled atmosphere furnace, with quartz windows on
two opposite sides, attached to a rigid, electromechanically controlled, load frame. The CT
specimens were loaded via Inconel 625 pin and clevis grips. These grips extended out of
the furnace hot zone and were, in turn, connected to water-cooled, stainless steel loading
rods inside the controlled atmosphere chamber. The loading rods passed through stainless
steel bellows and were connected to the load frame.

The samples were loaded to a nominal constant load by cycling the load 1 N above’ and
below a desired value at a crosshead speed of 0.05 mm/min. The load-line displacement of
the specimen notch was measured with a laser extensometer, Figure 1. The extensometer
transmitter scanned a laser beam vertically through one of the quartz windows on the

~~ ~-+~ ~:—- t:,—.--:--~ -, .. ;.-...’ ,.. . .s. ,. ,r ‘- .-” . -“---- ,~.=-. . . . .,. ------ --- ., ,, ,$
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furnace. The extensometer receiver collected the resultant signal after it had passed
through the furnace chamber. The sample was arranged so that the laser beam could only
be transmitted through the notch of the sample. The resolution of the extensometer is 0.5
pm.

carrtrdled
atmas*re
furnace

\

.

Incad 626
pull-rod

Z?‘-r
Imiderlt : Trarstitted

beam beam

c1Ia3er
IecehM
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*n&w

Incmel 62S
puwrcd

Figure 1. Schematic of experimental test set-up for constant load crack growth testing.

The load-line displacement and load were recorded once a minute by a computer data
acquisition system. Periodically the specimen compliance was measured by unloading to
80% of the current load level. During unloads the data acquisition rate was increased to
once a second. The specimen compliance was used as an indication of crack growth at a
particular load level. At the end of a test the extent of environmentally induced crack growth
was marked by causing additional fatigue crack growth in room temperature air. Specimens
were then broken open and the fracture surfaces examined both optically to measure crack
extension, and in a scanning electron microscope (SEM) to characterize fracture mode.

Results

Figure 2 gives a representative plot of the load and load-line displacement as a function of
time for specimen CT44-08 tested in argon plus 2000 ppm oxygen. The load-line
displacement measurement includes displacements from several sources. Increasing
displacement may be attributed to either crack growth or to creep of the material in the
vicinity of the highly stressed crack tip. A decrease in load-line displacement may be caused
by growth of an oxide film on the surfaces of the notch. All of these effects occurred during
our tests. As noted above the specimen compliance was measured in an effort to separate
crack growth from specimen creep and oxide film growth. Reliable measurements of the
specimen compliance were not obtained under low stress intensity and severe oxidation
conditions. Build up of oxide at the crack tip wedged the crack open preventing complete
unloading. Thus, crack growth measurements were based primarily (but not entirely) on



35

post-test visual and SEMexamination of the fracture surface. These results suggest that
another crack growth measurement technique, such as the DC potential drop method, may
provide better crack growth monitoring capabil”~. The crack growth data are summarized in
Table 2. The dependence of the crack growth rate on stress intensity factor is shown in
Figure 3. It is evident from Figure 3 that the crack growth rate in air and gettered argon are
similar at a stress intensity of about 40 MPa~m. In contrast, the crack growth rate in argon
with 2000 ppm oxygen is one to two orders of magnitude higher at similar stress intens”~
levels and appears to be power-law dependent on the applied stress intensity. The data
gathered under other conditions are too few to make conclusive statements about the
dependence of the crack growth rate on stress intens”~ factor.

.
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Figure 2. Time dependence of the applied load and load-line displacement for specimen
CT44-08 tested in 2000 ppm oxygen at 600”C.

SEM fracture surface examinations were performed on all specimens. For specimens tested
in air the fracture surfaces were heavily oxidized. Attempts to remove the scale by ultrasonic
cleaning in’ an acetone bath were partially successful, but this treatment did not reveal the
details of the fracture process since the surfaces were severely corroded. The oxide scale
did not interfere with optical measurements of the extent of crack propagation, however due
to clear differences in surface roughness between fatigue crack growth regions and
environmentally assisted crack growth. On the other hand, the fracture surfaces of
specimens tested in gettered argon or oxygen doped argon were less severely oxidized, so
only brief ultrasonic cleaning was needed prior to SEM examination. For these specimens it
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Figure 3. Crack growth rate as a funotion of stress intens”~ factor for unirradiated V-4Cr-4Ti
tested in gettered Ar, laboratory air, or Ar + 2000 ppm oxygen at 600”C.

was not d“ficult to determine the fracture mode. Transgranular cleavage and intergranular
fracture were the principal fracture features observed on specimens tested in gettered argon,
Figure 4. About 20 to 30% of the fracture features are considered intergranular in these
specimens. For the specimen tested in argon containing 2000 ppm oxygen the fracture
mode was predominantly transgranular cleavage with some evidence of tear ridges
separating cleavage patches, Figure 5.

Table 2. Summary of crack growth results.

Specimen ID Aa, mm At, h AalAt, mm/h K, MPa~m
CT44-OI 0.20 407 4.91X104 22.2
CT44-O2 1.00 266 3.76x1 0+ 42.4 4
CT44-05 0.55 210 2.62x1 03 39.2

u
0.83 30.7 2.71x1 0-2 46.2

CT44-08 0.66 19.5 3.38x1 0-2 35.4
u

1.40 18.5 7.57X1 02 39.0
u 1.07 5.70 1.88X1 O-’ 44.4
u 1.78 1.70 1.05X10° 51.7

I CT44-O9 0.38 I 164 I 2.32x1 03 I 45.3 I
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.Figure4. ~;~O~mage of the fracture surface of specimen CT44-09 tested in gettered Ar at
.

Figure 5. SEM image of the fracture surface of specimen CT44-08 tested in Ar+2000 ppm
oxygen at 600°C.
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Discussion

A clear difference in crack growth behavior was found for specimens tested in air or gettered
argon compared to tests conducted in oxygenated argon. The diffusion coefficient of oxygen
in V-4Cr4Ti at 600°C is about 3x105 mm2/h [1]. The distance oxygen must cliffuse in order
to cause the observed crack growth rates maybe computed from

~=D —
a

(1)

where ti is the crack growth rate in mm/h and 0 is the d“tiusion coefficient in mm2/h. For
tests conducted in air or gette~ed argon the required oxygen diffusion distance is between 8
and 61 pm depending on the specific environment and stress intensity level. These cliffusion
distances are on the order of the grain size in this material. This suggests that the cracking
process in air or gettered argon is intermittent. In a low oxygen environment such as
gettered argon a relatively long time is needed for oxygen to diffuse into the material and
elevate the oxygen concentration to a value high enough to cause local fracture. It is
interesting to note that the fracture mode observed during tensile testing of pre-charged
specimens seems to differ from that found here. The primary fracture mode seen by
Natesan et al. [3] and DiStefano et al. [2] following tensile testing was intergranular rather
than transgranular cleavage. In contrast, Fujiwara et al. [5] observed transgranular
cleavage in specimens exposed to air for one hour at 500 or 700”C. Air has been. found to,

be a more aggressive oxidation environment than low partial pressure oxygen [2,3]. In air it
appears that formation of a relatively thick oxide scale inhibits oxygen transport to the crack
tip relative to the oxygen doped argon environment. For the argon with 2000 ppm oxygen
the characteristic diffusion distance ranges from 0.03 to 0.4 pm. In other words, the depth of
penetration is 10 to 1000 times smaller than the crack tip opening displacement. Thus,
oxygen must be embrittling the material at or very near the surface. There is very little time
for protective oxide film to form, as should be the case for a continuous cracking process.
These results indicate that under certain conditions of stress intensity and oxygen partial
pressure the near surface region is easily embrittled and rapid crack growth occurs.

Conclusions

The crack growth rate in gettered argon and laboratory air was similar at a stress intensity
factor of about 40 MPa~m. The crack growth rate in argon containing 2000 ppm oxygen was
more than one order of magnitude faster than for tests run in laboratory air or gettered argon
at similar stress intensity factors. The crack growth rates were very sensitive to the stress
intensity factor. Over a limited range of stress intens-w values the crack growth rate in argon
plus 2000 ppm oxygen appears to be power-law dependent on stress intensity with an
exponent of about 8.9. The fracture mode in air and gettered argon was transgranular
cleavage with 20 to 30% intergranular fracture. In the oxygenated argon environment crack
growth occurred predominantly by transgranular cleavage.
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OXIDATION OF V-4Cr-4Ti AT LOW PRESSURES -- B. A. Pint, J. R. DiStefano, J. Bentley and

L.D. Chitwood (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this task is to assess the high temperature oxidation behavior of V-4Cr-4Ti in low

oxygen pressure environments and any related effect on mechanical properties. Many reactor

designs involve vanadium alloys in high temperature environments such as vacuum or helium

which will contain some level of oxygen and hydrogen impurities. Testing is being conducted in

vacuum with low oxygen pressures, 103-1 O-6Pa (10-5-1 O-8Torr), and in high-purity helium at 400-

700”C. Recent emphasis has been on determining kinetics of oxidation at 600-700”C.

SUMMARY

To complement previous work on V-4Cr-4Ti at 400-500”C,1 similar oxidation experiments were

conducted at 600-700”C. In general, the rates were linear with time. However, at higher oxygen

pressures, e.g. 10-3Pa (1O-5Torr), specimen surfaces became slightly discolored indicating the

formation of a surface oxide and rates were linear-parabolic. The addition of more than 10OOppm

oxygen resulted in a significant loss of room temperature ductility. Annealing at 950”C was

effective in improving ductility at oxygen levels below 1500ppm. With higher oxygen levels, the

anneal was ineffective or further reduced ductility. High resolution analytical electron microscopy

was used to examine the oxidized V-4Cr-4Ti microstructure before and after annealing at 950”C.

Low ductility before annealing is attributed to fine oxide particles in the matrix inhibiting dislocation

movement. Large Ti-rich oxide particles were observed at grain boundaries while the alloy matrix

adjacent to the boundary was depleted in ~.

PROGRESS AND STATUS

Ex~erimental Procedure

All of the experiments were conducted on V-4Cr-4Ti (Heat#8326). Prior to exposure, the

specimens were annealed at 1050”C to produce a uniform grain size. Low pressure exposures

were conducted in an ultra high vacuum system with a base vacuum of 10-7Pa (10-9Torr). A leak

valve is used to achieve oxygen partial pressures of 10-3-10-6Pa (10-5-10-8Torr). Specimens

were 0.76mm thick tensile specimens. Oxygen content was determined by weighing the samples

before and after exposure. Select samples were then annealed for 4h at 950”C in vacuum, which

has been shown to restore room temperature ductility to O-loaded vanadiuml. Mechanical

properties were measured at room temperature. TEM samples were prepared in parallel near the

center of the specimen using electropolishing.

Results and Discussion

Reaction Kinetics 600”-700”C

The oxidation rate of V-4Cr-4Ti was measured from 10-3-10-5Pa (10-5-10-7Torr) at 600”C and

from 10-3-1 0-6Pa (10-5-10-8Torr) at 700”C. Results to date are summarized in Table I (mass gain

data in Table I are based on either 2 or 3 test specimens). Mass gains in ppmw O are shown for
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Table 1. Oxidation data for V-4Cr-4Ti at low pressure.

Temp.
Pressure

(Pa)

600”C 1()-3

Rate of
Mass Gain
(mg/cm2h)

Mass Gain Rate
Ave. Normalized

to 10-5Torr

1

power
law fit

(n)

1.63

Mass
Gain

(mg/cm2)

0.35
0.73
1.04

0.11
0.34
0.67

0.06
0.11
0.07
0.35

1.06
2.22
3.70

0.2
0.34
0,81

0.021
0.016
0.092
0.256

0.042

Fitted
Linear Rate
(mg/cm2h)

Time
(h)

8
24
48

8
24
48

24
48

100
242

8
24
48

8
24
48

8
24
48

250

48

4.4X1 0-2
3.OX10-2
2.2X1 0-2

2.OX10-2

1.4X10-2
1.4X10-2
1.4X10-2

1.4X10-210-4 0.4 0.98

I ()-5 1.3X10-3
1.2X1 O-3
6.8X1 0-4
1.4X10-3

1.5X10-30.04 1.00

700”C 1()-3 1.3X10-1
O.9X1O-1
0.8x1 0-1

7.2x1 0-21 1.44

1.38

1.23

2.5x1 0-2
1.4X10-2
1.7X10-2

2.6x10-3
0,7X1 0-3
1.9X10-3
1.Oxl 0-3

10-4

10-5

1.6x1 0-20.19

0.016 9.5X1 0-4

10-6 8.7x1 0-4 0.004 1X10-42.85
100
250
500

0.036
0.058
0.058

3.6x1 0-4
2.3x10-4
1.2X10-4

10-3 ancj 10-4F’a in Table Il. A power law was used to fit the data at each pressure and

temperature where n=l is linear reaction kinetics and n=2r parabolic. In general, the results

showed near linear behavior at 10-4-1 O-6Pa (10-6-1 O-8Torr) but deviations were observed at

10-3Pa. The linear-parabolic behavior at 10-3Pa (1O-5Torr) was attributed to the formation of a

surface oxide which then inhibited oxygen uptake into the substrate. Under these conditions,

specimen surfaces became discolored as weight increases exceeded 0.5-27.. For the data at 10-
6Pa (10-8Torr), the mass gains were so low and scattered that they are difficult to reliably interpret.

In order to compare the various results, a linear rate was fitted in all cases. At 10-4-10-6Pa, the

change in oxidation rates was proportional to the oxygen partial pressure. However, comparing

the rates at 10-3Pa and 10-4Pa the rates were less than an order of magnitude different and thus

did not scale with the oxygen pressure. At 700°C, the rates at 10-6Pa, averaged about 4X less

than at 1~5Pa, but the linear rate fit over all of the data points was almost exactly one order of

magnitude lower.

No single mathematical relationship likely describes the oxidation rate over the range of tempera-

ture and pressures of interest. However, if the assumption is made that the data generated thus

far fits an equation of the form:

.?-..; . . ,.,,,,, .. ..7 +.- . --~~--~,~.:,. ; , ,, ..,%.. T..-.—-- ---. -..... ----- -.---- -.,..~ - --------
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r = k*Poz, ancf k+.e-~/RT

where:

r = rate in mg/cm2h

k. = constant

R = gas constant

P02 = oxygen partial pressure in Pa

T = temperature in Kelvin

then the data yields:

r = 4.7x106*e-821fl*POz

This equation can be used to calculate the approximate oxidation rate of V-4Cr-4Ti at 600-700°C

for partial pressures of oxygen in vacuum between 10-3-10-6Pa (10-5-1 0-8Torr). These levels cor-

respond approximately to the total residual oxygen pressures in vacuum between 10-1-10-3Pa.

Previous work indicated that at 500”C, the oxidation rate was independent of pressure at 10-2-
1()-4Pa (-4 x 1()-3 mg/cm2h).

Testing in helium also has been initiated at 600° and 700°C. Samples will be exposed to ultra pure

(c1 ppmw O) and impure (10 ppmw O) helium to determine oxidation rates and effects on tensile

properties.

Room Temperature Mechanical Properties

The room temperature tensile properties were measured as a function of oxygen pick-up by the

V-4Cr-4Ti. Tests have been completed on the specimens exposed at 10-3 and 10-4Pa at 600° and

700”C, Table 11. Unexposed specimens generally have a room tempC?rahK? dOtIgatiOt7 of -30Y0

and a yield strength of 350MPa. Most of the 10-3Pa exposures at both temperatures resulted in

Table II. Room temperature mechanical properties of V-4Cr-4Ti after exposure
No Anneal with 950”C Anneal

Temp, Oxygen
Pressure Time Content

(Pa) (h) (wppm)

600”C 10-4 8 723
24 1806
48 3613

10-3 8 1991
24 4012
48 5647

700°C 10-4 8 1065
24 1704
48 4466

I 0-3 8 6048
24 12312
48 20408

* no yield, ultimate strength
t broke during preparation

Yield Elong-
Strength ation

(MPa) (%)

475 10.3
590 2.3
520 3.6

502 12.6
402 6.0
399 6.3

421 6.6
456 4.4
533* o

343 4.2
219 1.2
broke Ot

Oxygen
Content
(wppm)

522
1993
3741

1856
4029
5793

1092
2005
4381

5580
11862
20606

Yield
Strength

(MPa)

354
383
604’

394
513
640

390
395
688*

666*
537*
257

Elong-
ation

(%)

29.0
9.1
0

4.3
1.4
0.3

12.3
2.8
0

0
0

0.2
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severe embrittlement and the 950°C anneal did not improve performance. In most cases, the

anneal reduced the ductility further. This negative effect is attributed to the higher temperature

anneal allowing the diffusion of oxygen throughout the specimen. For example, the oxygen uptake

(1991 ppm) after 8h at 600”C in 10-3Pa was likely concentrated at the specimen surface, resulting

in a total elongation of 127., Table Il. When a similarly exposed specimen (1856 ppm O) was

annealed at 950”C, thus allowing more oxygen diffusion throughout the cross-section, its ductility

dropped to 4.39’.. Specimens with 1000ppm of oxygen or less showed improved ductility when

annealed. Further tensile testing is being completed to determine mechanical properties at 600°C.

Microstructural Characterization of V-4Cr-4Ti After Oxidation

Previous TEM work on Iarge-grained V-4Cr-4Ti after exposure to 10-4Pa at 500”C (1434ppmw O

addition) and a 100h vacuum anneal at 600°C revealed a uniform matrix microstructure with ultra

fine oxide precipitates.2 At every grain boundary there was a 100-200nm denuded zone adjacent

to the boundary and large precipitates along the boundary. The same TEM specimen was

analyzed recently with electron energy loss spectroscopy (EELS) to examine the chemical

composition of the precipitates and the matrix near the grain boundaries. Atypical EELS spectrum

from a large area of the specimen has clear peaks for V, Cr and Ti, Figure 1a. The grain boundary

region was then mapped by energy-filtered TEM (E17EM) imaging to produce fully quantitative

maps of elemental concentrations of Ti and V, Figures 1c and 1d, respectively. This technique

uses electrons with characteristic energy losses like those in regions marked 3 in Figure 1a and

then adjacent regions, marked 1 and 2, as a relative background. A ‘zero Ioss’image of the region

is shown in Figure 1b. As expected, the precipitates were denuded in V and were likely TiOx but

may contain some level of N and C. Figure 1e combines the information in Figures 1c and 1d and
shows the Ti/V atomic ratio generated with calculated ionization cross-sections. Analyzing a 50-

pixel wide region across the boundary, Figure 1e, showed that the matrix adjacent to the boundary

was depleted in Ti, Figure 1f. Away from the boundary, the Ti/V was close to the bulk composition

of 0.042 and at the boundary the WV ratio showed a peak. These results suggest that the majority

of Ti near the boundary was incorporated into the large oxide precipitates.

Grain boundary precipitates were observed before and after annealing so their presence does not

appear to affect ductility.2 The denuded zone adjacent to the boundaries has been proposed to

be an important factor in reduced ductilities observed in refracto~ metals.3 However, based on

these observations, the low ductility in V-4Cr-4Ti is attributed to the fine oxide particles in the

matrix preventing dislocation movement. The 950”C anneal improved the room temperature alloy

ductility from near 0% to 15-20% by coarsening the fine matrix oxide particles into large

precipitates similar in size to those on the grain boundaries.2 Further work is being conducted on

lower O content specimens prepared under similar conditions to assess the importance of the

particles and denuded zone at the alloy grain boundaries.

REFERENCES
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Figure 1. TEM/EELS analysis of V-4Cr-4Ti after the addition of 1434ppmw O at 500°C and

annealing for 100h at 600°C. Fine oxide precipitates are observed in the matrix and larger

precipitates at the grain boundary (b) which is surrounded by a precipitate denuded zone. A

typical EELS spectra is shown in (a). The peak (3) and background (1&2) regions are used to
construct EFTEM maps (c,d) of the region showing the particles rich in (c) Ti and denuded in (d)

V. Images (c) and (d) were used to create a Ti/V distribution in (e) and analyzing a region across

the boundary (box in (e)) showed that the boundary region was depleted in Ti (f).
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OXIDATION OF V-4Cr-411 ALLOYS CONTAINING Al, Si, and Y”

M. Fujiwara (Tohoku University) and K. Natesan (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) evaluate the oxygen uptake of several V-4Cr-4Ti alloys with

additions of 0.5 wt.?10 Si, or Al, or Y as a function of temperature and oxygen partial pressure in the

exposure environment and compare the uptake with that of the base alloy without alloying additions;

(b) examine the microstructural characteristics of oxide scales and oxygen trapped at the grain

boundaries in the substrate alloys; and (c) evaluate the influence of alloy composition on oxygen

uptake and develop correlation(s) between alloy composition, exposure environment, and

temperature.

SUMMARY

A systematic study has been conducted to determine the effects of time and temperature on the

oxidation behavior of Si-, Al-, and Y-modified V-4Cr-4Ti alloys. All samples were from 0.80-mm-thick

cold-rolled sheets, and each was annealed in vacuum at 10OO”C for 1 h prior to high-temperature

exposure. Different samples from each alloy were heated in air between 400 and 620”C for times up

to a few hundred hours. Weight change data were used to evaluate the kinetics of oxidation process

in the modified alloys, and the rate constants were compared with data developed earlier on base

alloy.

INTRODUCTION

Refractory alloys based on V-Cr-Ti are being considered for use in first-wall structures in advanced

blanket concepts that employ liquid Li as a coolant and breeding material. Further, advanced

concepts that use He as a coolant also require structural alloys such as V-Cr-Ti alloys that can

withstand the thermal loading at high temperature. Interstitial impurity atoms such as oxygen can

affect both irradiation behavior and baseline properties of the alloys. Therefore, oxidation

performance of V-4Cr-4Ti alloy with simultaneous additions of Si, Al, and Y has been examined in air

at 300-700”C. Alloying additions of 0.1, 0.3, and 0.5 wt.?!. of each of the three elements have been

included in the study [1]. The base and modified alloy specimens of 0.22-mm thickness exhibited

negligible weight changes after 1 h oxidation at 300”C. The change in Vickers microhardness

number was =5. After oxidation at 500”C, the specimens exhibited some increase in weight, and the

hardness number increased by =60 and was similar for both the base and the modified alloys. After

oxidation at 700°C for 1 h, all alloys exhibited significant weight increase, and the modified alloys

showed more uptake of oxygen than the base alloy. Furthermore, the results showed that oxygen

uptake increased as the concentration of the alloying elements increased from 0.1 to 0.5 wt.Yo, but

the difference was small when compared “with the total weight change. The Vickers hardness number

*This work has been supported by the U.S. Department of Energy, Office of Fusion Energy

Research, under Contract W-31 -109-Eng-38.
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increased by =325 for the base alloy after oxidation and it was reported that the modified alloy

surfaces were too rough to allow reliable measurement [1].

The purpose of the present work is to evaluate the oxidation behavior of V-4 Cr-4Ti alloys with

individual additions of Si or Al or Y over longer time periods and to compare their performance with

that of the large heat of V-4Cr-4Ti alloy fabricated by Argonne National Laboratoy.

EXPERIMENTAL PROGRAM

The alloys selected for evaluation included V-4Cr-4Ti alloy from Heat #832665 (from ANL) and V-4Cr-

4Ti alloys with additions of 0.5 wt.Yo Si, or Al, or Y (from Tohoku University, Japan). The modified

alloys were obtained in =0.8-mm-thick sheets. Samples measuring about 0.8 x 10 x 10 mm were cut

from each alloy. Before any further treatment or testing, all samples were annealed for 1 h at 10OO”C

in vacuum at C10-6 torr. The samples were wrapped in titanium foil to protect them from

contamination during this heat treatment process. Samples from each alloy were heated in a

thermogravimetric test apparatus (TGA) in air at different temperatures to determine oxidation kinetics

as a function of temperature. The TGA experiments were carried out at 400, 500, and 620°C.

Weight gain was recorded continuously on a strip chart throughout each experiment [2,3]. All

samples were also weighed separately before and after any high-temperature exposure to determine

the resulting total weight change. We plan to measure the hardness variation in the thickness

direction in several of the oxidized specimens. Also, metallographic examination of the exposed

specimens and X-ray diffraction analysis of the oxide scales on several of the specimens are

planned.

RESULTS

Extensive studies were conducted on the oxidation kinetics of V-4 Cr-4Ti and V-5 Cr-5Ti alloys over a

temperature range of 300-650”C; the results were reported earlier [2-4]. The current oxidation study

on the modified V-Cr-Ti alloys supplements the data developed earlier on those two alloys. Figure 1

shows normalized weight changes (in mg/mm2), obtained by TGA, of the modified V-Cr-Ti alloys in

air at temperatures of 400-620”C. Data obtained earlier on V-4 Cr-4Ti base alloy are also shown in

this figure for comparison [3]. The curves show that oxidation follows parabolic kinetics at all

temperatures. The data also show that Al and Y additions seem to decrease the oxidation rate of the

alloy when compared with that of base alloy. The effect of Si addition on oxidation is negligible at

400”C, probably because Si is present in both the base alloy (=750 wppm Si) and modified alloy

(=5000 wt.%). However, at 500 and 620”C, the modified alloy showed significant reduction in rate

when compared with those of base alloy. The results also showed that additions of any of the three

elements improved oxidation resistance in air.
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Figure 1. Thermogravimetric weight change data for Si-, Al-, and Y-modified V-Cr-Ti alloys exposed to

air at 400 (top left), 500 (top right), and 620°C (bottom).

Figure 2 shows replots of weight change data as a function of square root of exposure time. In

general, the data can be fitted by straight lines, indicating a parabolic kinetics. Table 1 lists the

parabolic rate constants derived from the present data for the modified alloys along with data reported

earlier for the base alloy. Additional oxidation experiments are in progress in low-p02 and in high-

purity He environments at 500”C, to evaluate the role of reduced p02 in the oxidation process.

Table 1. Parabolic rate constants for base and modified alloys derived from air-oxidation data

Parabolic rate constant (mg/mm2) at

Alloy 400”C 500”C 620°C

V-4Cr-4Ti 3.8 X 10-4 1.1 X1 O-3 5.0 x 10-3

V-4Cr-4Ti-O.5 Si 3.8 X 10-4 4.8 X 10-4 3.2 X 10-3

V-4Cr-4Ti-O.5 Al 2.8 X 10-4 1.2 X1 O-3 2.2 x 10-3

V-4Cr-4Ti-O.5 Y 2.8 X 10-4 I.1X1O-3 1.5 X1 O-3
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Figure 2. Weight change data plotted against square root of exposure time for Si-, Al-, and Y-

modified V-Cr-Ti alloys exposed to air at 400 (top left), 500 (top right), and 620”C (bottom).

REFERENCES

[1]

[2]

[3]

[4]

M. Fujiwara, M. Satou, A. Hasegawa, and K. Abe, “Rapid oxidation and its effects on

mechanical properties of V-Ti-Cr-Si type alloys,” J. Nucl. Mater. 258-263, 1507, 1998.

K. Natesan and W. K. Soppet, “Effect of Oxidation on Tensile Properties of a V-5Cr-5Ti Alloy,”

Proc. 2nd Intl. Conf. Heat-Resistant Materials, eds. K. Natesan, P. Ganesan, and G. Lai, ASM

International, Sept. 11-14, 1995, Gatlinburg, TN, 375.

M. Uz, K. Natesan, and V. B. Hang, “Oxidation Kinetics and Microstructure of V-(4-5) wt.%Cr-

(4-5) wt.% Ti Alloys Exposed to Air at 300-650”C,” J. Nucl. Mater. 245,191, 1997.

K. Natesan, W. K. Soppet, and M. Uz, “Effect of oxygen and oxidation on tensile behavior of V-

4Cr-4Ti Alloy ,“ J. Nucl. Mater. 258-263, 1476, 1998.



49

STUDY OF THE LONG-TERM STABILITY OF MHDCOATINGS FOR FUSION REACTOR

APPLICATIONS -- B.A. Pint, L.D. Chitwood, J. H. DeVan and J. R. DiStefano (Oak Ridge

National Laboratory)

OBJECTIVE

The objective of this task is to assess the long-term, high-temperature compatibility of high

electrical resistance coatings with lithium at high temperatures. So-called magnetohydrodynamic

(MHD) coatings on the first wall of magnetic confinement reactors are essential to reduce the MHD

force that would otherwise inhibit the flow of the lithium coolant. Initial experimental work is being

conducted on bulk ceramics to determine maximum-use temperatures of candidate ceramics such

as AIN and CaO.

SUMMARY

This project began in June 1999. Initial testing has been performed on Ahk5~oYI& at 400 °-

700°C. With increasing temperature, this material was increasingly attacked by lithium in 1000h

tests and there was a corresponding increase in the aluminum content of the lithium. These
results suggest that the maximum use temperature of AIN in lithium may be 600°C or less.

Currently, 1000h experiments are being completed with yttria-free AIN and CaO specimens at

400°, 500° and 700”C.

PROGRESS AND STATUS

Experimental Procedure

A welded capsule system was used to test bulk specimens, Figure 1. Capsules were loaded in

glove boxes in a controlled environment. An inner vanadium (V-4Cr-4Ti) capsule was used to

better simulate the environment that the ceramic will see in operation. Because vanadium is not

oxidation resistant, the vanadium capsule was then placed into a stainless steel capsule prior to

exposure. These capsules were then tested in 3 calibrated box furnaces for 1000h. After allowing

the lithium to melt, the capsules were inverted to submerge the specimen in lithium. At the end of

10OOh, the capsule was again inverted to allow the lithium to drain away from the specimen. After

opening, the specimen was cleaned by distilling off any remaining lithium followed by a final

cleaning in alcohol. Initial tests were conducted at 400°, 500°, 600° and 700°C on AIN+s~OY@s

with dimensions of 0.6xI Oxl Omm. Because of extensive attack of the AIN, the only

characterization that was performed was specimen mass change and measurement of the

composition of the lithium by Lockheed Martin Energy Systems (Y12) in Oak Ridge, TN. In future

tests, measurements also will be made of electrical resistivity and the microstructure will be

examined.

Results and Discussion .

Initial testing of AIN with s~.y$)s showed increasing attack over the range 400°-7000C. Whereas

previous work showed a 0.02% mass loss after 100h at 400”C1, there was a 0.08% mass loss

after 1000h at 400”C and a 1.927. mass loss after 1000h at 600”C. After 1000h at 700”C, only

tiny fragments of the specimen were recovered. This material had a starting thickness of only



50

Table 1. Lithium composition determined by spectrographic analysis.

Conditions Nitroaen Aluminum

Starting Lithium 244 wppm <10 wppm

After 10OOh at 400”C 292 wppm 800 wppm

After 10OOh at 600°C 232 wppm 1500 wppm

After 10OOh at 700°C 258 wppm s4000 wppm

0.6mm, subsequent tests used specimens at least 2mm thick in an attempt to prevent the

complete loss of the coupon. After testing, the lithium showed an increase in aluminum content

with test temperature indicating some dissolution of AIN at all temperatures and a major

dissolution at 700”C, Table 1. The nitrogen did not significantly increase during the test. This may

indicate that the V-4Cr-4Ti capsule walls gettered some of the nitrogen. Nevertheless, the high Al

levels in the lithium suggest that some reaction is taking place and that the maximum use

temperature of AIN in Li may be 600”C or less.

It is believed that the high (5%) yttria content of the AIN likely contributed to the extent of the attack

because of selective attack of the Y203 by lithium. Previous work showed higher attack of Y203

than AIN in lithium at 400”C.1 Because Y203 is generally a grain-boundary phase in AIN, selected

attack may have increased the disintegration of the specimen at 700°C. Pure AIN may perform

differently. Therefore, subsequent tests were conducted on yttria-free AIN and high-purity CaO.

Exposures of these materials will be complete at the end of January 2000.
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Figure 1. Schematic of the ORNL Li capsule test. After melting the Li, capsule is inverted to sub-

merge the specimen. At the end of the test, the capsule is again inverted to free the specimen

from the Li for removal.
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ELECTRICAL RESISTIVITY AND MICROHARDNESS MEASUREMENTS OF VANADIUM AND
V-4Cr-4Ti ALLOY- D.T. Hoelzer, S.J. Zinkle, and A.F. Rowcliffe (Oak Ridge National Laboratory)
and M.K. West (University of Tennessee)

SUMMARY

The purpose of this study was to investigate the interactions between Ti and interstitial solutes
over temperature ranges corresponding to thermally activated processes such as precipitation,
dislocation recovery and recrystallization, and grain growth. [n this study, room temperature
electrical resistivity and microhardness measurements were performed on cold-worked (CW)
vanadium, CW V-4 Cr-4Ti, annealed V-4 Cr-4Ti, and the fusion zone of welded V-4 Cr-4Ti plate
over the isochronal annealing temperature range from 200°C to 1200”C. The results suggested
that Ti solutes in the vanadium alloy interacted with interstitial O,C, and N solutes at temperatures
of 200”C and higher. Below -400”C, these interactions influenced processes such as solute
diffusivity and dislocation atmosphere formation. Above -400”C, recovery, recrystallization and
precipitation processes had the most significant effect on the property measurements.

INTRODUCTION

Vanadium alloys with compositions near V-4Cr-4Ti are candidate structural materials for first
wall/b[anket applications in fusion energy reactors because of their attractive low activation
characteristics and combinations of good thermal conductivity, strength,. and low ductile-to-brittle
transition temperature (DBIT) in the unirradiated condition. “The current fabrication practices
used for producing plate and sheet products from the large heats of V-4 Cr-4Ti (500 kg heat
‘832665 and 1200 kg heat ‘832864) have typically resulted in cumulative interstitial O, C, and N
solute concentrations ranging from 400 to 700 appm. In general, some of the interstitial solutes
react with Ti atoms to form globular-shaped Ti-oxycarbonitride (Ti-OCN) precipitates and possibly
other phases such as platelet-shaped Ti-oxides and the unreacted interstitial content remains in
solution in the bcc vanadium matrix. However, both the precipitates and the interstitial solutes in
solution can affect the thermomechanical processing and the mechanical properties of vanadium
alloys. For example, the formation of an inhomogeneous distribution of Ti-OCN precipitates
during thermomechanical processing was related to formation of banded grain structures in plate
productsl and increases in DB~ and observation of the dynamic strain aging’ (DSA)
phenomena has been attributed to interstitial solutes in solution.

The purpose of this report is mainly to provide the measured microhardness and electrical
resistivity data, since a detailed discussion of the results from this study was presented at
ICFRM-9, which will be published as a conference proceeding in the Journal of Nuclear Materials.

EXPERIMENTAL PROCEDURE

The microhardness and electrical resistivity measurements were performed on type SS-3 sheet
tensile specimens with nominal lengths of 25.4 mm and gage dimensions of 0.76 x 1.52 x 7.6
mm. The specimens were electro-discharge machined from 50% CW unalloyed vanadium plate
(heat ‘820642), 40% CW V-4Cr-4Ti (heat ‘832665) plate, and fusion zone of a gas tungsten arc
welded V-4 Cr-4Ti (alloy) plate. Half of the 4094. CW V-4 Cr-4Ti specimens were annealed at
1000”C for 2 hours in a vacuum of c-3x107 torr.

The isochronal annealing experiment was performed with six specimens of the CW vanadium,
CW alloy, and annealed alloy and three specimens of the welded alloy. Measurements were
performed at room temperature after each isochronal annealing was performed at temperatures
ranging from 200”C and 1200°C for 1 hour. The specimens were wrapped in tantalum foil and

....“ ~
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the annealing were performed in a vacuum of -(0.7-1 .2)x1 OGtorr using a constqnt heating rate
of 10 °C/min and furnace cooling. A four-point probe technique covered in ASTM Standard
Method of Test for Resistivity of Electrical Conductor Materials, ASTM B 193-87 (reapproved
1992) and described by Zinkle et al.4 was used to make five measurements per specimen, which
were averaged and corrected to a reference temperature of 20°C. The typical standard error
(SE) of the mean for the five measurements was *0.5 nQ-m. The SE of the mean ranged from
AO.3 to *1.4 nQ-m for resistivity measurements of specimens within each category. A Vickers
pyramidal indenter with a 1 kg load was used to make 2 to 4 indents per specimen near the end
tab region of the SS-3 tensile specimens. The CW and annealed alloy specimens consistently
showed less scatter in hardness values compared to the CW vanadium and welded alloy
specimens. The typical SE of the mean was *3 DPH for the CW and annealed alloy, *5 DPH for
the CW vanadium, and *8 DPH for the welded alloy specimens.

RESULTS AND DISCUSSION

Chemical Analvsis

The chemical analysis of the interstitial O, C, and N contents on selected specimens before the
isochronal annealing and after the final annealing temperature of 1200°C is shown in Table 1.
The results obtained for the CW vanadium and welded V-4Cr-4Ti specimens indicated that no
substantial uptake of O, C, and N impurities occurred during the isochronal annealing and
property testing. The interstitial content measured in these specimens are more representative of
the testing conditions since chemical analysis was conducted on SS-3 tensile specimens before
and after the testing. This was not the case for the CW V-4Cr-4Ti and annealed V-4Cr-4Ti
specimens. The SS-3 tensile specimens of these material showed substantial increases in O, N
and C content compared to interstitial contents reported for the ingot (heat ‘832665). It is
possible that much of the contamination occurred during therrnomechanicai processing of the
ingot into plate and then into the SS-3 tensile geometry.

Hardness and Electrical Resistivitv Measurements

Figure 1 shows the room temperature hardness and electrical resistivity measurements of the
CW vanadium specimens. The significant points shown in this Figure are, the increase in
hardness of -26 DPH and decrease in electrical resistivity over the initial temperature range from
200”C to -400°C; the decrease in hardness above temperatures of 400°C, minima at -1 000”C,

Table 1. Chemical analysis of specimens used in the property measurement study.

Material Annealing Specimen
(w~m) (wp~m) (wp~m)

50% CW Vanadium
Before SS-3 340 ‘ 177 198
After SS-3 320 222 157

40Y0 Cw V-4Cr-4Ti
Before Ingot* 310 85 80
After SS-3 492 109 196

Annealed V-4Cr-4Ti
Before Ingot’ 310 85 80
After SS-3 390 102 165

“’-’~-~ V-4Cr-4Ti
Before SS-3 457 95 235
After SS-3 484 108 225

I VVGIUGU

I

* Chemical analysis has not been performed on SS-3 tensile specimens of the V-4Cr-4Ti alloy.
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Figure 1. Hardness and electrical resistivity measurements of the 509!. cold-worked vanadium
specimens over the isochronal annealing temperature range from 200”C to 1200°C.

and subsequent increase in hardness above 10OO”C; and the minima in electrical resistivity
between -400”C to 600°C and subsequent increase at higher temperatures.

Figure 2 and 3 show the measured hardness and electrical resistivity for CW V-4Cr-4Ti and
annealed V-4 Cr-4Ti specimens, respectively. The room temperature measurements indicated
that cold-working caused a significant increase in hardness and only a small increase in electrical
resisitivity as observed by comparing Figure 2 (CW) to Figure 3 (annealed). For the annealed
specimens, the measured hardness was 139.7 DPH and electrical resistivity was 285.1 nfl-m.
Compared to the cold worked specimens, the measured hardness increased by 71 DPH to 210.7
DPH while the resistivity increased by 1.1 nf2-m to 286.3 nf2-m.

The most significant result observed for the annealed specimens shown in Figure 3 was the
positive change in electrical resistivity compared to room temperature over the entire isochronal
annealing temperature range from 200”C to 1200”C. A initial increase in electrical resistivity of
-5 nQ-m was measured after annealing at 200°C where it then remained positive up to 1200°C.
However, no significant change in hardness was observed over this temperature range except for
a small peak between 600”C and 900”C. The measured properties for the CW specimens shown
in Figure 2 showed considerable departure from those measured for the annealed specimens
(Figure 3). Although the electrical resistivi~ initially increased with annealing temperature,
reaching a maximum of 3.6 nfl-m at 300”C, it then decreased at higher annealing temperatures.
The electrical resistivity then reached a minima between 700° to 800°C and subsequently
increased up to 1200”C. The hardness showed no appreciable change from the room

temperature value until a small peak occurred near 700°C followed by a steady decrease above
700°C. A minimum in hardness was measured near 1050°C to 11OO°C which was followed by a
small increase at the highest temperatures.

.
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Figure 2. Hardness and electrical resistivity measurements of the 407. cold-worked V-4 Cr-4Ti
specimen over the isochronal annealing temperature range from 200”C to 1200°C.

200 ~ I I I I I I I I I I I j 295
I r I

I-“-”~Hardness -“----------------------------” ~ Resistivity ----

‘i]
190 -------------------------------------------------------------------------------------------------------------------------------------- 293

l4ow-------------------------'""-"--------"-"-""-""-'---""--'---'"--"-"-"--"-""-""-"""--""
1301 I I I I I I I I I 1 I

1281

0 200 400 600 800 1000 1200

Temperature UC)

Figure 3. Hardness and electrical resistivity measurements of the annealed V-4Cr-4Ti specimen
over the isochronal annealing temperature range from 200°C to 1200”C.
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.
The temperature dependence of hardness and resistivity measured for the GTA weld specimens
is shown in Figure 4. The measurements at room temperature showed that the hardness was
213.4 DPH and resistivity was 294.2 nf2-m. The results showed that isochronal annealing

caused the formation of a minor and major hardness peak near 200”C and 700”C, respectively, a
minimum in hardness near 11OO°C, and a continuous decease in resistivity from the room
temperature value to a minimum of-283.5 M2-rn that remained nearly constant from 800°C to 1200”C.

The results showing the exostence of the hardness maxima from -700”C to 800°c in the CW
alloy (Figure 2) and weld alloy (Figure 4) specimens was attributed to a precipitation reaction.
This precipitation reaction is believed to be associated with formation of Ti-oxide phase. In
general, the electrical resistivity decreases over this temperature range and is consistent with the
idea that interstitial solutes are being removed from the matrix by the precipitation reaction.
However, recrystallization is occurring at temperatures above 700”C. This process also causes a
decrease in the electrical resistivity since the dislocation density rapidly decreases during this
process. Further work is in progress in order to clarify whether precipitation is occurring along
with recrystallization in this temperature range.
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Figure 4. Hardness and electrical resistivity measurements of the welded V-4Cr-4Ti specimen
over the isochronal annealing temperature range from 200”C to 1200”C.
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RESISTANCE WELDING OF V-4Cr-4Ti ALLOY*

Z. Xu, D. L. Smith, and C. B. Reed (Argonne National Laboratory)

OBJECTIVE

The goal of this task is to further investigate the potential of resistance welding for
joining of vanadium-base alloys and to develop a better understanding of the effects of
the machine parameters on the weld characteristics.

suMMARY

More resistance weld samples were prepared on 3.8-mm thick V-4Cr-4Ti alloy plate on a
50 KVA welder with more optimal process parameters. The microstructure of the weld
regions were characterized and correlated with the weld parameters. Simplified torque
tests were conducted on the test samples to provide a preliminary assessment of the shear
strength and ductility of the test welds. Fractography results for the torque samples
indicated that the fracture surfaces of resistance welds exhibit ductile characteristics.

BACKGROUD

Continuous resistance welding potentially offers several advantages for fabrication of
vanadium alloy for f~st wall/bkm.ket systems. Current blanket designs for
vanadiudlithium systems provide for joining of-4 mm thick sheet with long weld
joints. Previous investigations on resistance welding of vanadium-based alloy [1]
indicated that sound welds with minimal restructuring and limited extent of heat-affected
zone could be achieved for a range of process parameters. This approach may also reduce
the stringent environmental control required to avoid excessive oxygen contamination
effects frequently observed in more conventional weld processes.

EXPERIMENTAL PROGRAM

Weld specimens were prepared horn 3.8-mm thick V-4Cr-4Ti alloy (heat #832665) in the
annealed condition. Specimens were surface polished with a Scotch Brite pad and
cleaned with acetone before joining. Lap-type resistance welds on these sheet specimens
were produced on a 50 KVA welder at ANL. The process parameters, such as
transformer tap settings, preweld squeeze time, weld time, power setting, and post-weld
hold time were chosen based on previous experience [1]. All the specimens were made
with a pair of weld tips of 5/8” in diameter.

Resistance weld specimens were metallurgically prepared and etched to reveal the
microstructural features of the welds. The fractography of torque-broken specimens were
obtained. A Nikon MSZ-B stereomicroscope, a Nikon optical microscope and a COHU
high performance CCD camera were used for the rnicrostructural evaluation.

● This work has been supported by the U.S. Department of Energy, OffIce of Fusion Energy Research,
under Contract W-3 l-109-Eng-38.
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A simplified torque test was used to provide a preliminary evaluation of the weld strength
and ductility characteristics. A deflecting beam torque wrench (O– 150 ft-lbs. torque
range) was used to shear the weld joints. The maximum torque as a function of twist
angle to fracture was recorded and an estimation of the shear strength was calculated
based on the fracture surface area.

RESULTS AND DISCUSSION

The process parameters used to prepare the resistance weld specimens for the
microstructural evaluation and torque test are presented in Table 1. Compared to the
previous investigations [1], the transformer tap fine setting of the welder was decreased
from 7 to 5, which decreased the output power level of the machine. The cross-sectional
microstructure of the welds are shown in Figure 1, 2, and 3 for test no. 991203-3, -6, and
–7, respectively. The weld zone and heat-affected zone varies considerably for the range
of weld parameters shown in Fig. 1 – 3. The maximum torque and twist angles from the
torque test for specimens 991203-6 and –9 are listed in Table 2. The large amount of
distortion before fracture indicated substantial ductility weld joints. Photographs of the
corresponding shear fracture surfaces are shown in Fig. 4 and 5. The fractography results
for test no. 991203-6 and –7 show a ductile fracture feature, which is further verified by
the large recorded twist angle. A weld specimen with test no. 991203-3 was separated
using a wedge. The fractured surface of this weld (Figure 6) indicated some ductile
fracture character. An attempt to estimate the shear stress in the welds based on the weld
area and the torque values indicated considerably higher than expected values. Calculated
results for similar test welds on steel gave reasonable values, although slightly higher
than reported shear strength for the base metal. The higher than expected shear strength

for the vanadium welds are attributed to some random bonding effects observed outside
the primary weld region. Surface roughness created by these effects contribute to the
higher torque; however, they should not affect the deformation character of the joint.
Additional resistance welds will be prepared with attempts to avoid the observed random
bonding effects noted above. Based on results from these types of tests, weld parameters
that produce the best weld performance will be used to prepare additional weld
specimens for more conventional mechanical tests including Charpy impact tests.
Chemical analyses are also being performed on the weld material to determine the extent
of any contamination. Those results will be presented in the next report.

Table 1. Resistance welding parameters of V-4Cr-4Ti alloy
Test No. Transformer tap Squeeze Weld time Heat Hold time

fine setting (Cycles) (Cycles) (%) (cycles)
991203-3 5 30 50 80 30
991203-6 5 30 70 80 30
991203-7 5 30 50 90 30

..-. ..— ,,,,;,,,-~.-_,. . . ._, ._r
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Table 2. Maximum torque and twist angle to fracture of welds
Test No. I Max. Torque, N-m, I Twist angle I Diameter of fractured and

(ft-lbs) (degree) bonded area (mm)
991203-6 67.8, (50) 175 6.5
991203-7 80, (59) 95 6.17
991203-3 Weld join separated by a wedge

Figure 1 Cross sectional view of resistance weld of V-
4Cr-4Ti alloy (Test No. 991203-3 in Table 1) showing
minimal structure change of the bond
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Figure 2. Cross sectional view of resistance weld of V-
4Cr-4Ti alloy (Test No. 6 in Table 1) indicating small
restructnrin~ zone ( white area)

Figure 3. Cross section view of resistance weld of V-
4Cr-4Ti alloy (Test No. 991203-7 in Table 1) showing
extensive restructuring zone (white area)

.. .... . .,. =.-.—- ..W. ., , . .-r --,=- !- 1 -..?--mm---- - .>w,r, - ...--. — ____
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Figure 4. Fractography of torque tested weld (test No.
991203-6) revealing a ductile fracture surface and total
bonded area.

Figure 5. Fractography of torque tested weld (Test No.
991203-7)
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Figure 6. Fractography of the weld (Test No. 991203-3),
separated by using a wedge.

REFERENCE
1. Z. Xu, D. L. Smith, and C. B. Reed, “Diffusion Bonding of Vanadium Alloys”, Fusion
Reactor Materials Progress Report for the Period Ending June 30, 1999, DOE/ER-
03 13/24.
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HYDROGEN VOLUBILITY IN VANADIUM ALLOYS, LiCa ALLOYS, AND SnLi ALLOYS*

D.L. Smith (Argonne National Laboratory), R.E. Buxbaum (REB Research), and C.B. Reed

(Argonne National Laboratory)

OBJECTIVE

The objective of this program is to provide baseline volubility data for hydrogen in selected

vanadium-base alloys, LiCa alloys and SnLi alloys which will provide a basis for determining the

equilibrium distribution and hydrogen/tritium inventories in candidate structure/breeder materials

systems.

SUMMARY

A systematic study is currently being conducted by Argonne National Laboratory with support

from REB Research to provide baseline data on the volubility of hydrogen in selected LiCa, SnLi,

and VCrTi alloys. The experimental approach involves charging and degassing of vanadium

alloys and vanadium alloy encapsulated LiCa and SnLi specimens to various hydrogen partial

pressures while maintaining the system at constant temperature. With this procedure one avoids

the problems associated with the rapid redistribution of hydrogen that is typically observed during

cool-down of the specimens. Initial tests have been conducted on solid cylindrical specimens of a

vanadium alloy. The liquid metal alloys will be contained in vanadium alloy capsules. Preliminary

results for the V-4Cr-4Ti alloy (Heat #832665) are reported.

INTRODUCTION

The self-cooled lithium system with a vanadium alloy structure offers a potential for a high

performance, environmentally attractive first-wall/blanket system for fusion applications. One of

the key issues associated with this system relates to the development of an electrically insulating

coating on the vanadium alloy channel walls to mitigate the magnetohydrodynamic (MHD) -

induced pressure drop in the recirculating lithium coolant. Calcium oxide-based coatings are a

leading candidate for this insulator application. Since tritium production in the lithium is essential

for the fuel cycle, hydrogen transmutations will occur in the vanadium alloy structure, and

hydrogen isotopes are highly mobile in most materials at elevated temperatures; tritium/hydrogen

interactions are an important safety related issue and effects of hydrogen isotopes on the stability

of the coating and integrity of the structure are important performance considerations for the V/Li

system.

* This work has been supported by the U.S. Department of Energy, Office of Fusion Energy

Sciences, under Contract W-31 -1 09-Eng-38.
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The Sn-Li alloy has recently been proposed as a possible liquid metal coolant for fusion

applications, primarily because of low vapor pressure considerations. An important consideration

regarding the potential of this system involves hydrogen/tritium volubility.

A procedure previously used at both ANL and REB Research to accurately determine the

hydrogen volubility in metals and alloys involves quantitatively charging and degassing of

specimens to various hydrogen partial pressures while maintaining the system at constant

temperature. This procedure avoids the difficulties of obtaining accurate data caused by rapid

redistribution of the hydrogen during cooling. .

This task involves the accurate determination of hydrogen as a function of temperature and

pressure in selected vanadium alloys, LiCa alloys and a SnLi alloy. Results for the vanadium

alloys are important for evaluating the performance of these alloys in a fusion system, as baseline

data for the distribution of hydrogenhritium in the DHCE experiment to evaluate He effects in

neutron irradiation tests, and to provide an accurate blank for the vanadium alloy capsules used

for the hydrogen volubility tests for LiCa and SnLi. The effects of Ca in Li on the volubility of

hydrogen/tritium are important to evaluate tritium inventory, tritium recove~, and the .sIability of

the CaO coatings in lithium cooled systems. ‘The measurements of hydrogen volubility in SnLi

will provide baseline data for further evaluation of this alloy system for fusion applications.

EXPERIMENTAL PROCEDURE

Test specimens are exposed at constant temperature to flowing helium gas containing varying

concentrations of hydrogen. Initially the specimens are exposed to pure helium (no hydrogen) to

purge the system and degas any hydrogen in the test specimen. The gas exiting the test section

is analyzed with a gas chromatography. Purging of the system is continued until impurities in the

helium are reduced to negligible levels.

In the current series of tests cylindrical specimens (-4.75 mm dia x 100 mm long) are used. The

test specimens are contained in a cylindrical chamber so that the gas flows axially in an annular

region surrounding the test specimen. The test specimens are pre coated with a thin (-1 micron)

coating of palladium to facilitate absorption and resorption of hydrogen and to avoid possible

surface oxidation of the vanadium during the initial purging of the system. The vanadium alloy

specimens are solid cylinders to maximize the volume and the liquid metals (LiCa and SnLi) are

contained in thin-walled vanadium alloy capsules of approximately the same geometry.

After the test specimens are completely degassed in the pure helium, a specified H/He mixture is

introduced and the concentration of hydrogen exiting the test section is continuously measured.

Flow conditions are controlled such that initially most of the hydrogen entering the test section is

absorbed by the test specimen. As the test specimen becomes saturated at the set hydrogen

pressure, the hydrogen concentration exiting the text section increases until no further absorption
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of hydrogen by the test specimen occurs. The total concentration in the test specimen is

determined by the difference. This value is then checked by quantitatively degassing the

hydrogen from the specimen in pure helium. The reversibility of this process assures an accurate

measurement. Subsequent charging/degassing runs on the same specimen can be used to

further veri~ the results. The hydrogen volubility in the test specimens is determined directly

from the weight of the specimen. For the cases of the liquid metals, the total hydrogen absorption

is corrected by adjusting for the hydrogen concentration in the vanadium alloy capsule.

RESULTS

Preliminary results have been obtained on the solid vanadium alloy (V-4Cr-4Ti). Figure 1 shows

a resorption curve for this specimen after equilibration at 360”C in He containing -400 ppm H. in

this particular case the test was prematurely terminated with a small concentration of hydrogen

remaining in the specimen as indicated by discontinuity at an elapsed flow of -130,000 cm3-s.

1000
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100

H2 resorption into He at 360 “C

o

0 50000 100000 150000

elapsed flow

Figure 1. Resorption curve for V-4Cr-4Ti alloys at 360”C.

FUTURE DIRECTIONS

I

Additional runs will be made on the V-4Cr-4Ti alloy at selected temperatures and pressures.

Tests on the LiCa and SnLi specimens will then be tested.
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STUDY OF IRRADIATION CREEP OF VANADIUM ALLOYS; H. Tsai, R. V. Strain, M. C. Billone,
T. S. Bray, and D. L. Smith (Argonne National Laboratory), M. L. Grossbeck (Oak Ridge National
Laborato~), K. Fukumoto and H. Matsui (Tohuku University, Japan)

SUMMARY

Pressurized-tube specimens made from V-4 wt.% Cr-4 wt.% Ti (832665 heat) thin-wall tubing were
irradiated in the HFIR RB12J experiment to study creep under neutrondamage conditions. The
calculated dose for the specimens ranged from 5.5 to 6.0 dpa and the calculated irradiation
temperatures ranged tiom 400 to 500”C. The results show the creep rate to be linearly dependent
on stress. The 12J data, when combined w“th the previous ATR-AI data set indicate the creep
rates could be signikant even at moderate stress and dpa levels.

OBJECTIVE

Vanadium alloys are candidate structural materials for fusion first-walUblanket because of their
attractive high-temperature properties and low activation. Many of the properties have been
extensively studied; however, irradiation-induced creep has not. Data on irradiation creep is
important because creep may be one of the principal contributors to deformation and is potentially
performance limiting. The objective of this task is to determine the creep rate at 500°C under a
range of stres loading ccmdtions.

The creep specimens used in the RB-12J experiment are pressurized tubes, 25.4 mm long x 4.57
mm OD x 0.25 mm wall, with welded end plugs, as shown in Fig. 1. The tubing[l] was fabricated by
dravdng of an extruded bar stock. Each 25.4-mm-long tube section was nondestructively examined
vdh radiography and profiled with a inordinate measurement machine to determine the wall
thickness, ID and OD roundness and concentricity. The circumferential plug-t~tube welds were
made with an electron-beam welder in vacuum. The specimens were then vacuum annealed at
1000°C for 1.0 h while wrapped in Ti getter foils. The tubes were then pressurized through a 0.25
mmdia. hole in the top end plug with high-purity helium in a pressure chamber. The final closure
weld of the 0.25 mmdia. hole was made with a laser through the quartz vindow in the chamber. Six
specimens, with at-temperature hoop stresses ranging from O to 200 Mpa, were prepared for
imadiation in the RB-12J experiment The dimensions of the creep specimens were measured with
a precision laser profilometer before and after the pressurization. The measurements were made at
5 axial (x/L=O.l, 0.3, 0.5, 0.7 and 0.9) and 19 azimuthal locations (9° apart). The accuracy of the
measurements were 104 mm, or 4.01 ‘%0 strain.

—— ———
$T

457 m

——— . . 41

Figure 1. Schematic of the Creep Specimens

1This work has been supported by the U.S. Department of Energy, Office of Fusion Energy Research,
under Contract W-31-I 09-Eng-38.
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IRRADIATION SUMMARY

To mitigate gaseous impurity uptake, the six creep specimens were loaded in two sealed thin-wall
Zircaloy capsules, which acted as an impurity getter. The inside dimensions of the Zkcaloy tubing
were 81.3 mm long x 5.05 mm ID and the wall thickness was 0.10 mm. A pinhole was provided in
the capsule end plug prevent pressure build-up in case of an unexpected specimen failure.

The irradiation of RB-12J was completed in ten HFIR cycles, from Cycle 352 (February 7, 1997)
through Cycle 361 (Janua~ 17, 1998). The irradiation location was RB5B.

The calculated temperature and neutron damage[2] for the six samples are shown in Table 1. The
temperature shows a range instead of being constant because of the following reasons:

changes in HFIR power levels during operation,
180° capsule rotation at the end of each cycle,
movement of the HFIR control plates,
uncertainties in the relationship between specimen temperatures and thermocouple
temperatures, and
variations in individual thermocouples over the murse of the 10 cycles.

In Cycle 353, an attempt to recover from a computer failure led to three separate high-temperature
excursions. The total duration was about 4 minutes. The peak temperatures during these times
were estimated to be 40°C above those shown in Table 1.[2]

Table 1 Creep Specimens for the HFIR-12J Experiment

Specimen Calculated Calculated
No. Temp.~C) Dpa

BI (O MPa) 496W2 5.96

B12 (50 MPa) 399521 5.96

Bll (100 Mpa) 496K22 5.75

B3 (150 MPa) 476&2 5.45

B9 (150 MPa) 496&2 5.75

B5 (200 MPa) 476ti2 5.45

MEASUREMENT RESULTS AND DATA EVALUATION

The diameters of the specimens were measured after the irradiation witi the same laser profilometer
for the pretest measurements. The 19 azimuthal readings were averaged to yield the mean
diameter for each axial location. To exclude end effects from the Welded end plugs, only the middle
three diametem were used to determine the average diameter and effective creep strain.

To facilitate a general stress analysis, the specimen’s internal pressure loading and the measured
diametral strain were converted to the wall-averaged effective von Mises stress and effective strain
according to the following formulas:

I

O, = (0.5)(3)0”5(r#t)AP, and

~c = 2 (3)4”5(r~ri)(ti~c),
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where C=is the effective stresq h, r~, rOare the internal, midwall and external radii, respectively AP is
the difference in internal and external gas pressure at temperatur~ ~c is the effective creep strain;

and mkc= (Wac- ~~ “) ISthe component of the measured OD hoop strain associated with creep.
To obtain the creep coefficient(A), the assumed form of the irradiation creep law is

%C= A (xI3,

where D is the neutron damage in dpa. Using this method, the effective creep strains and creep
coefficients are determined and the results are summarized in Table 2.

Ovality in specimens after the irradiation was generally small, indicating uniform stress loading in
the tube wall. The transverse cross-sectional profile of the highest-stress specimen B5 after the
irradiation is illustrated in Fig. 2.

Table 2. Summary data for the six creep specimens irradiated in the HFIR 12J experiment

@at von Mises Avg. Creep Strain
SPC. ID OD lrrT. temp stress Preirr. Postirr. ADID Strain Rate
ID (in.) (in.) C’c) (MPa) (MPa) D. D. %0 (0/0) dpa (O/&/dpa)
61 .1591 .1800 496 -0.06 -0.45 .18000 .18011 0.0585 0.0000 6.0 0.00
B12 .1591 .1800 399 5.46 38.33 .17979 .18019 0.2238 0.2160 6,0 0.04
BI 1 .1590 .1800 496 12.77 89.26 .17982 .18073 0.5044 0.5830 5.8 0.10
B3 .1591 .1800 476 18.62 130.83 .18001 .18111 0.6061 0.7154 5.5 0.13
B9 .1590 .1800 496 19.18 134.05 .17988 .18144 0.8603 1.0483 5.8 0.18
B5 .1591 .1800 476 24.93 175.16 .17996 .18183 1.0293 1.2684 5.5 0.23

1

15

14

Fig. 2 Cross-sectional
diameter was 0.1800 in.

10

profile of Specimen B5 after the irradiation showing little ovality. The
prior to the irradiation.
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DISCUSSION

Available irradiation creep data for V-base alloys are scarce. For the recent- vintage V-Cr-Ti alloys,
data are limited to those IYom this study, the ATR-AI experiment in ATR, and an experiment
petiormed by Troyanov et al. In BR-I O. The ATR-A1 experiment utiliied pressurized tubes (as in the
12J), whereas the BR-10 experiment utilized a single torsional tube [3]. The results from these three
studies thus form a preliminary data set for evaluating the irradiation creep of V-4CrWi alloy. This
data set is shown in Fig. 3.

Within the scatter of data, the results from this study, in conjunction with those from the ATR-A1
experiment show a trend of increasing strain rate with stress. Part of the data scatter is due to the
relatively low attained neutron damage, low measured strains, and limited number of test specimens.
This limited HFIR/ATR data set indicates possibly significant creep rates even at modest stresses
and dpa levels. Wtiin the data resolution, the HFIWATR data set appears not to show the bilinear
behavior – sharply increased strain rate at stress >~120 Mpa - that were observed in the BR-I O
torsional experiment. Reducing the data uncertainty, including determining whether a bilinear
behavior exists for the vanadium-base alloy, would bean important objective for the future irradiation
creep experiments.

0.8

a
● TroyanovM45°C13dpa

$ 0 ATR-AI 200°U3 dpa

~ 0.6 ● ATR-A1 300”U5 dpa
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Fig. 2 Summary creep data set from the BR-1 O, ATR and HFIR experiments.
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CONCLUSIONS

A set of six pressurized-tube creep specimens was irradiated in the HFIR-12J experiment. The
results show a mnsistent dependency of creep rate on applied stress. Because of the limited data
set however, uncertainty in irradiation creep is still a major issue. Addtional experiments would be
necessary to establish a credible irradiation creep database for fusion system design using the V-Cr-
Ti alloys.

REFERENCES

1. H. Tsai, R. V. Strain, and D. L. Smith, “Study of Irradiation Creep of Vanadium Alloys,”
Fusion Materials Semiannual Progress Report, DOE/ER-0313/22, June 1997, pp. 57-60.

2. K E. Lenox and M. L. Grossbeck, “Operating Histo~ of the HFIR MFE-RB-1 IJ and -12J
(P3-2 and P3-3) Experiments,” Fusion Materials Semiannual Progress Repoz DOE/ER-
0313-25, December 1998, pp.307-323.

3. V. M. Troyanov et al., “Irradiation Creep of V-Ti-Cr Alloy in BR-1 O Reactor Core
Instrumented Experimen~” Journal of Nuclear Materials, 233-237 (1996), pp.381-384.



70

TENSILE PROPERTIES OF V-(CR,FE)-TI ALLOYS AFTER IRRADIATION IN THE HFIR-12J
EXPERIMENT - K. Fukumoto, H. Matsui (lMR/Tohoku Univ.), Y. Yan, H. Tsai, R. V. Strain and D.
L. Smith (Argonne National Laborato~)

OBJECTIVE

The objective of this work is to determine the tensile properties of V-(Cr,Fe)-Ti alloys after the
irradiation at 500°C to =6 dpa in HFIR-12J experiment.

Postirradiation tensile tests at room temperature and 500”C were performed on V-(Cr,Fe)-Ti
alloy specimens irradiated in the HFIR-I 2J experiment. The specimens were of the SSJ design
with overall dimensions of 16.0x4. OXO.2 mm and gauge dimensions of 5.OX1.2x0.2 mm. The
irradiation temperature was =500”C and the attained neutron damage was =6 dpa. Results
from these tensile tests show all specimens retained respectable elongation and irradiation
hardening was modest. The properties of the V-(3-5) Cr-(3-5)Ti alloys appears not to be strongly
affected by the Ti and Cr composition variations. For the V-(34) Fe4i-(0-O.l )Si alloys,
significantly, the uniform elongation was nearly 1OYO. The reduction-in-area in all specimens
was high, z85Y0, indicating ductile behavior. These findings show good mechanical properties
of V-( Cr,Fe)-Ti alloys after the 500”C neutron irradiation to 6 dpa.

INTRODUCTION

Data on mechanical properties for V-base alloys are needed to establish guidelines for the
design and operation of fusion devices utilizing this class of materials for in-vessel structures.
Recently two irradiation experiments, RB-1 lJ and RB-12J, were performed in HFIR to
investigate the mechanical properties at the temperatures of 300 and 500”C, respectively[l].
These experiments were conducted under the auspices of the Japanese Monbusho, the Japan
Atomic Energy Research Institute (JAERi), and the U.S. Fusion Energy Sciences Program.

In this study, ten V-base alloys, six with Cr, Ti and Si additions and four with Fe,Ti, and Si
additions, were included. Whereas the reference alloy has been V-(3 -5) Cr-(3-5)Ti, replacement
of Cr with Fe is being explored because it is perceived that iron atoms may be a more effective
trap for the helium atoms produced in transmutation by neutron reaction [2]. The goals of the
present work were to evaluate the mode of fracture and the reasons of irradiation hardening and
loss of ductility should it occur.

EXPERIMENTAL PROCEDURES

Six ingots of V-(4-5) Cr-(3-5)Ti-(0-O.l )Si and four ingots of V-(34) Fe41_i-(0-O.l )Si alloys were
produced by arc melting. Chemical analyses of the heats are shown in Table 1. The SSJ
tensile specimens (16 x 4 x 0.2 mm) were punched from 0.2 mm-thick as-rolled sheets with the
longitudinal direction parallel to the final sheet rolling direction. All specimens were vacuum
degassed at 600°C for 0.5 h and then vacuum annealed at 1100”C for 2h. An impurity getter
made of Zr and Ta foils was used to protect the specimen at temperature. According to
previous studies, mechanical properties of these matefials, in terms of yield stress, uniform
elongation and ultimate tensile stress, are not strongly influenced by the annealing temperature
in the range of 950 to 1100° [3].

In the 12J experiment, the specimens were irradiated at 497 ~ 22°C and attained a peak dose
of 5.7 dpa. Details of the operating history are given in a previous report [1].
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Table 1. Composition of the Alloys Studied

Cr Fe Ti s o N s
Heat Nominal Comp. (Vfwo) (Wt%) (Vwo) (WP ) (WP ) (WP ) (WP )m
VM9401 V-4Cr-4Tl-0.1 Si 4.43 - 4.07 mm 240M 5.5m 3
VM9402 V4Cr-411 4.39 - 4.08 5 595 305 3
VM9403 V-5Cr-4Ti 5.56 - 4.05 7 515 4.5 2
VM9404 V-4Cr-311 4.35 - 3.05 6 515 10 3
VM9405 V-5Cr-3Ti 5.53 - 3.07 4 490 5.5 3
VM9406 V-5Cr-5T 5.43 - 5.06 5 495 7 9
VM9407 V-4Fe4Ti-0.1 Si 0.06 3.94 4.03 210 370 7.5 4
VM9408 V-4Fe4TI 0.05 3.92 3.99 8, 470 7.5 3
VM9409 V-3Fe4Ti 0.05 3.01 3.97 6 515 7.5 2
VM9502 V-3Fe4Ti-O.l Si - 2.92 3.96 400 1478 21 8

The postirradiation tensile tests were conducted using the facilities in the Irradiation Materials
Laboratory of the Argonne National Laboratory. The tests were conducted at room temperature
and 500°C. All tests were performed at a strain rate of 6.67x104/s (0.2mm/min). The 500”C
tests were performed in a high-purity (99.999Yo) flowing argon environment W-ti the specimen
protected in a Ti getter foil. After the tensile tests, fractography was performed with a SEM in
the ANL’s Alpha-Gamma Hot Cell Facility. For the reduction-in-area determinations, specimens
were mounted in a vertical clip holder and oriented with cross-section parallel to image plane.
For the side view observations, specimens were tilted. TEM examinations were performed in
Tohoku University with specimens punched out from the deformed tensile gauge sections and
polished with a Tenupole-3 machine.

RESULTS

Table 2 summarizes the tensile test results: 0.2% offset yield stress (YS), ultimate tensile
strength (UTS), uniform elongation (UE) and reduction-in-area (RA). Also shown in the table
are the sums of weight percentages of the major alloying components, Ti plus Cr or Fe.

Table 2. Summary results of the 12J tensile tests

Heat/ Material (Cr, Fe). Spec. Test Temp. 0.2?40YS UTS
+Ti (WA) No. rc) (MPa) (MPa)

UE (%) RA (?40)

VM9401
8.65

TH13 RT 491 577 3.4 91
V4Cr411-O.l Si TH18 500 368 449 2.3

VM9402
95

8.62
TH21 RT 420 519 4.8 92

V-4Cr4Ti TH24 500 399 439 1.5 93
VM9403

9.73
TH34 RT 435 530 6.7 91

V-5Cr-4Ti TH36 500 355 435 3.2 90
VM9404

7.49
TH46 RT 395 491 9.1 93

V4Cr-317 TH41 500 330 428 5.7 89
VM9405

8.66
TH50 RT 460 558 8.0 93

V-5Cr-3Ti TH58 500 374 443 4.5 NA
VM9406

10.67
TH65 RT 385 477 4.3 93

V-5Cr-51i TH63 500 368 449 2.3 92
VM9407

7.86
TH73 RT 635 745 10.6 90

V4Fe4TL0.1 Si TH76 500 555 660 2.7 89
VM9408

7.80
TH80 RT 490 657 9.4 87

V4FtiTI TH81 500 505 608 5.3 85
VM9409

6.95
TH92 RT 518 600 9.2 89

V-3Fe4Ti TH95 500 530 608 3.0 89
VM9502

6.78
TB05 RT 663 750 4.9 88

V-3Fe4TI-O.l Si TB07 500 462 575 4.5 90
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Figure 1 shows a typical example of stress – strain curve on tensile tests for unirradiated and
irradiated vanadium alloys, VM9407 with a nominal composition of V-4 Fe-4Ti-O.l Si. The yield
stress and ultimate strength of unirradiated V-Cr-Ti and V-Fe-Ti alloys at RT are =350 and 450
MPa, respectively. The ultimate tensile strengths of the irradiated materials were found to have
increased over those of the unirradiated. However, the magnitude of hardening was limited,
c~6%. There were noticeable losses of ductility in the irradiated samples, but they still retain

elongations up to 10% at RT. Even in 500”C tests, about 5’XOof elongation could be seen in
some alloys.

Fig. 2 shows the dependence of strength and uniform elongation on the amount of major
alloying components, measured in wt?40 of (Cr,Fe) + Ti. From the figures, it can be seen that the
V-Fe-Ti alloys are more susceptible to irradiation hardening than the V-Cr-Ti alloys. In these
experiments, the production of helium and hydrogen is negligibly small, c1 ppm. Therefore, the
greater increase in irradiation hardening in the V-Fe-Ti alloys than in the V-Cr-17 alloys might not
be due to a trapping effect of helium at undersized solute atoms. At low levels of (Cr,Fe) + Ti
alloy addition, both V-Fe-Ti and V-Cr-Ti alloys show good uniform elongation, up to =10% in RT
tests.

Figure 3 shows the dependence of alloying component weight on the yield stress, ultimate
tensile strength and uniform elongation in 500”C tests. The tendency in the 500”C tests is
comparable to that in RT tests, with the uniform elongation decreased to about 5Y0. After the
stress reached to ultimate tensile strength in 500°C tests, serration on stress-strain curve can
be seen until the onset of crack extensio~.
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Fig.1 Stress-strain curves for VM9407/V-4Fe-4Ti-0.1 Si.
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A perspective view of the fractured tip of a representative specimen, TH36 (VM9403A/-5Cr-4Ti),
is shown in Fig. 4. Necking at the fracture part can be seen. The reductions in area in all
specimens were =-80Y0, which corroborated with the ductile features noted in the SEM
fractography. A typical example is shown in Fig. 5. There are no intergranular fractures and

—- --- ..... .=-- ----.’ -.=.,... .. ...___,= . .—. .......
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clevage patterns on the fracture surfaces. Surface cracks are visible; however, these cracks
and slip bands are observed only in the necked region. This localized structure might be related
to plastic instability.

Fig.4 A perspective view of the tip of fractured tensile specimen TH36 with
composition of V-5Cr-4Ti. Both the irradiation and test temperatures were 500”C.

a nominal

Fig.5 Higher magnification SEM fractograph of the same TH36 specimen
features at the fracture.

showing ductile

Fig. 6A shows the TEM micrograph of irradiated specimen THI 3 (VM94011V4Cr4Ti-O.l Si).
The features seen are typical in other specimens. Dislocation network and dislocation loops
formed in the matrix at high density. Also formed were precipitates, which have an average size
of 30nm. While there were no detectable cavities in the grains, they could be seen close to
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andlor on the grain boundaries, as shown in Flg.6B. These microstructural features are
consistent with the previous data [4,5] obtained from FFTF and EBR-11 irradiation in temperature
regimes of 430 or 500”C. The relationship between the tensile behavior and microstructure in
this work are therefore in good agreement with the previous work in F~F or EBR-11.

Hg. f5A (left) TEM weak-beam dark-field micrograph of sample THI 3 (VM9401/V-4Cr-4Ti-O.l Si).
High density of dislocation can be seen.
Fig. 6B (right) TEM bright-field image of the same sampleTH13. Cavities can be seen close to
and on the grain boundaty.

FUTURE WORK

TEM observations at the necking parts of tested tensile specimens will be mmpleted to
determine the mechanisms of irradiation hardening. As well as subsequent experiments of
HFIR-12J, a series of examination for specimens irradiated at 300C in HFIR-IIJ is undergoing.
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Effect Of Low Temperature Irradiation In ATR On The Mechanical Properties Of
Ternary V-Cr-Ti Alloys - M. L. Hamilton, M. B. Toloczko, B. M. Oliver and F. A. Garner
(Pacific Northwest National Laboratory)*

OBJECTIVE

This experiment was designed to allow the relationship between shear punch and tensile
data to be established for vanadium alloys irradiated at low temperatures in the ATR-AI
experiment.

SUMMARY

Tensile tests and shear punch tests were performed on a variety of vanadium alloys that
were irradiated in the Advanced Test Reactor (ATR) at temperatures between 200 and
300°C to doses between 3 and 5 dpa. Tests were performed at room temperature and the
irradiation temperature. The results of both the tensile tests and the shear punch tests show
that following low temperature irradiation, the yield strength increased by a factor of 3-4
while the ultimate strength increased by a factor of approximately 3. Uniform elongation and
tensile reduction in area show that the ductility diminishes following irradiation. The
correlation between uniaxial ultimate strength and effective shear maximum strength was in
excellent agreement with previous studies on other materials. Using the room temperature
test data, the correlation between uniaxial yield strength and effective shear yield strength
was in excellent agreement with previous studies on other materials. The yield strength data
obtained at the irradiation temperature did not fit the room temperature correlation.

PROGRESS AND STATUS

introduction

Vanadium-base alloys are considered to be attractive candidates for low activation structural
materials in future fusion power devices. Most attention is currently focused on V-Cr-Ti
alloys because of their relatively attractive mechanical properties after irradiation at relatively
high temperature and because these alloys are resistant to void swelling. [1] Recent studies
at lower temperatures, however, have shown significant degradation in mechanical
properties during radiation, with large increases in strength and large decreases in ductility
observed following irradiation at temperatures below 400”C. [2] The purpose of the current
work is to provide further data on the change in mechanical properties of V-Cr-Ti alloys
following low temperature irradiation. Mechanical properties were determined from tensile
tests and shear punch tests; the latter is a TEM disk-based test developed to provide
strength and ductility information. [3-9] This experiment is the first in which the tensile-shear
punch correlation work has been extended to a bcc material, and it is the first time that the
viability of the correlation has been evaluated at elevated test temperatures.

Experimental Procedure

The alloys of interest were V-3 Cr-3Ti, V-4Cr-4Ti, V-5Cr-5Ti and V-6 Cr-3Ti. These alloys will
be referred to as V33, V44, V55, and V63, respectively. All were annealed at 10OO”C prior
to the irradiation for either one hour (V44 and V55) or two hours (V33 and V63). These

●Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0-I 830.
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alloys were irradiated as both tensile and TEM specimens in the ATR mixed spectrum
reactor in the Al experiment at nominal temperatures of 200 and 300°C to doses between 3
and 5 dpa. [1O] The specimens were irradiated in lithium-bonded subcapsules that were
shielded to reduce the number of thermal neutrons. The details of the temperature and dose
history for each alloy and specimen type are given in Table 1. As shown in Table 1, tensile
specimens of V63 were not available for irradiation.

Table 1. Temperature and dose history of each combination of alloy and specimen
geometry.

I Tensile Specimens I TEM Specimens

Alloy
Actual Irradiation

Dose (dpa)
Actual Irradiation

Temp. ~C) Temp. (“C)
Dose (dpa)

205 3 205 3
V33 t f ,

I 295 I 3 I 293 I 4.7

229 3.5 205 3
V44

293 4.7 293 4.7

229 3.5 205 3
V55

293 4.7 293 4.7

The tensile specimens, cut from sheet stock by electro-discharge machining (EDM), were S1
miniature specimens with nominal gauge dimensions of 5 mm x 1.2 mm x 0.25 mm (0.2 in. x
0.05 in. x 0.010 in.). Specimen thickness ranged from 0.25 to 0.36 mm (0.0: O to 0.014 in.)
between the alloys , but for any one alloy, the specimen thickness was uniform across the
specimen to within 0.01 mm (0.0005 in.). Tensile tests were performed at a crosshead
speed of 0.127 mm/min (0.005 in./min), yielding an initial strain rate of 4 x 104 see-l. For
each irradiation condition, tests were performed at the actual irradiation temperature and at
room temperature. Room temperature tests were performed in air. Specimens tested at
elevated temperature required about 90 minutes for heatup and stabilization prior to testing
in static argon. One test was performed for each alloy/irradiation condition.

Reduction of area (RA) measurements were obtained using SEM photomicrographs taken
from each of the tensile specimen fracture surfaces. RA measurements were obtained on
both inadiated and unirradiated test specimens using calibrated digital image analysis
software.
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Shear punch tests were performed using standard 3 mm diameter TEM disks of the same
thickness as the tensile specimens. TEM disks were also cut from sheet stock by the EDM
method. Nominal specimen thickness varied from alloy-to-alloy, but for any one alloy, the
specimen thickness was uniform across the TEM disk to within 0.005 mm (0.0002 in). Tests
were performed at a crosshead speed of 0.127 mm/min (0.005 in./min). Specimen
displacement during a test was assumed to be equal to crosshead displacement. For each
irradiation condition, tests were performed at the actual irradiation temperature and at room
temperature. Room temperature tests were performed in air. Specimens tested at elevated
temperature required about 90 minutes for heatup and stabilization prior to testing in slowly
flowing argon. One test was performed for each alloy/irradiation condition.

Small pieces of several tested TEM specimens were also analyzed for helium and hydrogen
content to determine whether there was any effect of gas generation from the irradiation.
The helium analyses were conducted using the high-sensitivity isotope dilution analysis
system at PNNL. Details of the system have been presented elsewhere. [11] Hydrogen
analyses were conducted using a new facility recently developed at PNNL for measurement
of hydrogen in irradiated materials. [12]

Results

Tensile data

The tensile results are given in Table 2, and are shown in Figures 1-4 along with other
vanadium alloy tensile data that were generated in this same experiment by researchers at
ANL and ORNL. [13,14] Significant strengthening was observed in the V33, V44, and V55
alloys following irradiation at both temperatures (recall that tensile specimens of the V63
alloy were not irradiated). Yield strength typically increased by at least a factor of 34, and
uniform elongation (UE) decreased typically to less than 1Yo. No significant differences were
observed between alloys. As shown in the figures, these results are very consistent with the
vanadium tensile data generated by the ANL and ORNL researchers [13, 14].

Reduction of area measurements were obtained since uniform elongation values from the
tensile tests were so low. Figure 5 shows that irradiation caused significant changes in RA
as well as in UE. RA dropped from over 90’% in the unirradiated condition to about 60-70%
for most tests after irradiation at -200”C and to 5-30% for most tests after irradiation at
-300”C. Figures 6a – 6r give the photographs from which the reduction of area
measurements were taken. [t is clear that the amount of deformation at the fracture has
decreased with irradiation; fractures shifted from a chisel line in the unirradiated condition to
a surface with some ductility following irradiation at -200”C and to almost a flat surface
following irradiation at -300”C.

Shear punch data

Effective shear strength data are shown in Figures 7 and 8. The trends exhibited by these
data are almost identical to those observed in the tensile data, i.e., significant strengthening
occurred at all temperatures for all alloys. The shear punch data also showed the same test
temperature-dependent strength changes that are apparent in the tensile data. The effective
shear stress data indicate that the V63 alloy behaved similarly to the other three alloys.

Gas analysis data

I

Helium and hydrogen concentrations were measured in six of the irradiated and tested shear
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punch specimens and in selected control specimens. The results are shown in Figure 9.

Table 2. Tensile data on vanadium alloy specimens irradiated in ATR-AI.

Specimen
Irr.

Alloy ,D
Test Ys UTS

‘ose T:g)p” Temp. (C) (MPa) (MPa) :; ::) ;
t

P145 o -’- 205 126 289 10.8 24.0 97

P142 o - 295 102 179 13.5 19.7 !27

~33 P141 3 205 22 987 998 0.5 5.1 68

P140 3 205 205 813 862 0.4 2.0 27

P144 3 295 22 989 1007 0.4 2.4 35

P143 3 295 295 931 931 0.2 1.5 5

P848 o - 22 349 414 5.9 10.6 91

P851 o - 22 327 457 14.5 31.1 {
I

I IP850 10 1- 1164 1271 1388 1~, ,
IV44 IP853 13.5 1229 122 11062 lllol~

... v .,

, , 1 1- .I
93

–J.7 95I
-. 5.4 61

0.1 5.7 64

;;20 1.2 2.4 143

982 03 7n c1

< t
P845 3.5 229 229 888 1901

P842 4.7 293 22 992

P841 4.7 293 293 976 ___ --- --- .

P740 0 - 22 282 . 448 17.6 31.6 90

P742 o - 229 205 322 11.8 21.8 95

P743 o - 293 226 369 13.3 22.6 88

V55 P747 3.5 229 22 1130 1132 0.2 6.1 62

P753 3.5 229 229 992 994 0.2 6.1 66

P752 4.7 293 22 1053 1072 0.9 3.1 19

P751 4.7 293 293 935 943 0.3 5.3 27

In the irradiated samples, measured helium levels ranged from 1.2 to 3.0 appm.
Reproducibility between duplicate helium analyses averaged -2%, somewhat higher than
the analysis system reproducibility of -0.5’Yo, but consistent with previous results that have
shown higher levels of helium heterogeneity in materials that have a boron impurity as
suggested below. [15]

Measured hydrogen levels in the same irradiated samples ranged from 237 to 480 appm .
Reproducibility between the duplicate analyses averaged -209’. and is consistent with the
reproducibility observed in standard hydrogen-containing steels. Measured hydrogen levels
in the unirradiated alloys showed a higher average variability of -60Y0. The reason for the
higher variability in the unirradiated specimens is not clear.

Discussion

Gas analyses

Measured helium contents in the irradiated alloys were about a factor of 10 higher than
calculated, suggesting the presence of boron at impurity levels. [n spite of the large variance
from the expected helium level, the few appm He present are not likely to have affected the
mechanical properties of the alloys.

...---- .—— .-. —-—- . .-- . ... --— ---- ----- .- . .
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Measured hydrogen levels are about two orders of magnitude higher than calculated. The
reason for this is not clear, but since approximately the same hydrogen levels were
measured in both the unirradiated and irradiated alloys, it appears that much of the hydrogen
was present prior to irradiation thus suggesting either that no additional hydrogen was
generated during the irradiation, or that any hydrogen generated diffused out of the samples
during the irradiation. It is unlikely that the hydrogen present in the materials prior to
irradiation would have affected the changes in mechanical properties due to irradiation.

Tensile and shear punch data

The tensile traces on the unirradiated material exhibited both a yield plateau (or evidence of
a yield plateau for those tests where the phenomenon was less distinct) and serrated
yielding at all test temperatures. The corresponding shear punch traces exhibited neither of
these phenomena. However, in tests of other materials such as low carbon steels and
aluminum alloys, the fine detail observed in tensile tests, such as a Luders plateau or
serrated yielding, has been observed in corresponding shear punch tests. Both tensile and
shear punch traces from unirradiated specimens exhibited a large amount of plastic
deformation as well. The UTS was typically 40-60% higher than the YS in both types of
tests for the unirradiated condition.

The tensile test traces obtained on irradiated specimens exhibited none of the features
observed in the traces from the unirradiated specimens. Load increased rapidly to the
maximum value with very little work hardening; the UTS was generally within a few percent
of the YS. The test traces from irradiated specimens typically exhibited relatively sharp
‘peaks’ at maximum load and since no serrations or yield plateaus were observed, it appears
that the irradiation-induced defects were much more effective than interstitial atmospheres at
pinning dislocations. These features suggest that dislocation channeling is the prevalent
deformation mechanism in the irradiated alloys, as has indeed been recently confirmed. [16]

While UE was consistently very low, and exhibited no variation with irradiation temperature,
reduction of area exhibited a significant difference with irradiation temperature, being
consistently much lower after irradiation at about -300”C. This suggests that although
neither YS nor UE varied significantly with irradiation temperature, one might expect that the
fracture toughness of these alloys after irradiation at -300°C would be much lower than
following irradiation at -200”C.

Tensile-shear punch correlation

While the irradiation temperature and dose received by the TEM specimens was often
significantly different than that for the corresponding tensile specimens, it was judged
worthwhile to construct a correlation between uniaxial and effective shear yield and
maximum strengths. The uniaxial yield and the effective shear yield strength data are
compared in Figure 10. Two linear regression lines are shown for the yield strength
correlation in Figure 10. One is fit to all the data, while the other is fit to just the room
temperature data. Both correlations have nearly the same slope, and the slope is in good
agreement with previous correlations on other unirradiated and irradiated materials [4, 6-9].
However, as is evident in Figure 10, the tensile and shear punch data obtained from
elevated temperature tests do not fall on the same line as the data obtained from room
temperature tests. An examination of the both the tensile and the shear punch test traces
revealed that the shear punch traces obtained from elevated temperature tests exhibited a
very smooth transition from linear elastic to plastic behavior making it difficult to exactly
define the yield point. In keeping with the standard method of choosing the yield point as the



81

deviation from linearity, the yield point was taken as the earliest discernible deviation from
linearity, which resulted in low values for the effective shear yield stress.

The reason for the smooth transition from linear elastic to plastic behavior is not understood
at this time. It has been suggested that an offset effective shear yield stress be used in a
manner analogous to the 0.2% offset yield strength. This was investigated, and due to the
geometry of the deformation zone of the shear punch test, a 0.2% offset shear strain is
equivalent to only a fraction of the width of the trace line. Thus, such an offset would have
no significant effect on the measurement of the effective shear yield strength value.

The correlation for maximum strength, as shown in Fig. 11, is in excellent agreement with
previous maximum strength correlations obtained from unirradiated and irradiated materials,
and as with previous correlation studies, the maximum strength correlation clearly exhibits
less scatter than the yield strength correlation [4, 6-9]. Unlike the yield strength correlation,
there is no stratification of the values obtained at room temperature and at elevated
temperature.

Summarv And Conclusions

Tensile and shear punch tests on vanadium alloys irradiated in ATR at -200-300”C to 3-5
dpa indicate that significant strengthening and loss of ductility are observed after a small
amount of low temperature irradiation and that strength at the irradiation temperature is
slightly lower than at room temperature. RA is significantly lower following irradiation at
-300°C than at -200°C. No significant difference was observed beWeen V33, V44, V55
and V63. The tensile-shear punch relationship was as expected for both the yield and the
maximum load conditions, but some variability that is not well understood was observed for
the yield condition.
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Figure 6a-f. Fractographs of alloy V33 specimens a) P145, b)P142, c)P141,
d)P140, e)P144, and f) P143.
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F@re 6g-1. Fractographs of V44 alloy specimens g)P851, h)P850, i)P853,
j)P845, k)P842, and 1)P841.

-.,
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—

Figure 6m-r. Fractographs of V55 alloy specimens m)P740, n)P743, o)P747,
p)P753, cj)P752, and r)P751.
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.

Effect of Strain Rate on the Tensile Properties of Unirradiated and Irradiated V-4Cr-4Tij
A.F. Rowciiffe, S.J. Zinkle, and D.T. Hoelzer (Oak Ridge National Laboratory).

To be published in Journal of Nuclear Materials as Proceedings of the 90’ International Conference
on Fusion Materials October 10-15, 1999, Colorado Springs.

Extended Abstract

Tensile tests were carried out on an annealed, unirradiated V-4Cr-4Ti alloy from RT to 850°C at
strain rates ranging from 10-1 to 10-5 s-l. Below 300”C, where interstitial solutes are relatively
immobile, deformation is homogeneous, and the strain rate sensitivity (SRS) of the yield and flow
stress is positive. Between 300 and 700”C, the formation of solute atmospheres at locked
dislocations results in dynamic strain-aging (DSA), deformation becomes heterogeneous, and the
SRS of the flow stress is negative; in this regime the lower yield stress is independent of strain
rate. Above 700”C, substitutional solutes are also mobile, DSA declines, and the material enters a
power law creep regime in which the SRS becomes positive again. Following neutron irradiation
to 0.5 dpa at temperatures <400”C, severe flow localization occurs due to the high number density
of c1 10> and c1 11s loops. However, above 4!)O”C, strain hardening capac”~ returns but without
the Ltiders extension. At 500”C, after several percent plastic deformation, DSA occurs as
interstitial solutes are released from the defect structure.
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Solute Interactions in Pure Vanadium and V-4Cr-4Ti Alloy* - D.T. Hoelzer, S.J. znkie, and

A.F. Rowcliffe (Oak Ridge National Laboratory) and M.K. West (University of Tennessee)

To be published in Journal of Nuclear Materials as Proceedings of the 9ti International Conference

on Fusion Reactor Materials, October 10-15, 1999, Colorado Springs.

Extended Abstract

Room temperature electrical resistivity and microhardness measurements were performed on

cold-worked (CW) pure vanadium; solution annealed and CW V-4Cr-4Ti (alloy), and fusion welded

alloy over the isochronal annealing temperature range from 200”C to 1200°C. The four-point

probe technique was used for measuring electrical resistivity and a Vickers pyramidal indenter

with a 1 kg load was used for measuring microhardness on type SS-3 sheet tensile specimens.

The results suggested that differences in property behavior observed for the specimens from

200°C to 400°C were related to interactions between interstitial O, C, and N solutes and Ti solutes

in the alloy. In the cold-worked vanadium specimen, the formation of interstitial solute

atmospheres around dislocations in the substructure was attributed to the observed increase in

hardness and decrease in electrical resistivity. Calculations showed that the interstitial solutes

possessed sufficient mobility at the lower temperatures to account for this type of thermally

activated process. No significant increase in hardness was observed in the different alloy

specimen conditions over this temperature range. However, differences in electrical resistivity

were observed for these specimens. The resistivity and hardness data was interpreted as

showing a cumulative effect that was balanced between processes involving the clustering of

interstitial solutes around immobile Ti solute atoms (annealed alloy condition) and formation of

atmospheres around dislocations (cold-worked and welded alloy conditions).

The measured proper&y data for isochronal annealing temperatures above 400”C showed three

distinct trends that were observed to depend on the composition and condition (i.e. deformed,

annealed, or welded) of the specimens. The analysis of the three trends suggested that; (1)

recovery of dislocation structures began in the CW vanadium, CW alloy, and welded alloy

specimens at temperatures above 400°C, (2) a precipitation reaction occurred in the CW alloy and

welded alloy specimens between -600”C and 800°C, and (3) recrystallization and grain growth

processes occurred in all the specimens above -900°C. The results that supported the

precipitation reaction consisted of decreasing electrical resistivity from 600”C to -800”C and of

corresponding maxima in hardness near 700”C for the CW alloy and welded alloy specimens.

The property measurements for the CW vanadium and annealed alloy specimens showed no

evidence of the precipitation reaction.
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EFFECTS OF OXYGEN AND HYDROGEN AT LOW PRESSURE ON THE
MECHANICAL PROPERTIES OF V-Cr-Ti ALLOYS – J. R. DiStefano, B. A. Pint,
J. H. DeVan (Oak Ridge National Laborato~), H. D. Rohrig (Projektleitung Kernfusion,
Forschungszentrum Karlsruhe), and L. D. Chitwood (Oak Ridge National Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

The interest in vanadium alloys as a first-wall material in fusion reactors led to a study of the effects
of oxygen and hydrogen on the mechanical properties of two V-Cr-Ti alloys. At temperatures of
interest, reaction with small amounts of hydrogen or oxygen in the environment can lead to
deleterious effects on the mechanical properties.

Hydrogen in V-Cr-Ti alloy affects its room temperature tensile properties. In the absence of an
increase in oxygen concentration, matrix hardening, and a slight effect on total elongation were
noted up to -400 ppm (-2.2 at. Y.)hydrogen in the alloys. At higher concentrations, brittle
behavior rapidly occurred.

In air at 0.1 MPa (1 atm), oxygen uptake was logarithmically dependent on exposure time at 400”C
and parabolically dependent at 500”C. At lower oxygen partial pressures (s1 002 Pa), oxygen
uptake at 400°C was below measurable limits after the first 10-25 h. At the lower pressures, the
rate of uptake at 500”C was also parabolic, but the rate was much lower than in air and did not vary
over the pressure range 102 to 104 Pa. The primary effect of oxidation at 500°C on room
temperature tensile properties was to reduce ductility. There was little or no effect on yield
strength or ultimate tensile strength.

Exposure of V-Cr-Ti alloys to low partial pressures of oxygen at high temperature resulted in
oxygen absorption and internal oxidation. Characterization of a V-4Cr-4Ti alloy after oxidation and
homogenization at 500°C revealed a microstructure with ultrafine oxide precipitates throughout
the matrix and along the grain boundaries. However, bordering the grain boundaries was a zone
denuded inn precipitates. Heat treatment at 950”C following oxidation resulted in large TiOX
precipitates in the matrix and grain boundaries. However, the denuded zone adjacent to the
boundaries was retained. Tensile ductility of the V-Cr-Ti alloys was reduced by exposure to low
pressure oxygen under the test temperature and pressure conditions. However, heat treatment
at 950”C following oxidation was generally effective in recovering ductility irrespective of the initial
annealing treatment or grain size.
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THE EFFECT OF LASER WELDING PROCESS PARAMETERS ON THE
MECHANICAL AND MICROSTRUCTURAL PROPERTIES OF V-4CR-4TI

STRUCTURAL MATERIALS$

C. B. Reed, K. Natesan, Z. Xu, and D. L. Smith

Fusion Power Program, Argonne National Laboratory
9700 S. CassAve.,Argonne,IL60439,USA

Telephone:++1630252-5970,FAX:++16302525287,E-mail:cbreed@anl.gov

EXTENDED ABSTRACT for Reference [I] .

V-Cr-Ti alloys are among the leading candidate materials for the first wall and other
structural materials applications in fusion power reactors because of several important
advantages including inherently low irradiation-induced activity, good mechanical
properties, good compatibility with lithium, high thermal conductivity and good
resistance to irradiation-induced swelling and damage. However, weldability of these
alloys in general must be demonstrated, and specifically laser welding has high potential
but must be developed. Laser welding is considered to be an attractive process for
construction of a reactor due to its high penetrating power and potential flexibili~.

This abstract summarizes the most recent results obtained in a systematic study
conducted to examine the use of a pulsed Nd:YAG laser to weld sheet materials of V-Cr-
Ti alloys and to characterize the microstructural and mechanical properties of the
resulting joints. Deep penetration and defect-free welds were previously achieved[2]
under an optimal combination of laser parameters including focal length of lens, pulse
energy, pulse repetition rate, beam-travel speed, and shielding gas arrangement. The key
for defect-free welds was found to be stabilization of the keyhole and providing an escape
path for the gas trapped in the weld. An innovative method was also developed to obtain
deep penetration and oxygen contamination free welds. Oxygen and nitrogen uptake
were reduced to levels only a few ppm higher than the base metal by design and
development of an environmental control box. An effort directed at developing an
acceptable postweld heat treatment showed that five passes of a diffuse laser beam over
the welded region softened the weld material, especially in the root region of the weld.

Using Vanadium alloy, V-4 wt% Cr-4 wt% Ti, bead-on-plate (BOP) welds were
produced on 4 mm thick sheets of the alloy using a 1.6 kW pulsed Nd:YAG laser with
optical fiber beam delivery. Effects of laser parameters on depth of penetration, oxygen
and nitrogen uptake, and microhardness, were determined experimentally. Three main
tasks were studied:

(a) Determine the optimal parameters for full penetration, defect-free, laser welding of
4mm thick sheets of V-Cr-Ti alloys, and examine the microstructural characteristics
of the welded sections, including base metal, heat-affected-region, and core of the
weld.
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(b) Evaluate the influence of different postweld heat treatments on microstructural
characteristics and local hardness profiles.

(c) Determine the extent of oxygen uptake from the welding process, its influence on
weld joint hardness, and minimize it.

Topics (a) and (b) have been reported previousIy[2]; a summary of the results for topic
(c) is given here.

The most recent work focused on weld purity issues, starting with oxygen, carbon, and
nitrogen uptake during weld processing 1]. Uptake of oxygen can lead to embrittlement
of the alloy and therefore must be avoided. With laser schedule, beam travel speed, lens,
and shielding gas flow identical to those which produced full penetration welds
previously[2], two weld specimens, 990223B (23B) and 990223C (23C), were produced
and the core of each weld was machined into chips and analyzed for O, C, and N.
Oxygen, nitrogen, and carbon concentrations in laser-welded samples were analyzed by
the Inert Gas Fusion (IGF) method. Results of those analyses, along with analyses of the
base material adjacent to the welds (specimen 23A), are shown in Figure 1. Also shown
in Figure 1 for comparison purposes, are reference analyses of O, C, and N from the
original Heat 823665, from which the 4mm sheets were produced. It can be seen that
specimens 23A and 23B obviously exhibit unacceptably large amounts of oxygen and
nitrogen.

A custom-designed environmental control box (ECB) capable of purging with high-purity
argon (99.9959io) was integrated with the Nd:YAG laser to improve the quality of the
welding atmosphere by minimizing oxygen and nitrogen uptake. Specimens were placed
in the ECB with fixtures. High-purity argon was purged into the box from both sides and
the flow rate was well controlled such that a slow flow of argon out from the slit on the
top of the box could be formed This provided a good welding atmosphere to minimize
the impurity uptake during welding. A shielding disk just above the slit enhanced the
shielding effect and also provided a guiding surface for the lens protection gas[ 1].

Figure 1 shows that the welds produced in the ECB with nearly optimal shielding gas
(12B and 12C) have the lowest oxygen content. Welds using the ECB but with a less
than optimal gas shielding arrangement (09A and 09B) have higher oxygen content
compared to those with nearly optimal shielding. The welds obtained without using the
ECB have the highest oxygen content. The specimens were wiped with acetone before
and after welding except specimen 09B, which was cleaned in a pickling solution after
welding. The O, N, and C contents of welds produced using the ECB with near-optimal
shielding gas are essentially the same as the values reported as the reference analysis for
the starting material. Oxygen analyses obtained from the chip samples (23B & 23C)
apparently include additional contamination. Subsequent specimens were not milled into
chips prior to chemical analysis, but rather submitted as small bars. By design and
development of this environmental control box method, oxygen and nitrogen uptake were
reduced to levels only a few ppm higher than the base metal.
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A microhardness profile across the width of weldment 12D showed only a slight increase
in hardness in the weld metal, in comparison to that of the adjacent base metal[l].

In summary, a systematic study was conducted to examine the use of a pulsed Nd:YAG
laser to weld sheet materials of V-Cr-Ti alloys and to characterize the microstructural and
mechanical properties of the resulting joints. Deep penetration and defect-free welds
were achieved under an optimal combination of laser parameters including focal length of
lens, pulse energy, pulse repetition rate, beam travel speed, and shielding gas
arrangement. The key for defect-free welds was found to be the stabilization of the
keyhole and providing an escape path for the gas trapped in the weld. An innovative
method was developed to obtain deep penetration and contamination-free welds. Oxygen
and nitrogen uptakes in weldments were reduced to levels only a few ppm higher than the
base metal, by design and development of an environmental control box. The effort
directed at developing an acceptable postweld heat treatment showed that five passes of
diffuse laser beam energy over the welded region softened the weld material, especially
in the root region of the weld.
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PERFORMANCE OF V-Cr-Ti ALLOYS IN A HYDROGEN ENVIRONMENT*”

K. Natesan and W. K. Soppet (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) determine the hydrogen uptake of several heats of V-Cr-Ti alloys

as a function of temperature and partial pressure of hydrogen (pH2) in the exposure environment,

(b) examine the microstructural characteristics of surfaces and cross sections of the alloys after

exposure, (c) evaluate the influence of hydrogen uptake in low-pH2 environments on the tensile

properties and cracking propensity of the alloys at room and elevated temperatures, and (d)

determine the effects of oxygetihydrogen interactions on the tensile properties of the alloys.

EXTENDED ABSTRACT

A paper on this subject was presented at the 9th International Conference on Fusion Reactor

Materials in Colorado Springs, Oct. 10-15, 1999. An extended abstract of that paper is given below.

A systematic study is being conducted to evaluate the performance of several V-Cr-Ti alloys after

exposure to environments containing hydrogen at various partial pressures. The goal is to correlate

the chemistry of the exposure environment with hydrogen uptake by the samples and the resulting

influence on the microstructure and tensile properties of the alloys. Other variables of interest are

the effect of initial grain size on hydrogen uptake and tensile properties, and the synergistic effects, if

any, of oxygen and hydrogen on the tensile behavior of the alloys.

Experiments were conducted on specimens of various V-Cr-Ti alloys exposed to pH2 levels of 0.05

and 3 x 10-6 torr at temperatures between 200 and 500°C. Negligible effect of H2 was observed on

either maximum engineering stress or uniform and total elongation. The uniform and total elongation

values for the alloy ranged between 0.14-0.20 and 0.18-0.31, respectively, at temperatures between

200 and 500”C and in a pH2 ofeO.05 torr. However, uniform and total elongation decreased to 0.002

when the alloys were exposed at 500°C to 1.0 torr H2 pressure. This corresponded to an H

concentration of 358 wppm in the alloy.

Preliminary data from sequential exposures of the materials to Iow-P02 and several low-pH2

environments were obtained in a subsequent study. The preexposure of the specimens to a low-p02

environment, followed by exposure to a pH2 environment, resulted in O concentrations in a range of

550-2230 wppm and H concentrations in a range of 6-16 wppm. For example, a V-4Cr-4Ti specimen

that was pretreated for 100 h in 3 x 10-6 torr p02 at 500°C and subsequently exposed for 100 h in a

pH2 of 3 x 10-6 torr at 500°C contained O, N, and H concentrations of 1030,

,

● This work has been supported by the U.S. Department of Energy, Office of Fusion

Contract W-31 -1 09-Eng-38.

100, and 7 wppm,
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respectively. The specimen exhibited uniform and total elongation values of 0.15 and 0.23,

respectively. TEM examination of the specimen showed precipitates measuring 100-200 ~ in size,

predominantly along the grain boundaries; these can be attributed to the pretreatment in low-pressure

02 environment. Similarly, a V-4Cr-4Ti specimen that was pretreated for 100 h in 1 x 10-4 torr p02

at 500”C and subsequently exposed for 100 h in pH2 of 3 x 10-6 torr at 500°C contained O, N, and H

concentrations of 2000, 110, and 12 wppm, respectively. That specimen exhibited uniform and total

elongation values of 0.14 and 0.18, respectively. Based on these results, we concluded that such a

pretreatment had no significant effect on the tensile properties of the alloy, indicating no synergistic

effect of O and H on the properties in the range of our investigation.
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DEVELOPMENT OF ELECTRICALLY INSULATING COATINGS FOR SERVICE IN A LITHIUM

ENVIRONMENT*”

K. Natesan, M. Uz, and S. Wleder (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) develop electrically insulating coatings, with emphasis on the

basic understanding of the thermodynamic conditions and kinetics of coating development needed to

achieve stable coatings of CaO that are compatible in an LULi-Ca environment;

(b) perform detailed postexposure analysis of the surface layers by several electron/optical

techniques to characterize the elemental and phase compositions, quantify stratification in the layers,

and establish the role of compositional changes in the coating defects and microstructure;

(c) measure the electrical resistance of the coatings, before and after exposure external to Li; and

(d) establish optimal procedures from the standpoint of sample preparation procedures, exposure

time and temperature, and sequence of operations in order to obtain reliable and reproducible

coatings with adequate electrical resistance for use in an Li environment.

EXTENDED ABSTRACT

A paper on this subject was presented at the 9fh International Conference ‘on Fusion Reactor

Materials in Colorado Springs, Oct. 10-15, 1999. An extended abstract of that paper is given below.

Several experiments were conducted to develop electrically insulating CaO coatings on a V-4Cr-4Ti

alloy, for application in an Li environment. Coatings were developed by a vapor phase transport

process external to Li and in-situ in an Li-Ca environment at elevated temperature. In the vapor

phase study, several geometrical arrangements were examined to obtain a uniform coating of Ca on

the specimens, which were typically coupons measuring 5 to 10 x 5 x 1 mm. After Ca deposition from

the vapor phase, the specimens were oxidized in a high-purity argon environment at 600”C to convert

the deposited metal into oxide. The specimens exhibited insulating characteristics after this oxidation

step. Several promising coated specimens were exposed to high-purity Li at 500°C for 48-68 h to

examine coating integrity. Microstructural characteristics of the coatings were evaluated by scanning

electron microscopy and energy-dispersive X-ray analysis. Electrical resistance of the coatings was

measured between room temperature and 700”C before and after exposure to Li by a two-probe

method.

Results showed that thick adherent coatings can be fabricated by thermal/chemical vapor deposition

process, especially if a double Ca treatment is applied. Coatings developed in-situ in an Li-Ca

environment had thicknesses much less than desired. Furthermore, the coating composition was

nonuniform, with significant presence of V in several locations on the coated surface. Microstructural

analysis of the coatings developed by the thermal/chemical process showed almost 100°/0 CaO over

a coating thickness of 20-30 pm;

* This work has been supported by

Contract W-31 -1 09-Eng-38.

electrical resistance of such coatings was at least two orders of

the U.S. Department of Energy, Office of Fusion Science, under
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magnitude higher than the minimum required for blanket application. Electrical resistance of in-situ-

developed coatings was adequate at temperatures up to =350”C, but decreased substantially at

higher temperatures. The results obtained in this study indicate that CaO is a viable coating for a V-Li

advanced blanket, but needs significant additional effort, especially from the standpoint of

structure/composition relationship to its electrical resistance. Furthermore, in-situ measurement of

resistance in Li is required in order to simultaneously evaluate the coating integrity, its resistance, and

Li compatibility.
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BIAXIAL THERMAL CREEP OF V-4Cr-4Ti AT 700”C AND 800”C – R. J. Kurtz and M. L.
Hamilton (Pacific Northwest National Laboratory~

Extended abstract of a paper submitted to the Journal of Nuclear Materials as part of the
proceedings of the 9th inter~ational Conference on Fusion Reactor Materials, Colorado
Springs, Colorado, USA, October 10-15,1999.

EXTENDED ABSTRACT

A study of the biaxial thermal creep properties of V-4Cr-4Ti (Heat No. 832665) is being
performed using pressurized tube specimens. The specimen geometry, stress levels and
test temperatures are designed to compliment ongoing efforts to characterize the irradiation
creep performance of the same alloy [1-4]. The current study is a companion to another
research effort underway at Argonne National Laboratory [5] to evaluate the uniaxial creep
behavior of V-Cr-Ti alloys.

Sections of V-4Cr-4Ti tubing with a nominal 4.572 mm OD by 0.254 mm wall thickness and
-45’Yo cold work level were obtained from Argonne National Laboratory for fabricating creep
specimens. Details of the tubing fabrication process have been reported previously [2].
Specimens were pressurized with high-purity helium gas to mid-wall effective stress levels
below the uniaxial yield strength. The specimens were loosely wrapped with Ti foil and then
placed in an ultra-high vacuum furnace and heated to 700 or 800”C. Periodically the
specimens were removed from the furnace to measure the change in OD with a high-
precision laser profilometer. Effective (von Mises) mid-wall creep strains were computed
from the diameter change data.

The stress dependence of the effective secondary creep rate is presented in Figure 1 along
with uniaxial data obtained by Chung et al., at 600°C and higher stresses [6]. All of the data
in Figure 1 were fried to

&e= ACT: (1)

where &e is the effective secondary creep rate, 0, is the effective stress, A and n are

constants. Note the stress exponent, n, is 9.9 for the 600”C data gathered at stress levels
greater than 300 MPa. For the higher temperature data generated at stress levels less than
160 MPa n is between 2.7 and 3.7. This difference in stress exponent is not due to biaxial
versus uniaxial specimen geometries, but is characteristic of creep in vanadium and
vanadium alloys [3-8]. Values of n - 3 suggest that dislocation creep is the predominant
deformation mechanism for the thermal and stress conditions employed here [7].
Microstructural studies of several failed creep specimens lend additional support for this
conclusion [8].

The activation energy for creep in V-4Cr-4Ti was estimated at effective stress levels of
approximately 70, 90 and 120 MPa. Equation (2) was used to compute the activation
energy, Q, as

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial institute under contract DE-AC06-76RL0-1830.
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(2)

Figure 1.

where R

lo- 6t I n T-3.7,t , i

10 100 500
EffectiveStress,MPa

Stress dependence of the minimum creep rate of unirradiated V-4Cr-4Ti (Heat
832665) between 600-800”C.

is the universal gas constant, and ~1 and AZ are the effective creep rates at

temperatures T, and Ta Activation energies ranging from 272 to 326 kJ/mole were obtained,
with an average value of 299 kJ/mole. The activation energy did not vary inversely with
stress as has been observed for pure vanadium [9]. These values are somewhat greater
than the activation energy for self-diffusion in pure vanadium, which is about 270 kJ/mole in
the 700 to 800”C temperature range [1O]. This result lends additional support to the
observation that the predominant creep mechanism in V-4Cr-4Ti at the temperatures and
stresses investigated in this study is climb-assisted glide of dislocations. It also suggests
that solute-drag may limit the rate at which dislocations can climb past obstacles in the
microstructure, leading to a higher activation energy for creep. A recent study of the high-
temperature deformation behavior of V-4Cr-4Ti shows that dynamic strain aging occurs in
this material at temperatures up to 750°C [1 1]. This indicates that solutes are mobile at the
test temperatures investigated in this study and could impede dislocation climb.

A comparison of the creep-rupture behavior of specimens tested hereto data gathered on V-
Cr-Ti alloys [3,5,6,12] and other fusion relevant materials [13] is presented in Figure 2. Both
uniaxial and biaxial data are plotted in Figure 2. The data sets are correlated using the
Larsen-Miller parameter (LMP), that is ‘

P= T(20+logtr)/looo (3)

where T is the test temperature in K and f, is the time-to-rupture in hours. Since failure
strains for the vanadium alloys were generally large, a good correlation between uniaxial
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(constant load tests) and biaxial (constant stress tests) data might not be expected, but this
is obviously not the case here. The trend line for V-4Cr-4Ti is quite reasonable, but the data
are too sparse to firmly establish an LMP creep-rupture correlation for this alloy.
Comparison with V-( I O-15)Cr-5Ti data [3,12] indicates that an additional 6 to 97. Cr

1- 4

Uniaxial,V-(10-15Cr)-5Ti[6,12]
i

Uniaxial,V-4Cr-4Ti[5,6]
Biaxial, V-4Cr4Ti [ThisStudy]
Biaxial, HT-9 [13]
Biaxial, 20% CW 316 SS [13]

lo~
16 18 20 22 24 26

Larsen-MillerParameter,P

Figure 2. Larsen-Miller Parameter correlation for creep-rupture of unirradiated V-4Cr-4Ti
(Heat 832665).

improved the creep-rupture properties of this alloy system considerably. Comparing the
performance of V-4Cr-4Ti with HT-9 [13] and 20% cold-worked 316 stainless steel [13]
shows that V-Cr-Ti alloys exhibit much better creep-rupture resistance and therefore could
tolerate higher average wall temperatures.

An on-going study of the thermal creep properties of V-4Cr-4Ti is being performed using
pressurized tube specimens. The secondary creep rate was found to be power-law
dependent on the applied stress with a stress exponent of 3.7 at 700”C and 2.7 at 800°C.
The average activation energy for creep of V-4Cr-4Ti was 299 kJ/mole, which is quite close
to the activation energy for selfd.tiusion in pure vanadium in this temperature regime. The
predominant mechanism of creep deformation for the conditions employed in this study is
most likely climb-assisted dislocation motion. Creep-rupture data from uniaxial and biaxial
tests of V-4Cr-4Ti specimens yields a reasonable LMP correlation. On this basis the creep-
rupture properties of V-4Cr-4Ti were shown to be slightly worse than V-(1 O-15)Cr-5Ti and
significantly better than other candidate fusion structural materials such as HT-9 and 20%
cold-worked 316 stainless steel.
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THERMAL CONDUCTIVITY OF SIC AND C FIBERS -1- G. E. Youngblood and D. J. Senor
(Pacific Northwest National Laborato~J, W. Kowbel and J. Webb (MER Corporation), and Akira
Kohyama (Kyoto University, Japan).

OBJECTIVE

The objective of this task is to examine SiC fibers and SiC/SiC composites fabricated by various
processing methods designed to improve the composite thermal conductivity. Specifically, it is
desired to increase the thermal conductivity of these composites to meet expected thermal
transport requirements for advanced fusion energy systems.

SUMMARY

‘Several rod-shaped specimens with uniaxially packed fibers (Hi-Nicalon, Hi-Nicalon Type S,
Tyranno SA and Amoco KI 100 types) and a pre-ceramic polymer matrix have been fabricated.
By using appropriate analytic models, the bare fiber thermal conductivity (Kf) and the interface
thermal conductance (h) will be determined as a function of temperature up to 10OO”C before
and after irradiation for samples cut from these rods. Initial results are: (1) for unirradiated Hi-
Nicalon SiC fiber, Kf varied from 4.3 up to 5.9 W/mK for the 27-1 OOO°C range, (2) for
unirradiated KI 100 graphite fiber, Kf varied from 576 down to 242 W/mK for the 27-1000”C
range, and (3) h = 43 W/cm2K at 27°C as a typical fiber/matrix interface conductance. -

PROGRESS AND STATUS

Currently available fiber-reinforced (Hi-Nicalon) SiC/SiC composites with a chemical vapor
infiltrated (CVI) SiC matrix have a transverse thermal conductivity (Kt) of about 13 and 8 W/mK at
300K and 1273K, respectively. Neutron irradiation tends to degrade the Kt-values of this type of
SiC/SiC by about 25% and 50% for 300K and 1273K, respectively (i.e., to 4 W/mK or below) [1].
A Kt-value of 4 W/mK for SiC/SiC is at most about 25% of that desired for anticipated fusion
power system applications [2]. By comparison, thermal conductivity values of unirradiated, high-
purity and dense monolithic CVD-SiC, whose values represent an upper limit attainable for SiC,
can exceed 300 and 60 W/mK at 300K and 1273K, respectively [3]. These high K-values indicate,
that there is room for substantial improvement of the thermal transport properties in SiC/SiC. ,
Nevertheless, attaining a Kt-value of 30 W/mK at 1273K for unirradiated SiC/SiC, one-half that of
monolithic CVD-SiC at this temperature and the approximate Kt-value needed to provide a
desired 15 W/mK material during irradiation, will present a serious challenge.

The cause of low Kt-values for SiC/SiC has been attributed to the approximately 10-15% porosity
in the matrix, and particularly to the presence of numerous, fairly large interlaminar voids [4]. The
relatively low K-values of the fiber reinforcement, which makes up about another 40% of a typical
composite volume, also contribute to low overall Kt-values. Furthermore, thermal conductance
across the various interfaces (fiber/matrix or matrix/matrix) or thin interphases (purposely applied
at the fiber/matrix interface to provide composite toughness) is a very important factor affecting Kt
[5]. Better control of the porosity geometry and amount (especially the reduction of the
interlaminar void content) can help improve the Kt-values somewhat. However, to achieve
significant improvement in the SiC/SiC Kt-values, both the fiber thermal conductivity and the
interface thermal conductance must be improved.

“ Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of Energy by Battelle
Memorial Institute under contract DE-AC06-76RLO-I 830.
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Fortunately, new near-stoichiometric SiC fibers have recently become available that claim to have
K-values of about 50 W/mK (e.g., Tyranno~ SA and Dow~ Sylramic), a value significantly
greater than the K-values of widely used NicalonTM or l-li-NicalonTM fibers (=2 and 5 W/mK,
respectively) [6,7’1. Furthermore, the new SiC fibers promise to be more radiation resistant, in
which case the rather large differential swelling/shrinking observed between the fiber and matrix
components in composites made with first generation Nicalon SiC fibers should be considerably
alleviated [8]. Improved dimensional stability of the fibers, in turn, should lead to improved
tiber/matrix interface conductance in SiC/SiC composites. By using such new fibers and by
careful design of the fiber/matrix interface, the opportunity to make significant improvements in
the thermal transport of SiC/SiC composites now exists.

The use of 3D SiC fiber architectures has shown some promise to improve Kt-values [9]. Another
method to improve Kt-values, now being investigated by MER Corp. (Tucson, AZ) under an SBIR
program with the DOE Office of Fusion Energy Sciences, consists of “spiking” conventional 2D-
SiC/SiC composite with high thermal conductivity, graphite fiber bundles in the transverse or Z-
direction. The thermal conductivity of high modulus graphite fibers is very anisotropic, but can
exceed 1000 W/mK along the fiber length [1O].

In common, all strategies to improve Kt-values of SiC/SiC will require the use of fibers with
correspondingly high K-values. This work describes a method to evaluate fiber K-values before
and after irradiation up to 1000”C, which covers the relevant temperature range 600-1000”C for
potential SiC/SiC fusion applications.

In this method, rod-shaped composites (20 mm long x 6.0 mm dia) with uniaxial fiber alignment
were fabricated. The rods were sliced into several discs (about 2.0 mm thick) appropriate for
thermal diffusivity measurements [1 1]. The composite matrix was made from Ceraset~, a pre-
ceramic liquid polymer at RT that is converted to SiC by pyrolyzing in an argon atmosphere. The
Ceraset matrix was purposely made amorphous so that the fiber contribution would dominate the
overall composite K-values. To do this, a final heat treatment was given at 11OO”C, a
temperature high enough to exsolve most of the gaseous components but well below the 1600”C
temperature required for SiC crystallization in Ceraset. Also, to further improve the accuracy of
the fiber K-value determinations a high fiber packing density (>60%) was used.

The thermal diffusivity also will be measured for SiC/SiC samples with normal 2D- or 3D- fiber
architectures. Knowing the K-values of the bare fiber and matrix components and by using
appropriate constituent thermal conductivity models that represent the particular SiC/SiC
composite architecture, the interface thermal conductance values can then be investigated.

Analysis

First, the overall thermal diffusivity a(T) of a uniaxial composite with the fibers aligned parallel to
the heat transport direction (assumed to be one-dimensional and effectively homogeneous) was
measured using the laser flash, diffusivity technique [11]. The effective composite thermal
conductivity (~ff) was calculated from:

where the composite specific heat C~~T) was calculated from:

C,~T) = F~(T) + F.C~(T)

(1)

(2)
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with Fi = weight fractions and Ci(T) = component specific heats. In the above equations, several
terms were determined as functions of temperature (T) and the subscript i = form stands for fiber

and matrix, respectively. The bulk density, pbulk(T), was determined from the sample weight and
geometrical volume corrected for volume change due to thermal expansion.

Second, the bare fiber thermal conductivity, K(T), was extracted from a simple series model
expression for the parallel fiber alignment case given by:

~~T) = f~fl) + f.K.(T) (3)

with fi = volume fractions and Ki = component K-values. Note that the sum of ff and f~, estimated
by image analysis from several micrographic views of polished rod cross-sections, may not
necessarily be equal to one since the rods also contained a void fraction. The matrix contribution
(Km) was determined separately by measuring a(T) of a sample formed only from matrix material
(monolithic CerasetTM heat-treated at 1100”C).

The use of Eqns (1) and (3) assumes 1D heat flow or equilibrium conditions perpendicular to the
heat flow direction. Then Eqn (3) can be used to calculate K~T), and Eqn (1) is used again to
calculate the fiber thermal diffusivity, rx~T), from values of fiber specific heat, density and Kfl).

Third, IX(T) was measured for a SiC/SiC sample with transverse fiber alignments. For the simple
case of uniaxial fibers perpendicular to the heat transport direction, according to Hasselman and
Johnson [12], ~~T) is approximately given by:

K.ti = K~[(K~K~ – 1 – K~ah)ff + (1 + K~K~ + K~ah)] x (4)
[(1 - K~K~ + K#ah)ff + (1 + K#K~ + K#ah)]-l

with Ki = component conductive ~, a =fiber radius, ff= fiber volume fraction, and h = the interracial
thermal conductance in W/m K. From the measured value of tQ~T) for the transverse
configuration of the composite, and the already determined values of a, ff, Km and Kf, h(T) was
backed out of Eqn (4).

The approximation given by Eqn (4) is fairly good for the range 0.1 < K~K~ <10 and when ff c
307. [13]. In this expression, the product “ah” is equivalent to the thermal conductivity of an
interphase layer making perfect thermal contact with both the fiber and matrix. For the limiting
case (ah) a> Kf (perfect fiber/matrix thermal contact), Eqn (4) reduces to the Releigh-Maxwell
conductivity expression for a dilute distribution of conducting cylinders in a matrix. When ah -s O
(perfectly insulated fibers), ~fi approaches the limiting value K~(l-ff)/(l +ff).

For this analysis, h(T) includes the combined effect of transverse conduction through a thin
interphase coating and across any porosity or other mismatch thermal barriers that might occur at
the fiber/matrix interface. For temperatures less than about 1200K, h(T) will be dominated by the
asperities of the interface contacts and the conduction through any gaseous medium contained
within intervening porosity. A separation of the relative conductance contributions through actual
contacts and a gaseous medium can be . obtained by performing the thermal diffusivity
measurements in vacuum and in a controlled atmosphere [14]. Furthermore, Km itself may be an
effective conductivity when the matrix contains porosity or filler particles.

Results

In this section, some preliminary results are presented for the Hi-Nicalon~ and K1 10OTMfibers.
Hi-Nicalon~ is a SiC-based fiber type made by Nippon Carbon Co. while K1 100~ is a high
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modulus graphite fiber with high thermal conductivity made by Amoco. Preliminary values of
C.~T), k~T) and a{T) determined for the Hi-Nicalon fiber and k(T) for the KI 100 graphite fiber
are given in Table 1.

Table 1. Thermal transport properties of Hi-Nicalon SiC and K1 100 graphite fibers.

Temperature Hi-Nit C,fl) Hi-Nit k{T) Hi-Nit a<T) KI 100 k{T)
(K) (J/gK) (W/mK) (cm*/s) (W/mK)

300 0.689 4.29 0.0232 576
400 0.904 5.41 0.0223 495
500 1.016 5.68 0.0208 430
600 1.088 5.75 0.0197 380
700 1.140 5.72 0.0187 342
800 1.183 5.65 0.0178 313
900 1.219 5.61 0.0172 293
1000 1.252 5.59 0.0167 278
1100 1.283 5.67 0.0166 266
1200 1.312 5.78 0.0165 255
1300 1.339 5.91 0.0166 242

The bulk density of the particular batch of Hi-Nicalon fiber examined, measured by the liquid
gradient technique, was 2.69 g/cc. The average Hi-Nicalon fiber diameter, determined by image
analysis, was 13.8 ~ 1.8 pm [8]. The manufacturer (Nippon Carbon Co.) lists the chemical
composition (in wt. ?Lo): Si (62.4), C (37.1), O (0.5) and C/Si (atomic) = 1.39. From these values,
the weight and volume fractions of the components SiC, C and Si02 in Hi-Nicalon fiber were
calculated to be: 0.882, 0.107 and 0.011 (weight) and 0.819, 0.168 and 0.013 (volume),
respectively.

The free C-content in Hi-Nicalon fiber is relatively high and consists of turbostratic aggregates.
According to Hochet, et al, in Hi-Nicalon the C-aggregates are approximately 8-10 atomic layers
thick by 2-5 nm in length [15]. These C-aggregates probably have a marked influence on the
thermal (and electrical) conductivity of Hi-Nicalon fiber and likely are responsible for the peculiar
temperature dependence of K~T) exhibited by Hi-Nicalon. Furthermore, the presence of these C-
aggregates probably affects the dimensional stability of Hi-Nicalon during irradiation.

Although there is considerable uncertainty when using Eqn (4) to calculate h(T), the 300K value
of h(T) was =43 W/cm*K, which agrees fairly well with literature values determined for similar
composites: 40 W/cm2K and 29 W/cm2K (by S. Graham [13] and H. Bhatt, et al [5], respectively).
Obviously, a radiation induced swelling/shrinking mismatch between fiber and matrix components
could also affect h(T). Such an effect on the transverse thermal conductivity in irradiated SiC/SiC
has been neglected in previous studies, and needs to be analyzed. As previously discussed,
high values of both Kf and h are necessary to ensure high transverse thermal conduction in a
SiC/SiC composite. Also, high values of Kf and h are desired to provide effective thermal
conduction paths around micro-cracked regions in the matrix for conduction parallel to the fibers
in a SiC/SiC composite. The behavior of h(T) during and after irradiation should be of keen
interest and importance. .

Finally, the extremely high Krvalues determined for the KI 100 graphite fiber (40-100 times that of
Hi-Nicalon) confirm that the strategy of spiking 2D-SiC/SiC in the Z-direction with these fibers to
improve Kt has merit. The effect of irradiation on K~T) for the KI 100 fiber also will be of keen
interest and importance.
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FUTURE WORK

The thermal diffusivity data for the uniaxial rod samples made from the Hi-Nicalon, Hi-Nicalon
Type S and Tyranno SA SiC fibers and the KI 100 graphite fibers will be analyzed before and
after irradiation. Twenty-eight (28) fiber and four (4) CVD-SiC thermal diffusivity disc samples
will be irradiated in the ATR reactor at 300”C to a dose of 1.5 dpa commencing in June, 2000.
The samples should be available for final analysis by the end of year 2000.
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REACTION-BASED SIC MATERIALS FOR JOINING SILICON CARBIDE COMPOSITES
FOR FUSION ENERGY - C. A. Lewinsohn and R. H. Jones (Pacific Northwest National
Laborato~~, M. Singh (NASA Glenn Research Center, Ohio), H. Serizawa (Osaka

University, Japan), and Y. Katoh and A. Kohyama (Kyoto University, Japan).

OBJECTIVE

Reliable and practical joining techniques are required to enable the use of silicon carbide
composites in fusion energy systems. Based on criteria relevant to fusion applications,
silicon carbide has been selected as a promising joint material. The objective of this work is
to evaluate the thermal stability and mechanical properties of silicon carbide joints fabricated
via reaction-based methods.

SUMMARY

The fabrication of large or complex silicon carbide-fiber-reinforced silicon carbide (SiC/SiC)
components for fusion energy systems requires a method to assemble smaller components
that are limited in size by manufacturing constraints. Previous analysis indicates that silicon
carbide should be considered as candidate joint materials. Two methods to obtain SiC joints
rely on a reaction between silicon and carbon to produce silicon carbide. This report
summarizes preliminary mechanical properties of joints formed by these two methods. The
methods appear to provide similar mechanical properties. Both the test methods and
materials are preliminary in design and require further optimization. in an effort to determine
how the mechanical test data is influenced by the test methodology and specimen size,
plans for detailed finite element modeling (FEM) are presented.

PROGRESS AND STATUS

Introduction

A limitation of SiC/SiC composite materials is that they can only be produced in limited sizes
and shapes. Therefore, to fabricate a complete fusion energy system a method of joining
SiC/SiC components is required. In fusion energy systems utilizing silicon carbide first-wall
materials it would be undesirable to use a joining technique that introduces dissimilar
materials at the inner face of the first wall. In addition, to avoid poisoning the plasma the first
wall must be hermetic. Therefore, two attractive methods of joining silicon carbide with other
forms of silicon carbide have been developed: reaction bonding [1-4], and preceramic
polymer adhesives [5-1 1]. In this paper, preliminary results obtained from joints formed by
two reaction-based methods will be presented. Reaction bonding consists of adding molten
silicon to a mixture of carbon and silicon carbide powders, which subsequently react to form
silicon carbide with small amounts of residual silicon or porosity. Reaction forming consists
of adding molten silicon metal to a porous carbon network, which subsequently converts to
silicon carbide with minor amounts of residual silicon metal or porosity. Although design
criteria for SiC/SiC and joints have not been determined there are several practical test
methods for measuring the failure conditions under a variety of stress states. To obtain a
better correlation between anticipated service stresses and test methods a study utilizing
FEM has been initiated and will be described.

. Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-I 830.
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EXPERIMENTAL TECHNIQUE

To evaluate the suitability of joints formed by the reaction-based forming approach, plates of
monolithic silicon carbide (Hexoloy SA, Carborundum Co., Niagara, NY) were joined using
the ARCjoinT technique at NASA Glenn Research Center [2-4]. Two plates of monolithic
silicon carbide, approximately 4 mm thick, were cut into 25 mm-long by 30 mm-wide pieces.
A carbonaceous mixture was applied to the ends of the plates that were to be joined and this
was cured at 11O-120”C for 10 to 20 minutes. Subsequently, a slurry of pure silicon powder
was applied to the surface of the joint region and heated up to 1425°C for 5-10 minutes.
Capilla~ forces drew the molten silicon into the joint region where it reacted with the carbon to
form silicon carbide. The resulting joint material consisted of silicon carbide with controllable
amounts of silicon and other phases as determined by the composition of the raw materials and
infiltrant.

A limited number of joints between pieces of silicon carbide composite material were also
fabricated. This composite was reinforced with Hi-Nicalon fibers (Nippon Carbon Co.,
Yokohama, Japan) that had been coated with a 1 Urn-thick layer of carbon prior to matrix
infiltration via chemical vapor infiltration. In addition, an approximately 2 pm-thick layer of
silicon carbide was deposited on the outside of the composite to inhibit oxidation at high-
temperatures.

Plates of monolithic silicon carbide (Hexoloy SA, Carborundum Co., Niagara, NY) were also
joined using a reaction bonding technique. One or two layers of SiC and C powders held in
tape form by organic binding agents were placed between two plates of monolithic silicon
carbide that was cut into 25 mm-long by 30 mm-wide pieces. The plates were held in a
proprieta~ fixturing and heating apparatus capable of rapid heating and cooling (Busek Co.
Inc., Natick, MA). The specimens were heated to 1425°C for 10 to 30 minutes, under applied
pressure ranging from 6.90 – 9.65x 105 Pa.

The plates that were joined using the methods described above were cut into bars that were
44x 4 x 4 mm. The bars were cut so that the joint was at the middle of the bar and the plane
of joining was aligned so that it was parallel to the applied load. Several of the bars were
annealed for 100 h, at 11OO°C, in a vacuum furnace or in flowing, gettered argon.
Mechanical tests were performed by applying flexural loading by 1/4, four-point bending
(Figure la) to the bars described above. This configuration subjects the specimens to a
constant bending moment in the region between the two inner load points. This test,
therefore, is a measure of the flexural strength of the joint. The other test uses asymmetrical
four-point loading (Figure 1b). This test, as described by Unal [12], subjects the specimens
to a constant, through-thickness shear stress in the middle of the specimen. This test,
therefore, is a measure of the shear properties of the joint material. Flexural loading was
obtained by applying a compressive force on the fixtures using a rigid, mechanical test frame.

Results

At room temperature, the maximum tensile stress obtained in flexural loading of composites
and unreinforced SiC (monolithic) joined using the reaction forming method were similar
(Figure 2). The room temperature strength of reaction-formed silicon carbide joints between
Hexoloy SA silicon carbide has been reported as 255 ~ 3.2 MPa, by researchers at the
NASA Glen Research Center [2]. In this study a value of 53 MPa with a standard deviation
of 6 MPa (3 specimens) was measured. Two specimens, from the same batch as used to
obtain the data in Figure 2, were provided to an independent investigator
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I

(a) (b)
Figure 1. Schematic drawings of mechanical test configurations:’(a) 1/4, four-point bending,

and (b) assymetric, four-point bending.
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Figure 2. Comparison of room-temperature flexural strength

(Dr. O. Unal, Ames Laboratory, Ames, 1A) who had earlier measured values similar to those
that had been reported by investigators at NASA Glenn Research Center. These specimens
exhibited 1/4, four-point flexural loading of 72 MPa and 122 MPa. These results indicate that
although there may be some experimental error in the measurements made at PNNL, the
material provided by NASA Glenn Research Center had a lower than average strength. The
reasons for the lower than anticipated flexural stress values are not fully understood. The
initial microstructural investigation [13], however, revealed that the untreated joints contained
excess carbon and silicon that is indicative of an incomplete reaction. Therefore, it is likely
that the joints were weaker than expected because the reaction to silicon carbide had not
been completed.
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Figure 3. Room-temperature flexural strength of reaction bonded and reaction formed joints

Several batches of joints consisting of reaction bonded SiC were also tested in 1/4, four-point
bending (Fig. 3). The processing temperature and applied pressure are indicated
underneath the graph abcissa. Data for joints consisting of reaction formed SiC, labeled as
“NASA”, are also shown in Figure 3. The results obtained at PNNL and by Dr. Ozer Unal, at
Ames Laboratory, are further identified by the designation “PNL” or “AL”, respectively.
There was no clear trend in the value of the joint strength and the processing conditions,
although the joints that were formed by using a double layer of precursor tape (indicated by
the symbol “D” in Figure 3) showed a slightly higher strength than those processed under
identical conditions using only a single layer. The strength of the reaction bonded joints was
slightly higher than that of the reaction formed joints, but it has already been mentioned that
the reaction formed joints were from a batch with lower than average strength values.

To evaluate the effect of high temperature exposure on the properties of joints consisting of
reaction bonded silicon carbide, the strength of specimens was measured at 1100”C (Figure
4). The specimen was held at 1100”C for 15-30 minutes, prior to testing, to allow the
temperature to equilibrate. The strength of specimens measured at 1100”C was higher, 247
+ 85 MPa, than that measured at room temperature, 134 ~ 25 MPa. In addition, specimens
~at were annealed at 11OO°C for 100 h, in flowing gettered argon (c20 ppm Oz) had a
strength of212 ~ 108 MPa. These results suggest that high temperature annealing improves
the strength of the joints. Additional microscopy will be conducted to determine if
microstructural changes are responsible for the improved strength after heat treating. It was
assumed earlier that the strength of reaction formed joints improved after heat treatment due
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to additional reaction between free silicon and carbon. Due to the rapid processing times of
the reaction
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Figure 4. 1/4, four-point flexural strength of monolihtic SiC joined by reaction-bonded SiC,
before and after heat treatment.

bonded joints a similar effect may have occurred. It is possible that deleterious residual
stresses, remaining after processing, may be relieved during heat treatment, thus explaining
the improved strength after heat treatment. Without further testing, it cannot be determined if
there was also an increase in strength of the joints measured at 1100”C due to the
temperature dependence of the material properties.

All of the strength results described above were obtained by using 1/4, four-point flexural
loading. This test methodology subjects the test specimens to a constant bending moment
between the inner loading points. The stress state of a joint within a reactor, however, will
experience a generalized stress state. In addition, the stress state in the joint will be
influenced by its geometry. To analyze the implications of these two issues, and to evaluate
test methods for determine likely failure modes within realistic joints a plan to conduct
analysis by the finite element method (FEM) of several joint geometries and test methods
was made. The test configurations that will be evaluated are shown in Figure 5. The
dimensions of the specimens that will be analyzed are given in Table 1,and relevant material
property values are given in Table Il.
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Table I
Physical Dimensions (in mm) of Specimens to be Analyzed by FEM

Butt-joined flexural test specimen

B

w
L

45° Butt-joined flexural test specimen

Bz

w.

Double-notch shear specimen
t

g
Offset sandwich specimen

P
a

r

s

x
v

Size 1 Size 2

4.00 2

3.00 I 1.5 I
50.00 I 30.00 I

4.00 12 I
3.00 1.55

50.00 25.00

8.00 4.00

15.00 7.5

11.5 I 5.75 I
0.50 0.25

4.00 2.00

I
3.00 [ 1.50
3.00 1.50
3.00 1.50
10.8 5.0
4.00 2.00
12.4 6.00
4.00 2.00

TABLE II
Material Properly Values for FEM Modeling

Monolithic SiC (SA) SiC#SiCm Joint (RB SiC)
Young’s Modulus
(GPa) 408M 300H 393C
Poisson’s Ratio 0.14M 0.3H 0.19C
Coefficient of Thermal 5.8 3.0H 4.3
Expansion ( 104 ‘C-l) (25 – 1 OOO”C)K (25 – 1 OOO”C)C
Thermal Conductivity
(W/m”K) 125.6s 1Oy 125C

M= McHenry & Tressler, J. Am. Ceram. Sot., vol. 63[3-4], pp.152-156 (1980).
K = Kern et al., Mat. Res. Bull., vol. 4, pp. S25 – S32 (1969).
C = “Materials Properties Standard 2000, Coors Ceramics Company, Golden, Colorado, 1999.
H = K. Kageyama, and 1.Kimpara, Key Engineering Materials, VOIS.164-165, pp. 127-132 (1999).
Y = Youngblood et al. Fusion Materials semiannual report.

-- ,-. . -,.-= ——..--~ ---- ,,, . ..... .. .,-. -.%..<.-7 ., .— - .--”-, ———— -r— -- -



126

S = “Physical Properties of Hexoloy@3SA Silicon Carbide”
(http://www.carbo.com/hexoloy/properties/index.html), Carborundum Corporation, Niagara Falls, NY.

CONCLUS1ONS

Preliminary studies have shown that joints between silicon carbide and silicon carbide
composites can be fabricated by both reaction forming and reaction bonding methods. Both
methods result in similar flexural strength values measured by 1/4, four-point bending. The
specimens joined by reaction formed silicon carbide had lower than average strength values,
probably due to insufficient reaction time during processing. Efforts to analyze the stress
state in practical joints and joint test methodologies via finite element analysis have begun.
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EVALUATION OF NEUTRON IRRADIATED NEAR-STOICHIOMETRIC SILICON
CARBIDE FIBER COMPOSITES – L. L. Snead (Oak Ridge National Laboratory), Y. Katoh
and A. Kohyama (Kyoto University), and J. L. Bailey, N. L. Vaughn, and R. A. Lowden (ORNL)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Composites have been fabricated by either isothermal or forced flow chemical vapor infiltration of
silicon carbide (SiC) into SiC-based fiber preforms. Fibers were Ceramic Grade NicalonTM, High-
Nicalon~, and High-NicalonTM Type-S. These fibers cover a wide range in oxygen and excess
carbon content, with the Ceramic Grade Nicalon ‘M being the furthest from purii and the Type-S
fiber being >997. stoichiometric SiC. Results are presented for two parallel studies on the effects
of neutron irradiation on these materials. In the first study, neutron irradiation-induced changes in
mechanical properties, as measured by bend testing, for High-Nicalonm fiber materials of varied
interphase structures are measured. The three interphases chosen were pyrolytic carbon,
pseudo porous SiC, and multilayer SiC. In the second study, the mechanical properties of
composites fabricated from all three fiber types are measured. For these composites, a pyrolytic
carbon interphase was selected. Results indicate that both the Ceramic Grade Nicalonm and High
Nicalonm materials degrade substantially under irradiation, though the higher oxygen content
Ceramic Grade fiber degrades more rapidly and more substantially. Of the three interfaces studied
in the High Nicalonm system, the multilayer SiC is the most radiation resistant. At a dose of
-1 dpa, the mechanical property degradation of the High Nicalonm composite is consistent with a
fiber densification-induced debonding. At a dose of 10 dpa, the properties continue to degrade,
raiding the question of degradation in the CVD SiC matrix as well. Low dose results on the High
NicalonTM Type-S fabricated materials are encouraging, as they appear to not lose, and perhaps
slightly increase, in ultimate bend strength. This result is consistent with the supposition that as
the oxygen content in SiC-based fibers is reduced, the irradiation stability, and hence, composite
performance under irradiation will improve.
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A UNIFIED MODEL FOR CLEAVAGE TOUGHNESS IN THE TRANSITION – G. R. Odette

(University of California Santa Barbara)

OBJECTIVE

The objective of this research is to develop advanced methods for defect tolerant integrity

assessments that will enable the use of small specimens in generating an irradiated fracture

toughness data base and for fusion applications atypical of traditional heavy section structures

based on fundamental understanding of fracture micro-mechanisms, mechanics and irradiation

embrittlement.

SUMMARY

A Master Curves-Shifts (MC-AT) method has been previously proposed as an engineering

expedient to enable the use of small specimens to predict the effects of geometry, irradiation,

loading rates on fracture conditions for large fusion structures. However, in addition to other

unresolved issues, the MC-AT requires a better basic understanding, including the universality of

the MC shape. Thus a new unified micromechanics model of fracture toughness in the cleavage

transition regime is proposed. The model combines analytical representations of finite element

method simulations of crack tip stress fields with a local critical stress-critical stressed area (o*-

A*) fracture criteria. The model, and simpler alternatives, have been very successful in predicting

geometty and loading rate effects, as well as irradiation hardening induced Charpy shifts.

However, the standard models do not predict a constant MC K~C(T)shape following irradiation.

This apparent inconsistency with experiment is now resolved by incorporating a modest

temperature dependence in cr’ that appears to be consistent with an independent body of data.

Several experiments suggest high helium levels may increase irradiation induced toughness

temperature shifts above levels associated with hardening alone. However, these experiments

are all confounded, and must be interpreted with great caution. If real, helium effects may be

relatively modest. Single variable experiments and complementary data which will allow a

mechanism-based interpretation of the mechanical test data are needed to characterize the

influence of helium on fast fracture.

PROGRESS AND STATUS

Backround

A master curves (MC) -shifts (AT)method has been previously proposed as a possible practical

approach to dealing with the enormous amount of information that is needed to characterize and

apply fracture toughness [1]. Following the approach for heavy section applications [2], the MC-

AT method assumes a master toughness K~C(T’)curve shape can be placed (indexed) on an

absolute temperature (T) scale by a reference temperature (T’ = T- TO,)at a reference toughness

(e.g., 100 MPa~m). An illustration of the MC-AT method is shown in Figure 1. The static MC

deep crack shape is shown as the dashed line plotted on a T – TO,scale. The solid line is the
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corresponding reference (unirradiated) MC placed on an absolute temperature scale, at TO,= -50”C,

by six tests shown as filled circles. A net shift of 200”C, arising from irradiation (AT$t = 150°C),

dynamic loading (ATP = 50”C), a thin-walled, shallow crack geometry (AT9 = -40) and a margin

(AT~ = 40°C), places the absolute MC, used for in-service structural evaluations, at T. = 150”C, shown

as the dotted line. Ideally,there wouldbe only a single MC shape applicable to all conditions.

While, in practice this is not the case, a small family of MC shapes may be sufficient for most

practical purposes. The key advantage is the K~C(T)curves can be established with a relatively

small number of tests on small relatively small specimens; and b) effects of other key variables

would be accounted for by direct measurement or independently established shifts and a small

set of MC shapes.

Open questions about MC-AT method include: a) IS there a constant of the MC shape, or small

set of shapes, and if so why? b) How should effects of size and geomety, in both testing and

applications, be treated? c) How can TO,and the ATs be modeled to characterize effects of

irradiation; d) What are the effects of high helium?
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Figure 1. Illustration of the MC-AT method.

Macro-Micromechanics of the MC and Cleavage lntitiation Toughness in the Transition – A

Unified Model.

[t is generally accepted that cleavage fracture involves stress controlled fracture of brittle ‘trigger’

particles (e.g., grain boundary carbides) and subsequent dynamic micro-cleavage crack

propagation into the tougher metal matrix o. Models of cleavage toughness require combining

simulations of the crack tip stress fields with local micromechanical models of the field conditions

required to initiate cleavage. A useful w fracture criteria is a critical stress (o*) acting over a

critical area in front of the blunting crack (A*). Based primarily on blunt notch tests, and the coarse

(pm) scale of the microstructure involved, a typical assumption has been that 6*-A* are

independent of temperature, strain rate and, in many cases, irradiation exposure [1,3-7].
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For deep cracks in sufficiently large cracked bodies or small scale yielding (SSY) conditions KJC

can be analytically represented in terms of A* and R =cr*/cY, where OYis the yield stress as [8,9]

K~C= a ~[A*l OP”]l’4 (1)

where P = CO+ CIR +C2R2; and the Ci are determined from ftis to the FEM results for a given

constitutive law.

For cases with shallow cracks or large scale plastic deformation outside the SSY regime, the

effective toughness (K~) is larger than KJCdue to the loss of constraint [8,9]. The K~K~Cratio is a

function of R, the constitutive law, the cracked body geometry and the deformation level D =

K.2/bEcY, where the characteristic dimension is usually taken as the untracked ligament length, b.

For a specified geometry and constitutive law, K~K~Ccan be analytically fit to results of FEM

simulations with simple polynomial expressions in the form n.

K~KJC= [Cm + CCIR* + C@R*2]1n (2a)

where the Cd coefficients depend on D as

Cci = Cio + CrilD + CmD2 (2b)

Equations 1 and 2 represent a unified model of effective fracture toughness in the transition

region.

Application of the model is illustrated in Figure 2, where the predicted KJC(T)shape (solid line) is

compared to the MC for pressure vessel steels with TO,= - 50”C (dashed line). The model

parameters are A*= 10-8 m2, a“ = 2080 MPa and a power law strain hardening exponent of n =

0.1 and aY(T) fit to RPV steel data. The dotted line shows the corresponding ~~ curve for a

small 3.3x3.3x1 6.6 mm (1/3 sized Charpy) specimen tested well beyond the SSY limit.

The broad success of the simple constant a*/A* model have been discussed previously n.

However, one key limitation of this model is that significant reductions in the slope of the K~C(T)

curves in the transition are predicted at high TO,associated with severe irradiation hardening.

Such shape changes have generally not been observed. This is illustrated by the dashed line in

Figure 3 for A6Y= 200 MPa. Thus we must seek a fundamental explanation for the constant MC

shape. The standard assumption is that CT*-A*are independent of temperature. However, we

challenge assumption by using Equation 1 to estimate the o*(T) that is consistent with

experimental observations for RPV steels: a) a MC-type shape over a wide range of T: and b)

the observed AT as a function of ACTY.

The results of this exercise are shown as the heavy solid lines in Figure 4 for A*= 108 m2 and AcrY

of O, 100, 200 and 300 MPa. The thinner, dashed lines are RPV steel MCS indexed at the same

100 MPa~m-temperature as the model predictions. Figure 5 compares the corresponding
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predicted temperature-shifts at 100 MPa~m as a function of AOY(solid line) with experimental data

(filled circles) compiled by Sokalov [10] and the least squares fit to this data (dashed line). As

discussed in more detail elsewhere, as well as a body of independent data and theoretical

considerations are qualitatively the empirical o*(T) derived in this work [11].

Implications to Irradiation Embrittlement

Figure 6 shows MC fits to for F82H data before and following irradiation to 2.5 dpa at 300”C [12].

Charpy and fracture toughness temperature shifts have also been treated previously using a

simple equivalent yield stress model (EYSM) [1,13]. An example of the model predictions for

several F82H Charpy and a single AT are shown in Figure 7. There results confirm that irradiation

hardening results in toughness shifts in both RPV and martensitic steels, with a typical ration of

AT/AoYof about 0.7&0.2OC/MPa.
The potential effect of transmutation helium on fast fracture is a complex and contentious issue,

that cannot be effectively resolved at this time since all existing experiments that have been

interpreted to show a effect of helium may be confounded by uncontrolled or unaccounted for

variables. However, several available data sets do seem to consistently show that higher helium

levels increase AT~t [14-20]. For irradiation at around 300”C, the maximum AT$~attributable to

helium differences appears to be about 70”C for 300 appm helium. The corresponding

normalized AT$~He mean and median values for these studies are about 0.15 and 0.11 OC/appm.

However, even if these crude estimates are accurate, there is no logical basis or physical

justification to linearly extrapolate possible enhanced shifts to very high helium levels. Indeed, at

worst, effect of helium on shifts should be of order, or less than, that produced by displacement

damage. There is some indication that helium effects maybe more significant at higher

irradiation temperatures, but this may be mitigated by reduction is the corresponding contributions

due to irradiation hardening.

The models described in this work provide a useful framework for considering the existing data,

and designing new experimental approaches to evaluate helium effects on fracture. For example,

it is clear that to the extent that higher levels of helium lead to larger AOY,corresponding

increases in AT$~are anticipated. In general, however, the limited database indicates that

increases in AOYat higher helium levels are modest. Thus the implication is that helium effectively

reduces o’. Shifts that increase with helium, @that are much larger than can be attributed to

AaY alone, would support this hypothesis. However, such data is lacking. Helium effects on fast

fracture, if any, must be better characterized by well-designed experiments. Ideally, single

variable experiments would involve only controlled differences in helium levels, with all other

variables held constant. In practice, this is very hard to achieve; thus the effects of potentially

confounding factors must always be carefully considered. Nickel and iron isotope tailoring

experiments probably come the closest to achieving this ideal, but to date have provided limited

opportunity for fracture testing. However, an equally important objective of such experiments

should be to obtain the body of the complementary data (constitutive properties, fractography,

microstructure,... ) so that the test results can be interpreted and linked to the models, such as

those described in this report.
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Figure 4.
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Summaty and Conclusions

A Master Curves-Shifts (MC-AT) method has been proposed as an engineering expedient to

enable the use of small specimens consistent with predicting the effects of geometry, irradiation

and loading rates on the fracture of fusion structures. In support of the MC-AT method a new

unified model of fracture toughness in the cleavage transition regime is proposed which is

consistent with a constant KJC(T)MC shape and AT versus AOYdata for both RPV and martensitic

steels. While there are no unambiguous results regarding the potential role of helium on fast

fracture, several experimental data sets do suggest that high helium levels increase AT$~above

levels associated with irradiation hardening alone. However, if real, helium effects on fast fracture

may be modest. Resolution of the ‘helium question’ will require carefully designed single variable

experiments and assembling the range of complementary data (tensile, fractrographic,

microstructal) needed for mechanism based interpretations of the mechanical test data.
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A POTENTIAL FERRITIC/MARTENSITIC STEEL FOR FUSION APPLICA-
TIONS-R. L. Klueh, N. Hashimoto (Oak Ridge National Laboratory), R. F. Buck (Advanced Steel
Technology$ and M. A. Sokolov (Oak R[dge National Laboratory)

OBJECTIVE

This work was conducted as part of the effort to develop a ferritic/martensitic steel for fusion
applications at higher temperatures than the conventional or reduced-activation steels are capable
of operating at.

SUMMARY

The A-21 steel is an Fe-Cr-Co-Ni-Mo-Ti-C steel that is strengthened by a fine distribution of small
titanium carbide (TiC) precipitates formed by thermo-mechanical treatment. After a high-
temperature austenitization treatment, the steel is cooled to an intermediate temperature and hot
worked in the austenitic condition. During hot working, small TiC precipitates form on the
dislocations generated by the working.- When cooled to ambient temperature, martensite forms;
finally, the steel is tempered. Transmission electron microscopy of the A-21 reveals a high number
density of small TiC particles uniformly distributed in the matrix. The strength of the A-21 is less
than the average value for modified 9Cr-1 Mo below 600°C, but is greater above 600°C. In a
Charpy impact test, the transition temperature of A-21 is similar to that of modified 9Cr-1 Mo, but
the upper-shelf energy is higher. Because of the fine TiC particles in the matrix, the creep-rupture
properties of A-21 are superior to those of conventional Cr-Mo or reduced-activation Cr-W steels.
Although the composition of the A-21 is not applicable for fusion because of the cobalt, the
innovative production process may offer a route to an improved steel for fusion.

PROGRESS AND STATUS

Introduction

High-chromium ferritic/martensitic steels, such as the conventional Cr-Mo steels (modified 9Cr-
1Mo and Sandvik HT9) or the reduced-activation Cr-W steels (F82H, ORNL 9Cr-2WVTa, and JLF-
1), that are being considered for a fusion power plant first wail and blanket structure would limit the
upper operating temperature to 550-600”C. One way suggested to increase this limit to 650”C or
higher and still maintain the advantages inherent in ferritic/martensitic steels (e.g. high thermal
conductivity and low swelling) is to use oxide dispersion-strengthened (ODS) steels. Elevated
temperature strength of these steels is obtained through microstructure that contain a high density
of small Y20~ or Ti02 particles dispersed in a ferrite matrix.

Production of ODS steels involves complicated and expensive powder metallurgy and mechanical
alloying procedures that usually involve extrusion. The directionality that derives from these
processing procedures generally results in anisotropic mechanical properties.

Numerous attempts have been made to extend the upper operating temperature for the con-
ventional ferritic/martensitic steels. Early modifications of the Cr-Mo steels led to modified 9Cr-
1Mo or Sandvik HT9, which have been considered for fusion applications. In recent years, the
conventional Cr-Mo steels have been further modified by replacing some or all of the molybdenum
in the composition by tungsten [1]. With these efforts, operating temperatures have been pushed
to a maximum of X620°C.

Dispersion strengthening is the most likely mechanism available to provide the creep strength
required for higher operating temperatures for ferritic/martensitic steels. The low number density of
relatively large precipitates in conventional or reduced-activation ferritic/ martensitic steels is not
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capable of providing the strength required for temperatures beyond =600°C. This has led to the
proposal to use ODS steels.

Obviously, a ferritic or martensitic steel that could be used at temperatures to 650°C and above
that could be formed by more conventional steel processing techniques would result in a cheaper
product than ODS steels produced by powder metallurgy/mechanical alloying procedures.
Furthermore, with such a processing technique, it should be easier to produce a non-directional
microstructure, which has been a problem for the ODS steels. Such an experimental steel, called
A-21, has been developed [2]. Although this steel might not be directly applicable for fusion, the
technique used to develop this steel maybe applicable to produce an acceptable steel.

[n this paper, tensile and impact properties have been determined for a heat of A-21 steel, and the
results have been compared with properties for modified 9Cr-1 Mo (9Cr-1 MoVNb) and Sandvik HT9
(12Cr-lMoVW).

Experimental Procedure

The A-21 steel is an Fe-9.5Cr-3Co-l Ni-0.6Mo-0.3Ti-0 .07C steel (all compositions are in wt. %) [2].
The 181-kg heat of steel used for this study was produced as a 17.5-mm thick plate that was aus-
tenitized at ZI 100”C to dissolve the carbides and put all elements into solution. Austenitization
was followed by cooling to an intermediate temperature (700-1000”C), where the steel was hot
worked in the austenitic condition. After the hot-working procedure was complete, the steel was
cooled to ambient temperature to transform the matrix to martensite. Finally, the steel was
tempered in the range 650-750”C for 1 h. Miniature tensile and Charpy specimens were machined
from the tempered steel plate.

Tensile specimens 44.5-mm long with a reduced gage section of 20.3x 1.52x 0.76 mm were
machined from the tempered plate with gage lengths parallel to the rolling direction. Tensile tests
were conducted over the range room temperature to 700°C in vacuum on a 44-kN Instron
universal testing machine at a nominal strain rate of =4 x 104 S-l.

One-third-size Charpy specimens 3.3x 3.3x 25.4 mm with a 0.51-mm-deep 30° V-notch and a
0.05- to 0.08-mm-root radius were machined from the plate along the rolling direction with the
notch transverse to the rolling direction. Charpy tests were carried out in a pendulum-type impact
machine specially modKied to accommodate subsize specimens [3]. The absorbed energy values
were fitied with a hyperbolic tangent function to permit the upper-shelf energy (USE) and ductile-
brittle transition temperature (DBIT) to be evaluated. The DBTT was determined at the energy
midway between the upper- and lower-shelf energies. Note that for these miniature specimens
different DBIT and USE values are obtained than for full-size specimens. However, it has been
shown that a low transition temperature for miniature specimens translates to a low value for full-
size specimens [4-6]. A correlation likewise exists for the USE [4-6].

Properties of A-21 were compared against those of modified 9Cr-1 Mo (9Cr-1 MoVNb-T91 ) steel, a
conventional Fe-9Cr-l Mo-0.2V-0.07Nb-0.03 N-O.l C steel and Sandvik HT9 (12Cr-1 MoVW), a
conventional Fe-1 2Cr-1 Mo-0.5W-0.5Ni-0 .25V-0.2C steel ~. Both of these steels were once
considered for fusion applications. These steels were tested in their standard heat treated
conditions. For the 9Cr-1 MoVNb, austenitization was at 1040”C with tempering 1 h at 760”C, and
for the HT9 austenitization was at I040”C followed by a 2.5 h temper at 780”C.

The A-21 steel was examined by optical and transmission electron microscopy (TEM). Standard 3-
mm diameter TEM disks were machined from the center of the 17.5-mm plate. Disks were thinned
using an automatic tenupole electropolishing unit and were examined using a JEM-2000FX (LaBG)
microscope. Foil thicknesses were measured by thickness fringes in order to quantitatively
determine the number density of the precipitates.

-, ---.%,. . . .,.?,.. ,--,?-. ,..%.,,. ,., =-T7-T77-’”Y ...> +.,., , ,. ,,T,r,T --- .,- w..- . ..-— ---
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Results

Microstructm

Observation by optical microscopy indicated the steel had a 100% tempered martensite structure
with a prior austenite grain size of 5-15pm [Fig. 1(a)]. The TEM examination at low magnification
revealed a subgrain structure typical of tempered martensite [Fig. 1(b)].

Figure 1. The (a) optical and (b) transmission electron microscopy views of the tempered
martensite microstructure of A-21 steel.
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The subgrains contain a high number density of precipitates [Figs. 2(a) and 2(b)] uniformly
distributed with no indication of denuded zones near boundaries. Although some precipitates
formed on boundaries, the number density and size of precipitates on the boundaries were not
substantially different from those in the matrix. Essentially all the precipitates in the matrix formed
on dislocation lines [Figs. 2(c) and 2(d)].

—.—

r

f?.; —-
I 50nm

Figure 2. Transmission electron micrograph showing high number density of TiC precipitates in (a)
bright field and (b) dark field and showing precipitates on dislocations in (c) bright field and (d) dark
field.
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Diffraction measurements and Moire fringe measurements indicated the precipitates were titanium
carbide (TiC). No other precipitates were observed. There were no indications of strain fields
around the precipitates. The TiC particle size varied from about 5 to 20 nm (Fig. 3), with the
average size about 9.3 nm. The total number density was estimated to be 4.7 x 1021 m-3.
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Figure 3. .!3ze distribution of precipitates in A-21 steel,

Properties

Figure 4 shows the vield stress of A-21 com~ared with averaae mor)erties of modified 9Cr-1 Mo
st=el [8]. The 9Cr-1-MoVNb steel is stronge~ than A-21 at the~owes~ test temperatures, but above
=600°C the A-21 becomes stronger than the 9Cr-1 MoVNb steel. Similar results were observed for
the ultimate tensile strength. The ductilities are also similar, with the values for the A-21 being
somewhat higher than for the average value for 9Cr-1 MoVNb steel [8].

y Impact Properties

The Charpy impact curve for the A-21 steel is shown in Fig. 5 compared to the curve for a heat of
modified 9Cr-1 Mo steel ~]. The ductile-brittle transition temperature (DBTT) for A-21 at half the
upper-shelf temperature was similar to that of modified 9Cr-1 Mo steel and the Sandvik HT9, while
the upper-shelf energy for A-21 is significantly higher than that of both modified 9Cr-1 Mo and HT9
(Table 1).

Discussion

Since A-21 steel contains 3% cobalt, it would not be an acceptable structural material for a neutron
environment, such as a fusion power plant, because transmutation of cobalt would produce a
highly radioactive structure. The objective of these studies was to determine if the A-21 steel
possessed the properties required for the higher operating temperatures of a fusion
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—
Table 1. Charpy Properties of Steels

Steel Transition Temperature (“C) Upper-Shelf Energy (J) I

I A-21 I -59 I 13.7 I

9Cr-lMoVNb (T91~ -64 10.5

12Cr-l MoVJV (HT9)b -35 7.6

a Heat treatment for 9Cr-1 MoVNb: austenitized 1 h at 1040”C, AC; tempered 1 h at 760”C.
b Heat treatment for 12Cr-1 MoVW: austenitized 1 h at 1040”C, AC; tempered 2.5 h at 780”C.

plant than are possible with conventional Cr-Mo steels or reduced-activation Cr-W steels. If higher
operating temperatures are possible for A-21, then it would appear reasonable to seek the
development of an acceptable composition with the process used to produce A-21.

At present, the best candidate ferriticlmartensitic steels available to raise the operating
temperature over that possible with the conventional and reduced-activation steels appear to be
the ODS steels. Although ODS steels have been produced for some time, they still have problems
with anisotropic properties that originate from the production techniques. Mechanical alloying and
powder metallurgy production techniques are expensive, and given the more conventional
processing used for the A-21 steel, an A-21 -~pe steel would have significant advantages for fusion
applications, as well as many other applications.

The mechanical properties of A-21 steel indicate that, it has the kind of properties required for a
candidate for fusion applications. irradiation embrittlement, which results in reduced toughness
and is observed as an increase in DBTT and a decrease in USE in a Charpy impact test, causes
the most concern for ferritic/martensitic steels for fusion applications. Generally, steels with a low
DBIT before irradiation have a low value after irradiation. The modified 9Cr-1 Mo steel showed a
relatively small increase in DB7T when irradiated in the absence of the formation of significant
amounts of helium ~]. Since the shift in DBIT is caused by irradiation hardening due to the
irradiation-induced formation of dislocation loops and precipitates, A-21 steel might have an
advantage. The high density of precipitate particles and dislocations associated with the
precipitates could ait as dominant recombination sites for the vacancies and interstitial formed
during irradiation, thus retarding the irradiation hardening that causes embrittlement. The particles
could also trap helium, thus ameliorating any effect it might have on embrittlement. This needs to
be verified by irradiation experiments.

Crack initiation in steels generally occurs at precipitate particles, and in the 9Cr-1 MoVNb and
12Cr-1 MoVW steels, initiation probably occurs at the large M2~CGparticles, which are the dominant
precipitates in these steels. If these large precipitates could be avoided, the impact toughness
should be improved. In the thermo-mechanical treatment of the A-21 used to produce the TiC, the
objective is to use up all the carbon to form TLC, thus avoiding the formation of the Mz~Ce. Based
on the TEM, this has occurred. Because of the smaller precipitates in A-21, crack initiation must
occur at a higher stress than in the 9Cr-1 MoVNb. Another advantage of the A-21 for the impact
tests is that it has a smaller prior-austenite grain size than the 9Cr-1 MoVNb (estimated prior-
austenite grain sizes were 5-15pm for the A-21 vs. 16-22 for the 9Cr-1 MoVNb ~]).

If the operating temperature of a fusion system with a ferritic/martensitic steel is to be increased,
the creep strength of the steel must be improved over that of conventional or reduced-activation
steels. Although no creep tests were conducted in this work, such tests have been conducted
previously [9]. In Fig. 6, a comparison of Larson-Miller curves shows the creep-rupture behavior
of A-21 to be superior to that of the modified 9Cr-1 Mo steel. This is expected, given the
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microstructure. Most of the points on the Larson-Miller curve for the A-21 steel were obtained for
steel that had been tempered at 700”C, the same heat treatment used in the present work.
However, four of the points on the curve were for specimens without the temper. As indicated in
Fig. 6, it appears that results for all of the specimens—tempered or untempered— fall on the same
smooth curve. If the steel could be used without a temper, that would be a further advantage for
the steel. Use without tempering appears possible, since essentially all carbon is incorporated in
the TiC precipitate, which means a low-carbon, and thus, softer martensite results.
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Figure 6. A comparison of the Larson-Miller curves of A-21 and modified 9Cr-1 Mo steel.

The A-21 offers another advantage. If no M23C6forms, essentially all the chromium remains in
solution, thus enhancing the elevated-temperature oxidation and corrosion resistance. Over 1.5%
of the 9% Cr in a conventional steel can be lost from the matrix by precipitation [1O].

SUMMARY AND CONCLUSION

Tensile and Charpy impact properties were determined for A-21 steel, an Fe-9.5Cr-3Co-l Ni-
0.6Mo-O.3Ti-O.07C ferritic/martensitic steel, Microstructure was also examined. By hot working
the steel in the austenitic condition following austenitization to put all elements in solution, a high
number density of fine TiC particles are produced on dislocations generated during the hot
working. No large grain boundary and matrix MZ3C6precipitates of the type found in the
conventional Cr-Mo and reduced-activation Cr-W steels were observed. The strength of the A-21
steel is lower than that of modified 9Cr-1 Mo steel at s600”C, but it becomes stronger at higher
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temperatures. The transition temperature in a Charpy impact test for A-21 was similar to that of
the modified 9Cr-1 Mo steel, but the upper-shelf energy was higher.

Because of the presence of the high number density of fine TiC particles, the A-21 steel has
superior creep propetiles to the modified 9Cr-1 Mo and other conventional or reduced-activation
ferritic/martensitic steels. All indications are that the properties of the A-21 steel should allow for a
significantly higher operating temperature of a fusion power plant if the first wall were constructed
of A-21 instead of a conventional Cr-Mo or a reduced-activation Cr-W steel.
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ON HYDROGEN AND HELIUM EMBRllT’LEMENT IN ISOTOPIC TAILORING
EXPERIMENTS - D. S. Genes, M. L Hamilton, B. M. Oliver and L. R. Greenwood (Pacific
Northwest National Laboratory~

OBJECTIVE

The objective of this effort is to quantify irradiation hardening response in isotonically tailored
ferritic alloys following irradiation at 300°C in order to better understand behavior in this alloy
class at low irradiation temperatures.

SUMMARY

The results of shear punch testing performed on irradiated isotonically tailored alloys are
considered in terms of hydrogen and helium embrittlement in order to quantify the observed
behavior. The results indicate that hydrogen embrittlement may be more significant than
helium embriiement.

PROGRESS AND STATUS

Introduction

Post-irradiation deformation response using shear punch testing has been reported for two
series of alloys based on isotopic tailoring in order to study hydrogen and helium
embr.ktlement in single variable experiments. Helium embriilement using this approach was
first studied in a series of Fe-12%Cr steels with intentional additions of 1.5% Ni either as
natural Ni, ‘Ni or ‘Ni.12 Following irradiation in HFIR at 300”C to 6.5 dpa, helium levels
were estimated at 2.1 appm for both Fe-12Cr and Fe-12Cr-l .5~Ni, at 41 appm for Fe-12Cr-
1.5”Ni and 70 appm for Fe-12Cr-l .5SNi, whereas hydrogen production was expected to be
low. In the second experiment known as FIST, isotopic tailoring based on ‘Fe addition to
the F82H composition was used? In that case, following irradiation in HFIR at 300”C to 34
dpa, helium and hydrogen levels for the ‘Fe-containing alloy were measured at 65 appm
and 400 appm, respectively and following irradiation at 250°C to 2.3 dpa they were 4.5 appm
and 185 appm, respectively.3 This data base provides an opportun”~ to separate behavior
due to hydrogen and helium embrittlement. However, first, hydrogen and helium levels for
the Ni doping experiment are reexamined and then the data are plotted and quantified (with
the limitations of such an analysis well understood).

Results and Discussion

Helium concentrations have been measured for the Ni doped specimens irradiated at 300cIC
and hydrogen concentrations have been estimated for those irradiation conditions, assuming
that all hydrogen is retained. The results are provided in Table 1 along with results obtained
previously for FIST specimens but including both a revised prediction of the He levels for
FIST and a revised measurement of H in FN51-2. The origin of higher H levels in specimen

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of

Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.
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FN51 -2.is not yet understood. From Table 1, it can be shown that the estimates for He in Ni
doped specimens given above and in Reference 2 are very close to the measured values.
The H levels anticipated in the Ni doped specimens are low and not very different as a
function of composition. Most of the hydrogen in these specimens arises from the Fe-12Cr
base composition because the Ni content is low, and at these doses, the ‘Ni effects are
small relative to the fast neutron reactions. Therefore, the results of the Ni doped alloy
series can be straightforwardly considered as an effect of He, and the consequences of an
effect of H initially ignored. It should be noted that H levels measured for FIST irradiated
specimens are closer than expected based on calculation.3 This has been explained as a
difference in behavior due to temperature, 250°C being low enough to retain H and include
absorption from other causes and 300”C being high enough to allow release of most of the H
produced.’

Table 1. Revision of measured (Exp.) and calculated helium and hydrogen
concentrations for JP23 alloys irradiated at 300”C and FIST alloys irradiated at 250
and 300”C

ISpecimen
I

Material
I

Condtiion

6A5M-A Fe-1 2Cr 300”C, 6.5 dpa

715M-A Fe-12Cr-l .5@Ni 300°C, 6.4 dpa

735M-A Fe-12Cr-l .5WNi 300”C, 6.6 dpa

He Cone. (appm) H Cone. (appm)

Exp. Calc. Exp. Calc.

2.4 2.0 - 32
3.0 2.2 - 32
64.7 63 48
36.4 37 - 43

0 44*7 o
4.5 4.6 34&l 99 182
65 65 396til 2119

The shear punch results are provided both as test traces in Figure 1 and in tabulated form in
Table 2. From Table 2, changes in shear strength values due to irradiation can be
determined by comparison of unirradiated and irradiated response, and the results are
plotted in Figure 2 as a function of He for the Ni doped specimen series and as a function of
H for the FIST specimens. This choice for abscissa values is considered reasonable
because the Ni doped alloys show greater variation in He production and the FIST
specimens show greater variation in H production. From Figure 2, it can be shown that a
trend appears evident in the FIST data as a linear function of H production but with large
uncertainties in He level shown using labels in the plot. (Note that this is not likely to be a
dose effect because hardening generally saturates quickly.) However, for the Ni doped
alloys, the scatter is too large to demonstrate trends clearly. It is possible that there is no
effect of He content on yield response whereas a linear response can be identified for the
maximum strength response. But in both cases the scatter in the low He data is as large as
the trends indicated.

it is well understood that quantitative definition of He and H embriilement based on very
limited data may be questioned; more data is needed. Nonetheless, this analysis indicates
that H may play a larger role in embriilement than He, depending on circumstances such as
hydrogen release at higher temperatures. At 10 MWY/m2 or approximately goal dose, He
production is expected to be on the order of 1000 appm and H production on the order of
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Shear punch test traces
Isotonically tailored Fe-12Cr-l .5Ni alloys -

unirradiated

900
1?
& 800-

; 700-

~ 600-
co 5oo-
5
fJ 400-

‘tj 300-

g 200-

& 1oo-
W.

0.00 0.10 0.20 0.30

Displacement (mm)

Shear punch test traces
Isotonically tailored Fe-12Cr-l .5Ni alloys irradiated
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Figure 1 Shear punch test traces for isotonically tailored Fe-12Cr-l .5Ni a) unirradiated
and b) irradiated at 300”C and c) for Fe F82H irradiated at 250 and 300°C.
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Shear punch test traces
Fe54-F82H irradiated at 250 and 300 C

900, (

0

I JP22 P5 I I

s.

o 0.05 0.1 0.15 0.2 025 0.3 0.35

Displacement(mm)

L
....- .FN91

- – - FN92

— FN93

–-–-FN51

–---FN52

—C603

Figure 1 cont. Shear punch test traces for isotonically tailored Fe-12Cr-l .5Ni a)
unirradiated and b) irradiated at 300”C and c) for Fe F82H irradiated at 250 and 300”C.

Table 2. Results of shear punch testing for Ni doped and FIST specimens.

6A Fe-12Cr unirradiated 160 310
)ed71 Fe-12Cr-l.5aNi unirradiated 360 530

73 Fe-12Cr-l .5WNi unirradiated 550

74 Fe-1 2Cr-1 .5wNi unirradiated 410 580

6A5M-A Fe-12Cr 300”C, 6.5 dpa 300 400

715M-A Fe-12Cr-l .5fflNi 300”C, 6.4 dpa 560 680

735M-A Fe-12Cr-1 .5SNi 300”C, 6.6 dpa 610 780

745M-A Fe-12Cr-1 .5wNi 300”C, 6.5 dpa 600 760

iT FN91 -3 F82H ‘Fe unirradiated 400 520

FN51 -2 F82H ‘Fe 250”C, 2.3 dpa 510 605

C603 F82H ‘Fe 300°C. 34 dt)a 600 738
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Figure 2 Change in q and Zmdue to irradiation as a function of a) He mntent for Ni
doped alloys and b) H-content for FIST alloys.

10,000 appm. If our interpretation of H measurements in FIST speoimens is correct,
irradiation at temperatures above 250”C mitigates the problem beoause the H is not
retained. The same is not expected for He. Also, synergistic effeots can be anticipated at
higher doses such that He bubbles may trap H at higher operating temperatures.

CONCLUSIONS

He levels obtained in Ni doped isotopioally tailored alloys have been measured and the
measurements agree with predictions.

H levels obtained in Ni doped isotonically tailored alloys have been estimated and it is found
that a significant fraction of the H is obtained from transmutation of the base alloy for these
low doses.

Analysis of limited shear punch data indicates a well-defined increase in strength with
increasing H oontent whereas the data scatter as a function of He is as large as any trend
indioated. However, more data is needed.

FUTURE WORK .

This work will be continued when more speoimens are available for testing.
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EMBRITTLEMENT OF REDUCED-ACTIVATION FERRITIC/MARTENSITIC STEELS
IRRADIATED IN HFIR AT 300 AND 400”C—R. L. Klueh, M. A. Sokolov (Oak Ridge National
Laboratory), K. Shiba, and Y. Miwa (Japan Atomic Research Institute)

Extended Abstract*

Miniature Charpy and tensile specimens of the following reduced-activation ferriticlmartensitic
steels and one modified (nickel-doped) steel were irradiated in the High Flux Isotope Reactor
(HFIR) to a maximum dose of ==11 dpa: a 5-ton heat of standard F82H (F82H-Std), nominally
Fe-7.5 Cr-2W-0.2V-0.04Ta-0 .0034B-0.1 C (compositions in wt. %); a 5-ton heat of the IEA modi-
fied F82H (F82H-Mod), nominally Fe-7.5Cr-2W-0.1 5V-O.02Ta-O.l C; an experimental 400-g heat
of ORNL 9Cr-2WVTa, nominally 9Cr-2W-0.25V-0.07Ta-0.1 C; and an experimental 400-g heat
of the 9Cr-2WVTa modified by the addition of 2% Ni (9Cr-2WVTa-2Ni). The two F82H steels
were irradiated at 300 and 400”C, and the 9Cr-2WVTa and 9Cr-2WVTa-2Ni steels were
irradiated at 400°C.

An objective of these tests was to determine if there is a helium effect on impact behavior over
and above that due to irradiation hardening. Nickel was added to the 9Cr-2WVTa to produce
helium from (n,a) reactions of ‘Ni with thermal neutrons in the HFIR spectrum. For the
maximum dose of =11 dpa, =115 appm He formed in the 9Cr-2WVTa-2Ni. The F82H-Std
contained =40 appm He after =11 dpa. For this steel, helium was produced from (n)a) reactions
of thermal neutrons with the 34 wppm B in this steel. The F82H-Mod and the 9Cr-2WVla steels
contained =5 appm He after irradiation to 11 dpa.

All of the steels hardened during irradiation at 300 and 400”C, as determined by the increase in
strength. The F82H-Mod showed a slightly larger increase than the F82H-Std, although the
F82H-Std was somewhat stronger than the F82H-Mod at 300”C before irradiation. Before
irradiation, the strength at 400 “C of the 9Cr-2WVTa and 9Cr-2WVTa-2Ni were similar. irradia-
tion caused a similar increase in the yield stress of 9Cr-2WVTa-2Ni and 9Cr-2WVTa steels.

Ductilities of the two steels before and after irradiation were also similar.

Irradiation embrittlement was observed for all of the steels as a shift in ductile-brittle transition
temperature (DB~) and a decrease in upper shelf energy (USE) in the Charpy tests. The
largest shift in DBIT (ADBTT) occurred for the two F82H steels irradiated at 300”C, but there
was little difference in ADBIT of the two steels. At 400”C where all four steels were irradiated,
the 9Cr-2WVTa had the smallest shift (79”C), and the F82H-Mod had the largest shift (146”C),
with intermediate values for the F82H-Std (1 17“C) and the 9Cr-2VVVTa-2Ni (133°C).

Whether helium affects the Charpy behavior of the F82H-Std relative to the F82H-Mod is
unclear. If helium concentration was the only difference between the two steels, then the
results indicated no helium effect. However, there are differences in composition and in grain
sizes of the two steels, so the effect of helium, if any, was not discernible. The 9Cr-2WVTa-2Ni
steel was irradiated to determine if there was an effectof=115 appm He produced from the ‘Ni
in the steel. The ADBIT of the 9Cr-2WVTa-2Ni (133”C) was 68% greater than for 9Cr-2WVTa
(79”C). Irradiation hardening of the steels was similar. The results were tentatively taken to be
a helium effect. However, in previous work on nickel-doped modified 9Cr-1 Mo and Sandvik
HT9, there were indications of possible intergranular fracture on specimens tested on the lower
shelf, and this led to the proposal that helium affected the fracture behavior of the steels by
causing a change in fracture mode. No indication of intergranular fracture was observed on the
9Cr-2WVTa-2Ni steel.

* Extended abstract of paper submitted for publication in the Journal of Nut/ear Maferia/s
(Proceedings of the Ninth International Conference on Fusion Reactor Materials).
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A Microstructural Study of the Oxide Scale Formation on ODS Fe-13Cr Steel, D.T. Hoelzer,
B.A. Pint, I.G. Wright (Oak Ridge National Laboratory)

To be published in Journal of Nuclear Materials as Proceedings of the 9’hInternational Conference
on Fusion Reactor Materials, October 10-15, 1999, Colorado Springs.

Extended Abstract

The high-temperature oxidation behavior of an Y,O,-oxide dispersion strengthened (ODS)
Fe-1 3Cr steel was investigated in air at temperatures of 700°, 800°, and 900”C for 10,000 h. The
specimen-only mass gains shown in Figure 1 indicated that the oxidation closely followed a
parabolic rate law at each temperature and that the oxidation rate was lower than other studies

based on shorter test times. Oxidation at 700”C and 800°C resulted in very low mass gains and
intermediate mass gains at 900”C due to CrO~ evaporation. Parabolic rate constants were derived
from the kinetic data for the ODS Fe-13Cr steel.

The microstructural analysis of the oxide scales formed at 700° and 800°C was conducted using
cross-section light microscopy and analytical electron microscopy (AEM) using cross-sectional thin
foils; at the time of reporting, the 900”C specimen was not ready for characterization. The surface
scales that formed on the ODS Fe-13Cr steel during oxidation at 700”C and 800”C were relatively
uniform in thickness and adherent to the steel. In general, the scale thickness was cl pm at 700”C
and c5pm at 800”C. The AEM analysis showed that the main scale was a continuous Cr-oxide
and that an underlying amorphous silica layer formed at both temperatures, despite the low Si
content (0.05wt.Yo) in the alloy. The surface scales consisted of (Fe, Cr)~O1 at 700°C and CrzO~
(chromia) at 800”C. The underlying silica layer was nearly continuous but showed that areas of
contact still existed between the Cr-oxide scale and steel. The silica layer was non-uniform in
thickness and the thickness depended on the oxidation temperature; the layers were -0.3pm at
700”C and -0.9pm at 800°C.

The excellent oxidation behavior of the ODS Fe-13Cr steel could not be attributed solely to the
formation of a continuous Cr-oxide surface scale at all temperatures, since the oxidation rates
were found to be significantly slower than expected for rate control by a chromia scale. Two
possible factors could have influenced the scale formation and kinetics of oxidation at 700”C and
800”C; the Y-oxide dispersion and the silica layer. The dispersion of small stable Y-oxide particles
resulted in a fine grain microstructure which allowed rapid diffusion of Cr by grain boundary
diffusion to the surface where it could react with O to form the Cr-oxide scale. The formation of
the silica layer acted as a diffusion barrier to inward migrating O and outward migrating metallic
elements such as Fe and Cr.
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Figure 1. Parabolic plot of weight grain against the square root of time at each temperature.
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IMPURIN CONTENT OF REDUCED-ACTIVATION FERRITIC STEELS AND THE EFFECT
ON THE REDUCED-ACTIVATION CHARACTERISTICS-R. L. Klueh (Oak Ridge National
Laboratory), E. T. Cheng (TSI Research, Inc.), M. L. Grossbeck, and E. E. Bloom (Oak Ridge
National Laboratory)

Extended Abstract*

Development of low-or reduced-activation materials for fusion has focused on the issue of
radioactive waste disposal or recycling of materials from fusion power plant components after
they have reached the end of their service lifetime. The objective has been to eliminate or
minimize those elements from an alloy that would produce long-lived radioactive isotopes during
irradiation in a fusion neutron spectrum. Emphasis in the development process has generally
centered on eliminating Nb, Cu, Ni, Mo, and N, widely used alloying elements, with niobium
usually receiving the most attention, because of the very low levels (<1 wppm) that niobium
cannot exceed if the steel is to meet low-activation criteria.

Besides the elements listed above, various other elements that could appear in the materials as
tramp impurities must be restricted to extremely low levels. These elements include Ag, Ho, Bit
Co, Sm, Lu, Dy, Gd, and Cd. To determine the levels of these elements in steels, three heats of
reduced-activation martensitic steel were analyzed by inductively coupled plasma mass
spectrometty, which is capable of detecting very small levels of impurities. The steels analyzed
were: a 5-ton heat of modified F82H for which an effort was made during production to reduce
detrimental impurities, a l-ton heat of JLF-I, and an 18-kg heat of ORNL 9Cr-2VJVTa. Speci-
mens from commercial heats of modified 9Cr-1 Mo and Sandvik HT9 were also analyzed. The
objective was to determine the difference in the impurity levels in the F82H and steels for which
less effort was used to insure purity.

The results for the steels indicated that progress has been made in reducing the level of
detrimental impurities for the two large heats of reduced-activation steel. The F82H produced
with present technology had the lowest levels of the restricted elements, but in some cases the
levels were not much different from the other heats. Silver, niobium, and molybdenum proved
to be the most important of the restricted elements, and the steels that have been made up to
now do not meet the criteria for low activation for shallow land burial of nuclear waste made up
of these steels after an integrated wall loading of 20 MW y/m2 after a 100 y cooling off period.
However, it appears that reduced-activation steels could be produced with these detrimental
impurity elements at levels low enough to meet the present criteria for shallow land burial. If
instead of shallow land burial, it is desired to recycle the steel, with a “hands-on” dose rate limit
of 25 pSvh-l after a 100 y cooling time, then considerable research and expense will be required
to develop processes that will allow the production of steel that will meet these criteria.

There has probably never been a requirement for a structural material to be processed to have
specified impurity levels as low as those required to meet the reduced-activation criteria. Even
though the materials will not be needed for some time, it would appear that an effort should be
mounted to determine the means to achieve the desired purity levels, especially if recycling is to
be pursued. Such an effort should enlist support from industrial materials processors to
examine techniques used in the past to produce high-purity materials and determine ways that
these techniques might be combined with the latest technology for future application. The effort
should not be delayed if reduced-activation materials are to be available when fusion power
production is ready to begin operation.

● Extended abstract of paper submitted for publication in the Journal of Nuciear lvfateria/s
(Proceedings of the Ninth International Conference on Fusion Reactor Materials).
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EFFECT OF HELIUM PRODUCTION ON SWELLING OF F82H IRRADIATED IN
HFIR – E. Wakai (Japan Atomic Energy Research Institute), N. Hashimoto (Oak Ridge National
Laboratory), J. P. Robertson and R. L. Klueh (ORNL), and S. Jitsukawa (JAERI)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Swelling of tempered F82H-std, F82H steels doped with natural boron (309 appm), isotope ‘OB
(305 appm) and non-tempered F82H steels doped with 1.31 at% ‘Ni, and 1.27 at5% ‘Ni
irradiated at 300 and 400”C to 51 dpa in the HFIR have been examined by TEM. The swelling of
F82H-std irradiated at 400”C to 51 dpa was about 0.45% and the natural B and 10Bdoped F82H
steels was 0.9 and 1.1 ?40,respectively. In the 5*Ni and ‘Ni doped F82H steels, the swelling was
0.02 and OYO,respectively, even though the 58Ni-doped specimen had the highest helium
production. Large cavities in the F82H-std were observed in the matrix but not observed near
many lath boundaries, while in the 10Bdoped specimens, cavities were formed even near lath
boundaries. While the cavities formed at 300”C to 51 dpa were observed in only the F82H+ 10B
and F82H+ 58Ni steels, the swelling value was insignificant. The number densities of dislocation
loops formed in these steels at 300°C to 51 dpa were very high (i.e., on the order of 1W m-3), and
at 400”C to 51 dpa the number densities were very low (i.e., on the order of 10= m+). In the
F82H+Ni, high-density carbides were formed in the matrix at these temperatures. The production
of helium atoms enhanced the swelling of the F82H steel. However, the non-tempered treatment
for the F82H+Ni suppressed remarkably the swelling. The cause of low swelling in the F82H+Ni
may be due to the occurrence of high density carbides acting as sink or the decrease of mobility of
vacancies interacted with carbon atoms in matrix.
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SWELLING OF F82H IRRADIATED AT 673 K UP TO 51 DPA IN HFIR - Y. Miwa,
E. Wakai, K. Shiba (Japan Atomic Energy Research Institute), J. P. Robertson, A. F. Rowcliffe
(Oak Ridge National Laborato~), and A. Hishinuma (JAERI)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Reduced-activation ferritic/martensitic steel, F82H (8Cr-2W-O.2V-O.04Ta-O.l C), and the same
alloy doped with isotonically tailored boron were irradiated at 673 K up to 51 dpa in the High Flux
Isotope Reactor (HFIR). The concentrations of 10Bin these alloys were 4, 62, and 325 appm,
during HFIR irradiation, which resulted in the production of 4,62, and 325 appm He, respectively.
After irradiation, transmission electron microscopy was carried out, and the following conclusions
were made.

(1) Swelling of F82H-std and the two alloys doped with 10Bincreased linearly with increasing
displacement damage. The root mean cube of voids increased and the number density of
voids decreased with increasing displacement damage.

(2) With the addition of l“B, number density of cavities increased. Larger swelling was observed
in alloys that contained higher concentrations of 10B.

(3) Voids were observed in the matrices, but rarely on the lath boundaries or the
precipitate/matrix interfaces.
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DAMAGE STRUCTURE OF ISOTOPICALLY TAILORED HT9 STEELS
IRRADIATED AT 400”C IN THE HFIR - N. Hashimoto, J. P. Robertson (Oak Ridge National
Laboratory), and S. Jitsukawa (Japan Atomic Energy Research Institute)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,

1999, Colorado Springs, Colorado).

The microstructure of reduced-activation martensitic steel, HT9-std. (12Cr-1 MoVW), and HT9
doped with 58Niand ‘Ni, irradiated at 400”C to 16.3 dpa in the High Flux Isotope Reactor (HFIR)
were investigated by transmission electron microscopy. Cavities were observed in HT9-std. And
HT9 doped with 5ENiirradiated to 16.3 dpa, while cavities were not observed in HT9 doped with
‘Ni Swelling of HT9-std. And HT9-1 .4wt’% 58Niwas estimated to be 0.002 and 0.004°/0.
respectively; these values correlate with the helium concentrations in each alloy. lrradiation-
induced aOel OOz and ~2)cl 11> type dislocation loops were observed in all alloys; the number
density and the mean diameter of%<100s type loops were higher and larger than those of
(a~2)-d 11s Type loops, respectively. The loop density was highest in the HT-91.4 wt. of 58Ni,
which contained the highest concentration of helium. Irradiation-induced precipitates, which were
identified as MGC (q) carbide, d-phase and M2X phase, were observed in all alloys. The MGC (q)
and et’ were formed along dislocation loops, suggesting that dislocation loops are sites of Cr-rich
precipitates during irradiation.
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4.0 COPPER ALLOYS AND HIGH HEAT FLUX MATERIALS
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ELECTRICAL CONDUCTIVITY AND TENSILE PROPERTIES OF COPPER AND
OXIDE DISPERSION STRENGTHENED COPPER ALLOYS FOLLOWING HFIR
IRRADIATION TO 13 DPA AT 200 AND 400”C – S. J. Zinkle and L. T. Gibson (Oak Ridge
National Laboratory)

OBJECTIVE

The objective of this report is to summarize recent tensile and electrical resistivitv measurements

on pure copper and oxide dispersion strengthened copper alloys following HFIR irradiation to
-13 dpa at 200 and 400”C

SUMMARY

The tensile properties and room temperature electrical resistivity have been measured for pure
copper and MAGT 0.2, GlidCop AL15 and GlidCop AL25 oxide dispersion strengthened copper
alloys following irradiation in the spectrally tailored HFIR-MFE-200J and -400J irradiation capsules.
The tensile measurements were performed at the irradiation temperature and at room
temperature, at strain rates between 2x10-5 S-l and 0.01 S-l. Significant increases in the tensile
strength were observed following irradiation at 200”C, accompanied by a reduction in uniform
elongation. The irradiation at 400”C had only a moderate effect on the tensile properties. A large
increase in the electrical resistivity (mainly attributable to solid solution transmutation products)
was observed for both irradiation temperatures. The tensile strength increased with increasing
strain rate, particularly for the GlidCop A125 alloys irradiated and tested at 400”C. The effect of test
temperature on the yield and ultimate strengths was much more pronounced in the irradiated
GlidCop specimens compared to the unirradiated specimens.

PROGRESS AND STATUS

Introduction

High-strength, high-conductivity copper alloys are being considered for first wall heat sink and
divertor structural applications in fusion energy systems such as the proposed International
Thermonuclear Experimental Reactor (ITER) [1-3]. Copper alloys have also been proposed for
the centermost magnet in spherical tokamaks. Although a considerable amount of high fluence
microstructural and room temperature tensile data exist for copper alloys irradiated at temperatures
above -380”C [1,4-6], there are only a few high dose (>1 dpa) studies on copper irradiated at
lower temperatures. The main radiation effects which occur in copper alloys at 200-400”C are
radiation hardening (with accompanying embrittlement) and void swelling. Low dose (<1 dpa)
studies of copper irradiated at temperatures s200”C suggest that the amount of radiation

hardening approaches saturation for damage levels above -0.1 dpa. One of the objectives of the
present study was to determine whether this apparent hardening saturation is maintained up to
damage levels in excess of 10 dpa.

Experimental Procedure

A limited amount of space was allocated to copper alloy specimens in the HFIR-MFE-200J and
400J irradiation capsules. Based on the promising radiation resistance obtained in prior high-
dose irradiation studies in F17F [1,4-6], the HFIR matrix placed a heavy emphasis on dispersion
strengthened copper alloys (GlidCop and MAGT alloys). Several of the specimen heats were
identical to those used in prior irradiation experiments in order to facilitate comparisons. Pure
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copper was also included as a reference material. The GlidCop All 5 and A125 alloys contained
0.15 wt.Yo and 0.25 wt.?. Al, respectively, in the form of small aluminum oxide particles. The B-
deoxidized GlidCop alloys contained -0.01 wt.%B. The MAGT 0.2 alloys had a chemical
composition of Cu-0.2%Al-0.05% Hf-O.05%Ti-O.2%0, and consisted of a pure copper matrix with
small oxide particles ~. GlidCop All 5 induction brazed sheet tensile specimens were machined
from a brazed bar such that the braze joint was located in the center of the gage region (butt joint
configuration). These specimens were brazed with a Cu-6%P-5°AAg alloy at 81 O“C for 81 s in a
Gleeble resistance-heating machine. Both type SS1 and SS3 miniature sheet tensile specimens
were included in the irradiation capsules (nominal gage dimensions of 1.52x0 .76x20.3 mm and
1.52x0 .76x7.6 mm, respectively). The 80% cold-rolled GlidCop A125+B tensile specimens had a
nominal thickness of 0.51 mm. The gage dimensions of all of the individual specimens were
measured prior to irradiation. All of the specimens were electroplated with a 5-10 pm layer of Ni
prior to irradiation in order to minimize diffusion bonding of the copper specimens during the
irradiation.

The specimens were loaded in the Hf spectrally shielded HFIR-MFE-200J and -400J capsules,
which operated for 440.6 effective full power days in the Removable Beryllium irradiation positions
of HFIR [8,9]. The detailed specimen matrix (including TEM disks) for the irradiation capsules is
described elsewhere [1 O]. Most of the Cu alloy tensile specimens were located in the top half of
the two irradiation capsules. The fast neutron fluence in the capsules ranged from 1.36 to
1.94x1 026 n/m2-s, which corresponds to 10.4 to 14.9 dpa in copper [9]. The 4.2 MM hafnium
shielding reduced the horizontal midplane thermal neutron flux to 9.2x1018 n/m2-s, which is -20%
of its normal value. The calculated dominant solute transmutations in copper were 1.4°A Ni and
0.59!. Zn. The irradiation produced a calculated He concentration of 2 appm in pure copper.
Higher levels of helium (up to -100 appm) should have been produced in the boron-deoxidized
GlidCop specimens. The average irradiation temperatures of the 200J and 200J capsules were
maintained at 200 and 400”C, respectively. The detailed operating temperature history is given in
ref. [8].

Four-point probe electrical resistivity measurements were performed at room temperature on the
irradiated SS-1 and SS-3 sheet tensile specimens, using procedures summarized elsewhere
[11 ], The temperature was recorded for each measurement and the resistivity data were
corrected to a reference temperature of 20”C using the copper resistivity temperature coefficient
of dp/dT = 6.7 x 1011 Q-m/K. Nonuniformities in the width and thickness in the specimen gage
region caused the typical experimental uncertainty of individual resistivity measurements to be
~0.5Y0. The resistivity data were corrected for the influence of the IN plating, which amounted to

an -27. change compared to the raw data.

All of the tensile specimens were tested in a hot cell using a 200 pound load cell mounted on a
screw-driven Instron machine. Table 1 summarizes the tensile specimen experimental matrix.
Several specimens were broken (specimens C2, F3 and Xl from HFIR-200J and Al 1 from HFIR-
400J) or bent during capsule disassembly (cf. Table 1). The induction brazed specimen F4 (HFIR-
400J) broke during mounting for tensile testing in the hot cells. Specimen L8 from HFIR-400J was
severely bent and was not tested. Specimens W3, T1 and X3 from HFIR-200J and H5, L7 from
HFIR-400J were also significantly deformed during capsule disassembly such that valid tensile
data could not be obtained. Strain rate variation tests were performed on some specimens,
including several of the bent specimens in order to measure the strain rate sensitivity of the
radiation hardened samples. The crosshead speed was varied from 0.001 to 0.5 inch per minute,
which resulted in strain rates of 2x10-5 to 0.01 S-l. The room temperature tests were performed in
air, and the elevated temperature tests were performed in vacuum (c105 torr). The samples were
held at the test temperature for 15 minutes prior to testing.
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Table 1. Specimen matrix and tensile test conditions for the pure copper and GlidCop dispersion
strengthened copper alloys irradiated in the HFIR-200J and -400J capsules. The specimens with
ID code in parentheses were bent during capsule disassembly.

SS-1 and SS-3 specimens from HFIR-MFE-RB*-200J
Alloy Geometry ID code
99.999% copper, as wrought Ss-1 A6
(MRC Matz grade rod)

(i?)

1’ I I (HI)

GlidCop AL25, 50YoCW SS-3
(PNL “R4” 40 mil sheet) M%)

GlidCop AL25+B (Ris@, 80% SS-3 cl
CW, 0.02 thick C3
(626AAF, lot #4005m09)
GlidCop AL25+B (Risa), as- SS-3 WI
wrought - -”
(61 6 AAE, lot #4005806 rod) W3)

MAGT 0.2. 50%CW I SS-3 I T2

I(Technology 1)

GlidCop AL15+B, Auburn U. SS-3 F1
induction brazed F2
(ORNL as-wrought plate)

Table 1, continued: SS-1 and SS-3 specimens from t
Alloy Geometry ID code
99.999% copper, as wrought Ss-1 (j::)
(MRC Matz grade rod)
GlidCopAL15+B, as wrought Ss-1 L06
(ORNL plate) (L07)
GlidCop AL25, as wrought Ss-1 H04
(Risa rod, no boron) H06

1’ I I (H05)
I 1

GlidCop AL25, 50YoCW SS-3 x4
(PNL “R4° 40 mil sheet) x5

1’ I I X6
I I

GlidCop AL25+B (Risa), 80% SS-3 C6
CW. 0.02” thick C7
(626AAF, lot #4005m09) I C8
GlidCorI AL25+B (Risa). as- SS-3 I W4
wrought ‘ ‘“ W5
(61 6 AAE, lot #4005806 rod) W6
MAGT 0.2. 50YoCW SS-3 T4

I(Technology 1) ‘ T5
T6

GlidCop AL15+B, Auburn U. SS-3 F5
induction brazed F6
(ORNL as-wrought plate)

capsule
Test temperature & crosshead speed
200”C, 0.02/min
29”C, 0.02’’/min
200”C, 0.001 “/rein through 0.2% yield,
then increase to 0.02”/min
200”C, 0.5’’/min
200”C, O.001”/min
200”C, 0.02’’/min
200”C, 0.02/min
29”C, 0.02/min
200”C, 0.001 “/rein through 0.27. yield,
then increase to 0.02’’/min
200”C, 0.02/min
200°C, O.001”/min through 0.2% yield,
then increase to 0.02”/min
200”C, O.OY/min
200”C, O.001”/min

200”C, 0.02’’/min
20”C, 0.02’’/min
200”C, 0.001 “/rein through 0.2% yield,
then increase to 0.02/min
200”C, 0.02”/min
200”C, 0.02”/min
200”C, O.001”/min through 0.2% yield,
then increase to 0.02”/min
200*C, 0.02”/min
29”C, 0.02”/min

‘IR-MFE-RB*-400J-1 capsule.
Test temperature & crosshead speed
400”C, 0.02/min
29”C, 0.02”/min
400”C, 0.02/min
400”C, 0.02”/min
400”C, 0.02/min
30”C, 0.02”/min
400”C, O.001’’/min through 0.2% yield,
then increase to 0.02’’/min
400”C, 0.02”/min;
30”C, 0.02”/min;
400”C, O.001”/min through 0.2% yield,
then increase to 0.02”/min
400”C, 0.02’’/min;
400”C. O.001”/min:
30”C, 0.02/min ‘
400*C. 0.02’’/min:
400”C1 0.02’’/min~
30”C, 0.02”/min
400eC, 0.02’’/min;
30”C, 0.02’’/min;
400”C, O.001”/min through 0.2% vield,
then increase to 0.02’’/m~n -
400”C, 0.02’’/min;
30”C, 0.02’’/min
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Discussion

resistivity measurements on the unirradiated and irradiated specimens are
Table 2. A large variability was obtained for the resistivity of the unirradiated

Results and

The electrical
summarized in
induction-brazed GlidCop All 5 specimens, presumably due to variations in the thickness of the
braze layer. The resistivity of the unirradiated pure copper and dispersion-strengthened copper
alloys were in agreement with data obtained on other heats of these materials [12-16]. The
increase in resistivity for most of the copper alloys in both the 200J and 400J capsules was -6 to 8
n!ilm. Previous work has found that the resistivity increase associated with defect cluster
(stacking fault tetrahedral, small dislocation loops) formation in copper saturates at -1.2 nQ-m [1 3].
The remaining 5-7 nQ-m resistivity increase for the HFIR-200J specimens can be attributed to Ni,
Zn, Co solid transmutation products, since transmission electron microscopy (TEM) did not find
evidence for void formation in Cu and Cu alloy specimens in this capsule [17]. The resistivity of the
as-wrought GlidCop A125+B specimens irradiated in the HFIR-400J capsule were anomalously
high for unknown reasons. The resistivity of the specimens in the HFIR-400J capsule was
generally higher than that of the HFIR-200J capsule. TEM investigation did not detect void
formation in GlidCop A125, whereas a moderate density of large cavities was observed in pure
copper irradiated in the HFIR-400J capsule [17].

Table 2. Summary of electrical resistivity measurements on the pure comer and GlidCo~
dispersion strengthened copper alloy specimens from HFIR-MFE-200J and -400J capsules. .

Alloy, ID number Unirrad. resistivity Resistivity of specimens Resistivity of specimens
(nQ-m) irrad. at 200”C (nQ-m) irrad. at 400”C (nQ-m)

pure copper, as wrought 17.18~0.11 23.40~0. 16 23.61 (1 spec.)
(ss1)

GlidCop AL15+B, as wr’t 18.79~0.l 2 27.36~0.32 25.38A0.22
(ss1)
GlidCop AL25, as wrought 19.26~0.08 26.38~0.18 29.59A1 .4
(ss1)

GlidCop AL25, 50’70CW 19.40~0.16 26.52~0.70 27.75*1 .28
(ss3)

GlidCop AL25+B, 80% CW 19.35*0.07 26.20~0.07 28.56*1 .61
(ss3)

GlidCop AL25+B, as-wr’t 19.42~0.15 25.93A0.25 35.32~0.35
(ss3)

MAGT 0.2, 50%CW 21 .91~0.08 27.47A0.05 29.28~0.24
(ss3)

GlidCop AL15+B, induction 25.5*3.1 27.06~0.50 27.02~0.78
brazed (SS3)

Tables 3 and 4 summarize the tensile data obtained on the specimens from the HFIR-200J and
400J capsules, respectively. The strain hardening capacity of the irradiated specimens was low
in all specimens tested at the irradiation temperature, with typical uniform elongation values of
-1 %. Irradiation at 200°C produced a 100-150 MPa increase in the room temperature yield
strength of the GlidCop dispersion strengthened copper alloys, and a -200 MPa increase in the
room temperature yield strength of pure copper. Figure 1 plots the room temperature yield
strength of copper (specimen A8) along with previous low temperature (20-150”C) results on pure
copper [18-24]. The results suggest that saturation in the radiation hardening occurs for doses
above -0.1 dpa, although the influence of the higher irradiation temperature of the HFIR-200J .
experiment (200”C) compared to the other experiments summarized in Fig. 1 (20-150”C) needs
further investigation.
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Table 3. Tensile test results on copper allov specimens from HFIR-MFE-200J car)sule. The
tensile data in parentheses are considered un~liable due to bent or brittle tensile specimens.

Alloy, ID number Temper- Strain rate Yield Ultimate Uniform Total
ature (s-’) Strength Strength Elong. Elong.

~c) (MPa) (MPa) (%) (%)
Marz copper, as wrought
A6 (ss1 ) 200 4.2x1 04 239 242 1.1 7.7
A8 (ss1) 29 4.2x1 0-4 306 308 2.2 (Stn)’ 7.1
A7 (SS1 )-sharp bend 200 0.21 ->4.2x104 (Ac-3.5) - - -

GlidCop AL25, as wrought
H2 (SS1) 200 4.2x1 0-4 430 445 0.5 7.2
H3 (SS1) 30 4.2x1 04 529 560 0.7 3.8
HI (SS1 )-bent/twisted 200 0.21 -=-4.2x1 04 (AcT-7) - - -

GlidCop AL15+B, as wtt
L1 (SS1 ) 200 0.010 461 475 0.6 2.2
L2 (SS1 ) 200 2.1 X10-5 402 406 0.4 1.7
L3 (SS1 ) 200 4.2x1 0-4 431 433 0.3 1.2

GlidCop AL25, 50%CW
x2 (ss3) 200 1.1 X10-3 490 524 0.8 2.8
X3 (SS3)-bent 200 0.56->11 X1 0-4 Ac--1 1 - - –

GlidCop AL25+B, 80% CW
cl (ss3) 200 1.1 X1O”3 575- 580 0.4 1.9
C3 (ss3) 200 5.6x1 0-5 530 549 0.5 2.2
GlidCop AL25+B, as-wr’t
WI (ss3) 200 I.1X1O-3 471 490 0.5 8.3
W2 (ss3) 29 1.1 X1O-3 569 601 0.5 6.7
W3 (SS3)-bent sample 200 0.56-> llxIO+ Ac=l 7
MAGT 0.2, 50%CW
T2 (SS3) 200 1.1X103 497 523 0.7 4.8
T3 (SS3) 200 1.1X103 477 499 0.7 4.7
T1 (SS3)-bent 200 0.56 ->11x104 AcT=l 6.5 (495/51 2) - -

GlidCopAL15+B, ind. braze
F1 (SS3) 200 1.1 X10-3 (363) (363) 0.0 <0.05

j F2 @s3j I 29 1.1 X10-3 I .531’ 533’ I 0.07 0.07
a Strain to necking (uniform elongation measured after occurrence of yield drop)

Table 4. Tensile test results on copper allov specimens from HFIR-MFE-400J caDsule. The
tensile data in parentheses are considered un~eliable due to bent or brittle tensile specimens.

Temper- Yield Ultimate Uniform Total
Alloy, ID Number ature Strain Rate Strength Strength Elong. Elong.

rc) (s.1) (MPa) (MPa) (%) (?40)
pure copper, as wrought
A9 (SS1 )—bent/twisted 400 o.2:-:;ix: 04 (AcF1O) - - -
Al O (SS1 )-badlv bent 400 . (75) (11 3) (4.7) (6.1)
GlidCop AL25, as wrought
H4 (SS1) 400 4.2x1 0-4 172 190 0.8 9.9
H6 (ss1) 30 4.2x1 0“4 408 447 5.9 9.1
H5 (SS1 )-badly bent 400 0.21 ->4.2x104 (AcT-7.3) -

GlidCop AL15+B, as wr’t
L6 (ss1 ) 400 4.2x1 0-4 196 211 1.2 2.5
L7 (SS1 )-bent 400 4.2x1 04 (205) (245) (2.5) (5.1)
GlidCop AL25, 50YoCW
x4 (ss3) 400 I.1X1O-3 237 273 1.5 10.5
x5 (ss3) 30 1.1 X10-3 427 469 8.8 16.2
X6 (SS3) 400 0.56->1 1x104 AcJ=25.5 21 9/245 - –

——. — -— —-—... . . .. --. — ..— --.—- —....-
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Table 4 (cent’d). Tensile test results on copper alloy specimens from HFIR-MFE-400J capsule.
The tensile data in parentheses are considered unreliable due to bent or brittle tensile
specimens.

Temper-
Alloy, ID Number ature Strain Rate

cc) (s-1)

GlidCop AL25+B, 80% CW
C6 (SS3) 400 1.1XI03
C7 (ss3) 400 5.6x1 0-5
C8 @s3j 30 1.1 X10-3
GlidCop AL25+B, as-wr’t I I
W4 (ss3) 400 1.1X103
W5 (ss3) 400 I.1X103
W6 (SS3) 30 1.1XI03
MAGT 0.2. 50%CW
T4 (SS3) ‘ I 400 I I.1X103
T5 (SS3) 30 1.1 X1O-3
T6 @s3j 400 I 0.56->1 1x1 0-4
GlidCop ALI 5+B, ind. brazel
F5 (SS3) 400 1.1XI03
F6 (ss3) 29 1.1 XI O-3

350

300

250

200

150

100

Yield
Strength

_(!@’l-

300
256
476

201
201
392

314
474

Ao=l 6.2

(149)

~

Ultimate
Strength

~

325
280
527

216
225
454

328
521

31 0/326

(149)

~

Uniform
Elong.

A

1.0
1.3
7.2

1.0
1.2
8.8

0.8
8.8

0.0
0.0

I I I I I
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Fig. 1. Dose dependence of radiation hardening in copper irradiated with neutrons at 20-200”C
and tested near room temperature [18-24].

An estimate of the barrier strength to dislocation motion can be obtained from a comparison of the
radiation-induced defect microstructure [171 and tensile property changes. Figure 2 shows the
engineering load-elongation tensile curves for pure copper irradiated at 200”C and tested at room
temperature and 200”C (specimens A6 and A8). Using the well-known dispersed barrier
hardening equation [25,26] with a Taylor factor of M=3.06 (valid for uniaxial tensile tests on FCC
metals [26,27]), the dislocation barrier strength of the defect clusters is estimated to be ct=O.15 at
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Fig.2. Uniaxial load-elongation curves for pure copper irradiated to -13 dpa at 200”C and tested
at 30 and 200”C (specimens A6 and A8).

room temperature and 0.12 at 200”C. This result is in agreement with previous estimates
obtained on copper irradiated at room temperature to significantly lower doses [26,28]. It is worth
noting that a small yield drop was observed in the 200J copper specimen tested at room
temperature, whereas a yield drop was not observed in the specimen tested at 200”C.

Figure 3 shows the effect of test temperature on the load-elongation curves of as-wrought
GlidCop A125+B irradiated at 200”C (specimens W1 and W2). There was no clear evidence for a
yield drop at either test temperature. From a comparison of Figs. 2 and 3, it is apparent that the
irradiated GlidCop A125 specimens in the HFIR-200J capsule exhibited a steeper test temperature
dependence of the yield and ultimate strengths compared to pure copper. The room
temperature yield strength of as-wrought GlidCop A125 was -550 MPa, which is about 230 MPa
higher than the unirradiated value. The corresponding radiation-induced increase in the yield
strength at a test temperature of 200”C was -170 MPa. Therefore, the temperature dependence
of the yield strength was more pronounced in irradiated GlidCop A125 compared to unirradiated
specimens.

Figure 4 compares the load-elongation curves of GlidCop A115 irradiated in the HFIR-200J
capsule and tested at 200”C at three different strain rates. The yield strength increased by -60
MPa and the ultimate tensile strength increased by -70 MPa as the strain rate was increased by a
factor of 500. The initial (“elastic modulus”) slope of the stress-strain curves increased with
increasing strain rate, which implies that the specimen grip load train system has visco-elastic
behavior. There was no significant effect of strain rate on the tensile elongations.

- ...._:- ..... ..—- ,-’r-. w- .-. . ... ...... ---- - ..-..,c-m-~. . ,L.. %...-n?.-r .——- --- .-!7- -
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Fig. 3. Uniaxialload-elongation curves for GlidCop A125+B irradiated to -13 dpa at 200”C and
tested at 30 and 200”C (specimens W1 and W2).
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Fig.4. Uniaxial load-elongation curves for GlidCop All 5+B irradiated to -13 dpa at 200”C and
tested at 200”C at three different strain rates (specimens L1, L2 and L3).
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Figure 5 shows the results of a prompt change in strain rate on the load-elongation curve for
MAGT 0.2 dispersion strengthened copper irradiated in the HFIR 200J capsule and tested at
200”C (specimen T1 ). Increasing the strain rate by a factor of twenty produced a small (-16 MPa)
increase in tensile strength. The test was performed on a specimen that was bent during capsule
disassembly. The bent specimens from the HFIR-200J and -400J capsules were used only for
strain rate jump tests, since the deformation produced during capsule disassembly would
produce an anomalous and uncontrollable increase in strength. The -1 to 27. straining prior to
the change in strain rate should enable qualitative trends on strain rate sensitivity to be examined
in these bent samples. The quantitative accuracy of the strain rate results obtained on the bent
samples is uncertain. The ultimate strength measured after the strain rate jump was in good
agreement with the value obtained on specimens tested at a constant strain rate of 1.1 xl 03 S-l
(specimens T2 and T2, cf. Table 3).
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Fig. 5. Effect of increase in strain rate on the uniaxial load-elongation curve for MAGT 0.2
irradiated to -13 dpa at 200°C and tested at 200”C (specimen T1 ).

The magnitude of radiation hardening was less pronounced for specimens irradiated at 400”C
compared to “the 200”C irradiations. For example, the room temperature ultimate strength of
wrought GlidCop A125 was -580 MPa for the HFIR-200J capsule and -450 MPa for the HFIR-400J
capsule. Figure 6 shows the effect of test temperature on the tensile behavior of GlidCop A125
irradiated at 400”C (specimens W5, W6). The yield and ultimate strengths vaned by a factor of two
for the two test temperatures. The radiation-induced increase in yield strength was -25 MPa at
400”C and -80 MPa at room temperature. Therefore, both the 200”C and 400”C irradiations
resulted in a steeper dependence of yield strength on test temperature compared to unirradiated
GlidCop A125.

. . . .. ——..—.. ..—.. —- ——.. -.. —— —--—-.- . .-
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Fig. 6. Uniaxial load-elongation curves for GlidCop A125+B irradiated to -13 dpa at 400°C and
tested at 30 and 400°C (specimens W5 and W6).

Figure 7 shows the effect of a change in strain rate on the load-elongation curve for 50% cold-
worked GlidCop A125 that was irradiated and tested at 400°C (specimen X6). The factor of 20
increase in strain rate produced an -25 MPa increase in strength. It is interesting to note that the
ultimate tensile strength after the change in strain rate was lower than that of a companion 50%
cold-worked GlidCop A125 specimen tested at a constant strain rate of 1.1 xl 03 S-l (specimen X4,
cf. Table 4). Additional work is needed to determine whether testing of GlidCop A125 at a slow
strain rte at 400”C occurs by a different deformation mode (e.g., grain boundary sliding) compared
to faster strain rates, and whether this deformation mode continues to operate if the strain rate is
changed during tensile testing (are the results of the strain rate jump test affected by the
deformation processes occurring prior to the change in strain rate?).

Figure 8 shows the effect of a factor of twenty increase in strain rate on the load-elongation curve
of MAGT 0.2 irradiated and tested at 400”C (specimen T6). The magnitude of the strength
increase associated with the change in strain rate (16 MPa) was less than observed for GlidCop
A125 irradiated and tested at the same conditions (Fig. 7). The ultimate strength following the
change in strain rate was similar to that obtained from a companion specimen tested at a constant
strain rate of 1.1xl 03 S-l (specimen T4, cf. Table 4).
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Fig. 7. Effect of increase in strain rate on the uniaxial load-elongation curve for 50% cold-worked
GlidCop A125 irradiated to -13 dpa at 400”C and tested at 400”C (specimen X6).
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Fig. 8. Effect of increase in strain rate on the uniaxial load-elongation curve for MAGT 0.2
irradiated to -13 dpa at 400”C and tested at 400”C (specimen T6).
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THERMOPHYSICAL AND MECHANICAL PROPERTIES
S. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this report is to summarize the thermophysical and

FOR Ta-8%W-2%Hf -

mechanical properties of Ta-

(8-1 O)%W alloys that are being considered as a possible alternative high temperature structural
alloy in the Advanced Power Extraction (APEX) project.

SUMMARY

The key thermophysical and mechanical properties for Ta-(8-l O)YOW alloys are summarized,
including unirradiated temperature-dependent tensile properties, stress-rupture behavior, elastic
constants, thermal conductivity, thermal expansion, specific heat, and ductile-to-brittle transition
temperature. The estimated lower and upper temperatures limits for structural applications are
700 and 1000”C due to radiation hardening/embrittlement and thermal creep considerations,
respectively, although there are very few fracture properties data for irradiated Ta alloys.

PROGRESS AND STATUS

Introduction

In order to provide a reference design basis for the Advanced Power Extraction (APEX) project,
published data on the thermophysical and mechanical properties for Ta-(8-l O)YOW alloys have
been compiled. Although tantalum alloys have unfavorable decay heat and long term induced
activation characteristics, the APEX program is considering a wide range of structural alloys which
may have the potential for dramatically improving the thermal efficiency and reliability of fusion
reactors (high risk, high payoff). If a more compact, high power density design can be achieved,
the reduction in total waste volume may offset the disadvantages associated with undesirable
transmutation products.

The key thermophysical and mechanical properties for Ta-8%W-2%Hf (alloy T-111) are
summarized in the following. This solid solution alloy was developed in the early 1960s and was
commercially produced by several vendors [1]. Most of the development work on refractory
metals stopped in the earfy 1970s due to the suspension of funding for nuclear space power
systems and the decision to utilize reusable surface ceramic tiles rather than coated refractory
metals for the Space Shuttle [2]. The T-1 11 alloy is presently not being produced due to lack of
demand, and there is some concern that a “relearning” process would be needed before the alloy
could once again be reliably produced (based on problems with a recent attempt to produce the
tantalum alloy T-222) [1]. The alloy T-222 has a composition of Ta-1O%W-2.5%Hf-O.019!oC, and
has somewhat superior mechanical strength compared to T-111 although the data base is not as
comprehensive.

Tantalum alloys are susceptible to hydrogen embrittlement, as are its Group V-A siblings vanadium
and niobium [3]. All of the Group V-A refractory alloys are ductile at room temperature, whereas
the group VI-A refractory alloys (Mo and W) are generally brittle at room temperature. All refractory
metals suffer from well-known oxidation problems at elevated temperatures (s500”C). Therefore,
either vacuum or an inert cover gas are required during elevated temperature processing (hot
working, welding, etc.). Tantalum has a melting point of 2996°C and a density of 16.7 g/cm3 at
room temperature.

-..,- ,!--- — -—-, - . . . . . ,.,, . . . . .. . . . . ,.
. . . .
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All high-temperature refractory alloys are generally designed to be used in the stress-relieved
condition rather than the fully recrystallized condition, in order to take advantage of the higher
strength present in the stress-relieved condition. The recrystallization temperature depends o n
the amount of cold- or warm-work and also on the exposure time. The temperature to fully
recrystallize 75% cold-worked alloy T-111 has been reported to be 1650”C for a 1 hour anneal [4].
The enhanced diffusion associated with irradiation would cause a significant decrease in the
recrystallization temperature, particularly is the operating stress on the component is significant.
For design purposes, the recrystallized strengths ‘should be used in order to provide an adequate
safety margin in the event of radiation-enhanced recrystallization.

1. Ultimate tensile strenuth (unirradiated)

The ultimate tensile strength for Ta-8%W-2%Hf (alloy T-111) has been measured by several
researchers. Dynamic strain aging occurs at temperatures between -500 and 1000”C for typical
tensile strain rates of -10+ S-l, which produces a local maximum in the ultimate strength in this
temperature range. Figure 1 summarizes some of the ultimate tensile strength (UTS) data
obtained in tensile tests on stress-relieved and recrystallized specimens [1 ,4-6]. Using the data
summarized in the Aerospace Structural Metals Handbook [4] (filled square symbols in Fig. 1), the
least squares fitted equation for the ultimate tensile strength of recrystallized T-111 over the
temperature range of 20-1500”C is

~W~(MPa)=630 - 1.532XT+0.003388XT2-2.807e-06*T3 +7.338e-10~~

where the temperature (T) is in “C. The correlation coefficient for this equation is R= O.988.

I I i
Data from Tietz & Wilson (1965), Wiffen (1973), Buckman (1994)----. . . . and Aerospace Structural Metals Handbook (1969)-.. -.. . {-.. :. ... ....... ................+>.. . . ...........................................................................................................

.............................................

. ... ............... . .............~.......................................................................>. ..................................

I I I I J

o 500 1000

Temperature

Fig. 1. Ultimate tensile strength of unirradiated Ta-8W-2Hf

1500 2000

(“c)

[1 ,4-6].
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2. ‘ Yield strength (unirradiated)

Figure 2 summarizes the yield strength data obtained on stress-relieved and recrystallized
specimens of Ta-8%W-2%Hf (alloy T-111) [4-6]. Using the data summarized in the Aerospace
Structural Metals Handbook [4] (filled square symbols in Fig. 2), the least squares fitted equation
for the yield strength of recrystallized T-111 over the temperature range of 20-1 500”C is

aY(MPa)= 612- 1.743XT+0.003585XT2-3.076e-06*T3 +8.8 19e-10~p

where the temperature (T) is in “C. The correlation coefficient for this equation is R=O.996.

3. Yield and ultimate strenuth (irradiated)

There have been few studies on irradiated T-1 11, with no known studies at temperatures above
650”C [7]. Neutron irradiation causes a pronounced increase in the yield and ultimate tensile
strength of Ta-8%W-2%Hf (alloy T-111) at temperatures below -650”C. The yield and ultimate
strength increased to -1250 MPa for a specimen tested at -400”C following fast reactor irradiation
at -41 O“C to 1.9x1026 n/m2 (EsO.1 MeV), which corresponds to a dose of -2.5 dpa [6,7]. The
yield and ultimate strength were -1000 MPa for a corresponding irradiation and test temperature
of -640”C and a similar dose [6]. Only a modest amount of radiation hardening was observed in
Ta-1 OW irradiated at 800”C, whereas severe radiation embrittlement occurred in a similar specimen
irradiated at 350”C [8]. The yield strength of solution annealed Ta-1 OW irradiated at 800”C to a
dose of -2.5 dpa was reported to be 300 MPa compared to an unirradiated value of -220 MPa,
although the sample was apparently embrittled either by radiation or interstitial solute pickup (total
elongation -2Yo) [8]. This very limited tensile data base is consistent with radiation hardening
results obtained on other BCC alloys (in particular vanadium alloys), where significant radiation

1000
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0

L
. . . .

! Data’from lietz k W]lstin (1965j, Whfen (1973)’& ‘
Aerospace Structural Metals Handbook (1969) I-.. ......-

-.. .......... .......... -<.-.:....................................................................................i...................................
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Fig. 2. Yield strength of unirradiated Ta-8W-2Hf [4-6].
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hardening occurs at temperatures below 0.3 TM (-700”C for Ta). There is a clear need for
mechanical property data on Ta alloys at temperatures 2700”C in order to further investigate

radiation hardening and embrittlement effects. There are no known Charpy impact or fracture
toughness measurements on irradiated Ta alloys.

4. Uniform and Total Elongation, Reduction in Area (unirradiated and irradiated)

There are very few reports of the uniform elongation in unirradiated or irradiated T-111 specimens.
Figure 3 summarizes the unirradiated total elongation data obtained on stress-relieved and
recrystallized specimens of Ta-8%W-2%Hf (alloy T-111) [4-6]. Wiffen [6] has reported on the
uniform and total elongation of recrystallized T-111 following fast reactor irradiation to 1.9x1028
n/m2 (E>O.1 MeV) at 410 and 640”C (corresponding damage level -2.5 dpa). The unirradiated
elongations were 16-22% for test temperatures between 20 and 650”C. The uniform elongation
decreased to cO.5Y0 following irradiation at 41 O“C, and decreased to 1.9% following irradiation at
640”C. The total elongations decreased to 4.5 to 10% following irradiation. The corresponding
reduction in area following irradiation ranged from 36% for irradiation and testing at -41 O°C to 65?40
for irradiation and testing at -640”C. The unirradiated reduction in area ranged from 81 to 99% for
testing at 20 to 650”C [6]. The total elongation of Ta-1 O%W was zero (brittle failure) following
irradiation to a dose of 0.1 dpa at 350”C, and -2?40 after a dose of -2.5 dpa at 800°C, where the
tensile testing was performed at the irradiation temperature [8].
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Fig. 3. Total elongation of unirradiated Ta-8W-2Hf [4-6].

5. Elastic constants

1500 2000

(“c)

Young’s modulus has been measured from -100 to 2000”C for T-111 [4,5]. As shown in Fig. 4,
the temperature-dependent .Young’s modulus for T-111 is comparable to that for pure Ta The

shear modulus (G) and Poisson’s ratio (v) of T-111 apparently have not been measured. Based on
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Data’taken from Tietz & Wilson (196’5),Farraro&Mc~ellan (1979)

respace Structural Metals Handbook (1969)
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Fig. 4. Comparison of Young’s modulus for unirradiated Ta-8W-2Hf and tantalum [4,5,9].

the measurements by Farraro and McLellan, the least-squares fitted polynomial expression for the
elastic constants of pure Ta at temperatures above 700 K are [9]

EY=((l.69 - 8.22x10-5‘T-1 .66x10-8‘T2)A0.051) x 101]Pa

G=((O.774 - 1.73x104 ‘T)-JO.016) x 1011Pa

where the temperature is given in Kelvin. According to the measurements by Famwo and
McLellan [9], Poisson’s ratio equals 0.273 for pure Ta at room temperature. This value is lower

than what is recommended in the ASM Metals Handbook (1Oth edition, Vol. 2), v=O.35 at room

temperature. Poisson’s ratio at elevated temperatures can be obtained using the well-known

relation v=(EY/2G) -1.

6. Stress-ru~ture and creep

There have been numerous studies of the creep and stress-rupture behavior of unirradiated T-
111 at temperatures up to 1600”C (0.57 T~ [1O-12], but there are no known irradiation creep
studies. The stress to produce 1’% strain in T-111 in 1000 h is -110 MPa at 11 OO”C and -50 MPa
at 1250”C [11]. Using a 1000 h creep-rupture stress level of 100 MPa as a guideline, the maximum
operating temperature of T-111 is 1150-1200”C [11]. Using the more conservative creep criterion
of 1?4. plastic strain, the maximum operating temperature of T-1 11 for an applied stress of 100 MPa
is 1OOO”Cfor long-term (7 year) operation [1O].

. . ... . . . . ..~,., . — ,----- ---- —-..T, , , . - . - ,..; . <.T..,- ,----- .-,. - --- -r ---
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7. Thermal exuansion, specific heat, thermal conductivity and electrical

resistivity

Several thermophysical properties for T-111 have been measured from room temperature to

-1 300”c. The mean coefficient of thermal expansion (u,~) is very similar to that of pure Ta and Ta-

10W, and vanes from 5.9 ppflC at room temperature to 7.6 ppm/”C at 1650”C [4,5,1 1]. The
specific heat at constant pressure (CP) is -150 J/kg-K at 20°C [4]. The electrical resistivity of T-111
ranges from 217 nf2-m at room temperature to 665 nf2-m at 1180”C [4]. As shown in Fig. 5, the
thermal conductivity varies from -42 W/m-K at room temperature to -56 W/m-K at 1350”C. Using
the Aerospace Structural Metals Handbook data, the thermal conductivity can be described by the
following equation:

K, (W/m-K)41.O + 0.020 T - 6.32x10-’ T’ (temperature in “C)

8. Ductile to brittle transition temperature (unirradiated and irradiated)

The measured value of the ductile to brittle transition temperature (DBIT) in body-centered cubic
materials depends on numerous experimental parameters, including the specimen geometry,
strain rate, and the sharpness of the notch where the crack is initiated (notch acuity). The DBTT in
unirradiated T-111 has generally been estimated from reduction in area measurements on un-
notched tensile specimens [5,1 3]. The resultant DBTT value (--2 OO”C) is a severe underestimate

60

55

50

45

40

I I
Data taken from Conway (1984) and

Aerospace Stnrctural Metals Handbook (1969) \

.. ... .................................4.................... .. .......... ...........

. . ....... ...................................... ....... .......................................................................... .... .......—

........... ............... ...................................................................................................

r
I I I I

o 500 1000 1500

Temperature (“C)

Fig. 5. Thermal conductivity of unirradiated Ta-8W-2Hf [4,1 1].
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of the value which would be obtained on machined or precracked Charpy vee-notch (CVN)
specimens or precracked compact tension (fracture toughness) specimens. There are no known
DBIT studies on irradiated T-111, although a significant increase in the DBIT would be expected
for irradiation at temperatures up to at least 650”C, based on the large increase in hardening [6]
associated with these relatively low irradiation temperatures (cO.3 TM).

9. Recommended reference o~eratinu tem~erature limits

Several forced-flow corrosion and engineering loop studies have demonstrated that T-1 11 has
good compatibility with liquid lithium at least up to temperatures of -1370”C [14-17]. Ta alloys
have also exhibited good compatibility with other liquid metals at elevated temperatures, including
Na, K and Pb to -1 200”C [14-17]. Thermal creep becomes high in T-111 at temperatures above
-1 200”C (-0.45 TJ which is near the maximum temperature that corrosion data are available.
Using a conservative criterion of 1Y. plastic strain for long-term (>1 0,000 h) exposure to an applied
stress of 100 MPa, the maximum operating temperature is -1 OOO”C for Ta-base alloys such as T-
111. Additional work on irradiated specimens is needed before the minimum operating
temperature limit can be established. The reference minimum operating temperature limit will likely
be controlled by radiation hardening, which causes loss of ductility and an increase in the ductile
to brittle transition temperature. There are no known DBIT data on irradiated T-111 alloys. For the
purposes of the APEX design study, the proposed reference minimum operating temperature for
T-1 11 is 700”C (-0.3 TM) based on expectations of low-temperature radiation embrittlement.
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NEUTRON IRRADIATION EFFECTS ON PLASMA-FACING MATERIALS-V.
Barabash, G. Federici (ITER Joint Central Team), M. Roedig (Forschungszentrum Juelich),
L. L. Snead (Oak Ridge National Laboratory), and C. H. Wu (EFDA – Close Support Unit)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Beryllium, tungsten, and carbon fibre composites are leading candidate armour materials for
plasma facing components of the Next Step fusion device. In recent years, the data base on the
influence of neutron irradiation on the properties of Be, W, and CFC has been significantly
improved.

● Mainly in the frame of lTER R&D program the qualitative data on physical and mechanical
properties for the modern Be grades and CFCS have been generated;

● The study of the combined effects of the neutron irradiation and high heat fluxes on the
behavior of the armour materials has started; for future activities it is important to define the
expected operational conditions.

This paper reviews the effects of neutron irradiation on thermal and mechanical properties and
bulk tritium retention of armour materials (beryllium, tungsten, and carbon). For each material, the
main properties affected by neutron irradiation are determined and described. For beryllium and
tungsten the key issues are the loss of ductility and embrittlement at low irradiation temperature,
for carbon based materials neutron irradiation affects mainly the thermal conductivity. The results
of a study of the damage of neutron irradiated armour matetials under thermal shock and
disruption conditions are also summarized. Based on current knowledge and recent experimental
observations, the expected thetial and structural performance of neutron irradiated armour
materials in the ITER plasma facing components are analyzed.

For ITER application all three armour materials such as Be, W, and CFCS are selected. The
expected performance of the armour materials in ITER seems adequate and at least indicative
supported by the available experimental results. For each material, the key problem is the
mechanical integrity and keeping their function of the wall structure protecting. The issue for Be
and W is integrity of brittle material after neutron irradiation and at transient and steady state high
heat fluxes. Still more activity is needed to validate the performance of neutron irradiated armour
materials.
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EFFECT OF HIGH DOSE NEUTRON IRRADIATION ON THE MECHANICAL
PROPERTIES AND STRUCTURE OF COPPER ALLOYS AND CLVSS JOINTS FOR
ITER APPLICATIONS – S. A. Fabritsiev (D.V. Efremov Scientific Research Institute),
A. S. Pokrovsky (Scientific Research Institute of Atomic Reactors), D. J. Edwards (Pacific
Northwest National Laboratory), S. J. Zinkle, and A. F. Rowcliffe (Oak Ridge National Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

The base copper alloys Cu-Cr-Zr IG and GlidCopA125 IG and Cu/SS joints manufactured in RF, US,
EU, JA with the HIP method were irradiated up to 2 dpa at 200°C in SM-2 reactor. Tensile tests,
shear tests, metallography and SEM investigations were performed. In general, the trends in
radiation hardening and embrittlement were observed also at higher irradiation doses.

Hardening and embrittlement were found to be essentially the same in copper alloys of different
types, i.e. PH - Cu-Cr-Zr and ODS - GlidCopA125. The jointsofGlidCopA125/316 and Cu-Cr-
Zr/316 type had high strength characteristics and satisfactory ductilities after irradiation.

The irradiated joints ofGlidCopA125/316 type demonstrated a high level of strength properties (CU
-350 MPa). Still, their q is lower by about 100 MPa than for the irradiated base alloy GlidCopA125
IG. It was shown that the lower ultimate strength of joints is partly determined by the lower crUof -
GlidCopA125 alloy in the Z direction.

Cu-Cr-Zr/316 joints demonstrated strength properties at a level of the irradiated Cu-Cr-Zr (HIP)
alloy Ou-260 MPa and a high ductilityi3tO~-13Y0. It is apparently associated, first of all, with a higher
capacity of the base alloy Cu-Cr-Zr for local deformation, when irradiated, than in the GlidCopA125
alloy.

It should be noted that the last generation of joints demonstrated an essentially higher level of
strength properties as compared with the first generation despite a ten times higher irradiation
dose. The fact that none of the new joints (EU, JA, RF) demonstrated brittle fracture at low -150
to 200 MPa stresses, as happened with the first generation of joints [6] reflects substantial
progress in the technology of joint fabrication.
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EFFECT OF IRRADIATION TEMPERATURE ON THE MECHANICAL PROPERTIES
AND STRUCTURE OF CI.VSS JOINTS IRRADIATED TO LOW DOSES–
S. A. Fabritsiev (D.V. Efremov Scientific Research Institute), A. S. Pokrovsky (Scientific Research
Institute of Atomic Reactors), D. J. Edwards (Pacific Northwest National Laboratory), S. J. Zinkle,
and A. F. Rowcliffe (Oak Ridge National Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

A second generation of copper alloy/stainless steel joints manufactured in the RF, EU, and JA by
Hot Isostatic Pressing (HIP) has been irradiated to 0.4 dpa at 150 and 300”C. Post-irradiation
tensile tests and optical microscopy were performed.

Irradiation up to 0.4 dpa at 150”C increased the strength of GlidCopA125/316 joints by about 150
MPa. The levels of uniform and total elongation of GlidCopA125/316 specimens after irradiation
up to 0.4 dpa at 150°C were very low.

The Cu-Cr-Zr/316SS joints were characterized by significantly less strengthening and for Tk = T,,,,
= 150°C (AcY Was -50 MPa). The level of uniform and total elongation of Cu-Cr-Zr/316SS
specimens after irradiation up to 0.4 dpa at 150”C was in the range 5 to 7Y0.

Irradiation at 300°C only slightly strengthened the GlidCopA125/31 6-type joints, but the uniform
and total elongation of the GlidCopA125/31 6-type joints was very low.

Irradiation at Tim= 300”C did not affect the strength properties of Cu-Cr-Zr/316SS joints; the
uniform elongation of the irradiated joint Cu-Cr-Zr/316SS was in the range of 3 to 8Y0, and total
elongations ranged from 12 to 207..

In general, the second generation of HIP joints irradiated to a higher dose (0.4 dpa) demonstrated
a higher radiation resistance than the first generation of joints irradiated to 0.2 dpa.
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EFFECT OF NEUTRON DOSE AND IRRADIATION TEMPERATURE ON THE
MECHANICAL PROPERTIES AND STRUCTURE OF DISPERSION
STRENGTHENED COPPER ALLOYS -A. S. Pokrovsky (Scientific Research Institute of
Atomic Reactors), S. A. Fabritsiev (D.V. Efremov Scientific Research Institute), D. J. Edwards
(Pacific Northwest National Laboratory), S. J. Zinkle, and A. F. Rowcliffe (Oak Ridge National
Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

This report is the first to present data on the effect of neutron irradiation doses of 0.2 and 0.4 dpa
at Tin-150”C and Tir’ -300”C, on the mechanical properties of the GlidCop A1251G alloy in different
metallurgical conditions (Cr + annealed, HIP, extruded). It was found that low temperature
radiation embrittlement was less pronounced in GlidCop A125 fabricated to the IGO specification
than in earlier versions of the alloy. At T~,W= Tim= 150”C, the increase in yield strength increased
with dose to reach a value of AaY -100 MPa at 0.4 dpa. Irradiation at 300”C to 0.4 dpa produced
only a small -30 MPa) increase in yield strength.

Although the uniform elongation was reduced significantly under these conditions, total
elongations remained in the range 6 to 109!0. However, IGO material that was subjected to a
HIPping cycle during the manufacture of a GlidCop/31 6 SS joint exhibited a marked tendency
towards intergranular fracture during tensile testing 2300”C. this tendency was exacerbated by
irradiation and brittle failure occurred following irradiation to 0.4 dpa at Tin = T~,~= 300”C.
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MICROSTRUCTURES IN Ti-Al INTERMETALLIC COMPOUNDS IRRADIATED AT
673 KIN HFIR -Y. Miwa, T. Sawai, and K. Fukai (Japan Atomic Energy Research Institute),
D. T. Hoelzer (Oak Ridge National Laboratory), and A. Hishinuma (JAERI)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Four kinds of Ti-Al intermetallic compounds were made from powder metallurgical processing
using mechanical alloying or plasma rotating electrode processing. One consisted of ~-Ti~Al
single phase, and the others consisted of ~-Ti~Al and y-TiAl duplex phases. These intermetallic
compounds were irradiated at 673 K to the fluence of 5.16 x 1025 n/m2 (Esl MeV) in the High Flux
Isotope Reactor. After irradiation, transmission electron microscopy was carried out. Cavities were
observed in both the ~-Ti~Al and y-TiAl phases. The cavities were observed around pores that
existed prior to irradiation and contained Ar gas. But in the y-TiAl phases, no cavities were
observed around the pores. The number density of cavities in ~-Ti~Al or y-TiAl was different
among specimens that had different chemical compositions and fabrication processes.
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EFFECTS OF HEAT TREATMENTS ON MICROSTRUCTURE CHANGES IN THE
INTERFACE OF CU/SS316L JOINT MATERIALS - Q. Xu and T.. Yoshiie (Kyoto University,
Japan) and D. J. Edwards (Pacific Northwest National Laborato~)

Extended abstract of a paper submitted to the Journal of Nuclear Materials as part of the
proceedings of the 9th International Conference on Fusion Reactor Materials, Colorado
Springs, Colorado, USA, October 10-15, 1999.

EXTENDED ABSTRACT

The joining of dissimilar metals will likely be an important fabrication step in the use of
copper alloys for advanced reactor designs. One possibility is that precipitation and
dispersion strengthened copper alloys will be joined with 316L austenitic stainless steel for
heat sink applications in the first wall and divertor structures of fusion power systems. In the
present study, the effects of heat treatment on microstructural stability in the interface of
CuNiBe/SS316L and CuA125/SS316L have been investigated.

GlidCop CuA125/SS316L and CuNiBe/SS316L joints formed by hot isostatic pressing (HIP)
of solid plates were examined in this study. The joints were fabricated at a bonding
temperature of 1255K for CuA125/SS316L, and at 1245K forCuNiBe/SS316L. The pressure
and the holding time for the HIP process were fixed at 101 MPa and 2 h. For further details
on the materials and joining procedures please refer to reference 1.

The joints were thinned to 0.1 mm, and cut into 3 mm discs for transmission electron
microscope (TEM) observation. Two kinds of annealing experiments were carried out to
investigate the microstructural stability of the joint. Isochronal annealing of thinned
CuA125/SS316L TEM specimens was conducted in-situ using a high temperature heating
stage in a JEOL 2000ES TEM. The specimens were annealed over the temperature range
of 298-973K at 100K intervals, and the temperature was maintained for 30 minutes. Bulk
specimens of the two joints were annealed separately at 573K and 673K for 100 h,
respectively, and TEM specimens prepared by ion milling from the cross-section of the joints.
The interfaces were examined using TEM and scanning electron microscopy (SEM, JEOL
JSM-5800LV) to characterize the interracial and the overall microstructure.

Figure 1 shows the SEM micrograph of as-received CuA125/SS316L and CuNiBe/SS316L
joints. Energy dispersive x-ray line analyses were conducted for Fe, Ni, Cr and Cu. Typical
results of EDX line analyses (Fe and Cu) are also shown in the figure. It was found that
there was interdiffusion of the two base materials. The concentration of Fe, Cr and Ni
decreased and that of Cu increased in the region of stainless steel adjacent Cu alloy. Many
precipitates, mainly composed of Cr and Fe, were found in the Cu alloy side of interfaces. In
the CuA125/SS316L joints, small voids, about 2 pm in diameter, were observed in the Cu
alloy side near the interface, whereas in the CuNiBe/SS316L joints, voids, about 5 pm in
diameter, were observed in the interface, and small voids, about 1 pm in diameter, were
observed in the SS316L near the interface. Figure 2 shows the TEM micrograph of
CuA125/SS316L and CuNiBe/SS316L interfaces. As in the microstructure observed by
SEM, the precipitates were not found at the interface of both joints. Also, voids were only
found at the interface ofCuNiBe/SS316L, and they were not observed in the Cu matrix and
stainless steel far from interface.

Typical microstructure in the joints before and after the annealing experiment are shown in
Figure 3. Figure 4 shows that the microstructure at the interfaces of the joint materials

.
Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of

Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-I 830.
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*

were thermally stable even after annealing at 573K or 673K for 100 h. The microstructure
in the matrix of both joints and the interdiffusion within joints were also not affected by the
annealing.

Interface

cuA125 I SS316

Figure 1.

Figure 2.

Interface

CuNiBe i SS316

Analysis
line

SEM micrograph of joint materials of CuA125/SS316L and CuNiBe/SS316L,
and typical results of EDX line analyses.

Microstructure in the interface of as-received joint materials.
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Figure 3. Typical microstructure in the bonded joint of CuA125/SS316L before and after
isochronal annealing.

573 K I 673 K

Figure 4. Microstructure in the interface of joint materials annealed at 573K and 673K for
100 h.
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The results of annealing experiment showed that temperatures s 673K did not change the
initial microstructure or composition of CuA125/SS316L and CuNiBe/SS316L joints. Although
there are no data from annealing experimen@ longer than 100 hours, it is expected that the
microstructure and composition of CuA125/SS316L and CuNiBe/SS316L are stable at
temperatures below 673K. However, irradiation may lead to significant changes because of
radiation-enhanced segregation, precipitation or dissolution near and at the interface that
could alter the properties. In addition, the preexisting voids near the interface of the joints
may coarsen under irradiation and enhance the sensitivity of joints to failure. Given the
uncertainties in the response to irradiation, neutron irradiation experiments should be
performed at appropriate temperatures to investigate the response of the different materials.
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5.0 AUSTENITIC STAINLESS STEELS
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TENSILE PROPERTIES AND DAMAGE MICROSTRUCTURES IN ORR/HFIR-
IRRADIATED AUSTENITIC STAINLESS STEELS – E. Wakai and S. Jitsukawa, (Japan
Atomic Energy Research Institute), N. Hashimoto (Oak Ridge National Laboratory), T. Sawai
(JAERI), J. P. Robertson (ORNL), and A. Hishinuma (JAERI)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as
Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

The synergistic effect of displacement damage and helium generation under neutron irradiation
on tensile behavior and microstructure of austenitic stainless steels was investigated. The steels
were irradiated at 400°C in the spectrally tailored (ST). OR FUHFIR capsule to 17 dpa with a helium
production of about 200 appm and in the HFIR target capsule to 21 and 34 dpa with 1590 and
2500 appm He, respectively. The results maybe summarized as follows:

(1) The increase of yield strength in the JPCA-SA irradiated at 400°C to 17 dpa in the spectrally
tailored ORR/HFIR capsules was about 390 MPa, and that in the HFIR target one to 21 and 34

dpa were about 630 and 600 MPa, respectively.

(2) The spectrally tailored irradiation-induced Frank-type loops with a number density of 8 x 102’
m-3 and the mean size of 19.3 nm, bubbles and voids with 8 x 1021and 8 x 1019m-3, -
respectively, and the mean sizes of 3 and 9.5 nm, respectively, and carbides with 8 x 1021m=
and 3.4 nm.

(3) The HFIR target irradiation also induced these defect clusters, and the number densities of
these clusters were higher than the former case and these mean sizes were smaller than
those.

(4) The values of hardening due to these clusters were calculated from the model of dispersed
barrier hardening and were 331 and 666 MPa, respectively, and these coincide with the
increase of yield strengths.

(5) This analyses wad furthermore suggested that the main factor of hardening in the spectrally
tailored ORR/HFIR and the HFIR target irradiation were Frank-type loops and cavities,
respectively. The similar results were obtained for the J316-SA steels.
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DEFORMATION MECHANISMS IN 316 STAINLESS STEEL IRRADIATED AT 60
AND 330°C – N. Hashimoto, S. J. Zinkle, A. F. Rowcliffe, J. P. Robertson (Oak Ridge National
Laboratory) and S. Jitsukawa (Japan Atomic Energy Research Institute)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

Plastically deformed microstructure in neutron-irradiated austenitic stainless steel were
investigated by transmission electron microscopy (TEM). Neuron irradiation at 60 and 330”C to
about 7 displacement per atom (dpa) induced a higher number density of faulted loops and black
dots, which resulted in irradiation-induced hardening. [n the specimen irradiated at 60”C and
tensile tested at 25°C at a strain rate of 4 x 10-4S-l, the deformation microstructure consisted of
twins, elongated faulted loops, and lath and twin martensite phase. In the specimens irradiated
and tested at 330”C at a strain rate of 4 x 104 S-l and 4 x 10+ S-l, in addition to these features,
dislocation channeling was also observed. The TEM examination suggests that lath and twin
martensite can form during tensile testing at both of these temperatures. Examination of the
specimens irradiated and tensile tested at 330°C indicated that twinning was the predominant
deformation mode at slower strain rate and dislocation channeling was favored at higher
temperature. From the micrographs taken from the{111 } plane streak in a diffraction pattern, it is
suggested that faulted loops could be the principal twin initiation site during deformation.
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6.0 INSULATING CERAMICS AND OPTICAL MATERIALS
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IN-SITU THERMAL CONDUCTIVITY MEASUREMENT OF CERAMICS IN A FAST
NEUTRON ENVIRONMENT – L. L. Snead (Oak Ridge National Laborato~), R. Yamada (Japan
Atomic Energy Research Institute), K. Noda and Y. Katoh (Kyoto University), S. J. .Zinkle,
W. S. Eatherly, and A. L. Quails (Oak Ridge National Laboratoy)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

An experimental technique for measuring the in-situ thermal conductivity of ceramic materials in an
RB* position of the High Flux Isotope Reactor has been successfully demonstrated. The
technique is based on measurement of the temperature drop along the axis of a solid cylinder
constrained to one dimensional heat flow. The heat source is the intrinsic gamma heating of the
core region of the HFIR. Preliminary results indicated that, as expected, the thermal conductivity
of the ceramic materials undergo a rapid reduction in thermal conductivity with irradiation followed
by an apparent saturation. Final results will be obtained after a detailed post-irradiation
examination of the samples and final analysis of the core gamma heating.
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7.0 BREEDING MATERIALS
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FABRICATION AND PROPERTIES OF A TIN-LITHIUM ALLOY*

K. Natesan and W. E. Ruther (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to fabricate an Sn-Li alloy containing 25 at.% Li, which is being

considered as a potential coolant in a fusion device, and to evaluate the alloy’s physical and chemical

properties.

SUMMARY

An Sri-25 at.% Li alloy has been fabricated by starting with pure Sn and Li. The alloy was cast into

various shapes and sent to researchers in several organizations in the United States and abroad for

property measurements. Melting temperature of the alloy is 334°C and its density is 6.36 g/ems.

INTRODUCTION

Tin-lithium alloys seem to have several attractive thermo-physical properties, in particular thermal

conductivity and heat capacity, when compared with those for another coolant, Pb-17 at.% Li [1].

Furthermore, Sn-Li coolant exhibits low vapor pressure, a significant benefit in the design of the free-

flow first wall and divertor that will handle high heat flux and high neutron wall loading in fusion -

devices [2,3]. Even though conceptually Sn-Li is a potential coolant/breeding material, several

technical issues such as physical and chemical properties, materials compatibility, activation

characteristics, and breeding potential, must be addressed. We have therefore fabricated an Sn-Li

alloy containing 25 at.% Li which will be used by researchers from several institutions in U.S. and

abroad to evaluate various properties of the material.

FABRICATION PROCEDURE

Figure 1 is a schematic illustration of the Sn-Li phase diagram, which shows that the melting

temperature of the alloy increases monotonically with an increase (above 5 at.%) in Li concentration

in the alloy. For tritium breeding, an Li concentration of at least 20 at.% is suggested; a composition

of Sri-25 at.OA Li was selected for fabrication. The melting temperature for this alloy will be =330”C.

The phase diagram also shows several Li-Sn compounds (such as Li4Sn, Li7Sn2, Li5Sn2, Li2Sn, and

LiSn) that have melting temperatures of 485 to 783°C. If these high-melting compounds form during

alloy fabrication, the mixed alloy must be heated to very high temperatures to melt these phases and

to develop an alloy with a homogeneous composition. Therefore, it is essential that none of these

high-temperature phases form during mixing of Sn and Li to make the alloy. To avoid this, an

apparatus was assembled in which Li is gradually added to Sn so that the Li concentration increased

monotonically from Oto 25 at.%, with an associated increase in melting temperature from 250 to

*This work has been supported by the U.S. Department of Energy, Office of Fusion Energy

Research, under Contract W-31 -1 09-Eng-38.
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Figure 1. Schematic illustration of Sn-Li phase diagram.

350”C. Furthermore, a stainless steel stirrer was used to stir the liquid while Li was continuously

added to Sn to improve the composition homogeneity of the final Sn-Li alloy.

The Sn, obtained from Ames Metal Products, was in the form of 25 x 12.5 x 250 mm castings with a

purity of 99.95 wt.~. Sn. Lithium was obtained from Cypress Foote Mineral in the form of rods of 12.5

mm dia x 275 mm length. Figure 2 includes a photograph of the Sn ingots and Li contained in an

inert environment within a sealed metal can. The equipment used to mix Li into Sn was assembled

with components made of austenitic stainless steel. The mixing chamber was a vessel 0.4 m dia. x

0.5 m high and was equipped with a viewing port, thermowell, drain, and two insertion ports at the

top. One of these insertion ports was used to assemble a stirrer mechanism and the other was used

as a line (12.5-mm-dia. tubing) for transferring Li into Sn vessel. Li was contained in a second vessel

(0.1 5 m dia. X 0.35 m high) above the Sn vessel. Resistance heaters and thermal insulation were

applied to both Li and Sn vessels, as well as to the Li transfer line. The gas phase of the two vessels

were independently connected to a source of vacuum and purified argon gas. Figure 3 shows

photographs of the experimental assembly in different stages of construction.

Calculations on the requirements for Sn and Li were made to produce =15 L of the Sri-25 at.% Li

alloy. Using the density values of 0.54 and 7.3 g/cm3 for pure Li and Sn, respectively, we calculated

the density of Sri-25 at.% Li alloy as 6.36 g/cm3. To produce 15 L of the Sn-Li alloy, the initial

amounts of Sn and Li needed were 93.5 and 1.81 kg of Sn and Li, respectively.
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Figure 2. Photographs of starting materials: Sn (left) and Li (right).

Figure 3. Photographs of experimental set up at different stages of assembly. The key parts

of the assembly are Sn vessel (with insulation), Li vessel at the top, Li transfer line, Stirrer

with a motor, and a view port.
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The initial step was to melt the slender bars of pure Sn in the lower vessel. Since there were a large

number of bars, as many as possible were inserted into the vessel through the view port and the

system was then closed, evacuated, and back-filled with Ar. The evacuation/refill operations were

repeated three times prior to heating the vessel containing Sn. The bars were then melted and

cooled. Two loadings of Sn and melting were required to obtain the required 93.5 kg of pure Sn in

the vessel. The smaller Li vessel also required two loadings to obtain 1.81 kg of Li. Rods of Li were

removed from their secondary protective plastic containment in the vicinity of the Li vessel and

inserted in to the Li vessel with minimal exposure to ambient air. In addition, flowing Ar from the

vessel mitigated the potential for unwanted oxygen contamination during the transfer. At the end of

each loading, the Li was melted and slowly added to the molten Sn in the mixing chamber. An

attempt was made to video tape the first addition of Li to Sn, but the viewing window did not allow a

clear view of the stream of Li striking the molten Sn, the lighting was poor, and after the initial

exothermic reaction, the window became clouded. The results were less than desirable but a VHS

tape of the operation does exist.

In the first mixing operation, Sn and Li vessels were maintained at 240 and 200”C, respectively.

Upon adding Li to Sn, the temperature of the mixing chamber increased to 419°C. The second batch

of Li was added to the mixing chamber maintained at 320”C. The temperature of the mixing chamber

rose to 512°C after addition of the second batch of Li. The Sn-Li alloy was maintained at this

temperature for 15 min while the stirrer was operating at high speed. A sample of the alloy was taken -

by casting it under vacuum in a heated stainless steel tube (=0.5 m long x 12.5 mm dia.) attached to

the mixer vessel drain. The initial analysis indicated an Li content of 0.83 wt.O/O, which was

significantly lower than the additions made to the vessel, probably because of the inhomogeneity of

the melt. The mixing was held at 400-500”C with vigorous stirring approximately eight times a day

for three days to dissolve any high-temperature compounds and to homogenize the melt. A second

sample taken in the same manner as before showed an Li content of 1.96 wtYo, based on an analysis

of duplicate samples. This value corresponds to an alloy composition of Sri-25 at.% Li. Table 1 lists

the concentration of various substitutional and interstitial elements in the alloy.

Figure 4 shows castings of several shapes and sizes made with a copper mold. Material from various

product forms have been sent to CEA-CEREM/SCECF in France, the University of Tokyo in Japan,

UCSD Fusion Energy Research in San Diego, and the University of Illinois at Urbana-Champaign for

measurement of various physical properties. Figure 5 shows scanning electron photomicrographs of

the alloys in two magnifications. The two-phase solidified structure consists of Sn and SnLi2 at room

temperature. Vickers hardness measurements indicated the average hardness values for the light

and dark phases to be =20 and 85, respectively. Figure 6 shows the temperature/time cooling curve

generated for the alloy. The point where the slope of the line changes (334”C) indicates the melting

temperature for the alloy. This agrees well with the temperature depicted in the phase diagram (see

Fig. 1) for an alloy with a composition of Sri-25 at.% Li.
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Table 1. Chemical composition of Sn-Li alloy fabricated in current project

Element

Ag

Al

Ba

Be

Ca

Cd

co

Cr

Cu

Fe

K

Li

Mg

Mn

Concentration hvt.%) Element

0.017

<0.01

0.002

<0.001

<0.001

<0.001

<0.01

0.03

<0.005

0.08

0.011

1.96

<0.001

0.017

Na

Ni

Pb

Si

Sr

Ti

v

Zn

Zr

o

N

c

s

Sn

Concentration hvt.%]

<0.001

0.02

0.02

<0.05

<0.001

<0.005

<0.005

<0.001

<0.005

0.091

<0.0002

0.085

<0.0035

balance

Figure 4. A photograph of different shapes of an Sri-25 at.% Li alloy fabricated in the program
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Figure 5. SEM photomicrographs of an Sri-25 at.% Li alloy fabricated at Argonne National Laboratory
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a melting temperature of 334”C.
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8.0 RADIATION EFFECTS, MECHANISTIC STUDIES,
AND EXPERIMENTAL METHODS
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THE EFFECTS OF ONE-DIMENSIONAL GLIDE ON THE REACTION KINETICS OF
INTERSTITIAL CLUSTERS - H. L. Heinisch (Pacific Northwest National Laboratory), B. N.
Singh (Riwa National Laboratory, Denmark) and S. 1. Golubov (Institute of Physics and
Power Engineering, Russia)

Extended abstract of a paper submitted to the Journal of Nuclear Materials as part of the
proceedings of the 9th International Conference on Fusion Reactor Materials, Colorado
Springs, Colorado, USA, October 10-15, 1999.

EXTENDED ABSTRACT

Collision cascades in metals produce small interstitial clusters and perfect dislocation loops
that glide in thermally activated, one-dimensional (1 D) random walks. These gliding defects
can change their Burgers vectors by thermal activation or by interactions with other defects.
Their migration is therefore- “mixed 1D/3D migration” along a 3D path consisting of 1D
segments. Th+e defect reaction kinetics under mixed 1D/3D diffusion are different from both
pure 1D diffusion and pure 3D diffusion, both of which can be formulated within analytical
rate theory models of microstructure evolution under irradiation. Atomic-scale kinetic Monte
Carlo (kMC) defect migration simulations are being used to investigate the effects of mixed
1D/3D migration on defect reaction kinetics as a guide for implementing mixed 1D/3D
migration into the analytical theory. Earlier studies using kMC simulations [1,2] have
demonstrated the significant effects of 1D and mixed 1D/3D migration on defect reaction
kinetics. The present work seeks to determine the functional dependence of defect reaction
kinetics on the variables affecting the defect-sink interactions under mixed 1D/3D migration.

In the kMC simulations, defects migrate one at a time through the crystal by random hopping
from one fcc lattice site to an adjacent lattice site in pure 3D or mixed 1D/3D migration,
depending on the nature of the defect, until they are absorbed in randomly distributed
unsaturable spherical absorbers of equal radius R and number density N. The “sink strength”
of defect sinks in 3D is defined as k2~D= 6/(a02<n>), where aO is the (fee) lattice constant
and <n> is the average number of hops to absorption determined from the simulations. For
mixed 1D/3D migration we define the sink strength to be k2M = 4/(a02<ns) to reflect the 1D
nature of the hops. The usual formula used in analytical rate theories to describe the sink
strength in terms of the characteristics of the sink population (3D) is

k2 = 4TcRN, (1)

which is valid for small R, representing volume fractions of absorbers less than a few
percent. The simulation results for pure 3D are well-represented by the form of eq (1),
modified to take into account the discrete hopping nature of the diffusion process (see the
full paper). For pure 1D migration in the analytical theory, the sink strength varies as R4.
Figure 1 is a log-log plot of the sink strength as a function of R for various values of L, the
average distance between direction changes for mixed 1D/3D migration. The straight lines
are fits of a power law function to the simulation results, with the power m=l for pure 3D and
with values that vary up to about m=2 as L increases.

Thus, the existence of mixed 1D/3D migration introduces a new variable into the reaction
kinetics: the average distance between direction changes, L. So, in the analytical theory,
the concept of “sink strength” is determined not only by the concentration and properties of

“ Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RL0 1830.
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the sinks, but also by the kinetic properties of the migrating defects. Simulation results
demonstrate that the dependence of sink strength on the size and concentration of sinks
under mixed 1D/3D migration lies between those for pure 1D and pure 3D migration and
varies with L.

z
1-
0
z
Iu
c

5)
x
z
G

Recent

3 ~ 3& nm

2 -=--- I-=8 nm
—- 1=26 nm ●

10-3

3

2 :

10-4 =

3

2 :

10-5 ;
1=
I-..!..
8 91;0

, 1
2 3 4 567 8 9101

R, nm

Figure 2. The points are the sink strengths measured in kMC simulations (k2 =
4/(a02<n>) plotted versus the absorber radius R for various values of L, the distance
between direction changes for mixed 1-D/3-D migration. The straight lines are fits of
the power law function k2M=a(R-a~d2)m, where a and m are fitting constants that
vary with L.

theoretical developments by Barashev, Golubov and Trinkaus [3,4] have, by two
different approaches, identified the relationship between the sink strength k’~ and L and R
for mixed 1D/3D reaction kinetics to be

k2~= 4nR2N/~2L, L>sR. (2)

This expression is consistent with the behavior of the exponent m as a function of L in Fig. 1,
i.e. that k2Mvaries directly as R* (at least approximately), but it is true only for values of L
greater than the absorber radii. This is illustrated in Fig. 2, where simulation results are
compared with eq. (2). While there is good agreement between the simulations and the
anal~tcal theory at values of L larger than the absorber size, the theory still needs to be
developed to fully describe the transition between mixed 1D/3D and pure 3D.
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Figure 4. Comparison of kMC simulation results with the analytical expression for
the sink strength under mixed 1D/3D migration, eq. (2). The sink strengths are
plotted as a function of L, the average distance between direction changes, for
several values of R, the absorber radius. All length dimensions are in nm.

work will aim at further elucidating the ramifications of mixed 1-D/3-D migration onFuture
defect reaction kinetics, especially the transition to pure 3D migration, through additional
kinetic Monte Carlo simulations and analytical theory development.
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SIMULATING THE INFLUENCE OF RADIATION TEMPERATURE VARIATIONS ON
MICROSTRUCTURAL EVOLUTION – Y. Katoh (Kyoto University), R. E. Stoner Oak Ridge
National Laboratory), A. Kohyama (Kyoto University), and T. Muroga (National Institute for Fusion
Science)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

The influence of temperature variations on microstructural evolution in austenitic stainless steels
is discussed in order to help interpret the response of materials in the HFIR-RB-I 3J temperature
variation experiment. A kinetic microstructural evolution model developed for irradiated austenitic
stainless steels was modified to provide a fully dynamic calculation of point defect and point defect
cluster concentrations. A dislocation density-dependent interstitial clustering model was
introduced so that the calculated dislocation loop evolution might fit the experimental data in a
broad temperature range. Using the modified model, microstructural evolution was predicted for
simulated HFIR-RB-13J temperature variation experiments and variations in material parameters
were evaluated.

Repeated temperature excursion to 573 K from 773 K always resulted in increased dislocation
loop density and reduced cumulative defect flux within the calculated material parameter iange.
Repeated temperature excursions to 473 K from 623 K may increase or decrease the loop
density and cumulative defect flux depending on material parameters. The influence of
temperature variation could mostly be explained by accumulation and release of matrix defects at
the temperatures of interest.
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COMPARATIVE STUDY OF DAMAGE ACCUMULATION IN IRON UNDER
MAGNETIC AND INERTIAL FUSION CONDITIONS – E. Alonso, M. J. Caturla, and T. Diaz
de la Rubia (Lawrence Livermore National Laboratory), N. Soneda (Central Research Institute of
Electric Power Industry), J. Marian and J. M. Periado (Instituto de Fusion Nuclear), and R. E. Stoner
(Oak Ridge National Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

We present results of kinetic Monte Carlo (KMC) simulations of damage accumulation in Fe under
conditions relevant to Inertial (lFE) and Magnetic Fusion Energy (MFE), with input obtained from
Molecular Dynamics (MD). MD simulations provide information on the primary state of damage and
were carried out for cascades with primary knock-on atom (PKA) energies ranging from 100 eV to
50 keV. These were used as input for a KMC simulation in which pulsed IFE irradiation and
continuous MFE irradiation were simulated and compared. The MD collision cascades were
introduced into the KMC simulation reproducing a recoil spectrum of 14 MeV neutrons. For
pulsed irradiation, we discuss the manner in which damage accumulates depending on
temperature and pulse rate. At low temperature, we show that there is no significant difference
between pulsed and continuous irradiation when the integrated dose rate is the same.
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COMPARISON OF A MICROSTRUCTURE EVOLUTION MODEL WITH
EXPERIMENTS ON IRRADIATED VANADIUM – S. Sharafat and N.M. Ghoniem
(University of California at Los Angeles)

Journal: J. ~IJc/. A&ter, Paper presented at ICFRM-9, Colorado Springs, Colorado, 1999

Extended Abstract

Interaction of high-energy neutrons with fusion reactor materials will result in simultaneous

production of displacement damage and helium atoms. Subsequent reactions between helium
and defect clusters determine, to a large extent, most physical and mechanical properties of
irradiated materials. Thus, microstructure evolution of neutron-irradiated BCC and FCC metals in
the presence of helium has been the focus of research over the past 2 decades. Vanadium and
its alloys are now considered as candidate structural materials in fusion reactors, because of their
low neutron activation and high-temperature capabilities. Development of a mechanistic
understanding for the influence of helium on microstructure evolution of irradiated vanadium can
help in tailoring its microstructure by thermomechanical processes for maximum resistance to
radiation damage. One of the main themes of current interest is the origin of the asymmetry in
the flow of vacancies and interstitial to various microstructure. The asymmetry in
vacancy/interstitial flow to microstructural features determines the rate of their evolution. In
particular, the growth of voids in irradiated materials was explained in terms of an ‘Ylbsorpf~on
Bias (AB)” of dislocations towards interstitial, thus leaving excess vacancies to flow into already
nucleated voids. Recently, however, another form of asymmetry has been proposed, in which
the fraction of free vacancies produced in collision cascades is higher than that of free
interstitial. This type of “Production Bias (fB)” can also lead to cavity growth in irradiated
materials, and when combined with Af3, can explain qualitative differences in the swelling
behavior of BCC and FCC metals. These arguments, however, are based on the notion that
cavities have already nucleated in the material, and that their growth phase dominates
subsequent evolution. In the presence of helium production, especially the high levels
anticipated under fusion neutron conditions, this scenario might be incomplete. Continuous
production of helium in the matrix can result in very long nucleation transients of bubbles. Under
these conditions, separation of distinct nucleation and growth phases may not be so clear.
During the process of bubble nucleation, helium is trapped in free vacancies to form
substitutional sites, from which further agglomeration is possible. If helium production rates are
large, the fraction of occupied vacancies, which are tied up with helium-vacancy complexes, can
be quite substantial. Thus, the balance between free vacancy and interstitial fluxes arriving at
those bubbles to allow their growth can be greatly disturbed by helium trapping. This physical
scenario can result in an additional complication to the “bias” idea, in which continuous
nucleation of helium bubbles can lead to another type of symmetry breaking for free point
defects. We will label this effect as the “Nucleation Bias (NB).

A kinetic rate theory model, which includes helium generation and the formation of cascade-
induced clusters (CIC), is presented. Comparison of the model to ion irradiation data on
vanadium reveals the effects of helium generation and cascade-induced interstitial and vacancy
clusters on microstructure evolution. The model includes rate equations for clustering of helium
bubbles, immobile vacancy clusters, glissile interstitial clusters, sessile dislocation loops, as well
as bubbles on precipitates and in grain boundaries. It is shown that helium transport to
dislocations, bubbles and grain boundaries is strongly transient because of coupling between
the nucleation and growth modes of bubble evolution. Helium agglomeration in vacancy
clusters is shown to reduce the excess vacancy flux for growing matrix and precipitate-affixed
bubbles. The direct formation of vacancy and interstitial clusters leads to enhanced nucleation
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of matrix bubbles, and a corresponding reduction of their growth rate. In addition to the
dislocation and production bias mechanisms, a new mechanism of “helium nucleation bias” is
shown to exist under high helium generation rates, and to lead to reasonable agreement with
experiments. The present model for the evolution of bubble, dislocation and defect
microstructure in irradiated vanadium reveals the delicate balance between rate processes,
which control the speed of microstructure evolution. It is clear that bubble nucleation in
irradiated vanadium under conditions of high helium generation rates evolves on a long time
scale. Strong coupling between the nucleation and growth phases of the microstructure is
achieved under these conditions. The presence of helium as additional specie to intrinsic point
defects results in a reduction in the concentration of freely migrating vacancies. The growth rate
of nucleated bubbles is thus reduced by this form of natural bias dictated by the presence of
helium. Comparison with ion irradiation data shows the necessity to include the direct formation
of ClC’s in rate theory models, and the need to couple both nucleation and growth phenomena.
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CLUSTERING THEORY OF ATOMIC DEFECTS – N. M. Ghoniem (University of California
at Los Angeles)

Journal: Radiation Effects and Defects in Solids, 148: 269-318(1999)

Extended Abstract

Clustering of atomic defects leads to changes in the microstructure of materials, and hence
induces drastic variations in their properties. In many technical fields, the role of defect
clustering is very significant, and is sometimes limiting to further progress. We present here a
comprehensive review of the theory of atomic defect clustering under non-equilibrium
conditions, particularly encountered during irradiation of materials with energetic particles, as
well as during material processing by energetic sources. These conditions are met in a wide
range of technical applications, ranging from nuclear and fusion energy to microelectronics and
surface engineering. We first present a generaI stochastic framework for the evolution of atomic
clusters, and show how this can be described within the context of death-and-birth processes.
This leads to the well-known master equation for microscopic atomic clusters. In the limiting case
of a Poissonian process for the transition probabilities between cluster sizes, the master
equation tends, in the macroscopic limit to the mean field approximation embodied by the theory
of rate processes. When atomic clusters grow or shrink by the absorption of single atomic
defects, a continuum Fokker-Planck approximation can be derived. Within this approximation,
the evolution of interstitial loops, voids, bubbles, and general clusters of complex phases is
presented, and in some cases, good agreement with experiments is obtained. It is shown that
because of coalescence reactions, the evolution of surface atomic clusters during atom
deposition processes is best described by kinetic moment equations, directly derived from rate
equations. It is shown that breaking the symmetry of space or time leads to drastic variations in
the size and space distributions of defect clusters. Examples are given for pulsed irradiation
conditions, where it is shown that non-linear rate processes enhance cluster formation during on
time, and could lead to their dissolution during the off time at high temperature. On the other
hand, fluctuations are shown to result in instabilities and spatial self-organization of defect
clusters. Description of pattern formation during irradiation, such as void and interstitial loop
lattices, is very well described by a Ginzburg-Landau type equation, reminiscent of phase
transitions under thermodynamic equilibrium conditions.

The theory of defect clustering under non-equilibrium conditions is deeply rooted in statistical
physics, and is shown to bear fruitful results for the study of a variety of interesting physical
phenomena. Starting from basic understanding of stochastic fluctuations in defect fields, it is
shown that one can formulate master equations at the microscopic or atomic level. These
equations can be treated in a more macroscopic sense by equivalent rate equations, in the limit
of Poisson probability distributions for transitions between states. Under irradiation, diffusion in
the bulk of large defect clusters is slow, and the transitions between states are shown to be just
between nearest neighbors. A useful approximation is obtained, which is shown to be the
Fokker-Planck continuum theory. Several solution methods have been presented for a hybrid
scheme that links the rate equations with the continuum F-P equation. The method of moments
is particularly useful, because it is relatively simpler than other numerical methods. In addition,
the method allows for direct comparison with experiments on the evolution of the size
distribution of defect clusters. The theory is shown to be successful in explaining experimental
observations on size distributions of interstitial loops under irradiation. The influence of collision
cascades is shown to be important, and results in increased dispersion of the size distribution
probability function.
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The evolution of vacancy and interstitial clusters is shown to proceed on two different time
scales. While interstitial clusters form very rapidly, the time scale for the formation of vacancy
clusters is many orders of magnitude longer, mainly reflecting the magnitude of the respective
time constants of interstitials and vacancies. Good agreement is obtained with experimental data
on irradiated materials for the main parameters of the interstitial loop populations. The present
theory is also applied to the more complex conditions of void and bubble formation in irradiated
materials. It is shown that the deviation of the helium bubbles in neutron irradiated materials form
their equilibrium conditions is primarily a result of the ratio of helium-to-displacement damage
rates. Under the conditions of a low ratio (i.e. EBR-11), most helium bubbles can be regarded as
voids. On the other hand, for higher ratios, helium bubbles are somewhat over-pressurized,
particularly for small sizes.

An important feature of defect cluster formation in materials under non-equilibrium conditions is
self-organization in regular spatial patterns. When space-time symmetry is broken, non-linear
processes play a critical role in altering the microstructure. Under transient or pulsed irradiation
conditions, the density of small interstitial clusters is greatly increased, while their size
decreases, as compared to steady irradiation. On the other hand, at high enough temperatures,
small vacancy clusters may actually dissolve during the off time, and the net result is a much
smaller amount of vacancy agglomeration into voids. It has bee shown that pulsed irradiation at
sufficiently high temperatures can lead to a smaller amount of swelling, as compared to steady
irradiation. Spatial fluctuations in the concentrations of point defects are shown to result in non-
linear coupling with the relatively immobile features of the microstructure. Gradients, which
develop in the concentrations of mobile point defects, result in self-organization of vacancy and
interstitial defect clusters. One important ingredient which seems to be sufficient, even though
not necessary, and which leads to spatial self-organization is the preferential production or
absorption bias of freely migrating interstitial. The direct production of vacancy clusters in
collision cascades, coupled with diffusion-reaction of mobile point defects lead to spatial
instabilities. The emerging wavelength of the organized microstructure decreases with
increasing the dislocation network density, cascade collapse efficiency, and displacement
damage rate. These predictions are in accord with experimental observations. It is also shown
that a small degree of diffusion anisotropy of interstitial atoms results in alignment of the
organized microstructure along crystallographic directions, as observed experimentally.
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FAST SUM METHOD FOR THE ELASTIC FIELD OF 3-D DISLOCATION
ENSEMBLES – N. M. Ghoniem and L. Sun (University of California at Los Angeles)

Journal: Phys. Rev. B, 60(1 ): 128-140(1999)

Extended Abstract

Because the internal geometry of deforming crystals is very complex, a physically based
description of plastic deformation can be very challenging. The topological complexity is
manifest in the existence of dislocation structures within otherwise perfect atomic arrangements.
Dislocation loops delineate regions where large atomic displacements are encountered. As a
result, long-range elastic fields are set up in response to such large, localized atomic
displacements. As the external load is maintained, the material deforms plastically by generating
more dislocations. Thus, microscopically observed plastic deformation is a consequence of
dislocation generation and motion. A closer examination of atomic positions associated with
dislocations shows that large displacements are confined only to a small region around the
dislocation line (i.e. the dislocation core). The majority of the displacement field can be
conveniently described as elastic deformation. Even though one utilizes the concept of
dislocation distributions to account for large displacements close to dislocation lines, a physically
based plasticity theory can paradoxically be based on the theory of elasticity!

Recently, a surge in interest towards understanding the physical nature of plastic deformation
has developed. This interest is motivated by the extensive experimental evidence, which shows
that the distribution of plastic strain in materials is fundamentally heterogeneous. Because of the
complexity of dislocation arrangements in materials during plastic deformation, an approach,
which is based on direct numerical simulations for the motion and interactions between
dislocations is now being vigorously pursued. The study of dislocation configurations at short-
range can be quite complex, because of large deformations and reconfiguration of dislocation
lines during their interaction. Thus, adaptive gridding methods and more refined treatments of
self-forces have been found to be necessary. In some special cases, however, simpler
topological configurations are encountered. For example, long straight dislocation segments
are experimentally observed in materials with high Peierel’s potential barriers (e.g. covalent
materials), or when large mobility differences between screw and edge components exist (e.g.
some BCC crystals at low temperature). Under conditions conducive to glide of small prismatic
loops on glide cylinders or the uniform expansion of nearly circular loops, changes in the loop
shape is nearly minimal during its motion. It is therefore advantageous to reduce the number of
interacting segments within a given computer simulation, or to develop more efficient
approaches to computations of the long range field.

In this work, we aim at enhancing the current computational efforts on 3-D Dislocation Dynamics
(DD). We present here a new numerical method for determination of a key ingredient in DD
computer simulations; that is the elastic field of topologically complex dislocation ensembles.
The main impetus for the present work is the need to describe the complex 3-D topology of
dislocation loops in the most flexible way. A wide spectrum of dislocation line deformations,
ranging from highly curved to rigid body translations arises within the same computational
simulation. Existing methods are based on differential equations of motion for straight
segments, where the elastic field variables affecting segment motion are computed at its center.
When each segment moves under the influence of the stress field, the connectivity of the
segments must be re-established, resulting in a number of possible complications. Thus, the
motivation behind the current work can be stated as follows:



221

To reduce the computational burden by providing a high degree of flexibility in the selection of
both length and shape of a dislocation segment.
To avoid numerical problems arising from singularities at intersecting straight segments.
To calculate the self-force on dislocation segments with a high degree of accuracy.
To provide a flexible tool which sheds more light on the physics of close-range interactions
involving in-plane high curvature variations.
To effectively deal with the physics of climb and cross-slip, which require out-of-plane dislocation
line curvature.

The fast sum method, which is based on a combination of dislocation loop geometry
parameterization, and numerical quadrature integration along parameterized curves, is shown to
be computationally feasible and highly accurate. All calculations involve simple algebraic
operations, which can be systematically carried out by straightforward computer programming.
Although we used FORTRAN-90to implementthe results of calculations,even spreadsheets
on personal computers can be effectively utilized. The method is as efficient as analytical
solutions, especially because of the index structure associated with tensor notation (i.e. the use
of DO loops). However, because analytical solutions are available only for a limited number of
special cases, the present approach can be used for calculations involving complex loop
geometry. The present method is primarily intended for applications in Dislocation Dynamics
computer simulations, where the need for accuracy is critical in close-range dislocation
encounters. Moreover, one may consider the present method as an extension of the FEM
technique in continuum mechanics. A variety of parameterized elements can thus be chosen (
in much the same way as in the FEM approach) to handle special dislocation deformation
problems. The method may also be exploited in crack problems, where dislocation distributions
can be used to represent complex crack surfaces.

To handle the effects of free crystal surfaces on the redistribution of the elastic field inside the
crystal, and hence on computed Peach-Kohler forces, the superposition method of Cleveringa
et. al. is extended to 3-D applications. While only 2-D problems have been solved so far by their
method, we show that 3-D problems can also be successfully implemented. However, the
simple problem shown here required almost 10,000 elements, with an associated large number
of degrees of freedom. Other methods (e.g. the Boundary Integral (Bl) method) may be more
appropriate for 3-D computer simulations, since the stress field should be updated very
frequently during Dislocation Dynamics computer simulations.
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DISLOCATION DECORATION WITH NANO-SCALE DEFECT CLUSTERS IN
IRRADIATED METALS – N.M. Ghoniem, B. N. Singh, L. Z. Sun, and T. Diaz de la Rubia
(University of California at Los Angeles)

Journal: J. NrJc/. Mater, 276 (2000) 166-177

Extended Abstract

Accumulation of nano-size prismatic defect clusters near slip-dislocations results from their
mutual elastic interaction. We present here 3-D isotropic elasticity calculations for the interaction
energy between radiation-induced nano-size prismatic loops and grown-in dislocation loops.
The current treatment extends the work of Trinkaus, Singh and Foreman in two respects. First, a
computational method for a full 3-D analysis of interaction energies in BCC Fe and FCC Cu is
developed. Second, the theoretical method of Kroupa is co.mputationally implemented for
rigorous calculations of force, torque and induced surface energy on defect clusters. It is shown
that small clusters are trapped within a zone of -10 r?rn in BCC Fe, and -20 nrn in FCC Cu at room
temperature, in rough agreement with experimental observations. Clusters can be absorbed in
the core of grown-in dislocations because of unbalanced moments, which provide sufficient
energy for rotation of their Burgers vectors in a zone of 2-3 nm in Fe. Near the dislocation core
(within a few nanometers), sessile defect clusters in Cu are shown to convert to a glissile
configuration.

The present study reveals new features of defect cluster interaction with slip dislocations, and is
thus complementary to the original work of Trinkaus, Singh and Foreman. The interaction
between nano-size defect clusters and slip loops is shown to be highly orientation dependent,
unlike the situation with point defects represented as centers of dilatation in calculations of
dislocation bias factors. The size of the elastic capture zone is primarily determined by the
interaction between the edge components of slip loops, and is not very sensitive to cluster-
cluster interaction. Calculated trapping zone sizes are in reasonable agreement with
experimental observations. In BCC crystals, unique interaction energy iso-surfaces for only four
independent cluster orientations have been identified. These correspond to clusters with

Burgers vectors of the type: <111> < j 11> <771>, and <iii. Since cluster mobility is

constrained by their glide cylinders, the elastic field of slip dislocations can only trap them, if their
glide cylinders intersect with energy iso-sutfaces whose level is more attractive than cluster
thermal energy. Because of this directed motion in BCC crystals, clusters will tend to accumulate
just below and above the slip plane, depending on their Burgers vector orientation, and on the
character of the adjacent dislocation segment. Maximum cluster trapping is shown to occur near
the edge component of a slip loop, while the trapping zone size decreases to zero near purely
screw components. It is therefore expected that upon mechanical loading, edge components
will be held up by clusters, while screw components will be free to move on the slip plane by
glide and out of the plane by cross-slip.

It is also shown that clusters, which are very near dislocation cores (within -3 mm) can be
absorbed into the core by rotation of their Burgers vector as a result of unbalanced torque
exerted on them by slip dislocations. If such clusters change the direction of their Burgers
vector, they will move toward the dislocation core, and thus will possibly get absorbed. The
dynamics of this final step can be ascertained by Molecular Dynamics (MD) atomistic studies of
cluster incorporation into the dislocation core. The distance over which this scenario of cluster
incorporation is estimated by the present method to be on the order of -3 mn for Fe at room
temperature. Estimates for the size of the trapping and absorption zones are uncertain, because
of the limitations of the model. It is not clear if there are significant effects of elastic anisotropy,
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and large deformation close to the dislocation core, on the present results, which are obtained
by linear isotropic elasticity. More accurate atomistic simulations may shed light on the inherent
limitations of our model. It appears that the initiation of a dislocation channel on the slip plane is
associated with the stress required for the dislocation to overcome the collective elastic potential
of trapped clusters. This possibility is rather high in BCC crystals, and is a consequence of the
high mobility of irradiation defect clusters. It remains to be seen, however, whether the plastic
instability is initiated by “abso@~on” of small defect clusters, once they rotate their Burgers
vector toward the dislocation core, or is a result of the leading dislocation “sweeping”these small
clusters. The answer to this question may require dedicated experiments, as well as dynamical
computer simulations. Both Molecular Dynamics (e.g. Ref. 20), and Dislocation Dynamics may be
required to resolve this question. In either scenario, the type of radiation hardening appears to
be of a “Cottrell” nature, similar to hardening by impurii clouds in alloys. This in contrast to
hardening by dislocations cutting through dispersed barriers on the glide plane in the normal
Orowan mechanism. Several features of cluster-dislocation interactions in FCC crystals are
differentiated from the conclusions on BCC crystals. Small prismatic defect clusters in FCC
crystals are sessile, because of the low stacking fault energy. They immediately dissociate into
Schockley partial dislocations, with out-of-plane Burgers vector, rendering them sessile.
However, we have shown that an “induced surface tension” is provided if clusters are nucleated
near dislocation-cores, or even if moving dislocations interact with them, thus altering the energy
balance for their dissociation into partials. In either one of these two possibilities, dissociated,
sessile clusters in FCC crystals may be converted to a glissile configuration. If these conditions
were satisfied, it would potentially lead to the initiation of a plastic instability and the formation of
clear channels. These scenarios remain tentative at present and need further analysis.
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PARAMETRIC DISLOCATION DYNAMICS: A THERMODYNAMICS-BASED
APPROACH TO INVESTIGATIONS OF MESOSCOPIC PLASTIC DEFORMATION
- N.M. Ghoniem, S.-H. Tong, and L. Z. Sun (University of California at Los Angeles)

Journal: Phys. Rev. B, 61(2) (2000).913-927

Extended Abstract

A thermodynamics-based variational method is developed and used to establish the equations
of motion of three-dimensional (3-D) interacting dislocation loops. A fast sum method for the
elastic field of dislocation ensembles is utilized to determine forces acting on generalized
coordinates of arbitrarily curved loop segments. Each dislocation segment is represented as a
parametric space curve of specified smooth shape functions and Degrees of Freedom (DF)
associated with beginning and end nodes. Kinetic equations for the generalized coordinates
describing dislocation motion are derived for computer simulation of mesoscopic plastic
deformation of materials. For general climb/giide 3-D motion of a curved dislocation segment, we
show that N~~{(j)=3n, where n=l for lineafi n=2 for cubic; and n=3 for quintic parametric splines,
respectively. it is also shown that the position P, tangent T, and normal N vectors at segment
nodes are sufficient to describe generaI 3-D motion. For constrained glide motion, however, we
also show that only two degrees of freedom are adequate for determination of dislocation loop
profiles, including crystal structure constraints. A number of examples are given to illustrate the
following features of the method: (1) adaptive node generation on interacting segments, (2)
variable time-step determination for integration of the equations of motion, (3) dislocation
generation by the Frank-Read mechanism in fee, bcc and sc ctystals, (4) loop-loop deformation
and interaction, (5) formation of dislocation junctions, and (6) dislocation microstructure
evolution.

A fundamental description of plastic deformation is now actively. pursued, where dislocations
play a key role as basic elements of material plasticity. Although continuum plasticity models are
extensively used in engineering practice, their validity is limited to the underlying data base. The
reliability of continuum plasticity descriptions is dependent on the accuracy of the experimental
data. Under complex loading situations, however, the database is often hard to establish.
Moreover, the lack of a characteristic length scale in continuum plasticity makes it difficult to
predict the occurrence of critical localized deformation zones. Although homogenization
methods have played a significant role in determining the elastic properties of new materials from
their constituents (e.g. composite materials), the same methods have failed to describe
plasticity. It is widely appreciated that plastic strain is fundamentally heterogeneous, displaying
high strains concentrated in small material volumes, with virtually undeformed regions in-
between. Experimental observations consistently show that plastic deformation is internally
heterogeneous at a number of length-scales. Depending on the deformation mode,
heterogeneous dislocation structures appear with definitive wavelengths. It is common to
observe Persistent Slip Bands (PSB’S), shear bands, dislocation pile ups, dislocation cells and
sub grains. However, a satisfactory description of realistic dislocation patterning and strain
localization has been rather elusive. A relatively recent approach to investigating the
fundamental aspects of plastic deformation is based on direct numerical simulation of the
interaction and motion of dislocations. This approach, which is commonly known as Dislocation
Dynamics (DD), was first introduced for 2-D straight, infinitely long dislocation distributions, and
then later for complex 3-D microstructure. Dislocation loops in DD computer simulations are
treated as dynamical systems, which can be described by the time dependence of specified
coordinates. In this work, we describe the equations of motion for generalized coordinates in
much the same way as in Lagrangian mechanics. Regardless of the dislocation loop shape
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complexity, we will develop an integral equation of motion for each curved segment within the
loop; such that only relationships between global thermodynamic variables are obeyed. For
concreteness, we focus the current approach on dislocation line representation by parametric
dislocation segments, similar to the Finite Element Method (FEM). Thus, the equations of
motion for the transport of atoms within the dislocation core should be consistent with the
thermodynamics of irreversibility. A challenging prospect in such a description is the enormous
topological complexity of materials containing dislocations. Dislocation lines assume complex
shapes, particularly during heavy deformation and at high temperatures where they execute
truly 3-D motion as a result of combined glide and climb forces. These dislocations can be highly
curved because of their strong mutual interactions, externally applied stress fields, as well as
other thermodynamic forces. It is apparent that whenever large curvature variations are
expected, the accuracy of computing the dynamic shape of dislocation loops becomes critical.
Many applications of the present method are feasible, especially in areas where continuum
descriptions of plastic deformation fall short. One such application is the simulation of the onset
of plastic instabilities and the formation of dislocation channels in irradiated materials. It is
concluded that the present method offers a number of potential advantages:

A natural description of dislocation loop geomet~ that is not determined by an underlying
computational mesh, and which is able to conform to physical constraints imposed by the crystal
structure.

Avoidance of numerical divergence problems for very short straight segments, and the loss of
accuracy on long segments.

High resolution of short-range reactions in-between curved dislocation segments.
Flexibility in mixing segment types during the same computation, thus leading to a reduction in
the overall computational burden.

Compatibility with the standard Finite Element Method, which may lead to direct coupling with
the computational methods of continuum mechanics.
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INVESTIGATIONS OF RADIATION HARDENING AND PLASTIC INSTABILITY IN
FCC METALS - N.M. Ghoniem, L. Z. Sun, B.N. Singh, and S.- H. Tong (University of California
at Los Angeles)

Journal: Phi/. Msg., submitted, (1999)

Extended Abstract

A sudden transition of state from homogeneous plasticity to a mode of localized deformation is
observed in many irradiated and unirradiated materials. This transition is considered to be a
consequence of dislocation pinning with nano-scale barriers, such as solute atom atmospheres
in unirradiated materials, or defect clusters in irradiated materials. The mechanism of flow
localization and post-yield sotlening is investigated using a computational model of Dislocation
Dynamics (DD). Radiation hardening and the onset of plastic instability in FCC metals, irradiated
at temperatures below the recovery stage V, are analyzed in terms of three sequential pre-
requisites:

trapping of mobile defect clusters during irradiation, leading to dislocation decoration and
pinning;
post-irradiation activation of dislocation sources at regions of high stress concentration, such as
grain boundaries, surface irregularities or inclusion interfaces;
penetration of activated dislocations through a system of defect barriers, destroying their
resistance to subsequent dislocation glide.

A necessary condition for flow localization is a sudden release of large numbers of dislocations,
which leads to a negative work hardening rate associated with defect cluster destruction. It is
shown that irradiation-induced defect clusters in Cu are highly resistive to dislocation motion. At
room temperature, stress concentration appears to be required for initiating plastic instability in
copper at neutron fluence 10-3 dpa. It is also shown that the most likely orientations for
dislocation channels are along slip directions of maximum Schmidt factors.

Most experiments on radiation hardening have been fitted to this simple form, showing that the

increase in the yield strength scales as F t where @t is the fast neutron fluence. In this scaling,

the obstacles are all produced from collision cascades, and are approximately of the same size.
Fitting to experimental data on irradiated metals has been used to determine the parameter a as
an indication of the interaction mechanism (i.e. obstacle strength). It is found that a-O.l for
irradiated Pd, and for irradiated Cu. Unfortunately, there appears to be a f/uence dependence of
a in the case of Cu, irradiated by 14 MeV neutrons, starting from a very low value of a-O.04 at
qt= 1020n/m2 to a higher value of a-O.2 at qt z 2 xl 02’ n/m 2. An apparent abrupt change in the
value of a occurs around a fluence of @ -6-8 xl 020n/m2. Furthermore, a different hardening
rate was observed when Cu single crystal measurements were compared with polycrystalline
results. Kojima, Zinkle and Heinisch (1991) observed that the low fluence dependence does

not scale with F t , and that there appears to be a mechanistic difference between low and high

fluence results. Because of the difficulties in ascribing a single hardening mechanism, the
experimental data of Mitchell (1978) were re-interpreted by Kojima, Zinkle and Heinisch (1991).

The yield stress was linearly fitted with ~, and shown to have a negative intercept of - (-22

MPa) at the origin. This was attributed to the Hall-Petch effect of grain boundaries in
polyc~alline Cu, which is absent in single crystals. The obstacle strength parameter a obtained
this way is -0.23, which was concluded to be much smaller than the value proposed by Makin
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(1968). If the Pd data of Baluc, Dai and Victoria are fitted in the same manner, without being
forced to go through the origin, a positive intercept at the origin of - (+20 MPa) is obtained, in
contrast with the analysis of Kojima, Zinkle and Heinisch (1991 ).

The objective of the present study is to assess the mechanisms responsible for the occurrence
of plastic instability in irradiated FCC metals. In particular, we apply a new model of 3-D
dislocation dynamics to analyze the interaction of slip dislocation loops with ~t both} coplanar
and non-coplanar defect clusters in irradiated Cu. The investigation is aimed at explaining the
specific mechanisms responsible for hardening in FCC metals and the origin of subsequent
softening beyond the upper yield point. The present model extends the concept of CISH by
providing detailed and quantitative determination of the increase in the yield stress of Cu under
irradiation. We also introduce a new mechanism of post-yield softening, which was not
considered in the original CLSH model. The results of the present calculations are compared
with the experimental data of irradiated copper (Singh, Edwards & Toft 1996), to show that the
post-irradiation deformation behavior is controlled by the operation of a small number of
dislocation sources that are highly stressed. This view is different from conventional hardening
models which assume that @all dislocation sources} will operate at the yield point. The physical
basis for the onset of plastic instability is discussed next, while we briefly outline our
computational method for the simulation of mesoscopic plastic deformation of materials. Since
dislocation generation and interaction with other defects dictate the initiation of plastic instability
in irradiated materials, we give results of calculations for interaction energetic. Computer
simulations for unlocking of slip dislocation loops, opposed by the long-range elastic field of
random defect clusters are provided. Slip dislocations also interact with SITS and sessile
dislocation loops on their glide plane.

Under irradiation, dislocation loops in copper attract and trap nano-size glissile interstitial
clusters. The size of the elastic capture zone is primarily determined by the interaction between
the edge components of slip loops. Calculated trapping zone sizes at room temperature are 18
nm. Clusters which are produced closer than a distance of -3-9 nm from the dislocation core are
absorbed, either because of a high torque on their habit plane or by unfaulting of small Frank
loops. It is shown that dislocations will be decorated with small defect clusters, which are
trapped in their stress field, and are situated at a minimum stand-off distance. Thus, a natural
length scale is realized before samples are subjected to a stress state during subsequent post-
irradiation mechanical testing. The density of clusters in the immediate vicinity of locked
dislocations is thus well above the background random density in the matrix. Our analysis of the
required CRSS to unlock dislocations from an atmosphere of cluster density 1024 m-3 shows that
it is on the order of 200 MPa in Cu at RT. This is similar to the value calculated analytically by
Singh et al. (1997) and Trinkaus et al. (1997b). It is concluded, therefore, that a higher CRSS is
required to unlock dislocations from their cluster atmospheres. Since the measured value of the
tensile stress increase because of neutron radiation is 250$ MPa at RT, it is concluded that the
initiation of plastic flow within dislocation channels will most likely occur near regions of stress
concentrations. Even if a particular slip orientation with a Schmidt factor near 0.5 were selected
within the crystal, the operating shear stress would still exceed the applied value. It is also
possible that dislocations, which are not heavily decorated, will unlock from their defect
atmosphere first without the necessity of a stress concentration. However, if a region in the
crystal is near a stress raiser (e.g. precipitate, grain boundary, triple point junction, or surface
irregularity), it is most likely that this site will yield first, and will result in flow localization. The
directions of slip in localized flow regions are selected along the maximum possible values of the
local Schmidt factor. Beyond the upper yield point, dislocation sources will operate by
developing segments on the glide plane, which negotiate their way through a field of co-planar
obstacles. Nevertheless, it is shown that the required CRSS in this case is less than that for
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unlocking the dislocation from its surrounding cluster atmosphere. Once the first loop destroys
opposing co-planar obstacles on the glide plane, emission of subsequent F-R loops becomes
easy. The stress required for continuing the operation of the F-R source is determined by the
normal forest hardening, and/or graining boundary pileup mechanisms, which generally require
a smaller value of the CRSS.
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3-D DISLOCATION DYNAMICS STUDY OF PLASTIC INSTABILITY IN
IRRADIATED COPPER – L. Sun, N.M. Ghoniem, and B.N. Singh (University of California at
Los Angeles)

Journal: J. /Vuc/. /Water, Paper presented at ICFRM-9, Colorado Springs, Colorado, 1999

Extended Abstract

Experimental results consistently show that neutron irradiation of metals and alloys at
temperatures below recovery stage V causes substantial increase in the upper yield stress and
induces yield drop and plastic instability. Commonly, irradiated metals exhibit yield drop
(following the upper yield point), do not show any wofk hardening and in many cases even show
work softening. This specific type of plastic flow localization is considered to be one of many
possibilities of plastic instabilities treated in the literature. At the upper yield point, plastic

. deformation is likely to be initiated in a localized fashion at sites acting as dislocation sources in
the form of slip bands. These sites could be the locked dislocations themselves, or where the
applied stress is intensified (e.g. grain boundaries, inclusions, triple points, etc.). It is important
to recognize that when dislocation sources become operative initiating plastic deformation in a
localized fashion, the whole specimen is strained at a very high level of applied stress. High
velocity dislocations thus generated at sources may cut through sotl and incoherent
precipitates, or destroy previously built-up dislocation structures, causing softenjng in the active
slip plane. Following neutron irradiation, the yield drop is observed to occur in pure FCC, BCC
and HCP metals and alloys, provided that they are irradiated and tested at temperatures below
recovery stage V. Recently, it has been proposed that the phenomenon of yield drop is caused
by decoration of grown-in dislocations by small clusters or loops of Self-Interstitial Atoms (SIAS)
produced in displacement cascades. Consequently, dislocations are immobilized, in a manner
similar to that in the case of dislocations with an “atmosphere” of impurities or solute atoms in un-
irradiated iron or CU-30Y0 Zn alloy. It has been shown that the decoration of dislocations by small
SIA clusters is likely to occur, but only under cascade damage conditions where small glissile
clusters are produced in displacement cascades. Investigations of post-deformation
microstructure of irradiated metals and alloys have provided evidence for the formation of
“cleared” channels. Virtually, all plastic deformation seems to occur in these channels
representing only a small fraction of the specimens’ volume. In the volume between these
channels no dislocations are created during deformation. Once fresh dislocations are
generated, they move very fast on their glide planes and cut, absorb or sweep irradiation-
induced defect clusters and loops present on the glide plane. Consequently, cleared channels
become almost defect free and thereby soft material for dislocation transport. This reinforces
plastic strain localization and induces instability in plastic flow. “

The onset of plastic instability in neutron-irradiated copper is investigated. Small prismatic defect
clusters produced directly from collision cascades are trapped in the stress field of slip
dislocations. Mobile prismatic clusters are absorbed in the dislocation core, when they approach
within -6 nm as a result of torque-induced changes in their Burgers vector. Sessile vacancy
clusters are also absorbed within this “stand-off” distance because of an induced surface
tension on their stacking fault. The interaction between non-coplanar prismatic defect clusters
and slip dislocations is shown to provide significant resistance to plastic deformation in irradiated
copper. Coplanar sessile stacking fault tetrahedral and/or interstitial loops can additionally resist
dislocation motion by localized forces on the glide plane before they are absorbed by activated
dislocation sources. The comparison of the present results with experimentally measured yield
stress of neutron-irradiated copper suggests that the plastic instability is most likely to be
initiated at sites of stress concentrations.
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Under irradiation, dislocation loops in copper are shown to attract small defect clusters. The size
of the elastic capture zone is primarily determined by the interaction between the edge
components of slip loops. At room temperature, calculated trapping zone sizes are on the order
of 18 nm. Clusters which are produced closer than a “stand-off distance of -6 mn from the
dislocation core are absorbed, either due to a high torque on their habit plane or due to
unfaulting of small Frank loops. Recent MD calculations confirm that isotropic elasticity estimates
for interaction energies are valid to within a few nrn from the dislocation core. The flow shear
stress required to unlock and push decorated dislocations on the glide plane is estimated to be
above -200-250 MPa for the passage of the first dislocation loop at the saturation level of
hardening (i.e. doses Id dpa). This value is determined from elastic calculations for the
interaction forces between the dislocation and defect clusters, and is somewhat lower than the
estimates given in. The basic difference is in using somewhat lower values for average inter-
cluster spacing and the standoff distance in. Most of the contributions to the resistive motion of
slip dislocations are produced from nearby clusters close to the “stand-off” distance from the
dislocation core. Once the dislocation is unlocked from its immediate surrounding clusters, it
propagates on the slip plane by interaction and absorption of prismatic loops and Si3’s.
Beyond the upper yield point, the required shear stress is smaller, on the order of -185 MPa.
Since the experimentally measured tensile hardening value is about 250 MPa (with a maximum
CRSS value of 125 MPa), we conclude that the initiation of flow instability is triggered by a stress
concentration within the crystal. Even if a particular slip orientation with a Schmidt factor near 0.5
were selected within the crystal, the operating shear stress would still exceed the applied shear
stress component by almost a factor of -2. The current results predict that the orientations of
flow localization are determined by the maximum possible value of the Schmidt factor, and that
flow localization is most likely to occur in a region of stress concentration, such as an internal
interface, inhomogeniety or an external surface. These results clearly demonstrate that while
calculating the resistance to dislocation motion, the influence of both coplanar and non-coplanar
loops and SHs must be considered. Consideration of only coplanar obstacles underestimates
the magnitude of radiation hardening, and does not account for the occurrence of the plastic
instability.

FUTURE DIRECTIONS

Future research efforts will be directed towards computer modeling of various physical
mechanisms that control flow localization and plastic instabilities in irradiated materials. We also
plan to pursue the development and application of a comprehensive microstructure evolution,
rate theory model, which accounts for the effects of helium and alloying elements.
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9.0 DOSIMETRY, DAMAGE PARAMETERS,
AND ACTIVATION CALCULATIONS
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STATISTICAL ANALYSIS OF A LIBRARY OF MOLECULAR DYNAMICS CASCADE
SIMULATIONS IN IRON AT 100 K – R. E. Stoner (Oak Ridge National Laboratory) and
A. F. Calder (University of Liverpool)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

An extensive database of atomic displacement cascades in iron has been developed using
molecular dynamics simulations. Simulations have been carried out at temperatures of 100, 600,
and 900K, and at energies between 0.10 and 50 keV. The results presented here focus on the
simulations conducted at 100K. A sufficient number of cascades have been completed under each
condition .of cascade energy and temperature to obtain statistically significant average values for the
primary damage production parameters. The cascade database is summarized in Table 1. This
statistical analysis has been used to examine the influence of primary knockon direction, simulation
cell size, periodic boundary conditions, and lattice heating by the high-energy recoil.

The 100K cascade database can be used to at least partially answer several questions regarding
MD cascade simulations. These questions include: what is the effect of PKA direction, how many
simulations are required to obtain meaningful average quantities for a given condition, how
significant is the effect of periodic boundaty conditions, and what is the impact of lattice heating
due to the PKA energy input? The first two questions are related, since more simulations are
required at energies where the effect of PKA direction is strong. Although the validity of these
answers have only been demonstrated for the particular iron potential employed in this work, they
should provide useful guidance to investigations of primary damage formation in other materials.
A more detailed analysis of these results will be published when a set of 100 keV cascades has
been completed and the 600 and 900K simulations have been fully analyzed.

Table 1. Summary of iron cascade database at 10OK
Summary of iron cascade database at lOOK

MD cascade NRT Number of multiple of standard error to
energy (keV) displacements simulations* obtain indicated confidence

level:

90Y0 $)5%

0.1 1 40 1.685 2.023

0.2 2 32 1.696 2.040

0.3 3 104 1.660 1.983

0.5 5 20 1.729 2.093

1.0 10 12 1.795 2.201

2.0 20 10 1.833 2.262

5.0 50 9 1.860 2.306

10.0 100 15 1.761 2.145

20.0 200 10 1.833 2.262

30.0 300 10 1.833 2.262

40.0 400 8 1.895 2.365

50.0 500 9 1.860 P.306

* more simulations have been completed, this is the number used in the average
values shown in Figure 1
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The data indicate that some dependence on PKA direction persists up about 1 keV. For the PKA
directions used in this work, the maximum difference in defect survival occurred when comparing
the [135] and [114] directions. The difference between the [135] and [114] averages are
statistically significant at the 95% confidence level for the 0.3 keV simulations, but not at higher
energies. For example, although the [1 14] defect survival was 15’% higher than [135] at 2 keV,
this difference is not statistically significant at the lower 90?4.confidence level. These results
suggest the necessity of conducting low-energy simulations in a variety of high and low index
directions to characterize defect survival before choosing a single direction for high energy
simulations. It is interesting to note that the PKA directions that gave higher than average survival
were not necessarily directions with a low displacement threshold. Interstitial clustering appears to
be somewhat less sensitive to PKA direction than does defect survival.

Using 40 simulations and 12 PKA directions yielded a standard error that was 6% of the average
defect survival at 100 eV. A similar value of 8.7’% was obtained from the initial 16 simulations and
12 directions at 300 eV. At higher energies, there is a trend supporting the need for fewer
simulations, e.g. the ratio of standard error to average value is 6.5% with 12 simulations at 1 keV,
less than 5% with 10 simulations at 20 and 30 keV and as small as 2.57. with 9 simulations at
50 keV.

An evaluation of the effect of periodic boundary conditions can be made based on these results.
At both 0.5 and 1.0 keV, a set of simulations was carried out in which the PKA was chosen to
ensure that the cascade spilled through one face of the simulation cell and reentered the
opposing face. The defect survival fraction and the interstitial clustering fraction were not affected.
The same result was obtained when 10 keV simulations carried out in 128,000 and 250,000 atom
simulation cells were compared. Simulations in the smaller atom block spilled through the periodic
boundary in most cases, but the primary damage parameters were not significantly affected. This
result holds as long as the recoils that exit and reenter the block do not travel far enough to
encounter the cascade region.

A comparison of 0.3 and 10 keV simulations using different atom blocks sizes to reduce heating
did not reveal a significant effect. Defect survival is unchanged, while interstitial clustering is
slightly greater in the cooler block at 0.3 keV and slightly lower in the cooler block at 10 keV. The
change is not statistically significant in either case at the 907. confidence level.

Finally, the results of this analysis confirm an effect of subcascade formation that we have
previously reported. The ratio of surviving point defects to the number calculated by the NRT
displacement model passes through a minimum value at about 20 keV, and the statistical
significance of this minimum seems established. The increase above this value is reflected in the
change in slope of the defect survival curve at 20 keV in Figure 1. The reason for the increase is
still under investigation but it appears to be related to the spacing between the subcascades at
higher energies. Inspection of the cascades indicates that point defects created in regions
between subcascades have a higher probability of survival because the defect density in these
regions is relatively low, similar to low energy cascades. Such regions of higher defect survival
occur with greater frequency at the higher energies, giving rise to the greater-than-linear energy
dependence. Initial analysis of a limited number of 100 keV cascades suggests that this effect
may be saturating.
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ACCELERATED HELIUM AND HYDROGEN PRODUCTION IN ‘FE DOPED ALLOYS -
MEASUREMENTS AND CALCULATIONS FOR THE FIST EXPERIMENT - L. R.
Greenwood and B. M. Oliver (Pacific Northwest National Laboratory~, S. Ohnuki (Hokkaido
University, Japan), K. Shiba (Japan Atomic Energy Research Institute), Y. Kohno (University
of Tokyo, Japan), A. Kohyama (Kyoto University, Japan), J. P. Robertson (Oak Ridge
National Laboratory), J. W. Meadow: (Argonne National Laboratory) and D. S. Genes
(Pacific Northwest National Laboratory)

Abstract of a paper submitted to the Journal of Nuclear Materials as part of the proceedings
of the 9th International Conference on Fusion Reactor Materials, Colorado Springs,
Colorado, USA, October 10-15, 1999.

ABSTRACT

Helium analyses of natural iron samples previously irradiated in HFIR indicated a non-linear
buildup of helium suggesting accelerated helium production due to isotopic shifts between the
iron isotopes. This effect was ascribed to isotopic transmutation since the isotopic gas
production cross sections vary significantly. [n order to study these isotopic differences in
helium and hydrogen production, iron alloys enriched in ‘Fe were fabricated in Japan . The F-
82H alloy nominally consisted of 8Cr-2WVTa. ‘Fe in the alloy comprised 96% of the iron or
86% of the total alloy by weight. For comparison, similar alloys were produced both. with
natural iron and with natural iron doped with varying amounts of boron.

Helium and hydrogen measurements were performed for samples irradiated in the JP-17
and JP-22 experiments in HFIR. The results are compared to calculations using isotopic
helium production cross sections from ENDF/B-Vl or the computer code, GNASH, for the
radioactive isotope 55Fe. Neutron dosimetry results were used to determine the neutron
spectra. Helium measurements demonstrated an accelerated helium (appm)/dpa ratio of
2.3 after a 1.25-year irradiation, an increase of a factor of 4.3 over natural iron. The
accelerated helium production is due to higher helium production cross sections for ‘Fe and
55Fe. Alloys doped with 55Fe could achieve helium/dpa ratios up to about 20, well above the
fusion reactor ratio of 10. Hydrogen measurements were performed using a newly
developed quadruple mass spectrometer system at PNNL capable of detecting 5-appm
hydrogen in milligram-sized irradiated specimens. Calculations predict that hydrogen
production will be accelerated by about a factor of 13 over natural iron. However,
measurements show that most of this hydrogen is not retained in the samples.

“Pacific Northwest National Laboratoy (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1 830.
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10.0 MATERIALS ENGINEERING AND DESIGN REQUIREMENTS
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IMPACT OF TECHNOLOGY AND RADIATION EFFECTS ON LIFETIME OF THE
STRUCTURAL MATERIALS FOR ITER -V. A. Belyakov, S. A. Fabritsiev, and 1.V. Mazul
(D.V. Efremov Scientific and Research Institute of Electrophysical Apparatus), and A. F. Rowcliffe
(Oak Ridge National Laboratory)

Extended Abstract (the full paper will be published in the Journal of Nuclear Materials as

Proceedings of the Ninth International Conference on Fusion Reactor Materials, October 10-15,
1999, Colorado Springs, Colorado).

The paper presents an overview of the performance of materials such as refractor metals,
beryllium, and copper alloys, for ITER high heat flux structures. High temperature brazing, hot
isostatic pressing (HIP), friction welding, explosive bonding, and other methods were explored to
join copper alloys to316 stainless steel for first wall and limiter applications. It is concluded that the
main materials problems for the ITER heat high flux components are: (a) degradation of properties
after the manufacturing cycle (especially for Be/Cu and Cu/SS joints); (b) helium embrittlement of
Be, and Cu, and; (c) radiation-induced loss of fracture toughness for Be, W, and Cu alloys.

Although rapid progress has been achieved in these areas, it is clear that further work is required
to improve the unirradiated properties of individual materials and to further substantiate the
irradiation-performance of bonded structures for ITER applications.
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11.0 IRRADIATION FACILITIES, TEST MATRICES,
AND EXPERIMENTAL METHODS
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ENGINEERING DEVELOPMENT OF FUSION-2 EXPERIMENT FOR IRRADIATION TESTING
OF VANADIUM ALLOYS IN A LITHIUM ENVIRONMENT AT 450-750”C IN THE BOR-60
REACTOR1 -V. Kazakov, V. Chakin, V. Efimov, A. Tuktabiev, P. Gabiev (Research Institute of
Atomic Reactors), H. Tsai, T. S. Bray, D. L. Smith (Argonne National Laboratory); and A.
Rowcliffe (Oak Ridge National Laboratory)

OBJECTIVE

BOR-60 is a sodium-cooled fast reactor in Russia with a coolant inlet temperature of 300-330”C.
Previous irradiation experiments conducted in the BOR-60, EBR-11, HFIR, ATR, and SM reactors
indicate that the threshold for low-temperature embrittlement of vanadium-base alloys is =400°C.
The purpose of the proposed Fusion-2 experiment in BOR-60 is to study the effects of neutron
damage in vanadium-base alloys at temperatures -above this threshold, up to =700°C. The
objective of the present task is to develop the engineering design of the experimental assembly
based on the functional requirements of the experiment Engineering development focuses on
construction of the experimental assembly including test volumes and specimens, methods of
temperature control and measurement that are especially important for creep tube specimens,
and thermal performance of the assembly in the Research Institute of Atomic Reactors (RIAR),
where BOR-60 is located.

SUMMARY

The requirements of this task are to complete the engineering designs of irradiation capsules in
BOR-60. The specimen matrix will include sheet tensile specimens, Charpy impact specimens,
TEM disks, and pressurized creep tubes. This experiment will not include DHCE samples. To
better utilize the test volume and provide additional temperature options, it was decided to modify
the experiment from a two-capsule to a three-capsule design. All capsules will be liquid-metal-
bonded for temperature uniformity. The top two capsules with be fitted with thermocouples for
temperature measurement in early stages of the irradiation. Goal temperatures for the three
capsules will be 450, 600, and 700-750”C, with an emphasis on 600”C. A key objective of the
experiment will be to generate irradiation creep data for vanadium-base alloys, especially at the
emphasized temperature of 600”C, where thermal creep may not be dominant. To ensure correct
generation of irradiation creep data, knowledge of the temperature profile and minimal
temperature fluctuations during irradiation are important.

The three capsule design for Fusion-2 is shown in Fig. 1. A three-capsule design would permit
better utilization of the high-flux space at the core midplane and, because each capsule can
operate at a different temperature, a more diverse study of temperature effects on irradiation. By
adopting three shorter capsules, there would also be less axial power/temperature variation in
each capsule.

The proposed materials of construction for the Fusion-2 experiment are shown in Table 1. The
double-wall capsule (Item 3) would be made of austenitic stainless steel or Inconel for
compatibility with the bond sodium at elevated temperature. The subcapsules (Items 4 and 5)
containing the test specimens would be made of TZM (a Me-base alloy) for impurity control and
compatibility with the specimen lithium bond. There would be two sizes of subcapsules; those of
smaller diameter (Item 5) are sized to accommodate pressurized creep tubes.

*This work has been supported by the U.S. Department of Energy, Office of Fusion Energy Research, under
Contract W-31 -109-Eng-38.
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Thermal analysis has been conducted to determine the construction of capsules for the desired
temperatures. For performance assessment of the vanadium-base alloy for fusion applications,
we decided that the most important test temperature at this time would be 600”C. Accordingly,
the high-flux middle capsule would be allocated for this temperature. Because the lengths of the
three capsules need not be the same, the middle capsule would be slightly elongated to provide a
240% total test volume. The top and bottom capsules would be designed for 700-750 and 450”C,
respectively, and would have a smaller test volume than that of the middle capsule.
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Table 1. Materials of construction for Fusion-2 test assembly

item Test Temperature = 450,550, Test Temperature = 700°C Fill Medium
No. 600”C
1 Hex Can Hex Can He
2 Ss Ss Na
3 304 Ss Inconei He (outer)

Na(inner)
4 Mo alloy of TZM or VM-lA type Mo alloy of TZM or VM-IA type Li-7, specimens
5 Mo alloy of TZM or VM-IA type Mo alloy of TZM or VM-IA type Li-7, specimens

To monitor the specimen temperature, thermocouples will be incorporated in the top and middle
capsules in the Fusion-2 vehicle. Because only one core location (D-23) in BOR-60 permits
deployment of thermocouples, the Fusion-2 experiment would be irradiated at this location for
approximately two weeks at the onset of the experiment to establish the thermal baseline.

Steady irradiation temperature is important in testing structural materials samples. For

pressurized creep specimens, this is particularly true, because temperature fluctuation affects not
only creep properties but also internal gas pressure. Means to ensure steady irradiation
temperatures were explored.

Thermal Calculations

Thermal calculations were performed assuming three capsules in the assembly. The thermal
calculations were performed in consideration of the reactor power (55 MW), the distribution of
radiation heating in the elements, specimens and the coolant at the specimen height, radial and
axial heat transfer in the assembly, and convective heat transfer in the capsule. Thermal gas
gaps and spatial distribution of temperature were determined using helium as the gap gas.

The calculations show that without extra measures, the axial temperature variation across the
capsule can be large. Vdith the addition of mass (tungsten) into the capsule, the temperature
deviation can be significantly decreased; however, the temperature variation may still be
somewhat unsatisfactory. Various internal wall geometries were evaluated—a mukistep-shaped
profiling, a conical-multistep-shaped profiling, and a conical-multistep-shaped profiling with
additional masses. Figure 2 shows a three step profile for the top (700”C) and bo~om (450°C)
capsules and a six ste-p profile for the middle (600°C) capsule.

Outer
wall

2,44
mm

1,6
mm

1,07
mm

Inner
wall

0,42
mm

0,41
mm

0,40
mm

0,43
mm

0,47
mm

0,32
mm

0,46
mm

0,64
mm

Figure 2. Multi-step Profile for Top (700”C), Middle (600”C), and Bottom (450”C) Capsules.
Dimensions only approximate.
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Tables 2, 3, and 4 outline the thermal calculations and the impact of the geometry variations on
axial temperature variation and uncertainty. The calculations show that a conical-step-shaped
profile with additional masses provides the best results in minimizing axial temperature variation
and uncertainty.

Table 2: Thermal Calculations for Upper Capsule (700”C)

Vatiation Gas Gap (mm) Additional Mass (g) Temperature (“C)**
No Additional Measures 1.45 SI* 630t30 I

S2* 705*35
S3* 765&?5

Gas Gap Plus Additional 1.28 SI* 44.14 SI* 680f30
Masses S2* 16.19 S2* 700*45

S3* – S3* 725-0
Step-Shaped Gas Gap SI* 1.78 S1* 700*40

S2* 1.42 S2* 700~46
S3* 1.18 S3* 700s20

Conical-step-shaped gas SI ● 2.02-1.62 SI* 700*7
gap S2* 1.62-1.26 S2* 700*5

S3* 1.26-1.13 S3* 700+8
Conical-step-shaped gas SI* 1.40-1.14 S1* 44.14 S1’ 7oo&3
gap plus additional masses S2* 1.14-0.92 S2* 44.14 S2* 700+5

S3* 0.92-0.90 S3* 44.14 S3* 700*7
*SI = Top (First) Step of Capsule, M = Middle (Second) Step of Capsule, B = Bottom (Third) Step of Capsule.
temperature reported is at the center of the step.

Table 3: Thermal Calculations for Middle Carmde (600”C)

Variation Gas Gap (mm) -‘ Temperature (“C)**
No Additional Measures 0.42 S1* 608&5

S2* 618k5
S3* 625M
S4* 61 9&3
S5* 604~8
S6’ 585~11

Step-Shaped Gas Gap S1* 0.41 SI* 600~5
S2* 0.39 S2* 600t4
S3* 0.38 S3* 600H
S4* 0.39 S4*
S5*

600*7
0.41 S5*

S6’ 0.43
600~7

S6’ 600H2

Conical-step-shaped gas SI* 0.41-0.40 SI* 600t3
gap S2* 0.40-0.39 S2’ 600~4

S3* 0.39-0.38 S3* 600K2
S4* 0.38-0.40 S4*
S5*

600~4
0.40-0.42 S5*

S6’ 0.42-0.46 S6’
600t4
600t5

‘S1= Top (First) Step of Capsule, S2 = Second Step of Capsule, S3 = Third Step of Capsule, S4 = Fourth Step c
Capsule, S5 = Fifth Step of Capsule, S6 = Bottom (Sixth) Step of Capsule.

“Temperature reported is at the center of the step.
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Table 4: Thermal Calculations for Lower Capsule (4500C)
Variation Gas Gap (mm) Additional Mass (g) Temperature (“C)**
No Additional Measures 0.38 SI*

S2*

I I I I S3*
I Gas Gap Plus Additional

! I
0.35 S1* I – SI*

Masses”

Step-Shaped Gas Gap SI*
S2*
S3*

F---l%

S2* 22.07 S2*
S3* 44.14 S3*

0.31 SI*
0.37 S2*
0.48 S3*

0.29-0.33 S1*
0.33-0.43 S2*
0.43-0.54 S3*

I I ,

“S1 = Top (First) Step of Capsule, M = Middle (Semnd) Step of Capsule, B = Bottom (Third) Step of Capsl

479?; o

452~16
425kl 1

459t15
450*1 o
450~8

450*14
450tl 6
450~8

450*4
450t5
450*

~emperature reported is at the center of the step.

Temperature Control

The specimen temperatures cannot be activelv controlled in fusion-2. Rather. it will be
dete~ined by the p~eset width of the gas gap. U~certainties in the radiation heating calculations
are t7°A and determination of the reactor power is *2.5Y0. There is also some uncertainty in the
accuracy of the gas gap and associated with the thermal hydraulic process inside of the capsule.
The installed thermocouples will provide information during the first two weeks of irradiation to
reduce some of the uncertainties.

The reactor power over the course of a year can be described in two campaigns, winter and
summer, divided by 45-day outages between each campaign. In addition, another 10 day
refueling outage occurs in the winter campaign. The reactor power typically fluctuates from 35-48
MW in the summer and 45-56 MW in the winter. To attain the required test temperatures during
the lower-power summer months, the subassembly will be moved to a more central core location.
The typical reactor power fluctuation of ~1 O-15% during normal operations can be reduced to
achieve more steady specimen temperatures; however, this will most likely result in higher
experimental costs.

Sample Loadinq and Test Volume
.

Table 5 shows the sample loading and test volumes available for the Fusion-2 experiment. Test
volume is defined as the space that can be used to load lithium or test specimens, i.e., excluding
the plenum. A total of 108 mL of test volume is available for the Fusion-2 experiment. In
comparison, the test volumes available in ATR-ITV, RB(I OJ), and ATR-A1 were 130 mL, 160 mL,
and 47 mL, respectively. A total of approximately 95 tensile samples, 77 Charpy V-notch
samples, and 69 creep tube samples could be irradiated in the Fusion-2 experiment.

. ..7---- ,. .,, ~. ~,. . .--,= - .

., .,..’..,,.. .
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Table 5: Sample Loading and Test Volumes for the Fusion-2 Experiment.

Item Top Capsule Middle Capsule Bottom Causule
(700”C) (600”C) (450”C)

No. of Tensile Specimens 20 45 30
No. of Charpy V-Notch Specimens 20 45 12
No. of Creep Tubes 30 30 9
Small-Diameter Subcapsule Test Volume (mL) 6.6 13.2 6.6
Large Diameter Subcapsule Test Volume (mL) 18.4 36.7 26.5

REFERENCE

1. V. Kazakov et al., “Engineering Development of Fusion-2 Experiment for Radiation Test of
Vanadium Alloys in BOR-60 Reactor at 450-700”C in Lithium Environment,” Report on
Milestone 2 of Subcontract 28X-SZ738V of 06/08/98 with Lockheed Martin Energy Systems,
Inc., USA, 1998.
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HIGH-SENSITIVITY QUADRUPLE MASS SPECTROMETER SYSTEM FOR THE
DETERMINATION OF HYDROGEN IN IRRADIATED MATERIALS - B. M. Oliver, F. A.
Garner, L. R. Greenwood, and J. A. Abrefah (Pacific Northwest National Laboratory~

Abstract of a paper submitted to the Journal of Nuclear Materials as part of the proceedings of
the 9th International Conference on Fusion Reactor Materials, Colorado Springs, Colorado,
USA, October 10-15, 1999.

ABSTRACT

Very high levels of helium and hydrogen are generated in metals in fusion, spallation
neutron, and high energy charged particie environments. Hydrogen generation is typically an
order of magnitude higher than that of helium, but the hydrogen is thought to quickly diffuse
out of the metal, although there appears to be some conditions where significant retention
can occur. While helium in radioactive materials is routinely measured with high accuracy at
I?NNL, concurrent measurement of hydrogen is a much more challenging task.

To address this issue, a high-sensitivity analysis system has been developed for the
measurement of hydrogen in irradiated solid materials. Measurements can be made in both
total release mode or in stepped-anneal or ramped release mode. The.system is based on a
low-volume extraction furnace in combination with a quadruple mass spectrometer detector.
Very small volumes of radioactive material are required, minimizing safety and waste
concerns. Tests conducted using 2 to 5 mg sized specimens cut from a hydrogen-standard
steel rod containing approximately 5 wppm indicate a detection limit of -1 x 1014atoms, or -2
appm for a 5 mg specimen.

Hydrogen measurements have been conducted on both tungsten and Inconel 718 irradiated
with spallation neutrons and 700 to 800 MeV protons, a number of iron-based alloys from the
U.S. and U.S.-Japan JUPITER fusion materials programs in HFIR and ATR, vanadium
alloys, and stainless steels from light water reactors. Measurements are in progress on SiC
and aluminum alloys from a wide variety of radiation spectra. Hydrogen levels measured on
irradiated specimens to date have ranged from -50 to -7000 appm. Details on the system,
and typical hydrogen release curves will be shown.

● Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Batielle Memorial Institute under contract DE-AC06-76RL0-I 830.
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SCHEDULE AND STATUS OF IRRADIATION EXPERIMENTS – A. F. Rowciiffe (Oak
Ridge National Laboratory)

OBJECTIVE

To provide an updated summary of the status of irradiation experiments for the fusion materials
program.

SUMMARY

The current status of reactor irradiation experiments is presented in tables summarizing the
experimental objectives, conditions, and schedule.

PROGRESS AND STATUS

Currently, there are two experiments in-reactor (RB-I 4J, and JP-25). Post-irradiation testing is in
progress on CTR-62/63 and RB-I 1J/l 2J. Experiments TRIST-TC1 and RB-13J have been
removed from reactor and are awaiting disassembly. Experiment RB-I OJ is awaiting shipment to
the hot cells for investigation of the source of the gas leak that led to premature removal from the
reactor.
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